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Preface 


This  issue  of  the  Journal  of  Crystal  Growth  contains  the  papers  presented  at  the  9th  International 
Conference  on  Molecular  Beam  Epitaxy  (MBE-IX),  held  at  the  Pepperdine  University  campus  in  Malibu, 
California,  USA,  from  August  5th  to  9th,  1996.  This  biennial  conference  has  been  held  among  Europe,  Japan 
and  United  States.  Previous  conferences  were  held  in  Osaka,  Japan  (1994),  Schwabisch  Gmiind,  Germany 
(1992),  La  Jolla,  USA  (1990),  Sapporo,  Japan  (1988),  York,  UK  (1986),  San  Fransisco,  USA  (1984),  Tokyo, 
Japan  (1982),  and  Paris,  France  (1978). 

MBE-IX  was  well  attended  with  over  450  attendees  coming  from  27  countries,  among  them,  193  from 
overseas.  Besides,  33  commercial  vendors  participated  in  an  equipment  and  product  exhibit. 

In  MBE-IX,  265  papers,  including  14  invited  talks,  were  selected  from  400  abstract  submissions.  The 
percentage  of  papers  being  selected  is  the  lowest  as  compared  to  previous  International  MBE  conferences, 
indicating  strong  interest  and  growth  in  MBE  development.  MBE  is  now  of  fundamental  importance  in  the 
creation  of  advanced  new  materials  and  device  structures  for  electronics,  optoelectronics,  and  photonics 
applications.  MBE  has  progressed  to  the  point  that  it  is  now  an  important  tool  for  both  research  and 
production  applications.  The  scope  of  the  conference  covered  the  entire  spectrum  of  MBE  technology,  from 
material  aspects  to  device  applications.  Topics  include  MBE  technology  and  growth  for  III-V,  II- VI 
compounds,  group-IV  elements  and  alloys;  nitrides  and  antimonides,  quantum  dots,  wires,  and  wells;  in  situ 
monitoring,  control,  processing,  and  characterization;  gas-source  MBE  including  MOMBE  and  CBE;  and 
both  electrical-  and  optical-based  device  applications.  A  plenary  session  was  held  on  Applications  and  future 
directions  of  MBE  materials  to  overview  and  evaluate  several  MBE-based  system  insertion  and  applications. 

The  MBE-IX  committee  would  like  to  acknowledge  various  US  federal  agencies  for  their  financial  support 
of  the  conference.  The  committee  also  would  like  to  thank  Mrs.  Ronda  Grider  and  her  enthusiastic  and  able 
staff  for  arranging  facilities,  room  and  board  services,  and  for  running  the  conference  smoothly.  The  program 
committee  is  grateful  to  the  session  chairpersons  for  their  excellent  handling  of  the  sessions. 

About  88%  of  the  265  papers  presented  at  the  conference  are  included  in  this  volume,  resulting  in  a  fairly 
thick  proceedings.  The  editor  would  like  to  thank  all  the  referees  for  their  assistance  in  producing  this  volume 
and  acknowledge  the  invaluable  help  of  Dr.  David  Grider  of  Hughes  Research  Laboratories  and  Anita  Koch 
and  the  staff  of  North-Holland/Elsevier  Science. 


Yung-Chung  Kao 
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Abstract 

In  the  last  decade  pseudomorphic  high  electron  mobility  transistors  (PHEMTs)  have  gone  from  a  laboratory  curiosity 
with  unique  low-noise  performance  to  a  high-volume  commercial  product  for  a  variety  of  power  and  low-noise 
applications.  At  Raytheon  Microelectronics,  we  currently  use  several  thousand  4  in  PHEMT  wafers  per  year  and  expect 
this  quantity  to  grow  rapidly  in  the  next  few  years.  We  describe  a  variety  of  PHEMT  circuits  for  military,  space,  and 
commercial  applications. 

PACS:  89.20.  +  a;  85.30.Tv;  85.40.Gn 

Keywords:  PHEMT;  MBE;  Applications 


1.  Introduction 

The  pseudomorphic  high  electron  mobility  tran¬ 
sistor  (PHEMT)  was  widely  recognized  as  an  excel¬ 
lent  low-noise  amplifier  shortly  after  its  invention. 
Since  the  early  1990s,  modifications  of  material 
structure  and  device  geometry  have  resulted  in  the 
demonstration  of  outstanding  PHEMT  power  per¬ 
formance  as  well,  and  PHEMT  technology  is  now 
used  in  a  wide  variety  of  military,  space,  and  com¬ 
mercial  applications.  The  PHEMT’s  combination 
of  low  noise,  high  power,  high  efficiency,  and  good 
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linearity  along  with  its  ability  to  deliver  outstand¬ 
ing  performance  over  a  wide  range  of  bias  condi¬ 
tions  have  made  it  the  device  of  choice  for  a  host  of 
RF  front-end  applications  including  phased  array 
radar,  satellite  communications,  wireless  LAN,  cel¬ 
lular  phone,  and  personal  communications  (PCS) 
type  systems.  PHEMTs  are  capable  of  operating 
well  into  the  millimeter  wave  frequency  range  with 
excellent  power  and  efficiency. 

From  the  very  beginning,  the  development  and 
subsequent  growth  of  PHEMT  technology  has  de¬ 
pended  on  molecular  beam  epitaxy  (MBE)  to  pro¬ 
vide  the  critical  III-V  heterostructures  on  which 
PHEMT  operation  is  based.  Although  numerous 
attempts  have  been  made  to  grow  PHEMT  layers 
using  other  epitaxial  growth  techniques,  none  have 
ultimately  been  as  successful  as  MBE.  The  growing 
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use  of  PHEMT  technology  in  real  world  systems  has 
both  motivated  and  been  dependent  upon  the  devel¬ 
opment  of  production  worthy  MBE  systems.  Multi¬ 
wafer  MBE  reactors  capable  of  automated  operation 
and  high  up-time  are  essential  to  the  cost-effective 
manufacture  of  PHEMT  devices  and  systems.  Con¬ 
tinuous  improvement  in  growth  control,  uniform¬ 
ity,  and  machine  reliability  are  the  major  challenges 
facing  today’s  MBE  system  manufacturers. 

2.  MBE  at  Raytheon  Microelectronics 

PHEMTs  are  the  workhorses  for  microwave  cir¬ 
cuits  at  Raytheon  Microelectronics  (formerly  the 
Advanced  Device  Center)  for  both  low  noise  and 
power  applications.  These  transistors  are  fabricated 
with  4-in  MBE  grown  material  obtained  from 
a  combination  of  commercial  vendors  and 
Raytheon  internal  MBE  systems. 


Raytheon  Microelectronics  currently  has  two 
production  MBE  systems  for  growing  PHEMT 
wafers.  These  are  a  Riber  49  capable  of  growing 
three  4-in  wafers  and  a  Riber  48  capable  of  single 
wafer  (4-in)  growth  shown  in  Fig.  1.  An  upgrade  is 
planned  for  both  machines  to  enable  them  to 
achieve  growth  of  four  4-in  wafers.  Both  machines 
are  fully  automated  allowing  cost-effective  24  h 
operation  with  only  1  and  a  half  shifts  manned. 
Growth  continues  over  weekends  with  only  1  per¬ 
son  present  for  one  shift  each  day. 

At  high  volumes  the  wafer  cost  of  MBE  growth 
becomes  comparable  to  ion-implanted  GaAs  for 
MESFETs,  but  with  the  superior  performance  ad¬ 
vantages  of  PHEMTs.  An  estimate  of  the  cost  scal¬ 
ing  for  4-in  PHEMT  wafers  grown  in  a  multiwafer 
MBE  machine  is  shown  in  Fig.  2.  This  estimate 
assumes 

•  New  MBE  plus  installation  cost  of  $2.5  M  with 

5  year  depreciation. 


Fig.  1.  Raytheon  production  MBE  machines. 
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Fig.  2.  Estimated  PHEMT  growth  cost  from  one  multi-wafer  MBE  machine. 


•  Substrate  plus  material  cost  of  $250  per  4-in 
wafer. 

•  Labor,  facilities,  repair  and  other  yearly  costs  of 
$1.5  M. 

•  An  80%  yield. 

At  5000  wafers  per  year  from  a  single  machine, 
the  estimated  cost  per  wafer  is  roughly  twice  the 
substrate  plus  material  cost  making  it  quite  com¬ 
petitive  with  ion-implanted  material. 


3  PHEMT  wafer  projections 

The  rapidly  expanding  microwave  market,  parti¬ 
cularly  the  area  of  wireless  communications  has 
increased  the  demand  for  GaAs  based  components. 
At  Raytheon  Microelectronics  this  corresponds  to 
a  large  increase  in  the  projected  number  of  4-in 
PHEMT  wafers  required.  This  is  seen  in  Fig.  3 
showing  the  normalized  PHEMT  wafer  require¬ 
ments  for  the  next  few  years.  Although,  current  use 
is  quite  significant,  numbering  in  the  thousands  of 
wafers  per  year,  a  near  step  function  increase  is 
anticipated  for  next  year  reaching  into  the  tens  of 
thousands  of  wafers  per  year. 


Almost  all  of  this  expected  increase  comes  from 
cellular  and  PCS  based  products  in  the  commercial 
area  as  shown  in  the  breakdown  of  1997  projected 
PHEMT  usage  (Fig.  4).  With  Space  and  Military 
applications  remaining  nearly  constant  almost 
90%  of  the  PHEMT  requirements  fall  in  the 


Year 

Fig.  3.  Projected  MBE  PHEMT  wafer  requirements  at 
Raytheon. 
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Commercial  Military  Space 

Category 


Fig.  4.  Division  of  projected  PHEMT  wafer  usage. 


commercial  area  and  almost  all  of  those  are  for 
cellular  and  PCS  based  products. 

To  meet  this  challenging  ramp  up  of  PHEMT 
wafer  requirements  Raytheon  plans  to: 

(1)  Upgrade  our  current  Riber  production  MBEs 
to  accommodate  four  4-in  wafers. 

(2)  Purchase  additional  MBE  production  sys¬ 
tems.  We  are  currently  planning  on  adding  two 
more  systems  on  line. 

(3)  Continue  and  even  accelerate  our  purchases  of 
PHEMT  material  from  outside  vendors.  Raytheon 
is  currently  purchasing  significant  fractions  of  the 
PHEMT  output  of  several  different  suppliers. 

Switching  to  6-in  wafers  is  unlikely  within  the 
next  few  years.  From  the  point  of  view  of  growth, 
multiwafer  MBE  systems  which  can  simultaneously 
grow  four  4-in  wafers  could  only  grow  a  single  6-in 
wafer,  which  translates  into  a  reduction  in  area  of 
^44%.  Replacement  of  foundry  processing  equip¬ 
ment  would  be  an  additional  expense. 


16.8  mm  PHEMT  (8  GHZ,  8V) 

Wg  =  200  urn,  W  g-g=30  um,  Lg  =  0.25  g  m 


9.93  Watts,  55.8%  PAE,  11 .56  dB  Gain 


Input  Power  (dBm) 


Fig.  5.  Power  performance  from  a  16.8  mm  PHEMT  at  8  GHz. 


4.  PHEMT  power  performance 

PHEMTS  are  being  used  in  a  growing  number  of 
military  and  commercial  systems  because  of  their 
outstanding  microwave  performance  character¬ 
istics.  Fig.  5  shows  power,  gain,  and  efficiency 
curves  for  a  16.8  mm  PHEMT  device  measured  at 
8  GHz.  Nearly  10  W  of  output  power  is  achieved 


Fig.  6.  Scaling  of  power  PHEMTs  at  8  GHz. 

with  56%  power-added  efficiency.  Fig.  6  demon¬ 
strates  that  PHEMTs  maintain  consistent  gain  and 
efficiency  over  a  wide  range  of  device  periphery. 
PHEMTs  also  provide  excellent  linearity  over 
a  range  of  bias  and  drive  conditions,  a  characteristic 
which  is  critical  to  the  use  of  PHEMT  technology 
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Output  Power  (dBm) 


Fig.  7.  Noise-power  ratio  (NPR)  performance  for  a  PHEMT 
over  a  wide-range  of  bias  conditions. 


in  commercial  space  based  communications  sys¬ 
tems.  Fig.  7  shows  the  gain,  efficiency,  and  the  noise- 
power  ratio  (NPR)  of  a  PHEMT  device  for  drain 
voltages  ranging  from  2  to  8  V,  while  Fig.  8  shows 
adjacent  channel  power  ratio  (ACPR)  for  a 
PHEMT  cellular  phone  power  amplifier. 

5.  Military  applications  of  PHEMT  technology 

A  number  of  phased  array  radar  systems  have 
been  or  are  being  developed  to  address  require¬ 
ments  for  advanced  guidance,  tracking,  and  com¬ 
munications  capabilities  for  the  US  Department  of 
Defence.  These  systems  essentially  consist  of  arrays 
of  fixed  radiating  elements  each  of  which  is  connec¬ 
ted  to  a  solid  state  microwave  transmit/receive 
(T/R)  module.  The  largest  such  system  built  to  date 
is  the  Army’s  THAAD  Radar  which  is  the  radar 
component  of  the  theater  high  altitude  area  defence 
system.  Each  THAAD  Radar  system  requires 
25  344  X-band  T/R  modules  and  over  200000 


5  6  7  8  9  10 
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Pa152-00  B  5  C#1  Vd1=Vd2=:  5.80  vdc,  Vg1=Vg2=  -1.50  vdc 
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Fig.  8.  PHEMT  CDMA  cellular  amplifier  performance. 
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Fig.  9.  THAAD  radar  T/R  module. 


GaAs  MMICs.  A  photograph  of  a  THAAD  Radar 
T/R  module  is  shown  in  Fig.  9.  Raytheon  has  built 
two  full-size  arrays  and  one  half-size  array  of  the 
THAAD  Radar  system  for  the  demonstration/vali¬ 
dation  phase  of  the  THAAD  program  using  MES- 
FET  technology.  In  order  to  increase  the  range  and 
sensitivity  of  the  THAAD  Radar,  and  thus  the 
effectiveness  of  the  THAAD  system,  without  sacrifi¬ 
cing  efficiency,  future  systems  are  expected  to  be 
built  using  PHEMT  technology  for  the  power  and 
low-noise  amplifier  MMICs.  A  total  of  14  addi¬ 
tional  radars  are  planned,  which  translates  to  well 
over  a  million  PHEMT  circuits. 

In  another  example  of  a  military  phased  array 
antenna  system,  Raytheon  is  developing  a  C-band 
module,  which  will  be  used  for  airborne  commun¬ 
ications  as  part  of  the  cooperative  engagement  ca¬ 
pability  (CEC)  program.  The  result  of  this  program 
will  be  a  fully  integrated  battlefield  response  capa¬ 
bility  such  that  each  individual  threat  is  addressed 
by  the  most  appropriate  unit  (i.e.,  the  nearest  or 
most  appropriately  armed  plane,  ship,  or  ground 
unit).  PHEMTs  were  chosen  for  the  use  in  the 
multi-watt  C-band  module  because  their  ability  to 
produce  high  output  power  density  and  high  gain 
with  low-power  consumption  mean  that  chips  can 
be  made  smaller,  and  thus  modules  can  be  made 
smaller  and  lighter,  with  PHEMTs  than  with  MES- 
FETs. 


Increasingly,  military  operations  rely  on  an 
advanced  communications  capability.  The  MIL- 
STAR  system  is  a  tri-service  satellite  based  world¬ 
wide  communications  system  which  allows  ground 
based,  ship  based,  and  airborne  personnel  to  com¬ 
municate  via  secure  voice  and  data  transmissions. 
Various  types  of  terminals  are  integrated  into  the 
MILSTAR  system.  One  of  the  land  based  terminals 
being  developed  for  the  Army  is  known  as  the 
secure,  mobile,  anti -jam,  reliable,  tactical  terminal, 
or  SMART-T.  This  terminal,  which  mounts  to 
a  humvee-type  vehicle,  requires  microwave  trans¬ 
mit  modules  capable  of  output  power  in  excess  of 
10  watts  at  Q-band,  PHEMT  technology,  utilizing 
sub-quarter  micron  gate  length  devices,  is  capable 
of  providing  the  high  powers  and  high  efficiencies 
needed  to  support  this  level  of  module  performance 
at  millimeter  wave  frequencies. 

6.  Space-based  applications  of  PHEMT  technology 

The  capability  of  PHEMT  devices  to  deliver  high 
power  and  high  efficiency  with  excellent  reliability 
make  them  ideal  candidates  for  space  based  sys¬ 
tems,  where  small  size,  light  weight,  and  minimum 
DC  power  consumption  are  essential.  Further¬ 
more,  PHEMT  devices  maintain  excellent  power 
performance  over  a  wide  range  of  input  power  and 
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bias  conditions  which  makes  it  possible  to  operate 
in  both  a  very  linear  regime  without  unduly  sacrifi¬ 
cing  performance  and  to  operate  in  both  full-power 
and  reduced-power  modes.  These  capabilities  are 
critical  for  the  operation  of  several  commercial 
space  based  communications  systems  currently 
under  development.  One  such  system  is  Loral’s 
Globalstar™  satellite  system,  which  uses  S-band 
modules  for  the  transmit  antenna  and  L-band  mod¬ 
ules  for  the  receive  antenna.  In  transmit,  the  system 
operates  with  an  8  V  bias  on  the  power  amplifier 
MMIC  for  full-power  transmission  but  backs  off  to 
only  a  2  V  bias  on  the  power  amp  during  periods  of 
reduced  system  usage.  It  is  the  ability  of  the 
PHEMT  to  operate  with  very  high  and  very  stable 
gain  at  very-low  quiescent  currents  over  such 
a  large  range  of  bias  voltages,  which  gives  the 
device  its  decisive  edge  over  the  MESFET  for 
space-based  communication  applications. 

Another  such  system  is  the  IRIDIUM®  system, 
which  consists  of  a  constellation  of  66  low  earth 
orbit  satellites.  Each  IRIDIUM®  satellite  carries 
three  main  mission  antenna  panels  containing  an 
array  of  L-band  T/R  modules.  A  total  of  24  354 
modules  will  be  required  for  the  initial  system  de¬ 
ployment.  The  high-power  PHEMT  amplifiers  in 
the  Iridium  module  are  operated  in  a  Doherty 
amplifier  configuration  which  produces  very  stable 
noise-power  ratio  over  a  large  range  of  input 
power. 

7.  Commercial  applications  of  PHEMT  technology 

One  of  the  fastest  growing  segments  of  the  com¬ 
mercial  microwave  market  is  in  RF  front-ends  for 
cellular  phone  systems.  In  the  infancy  of  transistor 
radios,  the  number  of  transistors  was  a  key  selling 
point.  In  today’s  cellular  phones,  except  for  “talk¬ 
time”,  technology  is  not  advertised.  In  order  to  sell 
in  this  competitive  market  place,  performance  to 
specification  must  be  demonstrated,  while  main¬ 


taining  low  cost.  PHEMT  technology  provides  the 
user  excellent  performance  while  maintaining 
low  costs.  One  of  the  unique  properties  that  sets 
PHEMT  technology  above  MESFETs  or  silicon 
transistors  is  the  gain  at  a  low  quiescent  bias.  In 
a  typical  cellular  phone,  5-stages  of  silicon  transis¬ 
tors  or  3-stages  of  MESFETs  are  required  to  pro¬ 
vide  the  same  gain  as  a  2-stage  PHEMT.  The 
PHEMT  bias  point  is  similar  to  a  Class-AB  PA. 
This  bias  point  is  typically  associated  with  nonlin¬ 
ear  or  saturated  power  amplifiers.  However  by 
providing  harmonic  terminations,  high-linearity 
performance  can  be  achieved.  Raytheon’s  commer¬ 
cially  available  4.8  V  dual  mode  power  amplifier 
(RMPA-091 1-53)  provides  60%  power-added  effi¬ 
ciency  (PAE)  at  saturated  power  (32  dBm)  and 
achieves  40%  PAE  at  28  dBm  in  linear  operation 
with  38  dBc  adjacent-channel  power  and  50  dBc 
alternate-channel  power  levels.  These  measure¬ 
ments  were  made  without  changing  the  bias  voltage 
or  loads  to  obtain  optimum  performance. 

Another  high-growth  commercial  market  is  the 
wireless  local  area  network  (WLAN)  market.  Wire¬ 
less  LAN  systems  allow  portable  or  desktop  com¬ 
puters  to  communicate  with  one  another,  with 
peripheral  devices  such  as  printers  or  plotters,  or 
with  a  building’s  hard-wired  ethernet  backbone 
without  the  need  for  connecting  cables  or  wires. 

8.  Conclusions 

MBE  Grown  PHEMTs  have  demonstrated  per¬ 
formance  advantages  of  Si  transistors  over  GaAs 
MESFETs  and  are  now  being  introduced  into 
a  wide  variety  of  commercial,  space,  and  military 
systems.  PHEMTs  have  matured  from  the  develop¬ 
ment  stage  into  high-volume  production  and  their 
use  is  expected  to  accelerate  in  the  coming  years. 
The  challenge  of  MBE  system  manufacturers  will 
be  to  combine  close  control  of  material  character¬ 
istics  with  high  throughput  to  keep  costs  competitive. 
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Abstract 

Microwave  and  millimeterwave  devices  grown  by  MBE  have  significantly  advanced  the  state  of  the  art  for  RF  device 
performance  with  respect  to  noise  figure,  power  output,  power  added  efficiency  and  extended  the  clock  frequency  of 
digital  circuits  into  the  millimeterwave  regime.  Ober  the  last  10-15  years,  military  systems  have  greatly  benefited  from  the 
superior  performance  of  MBE  grown  devices.  In  order  to  have  a  similar  impact  on  the  commercial  marketplace,  MBE 
growers  will  have  to  focus  their  efforts  on  a  different  set  of  performance  criteria;  i.e.  cost,  uniformity  and  reproducibility. 
This  paper  discusses  outstanding  performance  achieved  by  MBE  grown  devices  and  outlines  the  criteria  for  commercial 
applications. 

Keywords:  HEMT;  HBT;  InP;  SiGe;  GaAs;  T/R  modules 


The  growth  of  semiconductor  device  layers  by 
MBE  has  allowed  device  designers  to  develop  ban- 
dgap  engineered,  low  noise  HEMTs,  high  power 
and  power  added  efficiency  HEMTs  and  HBTs, 
and  high  speed  digital/analog  HBT  ICs  with  an 
order  of  magnitude  performance  improvement  over 
standard  Si  CMOS,  Si  bipolar  transistors  or  GaAs 
MESFETs.  The  superior  performance  of  MBE 
grown,  heterojunction  devices  has  motivated  the 
analysis,  development  and  optimization  of  Si, 
GaAs  and  InP-based  HBT  and  HEMT  technolo¬ 
gies  for  military  systems  such  as  radar’s,  commun¬ 
ications,  EW  or  smart  munitions.  The  generic 
transceiver  for  all  these  applications  is  shown  in 
Fig.  1  in  which  MBE  grown  devices  such  as  GaAs- 
and  InP-based  HEMTs  and  HBTs  as  well  as  SiGe 


HBTs  provide  a  significant  performance  improve¬ 
ment  for  each  of  the  components  in  the  transceiver. 
The  transition  of  these  technologies  to  commercial 
applications  is  dependent  on  different  criteria,  i.e. 
cost  and  time-to-market,  rather  than  performance 
at  an  affordable  cost  as  for  military  applications. 

Si  bipolar  ICs  offer  a  25  GHz  device  technology, 
with  practical  operation  up  to  5  GHz.  GaAs  MES¬ 
FETs  with  half  micron  gates  offer  a  40  GHz  tech¬ 
nology,  with  effective  operation  up  to  20  GHz.  In 
contrast,  MBE  grown,  heterojunction  devices 
curently  being  developed,  such  SiGe,  GaAs  and 
InP-based  HBTs  and  GaAs  and  InP-based 
HEMTs,  offer  a  greater  than  100  GHz  device  tech¬ 
nology  with  operation  extending  well  into  the  mil¬ 
limeterwave  frequency  range. 


0022-0248/97/$  17.00  Copyright  ©  1997  Published  by  Elsevier  Science  B.V.  All  rights  reserved 
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Fig.  1.  Generic  microwave/millimeterwave  transceiver. 


Fig.  2.  (a)  X-band  state-of-the-art  low  noise  MMIC  perfor¬ 
mance  versus  time;  (b)  V-band  state-of-the-art  noise  temperature 
versus  time. 


Fig.  3.  Projected  low  noise  performance  for  Sb-based  HEMTs. 
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(b)  INPUT  POWER  [dBm] 

Fig.  4.  (a)  InP-based  HBT  S-band  performance;  (b)  InP-based 
HBT  X-band  performance. 


The  next  generation  of  phased-array  radar  sys¬ 
tems  will  require  reduced  weight,  volume  and  en¬ 
hanced  power/efficiency  performance  parameters 
to  fulfil  military  needs.  Operating  frequencies  ex¬ 
tend  from  the  ultra-high  frequency  (UHF)  through 
microwave  to  millimeterwave  spectrums.  GaAs 
MESFET  technology  has  evolved  to  the  point  that 
it  is  approaching  its  perceived  ultimate  perfor¬ 
mance  limits.  In  response  to  advanced  radar  perfor¬ 
mance  requirements,  technology  efforts  are  being 
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FREQUENCY,  GHz 

Fig.  5.  InP-based  Q-band  3-stage  low  noise  MMIC  amplifier 
performance. 


ID 

■o 


Fig.  6.  InP-based  V-band  3-stage  low  noise  MMIC  amplifier 
performance- 


pushed  toward  devices  which  can  yield  T/R  mod¬ 
ules  with  octave  bandwidths,  noise  figures  under 
2  dB,  output  power  of  20  W  and  power  added  ef¬ 
ficiencies  greater  than  30%.  Today,  low  noise 
MMIC  amplifiers  have  demostrated  noise  figures 
as  low  as  0.5  dB  at  X-band  and  noise  temperatures 
below  100  K  at  V-band  as  shown  in  Fig.  2a  and 
Fig.  2b.  Future  reductions  in  noise  figure  at  X-band 
or  even  V-band  will  only  be  small.  Therefore  future 
work  on  low  noise  devices  will  be  to  extend  the 
frequency  of  operation  to  the  sub-millimeterwave 
region  as  shown  in  Fig.  3  for  the  projected  low 
noise  device  performance  for  Sb-based  HEMTs. 
The  area  in  which  new  materials  systems  and  better 
device  structures  can  make  a  significant  contribu¬ 
tion  is  in  power  and  power  added  efficiency.  Today, 
a  low  X-band  power  amplifier  incorporating 
GaAs-based  PHEMT  exists.  The  next  generation 


INPUT  POWER  (dBm) 


Fig.  7.  InP-based  V-band  power  amplifier. 


POWER  PER  FLIP-FLOP  (mW) 


Fig.  8.  HBT  IC  high  frequency  performance. 


power  device  will  be  the  InP-based  HBT  as  demon¬ 
strated  by  the  excellent  results  shown  in  Fig.  4a  and 
Fig.  4b  [1,  2].  Coming  along  in  the  next  five  years 
will  be  the  GaN  MODFET  with  a  potential  for 
very  high  breakdown  voltages  and  therefore  high 
power.  Radar  systems  incorporating  these  new 
technologies  will  offer  enhanced  power-aperture 
products,  wider  bandwidths,  reduced  prime  power 
consumption,  and  improved  reliability. 
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Fig.  9.  State-of-the-art  A/D  converter  performance. 
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Fig.  10.  Device  technology  versus  application. 


Satellite  communication  systems  are  moving  to 
higher  frequencies  for  more  bandwidth,  resulting  in 
a  need  for  heterojunction  devices  to  meet  the  per¬ 
formance  requirements.  For  satellite  communica¬ 
tions,  device  performance,  i.e.,  noise  figure,  power 
added  efficiency  and  reliability,  is  all-important. 
Systems  are  being  developed  requiring  devices  op¬ 
erating  from  X  through  V  band.  Low  noise  devices 
with  less  than  0.3  dB  NF  at  X  band  rising  with 
frequency  to  less  than  1  dB  NF  @  V-band  and 
SSPAs  with  20  W  and  40%  PAE  at  Ku  band  and 
1  W  and  30%  at  V-band  are  also  needed.  Shown  in 
Fig.  5  and  Fig.  6  [3]  are  the  plots  of  the  noise  figure 
and  gain  of  a  Q-  and  V-  band  InP-based  low  noise 
MMIC  amplifier  showing  outstanding  perfor¬ 
mance.  Fig.  7  [4]  shows  a  60  GHz  InP-based 


HEMT  power  amplifier  with  160  mW  of  power  and 
30%  PAE.  With  the  exploding  market  for 
data/voice/video  communication,  future  satellites 
will  require  on-board,  high  performance  signal  pro¬ 
cessing  with  40  GBPS  or  greater  capacity.  The 
InP-based  HBT  has  demonstrated  digital  ICs  oper¬ 
ating  at  39.5  GHz  (Fig.  8  [5])  with  the  potential  of 
80  GHz  digital  dividers.  Finally,  devices  for  satellite 
applications  must  have  a  MTTF  of  greater  than 
10^  h  at  operating  temperature.  These  performance 
requiremetns  are  helping  expand  the  envelope  of 
performance  for  MBE  grown  heterojunction  device 
technologies. 

For  both  radar  and  satellite  systems  as  well  as 
EW  applications,  designers  want  to  digitize  the 
signal  as  close  to  the  front  end  as  possible.  This  is 
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Table  1 

Transceiver  performance  parameters  versus  application 


Radar/EW 

Satellite  cdmm. 

Wireless 

Automotive 

Frequency 

Low  noise 
amplifier 

Power 

amplifier 

Cost  goal 

Critical  issues 

2-18  GHz  BW 
<  2  dB  nf  over 
entire  band 

20-50  W  with 
>  30%  PAE/module 
Affordable  cost 

Power  output  A/D 
converter 

L  thru  V-bands 

0.15  dB  nf  @  C-band 

1.5  dB  nf  at  V-band 

60-100  W,  >  60%  PAE  at  C 

5  W,  >  30%  PAE  @  V 
Performance 

Power  added  efficiency 

A/D  converter 

Ku,  K&V-bands 
<  3  dB  NF 

1-3  W  Po 

$50-$100/MMIC 

Time-to-market 

cost 

K&W-bands 

<  5  dB  NF 

<  10  mW  Po 

<  $50/CHIP  SET 
Cost,  Cost,  Cost! 

driving  the  development  of  a  100  GHz  or  greater 
IC  technology  for  A/D  converters,  synthesizers, 
MUX/DEMUXs,  DDSs,  and  PRNs.  Requirements 
for  A/D  converters  with  16  bits  @  100-200  MHz 
and  up  to  10-12  bits  @  10  GHz  are  appearing  for 
advanced  radars  and  EW  systems.  A  summary  of 
state-of-the-art  performance  for  A/D  converters  is 
shown  in  Fig.  9  [6].  In  order  to  improve  the  perfor¬ 
mance  of  A/D  converters,  both  device  technology 
as  well  as  circuit  design  must  be  enhanced.  Syn¬ 
thesizers  and  DDS  operating  in  the  5-20  GHz  fre¬ 
quency  range  are  being  designed  for  the  next 
generation  of  satellite  systems.  These  needs  are  en¬ 
couraging  the  development  of  an  MBE  grown  het¬ 
erojunction  IC  technology  with  fy  and  fuxx  well 
above  100  GHz  and  a  speed  power  product  in  the 
10-30  femtojoules. 

Initially  the  emphasis  has  been  on  MBE  grown 
heterojunction  device  and  IC  performance  for  mili¬ 
tary  systems  with  cost  a  secondary  consideration. 
Today,  performance  at  an  affordable  cost,  utilizing 
a  dual-use  industrial  base,  governs  both  R&D  in¬ 
vestment  and  procurement.  In  the  future,  the  cost- 
driven,  commercial  markets  of  automotive  collision 
warning  radars,  personnel  communication  systems, 
and  digital  radios  will  determine  the  direction  of 
millimeterwave  device  and  IC  R&D.  Fig.  10  shows 
the  device  technology  of  choice  for  low  noise. 


power  and  digital/analog  IC  applications  whereas 
Table  1  lists  the  critical  performance  parameters 
and  technology  issues  for  each  transceiver  market. 
Note  that  for  low  noise  amplifier  applications,  the 
performance  is  achievable  but  the  cost  needs  to  be 
reduced.  For  several  applications,  high  power  de¬ 
vice  and  A/D  converter  technologies  needs  im¬ 
provement.  In  all  cases,  reduced  cost  is  a  must. 
Thus  researchers  in  MBE  technology  must  be  cog¬ 
nizant  of  the  change  in  the  marketplace  from  devi¬ 
ces  and  ICs  with  higher  frequencies  of  operation, 
lower  noise  figure,  higher  power  output,  higher 
power  added  efficiencies,  wider  bandwidths  and 
higher  dynamic  range  to  larger  wafers,  uniformity 
across  the  wafer  and  from  wafer-to-wafer,  repro¬ 
ducibility  from  wafer-to-wafer,  and  lower  growth 
costs/wafer  in  order  to  meet  the  demands  of  the 
marketplace. 
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Abstract 

Hall  elements  as  mass  production  magnetic  sensors  are  a  new  application  area  for  thin  film  technology  such  as  vacuum 
deposition  and  MBE.  Highly  sensitive  InSb  thin  film  Hall  elements  formed  by  vacuum  deposition  are  often  applied  as 
magnetic  field  sensors  for  small  DC  brushless  motors  used  in  electronic  equipment.  InAs  Hall  elements  developed  and 
produced  by  MBE  have  high  sensitivity  and  stability  over  a  wide  temperature  range  and  have  potential  for  the  present 
and  future  applications  required  by  many  electronic  systems.  Here,  we  review  the  recent  status  of  applications, 
production,  and  the  good  characteristics  of  InAs  Hall  elements  for  use  as  magnetic  sensors.  Our  production  MBE  system 
has  confirmed  the  feasibility  of  high  yield,  mass  production  of  thin  film  InAs  Hall  elements. 

Keywords:  InSb  Hall  element;  InAs  Hall  element;  Mass  production  MBE;  InAs  quantum  well 


1.  Introduction 

Recently,  there  has  been  a  strong  demand  for 
Hall  elements  in  the  field  of  electronic  equipment 
such  as  video  cassette  recorders  (VCRs),  personal 
computers  with  floppy  disk  drives  (FDDs),  com¬ 
pact  disk  read-only  memory  (CD-ROM)  drives, 
and  other  electronic  systems  where  Hall  elements 
are  mainly  used  as  magnetic  sensors  in  the  brush¬ 
less  motors  of  these  devices. 

For  these  applications,  we  developed  highly  sen¬ 
sitive  InSb  thin  film  Hall  elements  fabricated  by 
vacuum  deposition  [1].  About  800  million  of  these 
InSb  Hall  elements  were  produced  and  sold  com¬ 
mercially  in  1995,  which  covers  approximately  70% 
of  the  world  market.  Moreover,  many  new  future 
applications  of  contactless  sensors  that  are  Hall 
elements  for  magnetic  field  sensing  are  expected 


because  these  sensors  can  detect  static  magnetic 
fields  as  well  as  variable  magnetic  fields. 

These  new  applications  require  high  reliability 
and  an  operation  range  extending  from  low  tem¬ 
peratures  far  below  0°C  to  high  temperatures  far 
above  100°C.  For  example.  Hall  elements  used  for 
automotive  sensors  in  the  engine  compartment  re¬ 
quire  stable  operation  at  150°C,  and  recent  applica¬ 
tions  for  current  sensors  require  stable  sensing  of 
very  weak  magnetic  fields.  The  Hall  elements  must 
have  high  sensitivity  and  low  noise  properties. 

The  only  problem  with  InSb  Hall  elements  is 
that  their  narrow  operation  temperature  range, 
which  is  restricted  to  near  room  temperature,  is  not 
sufficient  for  some  of  these  new  applications.  Com¬ 
mercially  available  GaAs  Hall  elements  fabricated 
by  ion-implantation  are  stable  at  higher  temper¬ 
atures.  However,  they,  too,  cannot  be  used  for  some 
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of  those  new  applications  because  of  lower  sensitiv¬ 
ity  to  magnetic  fields  and  an  offset  drift  that  arises 
at  low  temperatures  below  0°C. 

The  MBE  grown  0.5  pm  thick  In  As  that  is  lightly 
doped  with  Si,  without  any  intermediate  layer  on 
GaAs  (100)  substrate,  shows  stable  temperature 
properties  and  a  high  electron  mobility  of 
~  10  000  cm^/V  •  s.  We  used  this  InAs  thin  film  to 
develop  a  new  InAs  Hall  element  that  has  a  wider 
range  of  operation  temperature  than  InSb  Hall 
elements  as  well  as  about  50%  higher  sensitivity 
than  the  GaAs  Hall  elements  [2,  3].  Moreover,  this 
Hall  element  has  high  stability  for  pulse  voltage 
noise,  low  offset  drift,  and  low  1//  noise  properties, 
all  of  which  are  excellent  properties  for  sensing 
weak  magnetic  fields. 

For  mass  production  of  this  InAs  Hall  element, 
we  designed  a  production  MBE  system  with 
a  multi-wafer  substrate  holder  that  has  a  large 
growth  area  (a  substrate  holder  with  twelve  2-in. 
wafers). 

Under  standard  production  growth  conditions, 
a  high  yield  of  more  than  98%  was  obtained  for 
production  of  InAs  thin  films  by  MBE  and  also 
high  device  yield  for  InAs  Hall  elements.  Further¬ 
more,  since  the  start  of  production,  5  million  of 
these  MBE  Hall  elements  have  already  been  ap¬ 
plied  as  magnetic  sensors  in  practical  devices  (DC 
current  sensors,  brushless  motors,  etc.). 

However,  InAs  thin  films  grown  directly  on 
GaAs  have  not  shown  the  high  electron  mobility 
observed  in  bulk  InAs  single  crystals.  To  obtain 
a  higher  electron  mobility,  the  use  of  an  InAs  deep 
quantum  well  (DQW)  structure  is  investigated. 
DQWs  were  grown  by  using  undoped  insulating 
layers  lattice  matched  to  InAs  (i.e.  Al- 
GaAsSb(35  nm)/InAs(15  nm)/AlGaAsSb(600  nm)/ 
GaAs).  This  DQW  has  a  high  room  temperature 
electron  mobility  of  20  000-32  000  cm^/V  •  s.  The 
typical  Hall  output  voltage  of  this  DQW  Hall  ele¬ 
ment  is  300  mV/(0.05  T  -  6  V)  (high  sensitivity)  and 
the  temperature  dependence  of  the  Hall  output 
voltage  is  very  small  over  a  wide  temperature 
range.  InAs  DQW  Hall  elements  hold  promise  as 
future  magnetic  sensors,  and  we  confirmed  that 
DQW  can  also  be  produced  in  a  large  growth  area 
MBE  system  or  multi-wafer  MBE  system,  which 
opens  up  a  new  DQW  production  technology. 


2.  Highly  sensitive  InSb  Hall  elements  and  their 
problems 

In  the  early  stages,  InSb  Hall  elements  were 
fabricated  mainly  from  thin  single  crystal  InSb. 
That  type  of  Hall  element  was  an  expensive  device 
and  not  suitable  for  mass  production.  There  existed 
a  strong  need  for  low  price,  low  cost  and  mass 
production  Hall  elements  with  high  sensitivity  to 
magnetic  fields  for  use  in  consumer  electronic  sys¬ 
tems. 

For  this  purpose,  we  developed  highly  sensitive 
InSb  thin  film  Hall  elements  with  a  novel  high 
sensitivity  structure  and  a  mass  production  process 
for  them.  This  Hall  element  opened  up  a  new  area 
for  brushless  DC  motor  technology  and  later  re¬ 
sulted  in  large  scale  application  of  Hall  elements  as 
magnetic  sensors  in  small  DC  brushless  motors 
[1,4]. 

Novel  production  technology  for  InSb  polycrys¬ 
tal  thin  films  with  high  electron  mobility  of  more 
than  20  000-30  000  cm^/V  ■  s  and  0.8  pm  thick  on 
thin  mica  substrates  (1st  row  of  Table  1)  was  estab¬ 
lished  by  multi-source  vacuum  deposition  with 
time  dependent  (variable)  substrate  heating  similar 
to  MBE. 

For  the  InSb  thin  films  formed  by  vacuum  de¬ 
position,  we  found  some  new  important  properties. 
The  temperature  dependencies  of  the  Hall  coeffi¬ 
cients  and  conductivity  were  similar  to  those  of 
single  crystal  InSb.  However,  the  electron  mobility 
had  a  very  small  temperature  dependence  near 
room  temperature,  differently  from  the  single  crys¬ 
tal  InSb.  This  is  because  InSb  thin  film  formed  on 
thin  mica  substrate  by  vacuum  deposition  is  poly¬ 
crystalline.  This  is  a  very  important  property  which 
has  led  to  the  discovery  of  a  new  driving  method 


Table  1 

Properties  of  InSb  and  InAs  thin  films  and  InAs  DQW 


Dopant 

Electron 

mobility 

(cm^V-s) 

Electron 

density 

n  (  X  10^®  cm 

Thickness 

d{\xm) 

InSb 

None 

20  000-30  000 

2 

0.8 

InAs 

Si 

11000 

8 

0.5 

DQW 

None 

20  000-32  000 

50 

0.015 
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with  small  temperature  dependence  of  Hall  output 
voltage  for  the  practical  thin  film  InSb  Hall  ele¬ 
ments  fabricated  by  vacuum  deposition. 

A  high  sensitivity  device  structure  of  the  InSb 
thin  film  Hall  element  was  established.  InSb  thin 
film  removed  from  thin  mica  substrate  used  for  the 
magnetically  sensitive  portion  of  the  Hall  element 
was  sandwiched  between  a  ferrite  substrate  and 
a  small  ferrite  chip.  This  structure  amplifies  the 
magnetic  field  in  the  gap  between  the  ferrite  sub¬ 
strate  and  chip  by  a  factor  of  about  3-6  compared 
to  the  original  magnetic  field  applied  to  Hall  ele¬ 
ment.  Therefore,  since  the  InSb  thin  film  in  the  gap 
experiences  the  amplified  magnetic  field,  the  Hall 
elements  have  ultra-high  sensitivity  to  the  magnetic 
field.  This  special  structure  is  shown  in  Fig.  1.  The 
first  row  of  Table  2  shows  typical  characteristics  of 
InSb  high  sensitive  Hall  elements  for  commercial 
products. 

A  new  driving  method  was  developed  for  the 
high  sensitivity  Hall  elements.  Since  our  Hall  ele¬ 
ment  has  high  input  resistance  of  around  350  O,  the 
thin  film  InSb  Hall  element  is  stable  under  a  limited 
input  voltage  and  is  driven  at  constant  voltage, 
which  has  never  been  realized  for  conventional 
crystalline  single  InSb  Hall  elements.  This  constant 
voltage  driving  results  in  the  Hall  output  voltage  of 
our  highly  sensitive  InSb  Hall  elements  having 
a  very  small  or  stable  temperature  dependence  near 
room  temperature,  the  same  as  for  electron  mobil¬ 
ity.  This  new  driving  technique  reduces  the  temper¬ 
ature  coefficient  of  the  Hall  output  voltage  from 
—  2.0%/deg  to  +  0.1-0.2%/deg  near  room  tem¬ 
perature.  This  is  one  of  the  most  important  practi¬ 
cal  merits  of  our  highly  sensitive  InSb  thin  film  Hall 
elements,  and  it  is  now  a  standard  driving  method. 
These  Hall  elements  have  ultra-high  sensitivity  to 
magnetic  fields,  practical  reliability,  and  allow 
many  kinds  of  small  package  designs  that  are  good 
for  applications. 

The  first  practical  application  of  our  highly  sensi¬ 
tive  Hall  element  was  the  magnetic  sensor  for  music 
record  player  motors.  This  first  application  con¬ 
firmed  our  Hall  element  as  a  practical  magnetic 
sensor  for  brushless  motors.  Since  that  application, 
our  Hall  elements  have  been  mass  produced  and 
have  served  in  many  applications.  Recent  major 
applications  include  DC  brushless  motors  or  Hall 


Fig.  1.  The  highly  sensitive  InSb  Hall  element  (cross-section). 


Tabic  2 

Characteristics  of  InSb,  InAs,  and  InAs  DQW  Hall  elements 


Driving 

Hall  output 

Offset 

Resistance 

voltage 

voltage  Fh  (mV)  voltage 

Rln  (H) 

l^in  (V) 

{B  =  0.05  T) 

n.  (mV) 

(B  =  0  T) 

InSb 

1 

150-320 

<  ±  7 

240-550 

InAs 

6 

100 

<  ±  16 

400 

DQW 

6 

250-300 

<  +  16 

700 

motors 

used  in 

VCRs,  FDD 

motors. 

CD-ROM 

drive  motors  of  personal  computers,  and  similar 
electrical  equipment.  In  1995,  more  than  800  mil¬ 
lion  of  these  InSb  thin  film  Hall  elements  were 
produced  by  vacuum  deposition  and  used  in  many 
kinds  of  applications  (mainly  magnetic  sensors  for 
DC  Brussels  motors). 

Some  problems  relating  to  these  Hall  elements 
should  be  discussed.  The  success  of  these  Hall  ele¬ 
ments  as  magnetic  sensors  lead  to  many  new  ap¬ 
plications  for  Hall  elements  incorporating  the 
functions  of  contactless  sensing  and  static  magnetic 
field  sensing.  These  new  applications  impose  more 
severe  operation  conditions  on  the  Hall  elements. 
A  typical  new  application  is  automotive  sensors  in 
the  engine  compartment  or  outside  the  body  frame. 
These  applications  require  a  wide  operation  tem¬ 
perature  range  of  from  —  40°C  to  150°C. 

The  only  problem  with  the  InSb  Hall  elements  is 
a  narrow  operation  temperature  range,  such  as 
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from  —  10°C  to  100°C.  This  is  because  of  the  large 
temperature  coefficient  for  input  resistance  of 
—  2.0%/deg.  This  operation  range  is  not  sufficient 
for  some  of  the  new  applications.  However,  there  is 
strong  demand  for  Hall  elements  with  high  sensitiv¬ 
ity  and  wide  operation  range  for  recent  applica¬ 
tions  such  as  current  sensors,  automotive  sensors, 
industrial  sensors,  and  so  on.  Our  aim  in  research  on 
new  Hall  elements  is  to  suit  those  new  applications. 

3.  MBE  growth  of  InAs  thin  films  for  Hall  elements 
and  their  production  MBE  system 

Single-crystal  InAs  has  a  high  electron  mobility 
of  more  than  30  000  cm^/V  •  s.  The  InAs  thin  films 
grown  by  MBE  also  has  a  high  electron  mobility 
and  has  a  wider  band  gap  energy  than  InSb.  Thus, 
it  is  one  promising  material  for  use  in  Hall  elements 
that  are  both  highly  sensitive  and  stable  over  a  wide 
temperature  range  as  practieal  magnetic  sensors 
[3-5].  To  reduce  the  temperature  dependence  of 
Hall  output  voltage  for  InAs  Hall  elements  at  high¬ 
er  temperatures,  n-type  impurity  doping  of  InAs 
was  effective  (This  is  also  valid  for  a  InSb  Hall 
element)  [6].  Thus,  InAs  was  Si  doped  during  MBE 
growth. 

A  0.5  pm  thick  InAs  thin  film  doped  with  a  suit¬ 
able  amount  of  Si  and  grown  directly  on 
GaAs(l  0  0)  substrate  shows  a  high  electron  mobil¬ 
ity  of  ~  10  000  cm^V-s.  The  electron  mobility 
and  resistivity  of  this  thin  film  show  very  little 
temperature  dependence  over  a  wide  temperature 
range.  Using  this  InAs  thin  film,  we  developed  InAs 
Hall  elements  having  about  50%  higher  sensitivity 
than  GaAs  Hall  elements  and  a  wider  operation 
temperature  range  than  InSb  Hall  elements.  The 
Hall  output  voltage  of  this  element  has  good  lin¬ 
earity  in  magnetic  field  as  well  as  other  very  good 
properties  as  magnetic  sensors  [2,  3]. 

3.L  Preparation  of  production  MBE  system 

For  mass  production  of  InAs  Hall  elements,  we 
designed  a  production  MBE  system  with  three 
chambers  and  a  large  growth  area  or  multi-wafer 
holder  having  throughput  of  more  than  100  million 
Hall  elements  per  year.  The  most  important  issue  in 


designing  production  MBE  systems  is  the  engineer¬ 
ing  of  a  mass  production  system.  Many  problems 
special  to  production  systems  have  arisen.  For 
example,  easy  maintenance  is  very  important  in 
a  production  system. 

Some  features  of  our  production  MBE  system 
with  three  chambers  are  listed  below. 

(1)  A  large  vertical  growth  chamber  with 
1  100  mm  diameter; 

(2)  A  wafer  holder  with  twelve  2-in.  substrates 
(large  growth  area); 

(3)  Thickness  uniformity  design  and  substrate 
rotation  system; 

(4)  10  source  ports  with  large  diameter  flanges; 

(5)  Speeially  designed  Knudsen  cells  with  large 
capacity  (from  100  to  300  cc  or  more); 

(6)  Stable  substrate  heating  system  in  growth 
chamber; 

(7)  Entry  chamber  with  11-wafer  holder; 

(8)  Wafer  holder  transfer  system  employing 
magnetic  coupling; 

(9)  Simple  operation; 

(10)  Easy,  automated  operation; 

(11)  High  throughput. 

The  purpose  of  the  large  diameter  chamber  is  to 
reduce  warm  up  of  the  inner  surface  of  the  chamber 
caused  by  strong  radiation  from  the  substrate 
heater  during  operation.  Other  important  points 
considered  in  designing  the  system  are  reducing 
power  consumption  in  the  vacuum  chamber  for 
reducing  undesired  out  gassing  from  the  chamber 
wall  and  inner  housing  during  operation,  to  reduce 
thermal  interaction  between  source  and  substrate 
by  radiation  from  sources,  and  stable  substrate  and 
source  heater  control.  Reducing  liquid  nitrogen 
consumption  is  also  very  important  for  low  prod¬ 
uct  cost. 

3.2.  Growth  conditions  and  throughput  for 
production  MBE  system 

We  found  standard  growth  conditions  for  InAs 
thin  film  with  Si-doping  on  GaAs  substrates  [5]. 
Growth  time  of  within  1  h  was  established.  Simple 
estimation  of  the  production  capacity  of  our  MBE 
system  is  more  than  100  million  Hall  effect  devices 
per  year.  This  value  is  sufficient  for  mass  produc¬ 
tion  of  Hall  elements. 
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4.  Production  MBE  growth  of  InAs  thin  films  and 
fabrication  of  InAs  Hall  elements 

4.1.  MBE  growth 

We  have  grown  Si  doped  InAs  thin  films  (0.5  pm 
on  GaAs  (1  0  0)  substrate  (2°  off)  without  an  inter¬ 
mediate  buffer  layer  by  MBE  [2, 7].  There  is 
a  well-known  large  lattice  mismatch  between  InAs 
and  GaAs  about  (7.2%).  However,  we  found  opti¬ 
mized  growth  conditions  for  InAs  thin  films  with 
no  such  trouble  for  Hall  element  application.  This 
InAs  thin  film  has  a  two  layered  structure  with 
respect  to  electron  mobility  in  the  growth  direction. 
The  layer  farthest  from  the  substrate  interface  has 
a  higher  electron  mobility  and  is  doped  with  Si 
donor  atoms  to  obtain  a  high  electron  mobility 
[3,5]. 

4.2.  Uniformity  in  electrical  properties  of  InAs  thin 
film  fabricated  by  production  MBE 

Fig.  2  shows  the  thickness  uniformity  of  Si  doped 
InAs  thin  films  grown  on  semi-insulating  GaAs 
substrates  by  the  production  MBE  system.  Fig.  3 
shows  the  uniformity  of  the  electron  mobility  and 
sheet  resistance.  The  values  are  sufficient  for  high 
yield  of  Hall  effect  device.  Twelve  InAs  thin  films 
grown  on  GaAs  substrates  by  production  MBE  are 
shown  in  Fig.  4.  We  have  obtained  95%  yield  with 
the  MBE  operation  within  suitable  specifications 
restricted  according  to  device  characteristics.  We 
experienced  good  reproducibility  with  the  produc¬ 
tion  MBE  system.  Moreover,  whatever  problems 
we  experienced  for  thin  films  grown  by  MBE,  the 
MBE  system  always  had  corresponding  problems. 
This  is  the  most  beautiful  and  reliable  point  ever 
experienced  in  vacuum  deposition.  This  means 
MBE  is  suitable  as  a  production  system. 

4.3.  Fabrication  of  InAs  Hall  elements 

We  have  designed  practical  Hall  elements  which 
use  0.5  pm  thick  InAs  thin  films  grown  directly  on 
(10  0)  GaAs  substrate.  The  standard  electron  den¬ 
sity  and  mobility  of  InAs  thin  film  are  8  x  lO^V^m^ 
and  1 1  000  cm VV  •  s,  respectively  (2nd  row  of 
Table  1).  InAs  thin  films  are  processed  to  form  Hall 


Production  MBE 


Fig.  2.  Uniformity  of  InAs  thin  film  fabricated  by  production 
MBE  (film  thickness). 


elements  by  a  specially  developed  wafer  process 
and  assembled  in  a  commercial  mass  production 
line.  This  Hall  element  has  a  0.36  mm^  chip  size. 
The  fabrication  process  is  shown  in  Fig.  5.  An  aver¬ 
age  yield  of  more  than  96%  for  Hall  element  chips 
on  wafer  has  been  achieved  for  the  wafer  process. 
The  InAs  Hall  element  chip  bonded  on  a  lead 
island  is  shown  in  Fig.  6.  The  final  product  is  also 
shown  in  Fig.  7. 

4.4.  Typical  characteristics  of  mass  production  InAs 
Hall  elements 

The  typical  Hall  output  voltage  (or  sensitivity)  of 
this  Hall  element  in  magnetic  field  is  100  mV/ 
(6  V  X  0.05  T).  This  is  tabulated  in  the  second  row 
of  Table  2  and  is  compared  to  the  values  for  other 
Hall  elements.  The  temperature  dependence  of  Hall 
output  voltage  for  a  wide  temperature  range  and 
sensitivity  is  shown  and  compared  with  various 
other  kinds  of  Hall  elements  in  Fig.  8. 

This  InAs  Hall  element  has  no  problem  at  lower 
temperature  where  InSb  Hall  elements  and  GaAs 
Hall  elements  sometimes  have  suffered  problems 
resulting  from  their  material  properties.  Since  the 
input  resistance  of  this  InAs  Hall  element  does  not 
change  much  with  temperature,  practical  applica¬ 
tion  in  a  wide  temperature  range  is  possible.  The 
range  depends  on  the  electron  density  in  the  active 
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Fig.  3.  Uniformity  of  InAs  thin  film  fabricated  by  production  MBE  (sheet  resistance  and  electron  mobility). 


Fig.  4.  Photograph  of  12  InAs  thin  films  grown  on  GaAs  2  in. 
wafers  by  production  MBE. 


layer  [5].  The  Hall  element  chip  size  and  sometimes 
the  package,  etc.,  are  also  important  factors  affect¬ 
ing  the  operation  temperature  range.  The  higher 
operation  temperature  (near  150°C)  required  by 
automotive  sensors  in  engine  the  compartment 
would  be  attainable  by  optimizing  element  design. 
These  are  important  factors  in  determining  the 
maximum  rating  of  practical  Hall  elements.  A  small 
package  suitable  for  small  DC  motors  is  possible. 

Strong  stability  against  pulse  voltage  noise  and 
very  low  offset  voltage  drift  are  observed.  Very  low 


1//  noise  is  also  a  feature  of  this  Hall  element.  Low 
noise  detection  of  very  weak  magnetic  fields  re¬ 
quired  by  current  sensor  applications  may  be  pos¬ 
sible.  Minimum  magnetic  field  sensitivity  of 
0.003  mT  was  measured  for  MBE  InAs  Hall  ele¬ 
ments  with  a  heavy  Si  doping  (electron  density  of 
5  X  10^  and  0.05  mT  was  measured  for  GaAs 
Hall  elements.  This  small  minimum  detection  level 
is  very  important  for  current  sensor  applications. 
Moreover,  the  Hall  output  voltage  and  input  resist¬ 
ance  of  this  heavily  doped  InAs  Hall  element  have 
very  small,  nearly  zero,  temperature  dependence 
over  a  very  wide  temperature  range  (from  —  40  to 
160°C).  These  fine  properties  are  all  good  for  cur¬ 
rent  sensor  applications,  magnetic  field  measure¬ 
ment  and  other  applications  as  a  contactless  sensor 
[4,  5].  These  new  features  of  InAs  Hall  elements 
will  be  suitable  for  new  future  applications. 

5.  InAs  deep  quantum  wells  and  application  to  Hall 
elements 

To  realize  even  higher  sensitivity  for  InAs  Hall 
elements,  a  even  higher  electron  mobility  and  high¬ 
er  sheet  resistance  is  required  for  the  InAs  active 
layer.  This  means  that  an  ultra-thin  InAs  active 
layer  with  a  higher  electron  mobility  is  required. 
A  InAs  thin  film  0.5  pm  thick,  grown  directly  on 
GaAs  has  lower  electron  mobility  than  bulk  InAs 
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Fig.  5.  Fabrication  process  of  InAs  Hall  elements. 


Fig.  6.  Photograph  of  InAs  Hall  element  chip. 


[iflil 
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Fig.  7.  Photograph  of  InAs  Hall  elements  fabricated  by  produc¬ 
tion  MBE. 


single  crystal  because  of  the  large  lattice  mismatch 
(  ~  7%)  between  InAs  and  GaAs.  To  obtain  a  high¬ 
er  electron  mobility,  InAs  deep  quantum  well  struc¬ 
tures  (DQW)  have  been  studied  and  grown  by 
using  a  special  insulating  layer  that  is  lattice  match¬ 
ed  to  InAs  by  MBE  [8-10]. 

We  found  a  new  insulating  layer  of  quaternary 
material  with  Sb  that  has  the  same  lattice  constant 
as  InAs  and  has  a  large  band  gap  energy  of  about 
1.0  eV  a  suitable  composition  that  works  well  as 
a  high  potential  barrier  to  form  the  InAs  quantum 
well.  For  instance,  Al^Gai-^As^Sbi-^,  (0  <  ;c  ^  1, 
0  ^  y  1)  is  a  suitable  composition  range.  This 
layer  absorbs  many  kinds  of  defects  produced  by 
lattice  mismatch  between  the  GaAs  substrate  and 
the  InAs.  Moreover,  these  defects  are  electrically 
inactive  and  the  layer  acts  as  an  insulating  layer, 
pinning  electrically  active  defects.  By  using  this 
insulating  layer,  we  can  make  rather  deep  quantum 
wells  with  a  conductive  InAs  channel  layer  having 
a  high  electron  mobility.  The  typical  InAs  DQW 
Hall  element  structure  is  shown  in  Fig.  9.  An  InAs 
well  of  a  thickness  of  15  nm  was  used  and  a  struc¬ 
ture  comprising  of  GaAsSb(5  nm)/AlGaAsSb(35  nm)/ 
InAs(15  nm)/AlGaAsSb(600  nm)/GaAs  was  grown 
by  MBE.  The  DQW  had  a  high  electron  mobility  of 
20  000-32  000  cm^V  •  s  (row  3  of  Table  1)  [1 1,12]. 
The  typical  Hall  output  voltage  from  this  DQW 
was  300  mV/(0.05  T  -  6  V)  (row  3  of  Table  2).  The 
InAs  DQW  Hall  element  had  a  high  sensitivity  and 
its  temperature  dependence  was  very  small  com¬ 
pared  to  other  kinds  of  Hall  elements  (Fig.  8). 
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Constant  voltage  drive:  Vin  =  6  V 


Fig.  8.  Temperature  dependence  of  Hall  output  voltage  for  various  kinds  of  Hall  elements. 


Fig.  9.  InAs  DQW  Hall  element  (cross-section). 


InAs  DQW  Hall  elements  hold  promise  as  future 
magnetic  sensors.  The  InAs  DQW  is  grown  uni¬ 
formly  by  MBE  using  a  multi-wafer  holder  with 
a  rotation  mechanism.  The  average  electron  mobil¬ 
ity  and  sheet  carrier  density  for  four  2-in.  wafers  on 
one  substrate  holder  grown  by  MBE  are  24  050  + 
180cmVV*s  and  (0.568  ±  0.008)  x  10^  re¬ 
spectively.  We  believe  InAs  DQW  Hall  elements 
having  high  sensitivity  and  stability  in  a  wide  tem¬ 
perature  range  will  be  produced  by  this  production 
MBE  in  the  future.  The  InAs  DQW  is  applicable  to 
many  kinds  of  sensors  and  electronic  devices. 
Therefore,  MBE  technology  would  be  applied  to 
the  mass  production  of  many  kinds  of  electronic 
and  sensing  devices. 


6.  Conclusions 

The  Hall  element  as  a  magnetic  sensor  has  estab¬ 
lished  a  major  application  area  for  III-V  com¬ 
pound  semiconductor  thin  films.  A  production 
MBE  system  was  designed  and  applied  to  produce 
InAs  Hall  elements.  The  high  sensitivity  and  wide 
operation  temperature  range  characteristics  re¬ 
quired  for  future  applications  of  Hall  elements  were 
demonstrated  in  the  InAs  Hall  elements  fabricated 
by  MBE.  Moreover,  many  good  characteristics  for 
applications  have  been  shown  for  InAs  Hall  ele¬ 
ments.  MBE  technology  has  been  shown  to  have 
great  potential  for  production  of  Hall  elements. 
InAs  Hall  elements  fabricated  by  MBE  will  open 
new  areas  of  application  for  magnetic  sensors  and 
will  contribute  to  the  advancement  of  electronic 
systems  with  its  contactless  sensing  function. 
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Abstract 

A  new  quantum  cascade  laser  is  reported  with  very  high  performance  at  high  temperatures.  These  high  performances 
are  obtained  by  a  design  combining  low  doping,  a  funnel  injector  and  a  three  well  vertical  transition  active  region. 
A  molecular  beam  epitaxy  grown  InP  top  cladding  layer  is  also  used  to  optimize  heat  transport.  Peak  pulsed  optical 
power  of  200  mW  and  average  power  of  6  mW  are  obtained  at  300  K  and  at  a  wavelength  X  =  5.2  pm.  The  devices 
operate  also  in  continuous  wave  up  to  140  K  with  2  mW  of  optical  power. 


The  quantum  cascade  (QC)  laser  [1]  is  a  new 
optical  source  in  which  one  type  of  carrier,  typically 
electrons,  cascading  down  an  electronic  staircase, 
make  transitions  between  energy  levels  created  by 
quantum  confinement.  This  source  has  the  unique 
feature  of  having  its  emission  wavelength  entirely 
controlled  by  its  geometry  (i.e.,  the  layer  thickness) 
and  not  by  the  material’s  bandgap.  In  practice,  this 
wavelength  taylorability  is  limited  on  the  short 
wavelength  side  to  a  photon  energy  of  a  fraction 
(typically  ~60%)  of  the  relevant  band  discontinu¬ 
ity,  and  on  the  long  wavelength  side  by  the  absorp¬ 
tion  by  the  restrahlen  band  or  by  the  free  carriers. 
As  an  example,  structures  based  on  InGaAs/AlInAs 
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lattice  matched  to  InP  (conduction  band  discon¬ 
tinuity  of  0.52  eV)  were  designed  and  operated  be¬ 
tween  4.3  and  11.2  pm  wavelengths  [1-6].  In  the 
quantum  cascade  laser,  the  main  non-radiative 
channel  is  optical  phonon  emission  rather  than  the 
Auger  effect  [1].  This  fact,  along  with  the  atomic- 
like  joint  density  of  state  of  the  intersubband 
transition,  are  the  reasons  for  the  low-temperature 
dependence  of  its  threshold  current  (large  T o)  and 
its  operation  at  high  temperatures  above  room 
temperature  [6].  On  the  contrary,  lead-salt  lasers 

[7] ,  III-V  -based  antimonide  interband  lasers 

[8] ,  or  even  interband  lasers  based  on  type  II 
transitions  [9-11]  are  strongly  limited  by  Auger 
scattering  and  therefore  have  to  operate  at  lower 
temperatures  (typically  T  <  220  K).  The  quantum 
cascade  laser  is  thus  a  promising  new  source  for 


0022-0248/97/$  17.00  Copyright  ©  1997  Elsevier  Science  B.V.  All  rights  reserved 
PlI  80022-0248(96)00868-8 


J.  Faist  et  al  j  Journal  of  Crystal  Growth  1751176  (1997)  22-28 


23 


environmental  sensing,  industrial  process  monitor¬ 
ing,  medical,  law  enforcement  and  military  applica¬ 
tions. 

The  active  region  of  our  GalnAs/AlInAs  hetero¬ 
structure  is  grown  lattice-matched  to  a  n^  InP 
substrate  by  molecular  beam  epitaxy  (MBE)  and 
consists  of  25  stages.  As  shown  in  Fig.  1,  each  stage 
comprises  a  three  quantum-well  active  region  and 
a  superlattice  injection/relaxation  region.  As  in  pre¬ 
vious  structures  [1-6],  the  active  region  is  engineer¬ 
ed  so  that  at  the  threshold  field  (76  kV/cm),  the 
ground  states  of  the  4.7  and  4.0  nm  thick  quantum 
wells  in  the  active  region  have  anticrossed  to 
achieve  an  energy  separation  approximately  reso¬ 
nant  with  the  optical  phonon  energy  ( 34  meV). 
As  a  result,  we  obtain  a  short  (12-^21  =0.4ps) 
lifetime  of  the  n  =  2  state.  The  electron  scattering 
time  from  level  3  to  level  2  is  longer  since  it  involves 
optical  phonon  emission  associated  with  a  large 
momentum  transfer  (132  =  2.1  ps).  The  resulting 
lifetime  of  level  3  is  13  =  (13^/  +  =  1-3  ps. 

Compared  with  previous  lasers  based  on  a  verti¬ 
cal  transition  [2],  i.e.  characterized  by  a  strong 
overlap  of  the  upper-  and  lower-state  wave  func¬ 
tions  of  the  lasing  transition,  this  new  design  has  an 
additional  0.9  nm  thick  GalnAs  quantum  well 
coupled  to  the  active  region  by  a  1.5  nm  barrier 
which  selectively  enhances  the  amplitude  of  the 
wave  function  of  level  3  in  the  5.0  nm  injection 
barrier  (see  Fig.  1)  [6].  This  maximizes  the  injection 
efficiency  by  increasing  the  overlap  between  the 
n  =  3  wave  function  and  the  ground-state  wave 
function  g  of  the  injector  while  reducing  that  of  the 
latter  with  the  n  =  2  and  n  =  1  states.  This  mini¬ 
mizes  injection  into  these  states  by  elastic  or  inelas¬ 
tic  scattering  [2].  However,  in  contrast  to  QC 
structures  based  on  a  diagonal  transition  [1],  the 
presence  of  this  additional  0.9  nm  well  does  not 
reduce  the  oscillator  strength  of  the  lasing  transition 
(Z32  =  1.6  nm). 

The  chirped  superlattice  of  the  relaxation/injec¬ 
tion  region  acts  as  a  Bragg  reflector  to  suppress  the 
escape  of  electrons  from  the  n  ~3  excited  state  into 
the  continuum  while  allowing  their  extraction  from 
the  lower  state  {n  =  1)  into  the  miniband  of  the 
relaxation  region  [2].  The  width  of  this  “miniband” 
decreases  towards  the  5.0  nm  injection  barrier  to 
minimize  injection  into  the  active  region  of  elec- 
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Fig.  1.  (a)  Schematic  conduction  band  diagram  of  a  portion  of 
the  active  region  of  the  structure  under  positive  bias  condition 
and  an  electric  field  of  7.6  x  10'^  V/cm.  The  wavy  line  indicates 
the  transition  responsible  for  laser  action.  The  moduli  squared 
of  the  relevant  wave  functions  are  shown.  The  layer  sequence  of 
one  period  of  the  Alo.48lno.52As/Gao.47Ino.53As  structure,  in 
nanometers,  left  to  right  and  starting  from  the  injection  barrier  is 
(5.0/0.9),  (1. 5/4.7),  (2.2/4.0),  (3.0/2.3),  (2.3/2.2),  {2.2/2.0),  {2.0/2.0), 
(2.3/1.9),  (2.8/1. 9),  The  structures  are  left  undoped,  with  the 
exception  of  layers  number  14-16  for  sample  D-2122  and  11-13 
for  sample  D-2160  which  are  n-type  doped  with  Si  to  = 
2  X  1 0’  ^  cm  “  (b)  Layer  structure  of  the  waveguide  of  the  refer¬ 
ence  sample  D-2160.  (c)  Layer  structure  of  the  waveguide  of  the 
sample  D-2122.  The  dashed  line  indicates  the  interface  where  the 
growth  was  interrupted. 


Irons  thermally  excited  to  higher  states  of  the 
miniband  (Fig.  1).  This  has  the  effect  of  funneling 
electrons  into  the  ground  state  g  of  the  relaxation/ 
injection  region. 

For  best  high-temperature  performance,  the  en¬ 
ergy  difference  A  between  the  quasi-Fermi-energy 
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in  the  ground  state  of  the  injector  g  and  the  lowest 
state  {n  =  2)  of  the  lasing  transition  (see  Fig.  1)  is 
designed  to  be  relatively  large  (d~110meV)  and 
the  sheet  density  of  the  n-type  doped  injection 
region  is  kept  to  a  low  value  («g  =  1.2  x  10^^  cm“^), 
to  minimize  the  number  of  electron  thermally  ac¬ 
tivated  from  the  injector  into  level  2  [2]. 

Ternary  materials  such  as  AlInAs  have  a  thermal 
resistance  15-20  times  larger  than  binaries  such  as 
InP.  We  compared  devices  with  two  different  op¬ 
tical  waveguide  designs.  The  reference  sample  (D- 
2160),  grown  in  one  step,  uses  a  top  Alin  As  clad¬ 
ding  similar  to  the  one  of  previous  QC  lasers  (see 
Fig.  lb).  In  the  second  device  (D-2122),  as  shown  in 
Fig.  Ic,  the  first  MBE  growth  is  stopped  after  the 
growth  of  the  core  of  the  waveguide  is  completed. 
The  sample  is  then  arsenic-capped  and  transferred 
in  a  second  MBE  chamber  fitted  with  a  phosphorus 
solid  source  [11].  There,  the  arsenic  is  thermally 
desorbed  under  UHV  condition  and  the  growth  of 
a  InP  cladding  is  immediately  started. 

A  transmission  electron  microscope  (TEM) 
micrograph  of  a  cross  section  of  a  few  periods  of  the 
active  region  of  structure  D-2122  is  displayed  in 
Fig.  2.  The  InGaAs  material  is  the  lighter  and  the 
AlInAs  the  darker  shade  of  gray.  This  picture 
clearly  shows  that  the  interfaces  are  very  sharp  and 
flat.  As  an  example,  the  0.9  nm  well  is  clearly  visible 
and  its  thickness  constant  across  the  8  periods  of 
the  structure  that  are  displayed.  In  general,  the 
measured  thickness  agree  with  the  intended  ones 
within  the  accuracy  (±  5%)  of  the  TEM  instrument. 
TEM  cross-sections  showing  the  active  region  and 
part  of  the  waveguide  region  are  compared  in 
Fig.  3  for  the  structures  with  AlInAs  (Sample 
D2160)  and  InP  (sample  D2122)  claddings.  These 
pictures  demonstrate  clearly  that  the  InP/GalnAs 
interface  resulting  from  the  regrowth  of  the  InP  in 
sample  D2122  is  sharp  and  free  of  defects. 

Devices  from  wafer  D-2122  were  processed  into 
circular  mesas  of  200  pm  diameter  to  study  their 
temperature-dependent  electroluminescence.  The 
luminescence  intensity  normalized  to  the  low  tem¬ 
perature  value,  shown  in  the  inset  of  Fig.  4,  de¬ 
creases  slightly  with  increasing  temperature.  Its 
temperature  dependence  (solid  line)  was  calculated 
by  considering  that  the  non-radiative  scattering 
rate  is  proportional  to  {2n  -h  1),  where  n  is  the 


Fig.  2.  Transmission  electron  micrograph  of  seven  period  of  the 
active  region  of  sample  D2122.  The  white  bands  are  the  InGaAs 
alloy  layers,  the  white  ones  the  AlInAs  alloy.  The  largest  dark 
band  is  the  AlInAs  injection  barrier.  The  bottom  of  the  picture 
corresponds  to  the  substrate  side.  Left-to-right  layer  sequence 
on  Fig.  1  corresponds  to  top-to-bottom  on  this  figure. 


Bose-Einstein  factor  associated  with  optical  phonons 
and  taking  the  phonon  energy  hcoio  =  34  meV. 
The  good  agreement  with  the  measurements  is  in¬ 
dicative  that  optical  phonon  scattering  is  the  main 
non-radiative  channel.  The  electroluminescence 
spectra  were  measured  with  a  Fourier-transform 
infrared  spectrometer  using  a  step  scan  and  lock-in 
detection  technique.  As  shown  in  Fig.  4,  the  full- 
width-at-half-maximum  (FWHM)  of  the  lumines¬ 
cence  spectrum  increases  from  16  meV  at  10  K  to 
28  meV  at  300  K.  This  relatively  narrow  line  width 
indicates  that  the  small  0.9  nm  well  does  not 
increase  significantly  the  broadening  of  the  lasing 
transition  [12]. 

The  laser  samples  were  processed  into  mesa 
etched  ridge  waveguides  of  width  8-14  pm  [2].  The 
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Fig.  4.  Inteisubband  electroluminescence  spectrum  of  device 
D-2122  at  increasing  temperatures.  Inset:  normalized  lumines¬ 
cence  intensity  as  a  function  of  temperature.  The  intensity  is 
linear  with  current.  The  solid  line  is  the  theoretical  prediction  for 
optical  phonons  emission. 


lasers  are  cleaved  in  3  mm  long  bars  and  the  facets 
left  uncoated.  They  are  then  mounted  epilayer 
up  on  the  temperature-controlled  (10-320  K)  cold 
head  of  a  He  flow  cryostat.  These  devices  were 
driven  by  50  ns  current  pulses  with  a  4.5  kHz  rep¬ 
etition  rate.  Fig.  5  shows  the  optical  power  versus 
drive  current  from  a  single  facet  of  the  InP  cladded 
sample  D-2122  obtained  using  //0.8  optics  and 
a  calibrated,  room  temperature  HgCdTe  detector. 
Maximum  peak  output  powers  of  about  200  mW  at 
300  K  and  100  mW  at  320  K  are  obtained.  The 
differential  slope  efficiency,  dP/d/  =  106  mW/A 
at  300  K  and  78  mW/A  at  320  K,  is  only  slightly 
less  than  one-half  of  its  low-temperature  value 
(dP/d/  =  250  mW/A).  In  comparison,  at  7  =  300  K, 
sample  D-2160  (AlInAs  cladding)  exhibits  about 


A - 

Fig.  3.  (a)  Transmission  electron  micrograph  of  the  center  of 
the  waveguide  of  sample  D2160.  The  25  periods  of  the  active 
region  multilayer  are  clearly  visible,  cladded  by  the  InGaAs 
layers.  The  InP  substrate  is  visible  on  the  bottom  of  the  picture 
and  the  AlInAs  cladding  on  the  top.  (b)  Same  micrograph,  made 
on  sample  D2122.  The  interface  between  the  first  growth  of  the 
InGaAs/AlInAs  stack  and  the  InP  regrowth  is  shown  with  an 
arrow.  The  regrowth  process  is  free  from  visible  dislocations  or 
defects,  as  shown  in  this  picture. 
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Fig.  5.  (a)  Collected  pulsed  optical  power  from  a  single  facet 
versus  injection  current  for  heat  sink  temperatures  of  T  =  300  K 
and  T  =  320  K  and  for  the  InP  cladded  sample  D-2122 
(14  pm  X  2.9  mm).  The  collection  efficiency  is  estimated  to  be 
r|  =  70%.  Inset:  Same  characteristics,  but  for  sample  D-2160 
(9  pm  X  3  mm),  (b)  Threshold  current  density  in  pulsed  opera¬ 
tion  for  both  samples  as  a  function  of  temperature.  The  solid  line 
is  the  theoretical  prediction.  The  dotted  lines  indicate  the  range 
over  which  the  T o  parameter  is  derived. 


one-tenth  of  the  power  levels  and  slope  efficiencies. 
We  attribute  this  difference,  which  appears  only 
above  T~200K,  to  the  enhanced  heat  removal 
during  the  pulse  by  the  top  InP  cladding  as  com¬ 
pared  to  the  AlInAs  cladding. 

In  Fig.  5b,  the  threshold  current  density  Jth  is 
plotted  as  a  function  of  temperature  for  both  sam¬ 
ples  D-2160  and  D-2122.  At  T  =  300  K,  the  thre¬ 
shold  current  densities  are  very  similar  for  both 
samples  and  are  about  8-lOkA/cm^.  Between 
~160  K  and  320  K,  the  data  can  be  described  by 
the  usual  exponential  behavior  J~exp(r/To)  with 
an  average  Tq  =  114  K.  This  value  is  much  larger 
than  the  one  obtained  for  interband  lead-salt  or 
III-V  antimonide  lasers  [6-10]  (To  20-45  K).  On 


the  same  graph,  we  also  plot  the  computed  thre¬ 
shold  current  density  Jth  given  by  the  following 
equation 


To  describe  the  finite- temperature  behavior,  we 
added  to  the  threshold  current  density  Jth,  [2] 
a  term  due  to  the  thermal  population  of 

the  state  n  =  2,  which  is  included  in  our  model  by 
an  activated  behavior  =  ngexp(  — d/ZcT).  We 
also  assumed  that  the  lifetimes  Ti,  limited  by  optical 
phonon  emission,  decrease  with  temperature  ac¬ 
cording  to  the  Bose-Einstein  factor  as  discussed 
above  for  the  case  of  the  electroluminescence.  In 
this  expression,  am  =  —  In  (K)/Lcav  =  4.5  cm“  ^  are 
the  mirror  losses  (for  Lcav  =  3  mm),  a^  =  10  cm“^ 
are  the  waveguide  losses,  extrapolated  from  an 
analysis  of  the  subthreshold  luminescence  [3], 
X  =  5.2  |im  is  the  emission  wavelength,  Lp  =  45  nm 
is  the  length  of  each  stage,  Fp  =  0.022  is  the  overlap 
between  the  mode  and  one  period  of  the  structure, 
Np  =  25  is  the  number  of  periods,  n  =  3.22  is  the 
mode  refractive  index,  Sq  the  vacuum  permittivity, 
and  q  the  electron  charge.  We  assumed  that  the 
gain  has  a  broadening  2^32  given  by  the  experi¬ 
mental  FWHM  of  the  luminescence  displayed  in 
Fig.  4.  We  obtain  a  relatively  good  agreement  at 
low  temperature  especially  for  device  D-2160. 
However,  our  model  predicts  a  larger  To  of  153  K. 
Hot  electron  effects  which  translate  into  a  higher 
population  of  state  n  =  2  are  the  most  probable 
explanation  for  this  discrepancy. 

The  devices  were  also  tested  at  room  temper¬ 
ature  in  pulsed  mode  with  a  relatively  large  (3.3%) 
duty  cycle.  The  pulse  length  was  50  ns  and  the 
repetition  rate  670  kHz.  The  light  was  collected  by 
a  non-imaging  energy  concentrator  and  its  average 
intensity  measured  by  a  broad-band  laser  power 
meter.  As  shown  in  Fig.  6  the  high  peak  power 
observed  in  sample  D-2122  translates  into  an  aver¬ 
age  power  in  the  2-10  mW  range.  Continuous  wave 
(cw)  operation  of  these  devices  is  shown  in  Fig.  7. 
The  devices  operate  cw  up  to  140  K  for  sample 
D2122  and  121  K  for  sample  D-2160  with  tens  of 
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Fig.  6.  Average  power  as  a  function  of  current  for  sample  D- 
2122  (14  pm  X  3  mm)  for  various  temperatures. 


Fig.  7.  Continuous  optical  output  power  from  a  single  facet 
versus  injection  current  for  various  heat  sink  temperatures, 
(a)  sample  D-2122  (7  pm  x  2.9  mm),  (b)  sample  D-2160 
(9  pm  X  3  mm).  Single  mode  high-resolution  spectra  are  shown 
in  the  inset.  The  side-mode  suppression  ratio  is  20  dB. 


miliwatts  of  optical  power  from  one  facet.  For 
sample  D2122,  the  measured  slope  efficiency  at 
r  =  10  K  is  dP/d/  =  213  mW/A  per  facet,  close 
to  the  value  obtained  in  pulse  operation 
(dP/d/  =  250  mW/A).  It  corresponds  to  a  differen¬ 
tial  quantum  efficiency  per  period  ;7d  =  7xlO“^ 


when  corrected  for  the  collection  efficiency  of  0.5. 
The  expression  for  r}^  reads 

(2) 

2  ^tn  T  ^32/ 

which  yields  rj^  =  0.125,  a  little  less  than  twice  the 
measured  value.  We  also  observed  experimentally 
that  the  measured  slope  efficiency  rj^  of  devices  with 
a  cavity  length  reduced  from  3  mm  down  to  1.5  mm 
is  almost  constant  (the  inerease  is  less  than  10%).  In 
contrast,  Eq.  (2)  predicts  an  increase  of  by  a  fac¬ 
tor  of  1.5  for  the  same  cavity  length  reduction. 
These  discrepancies  are  well  explained  by  spatial 
hole  burning  effects,  not  taken  into  account  in  our 
model.  The  differential  slope  efficiency  in  continu¬ 
ous  wave  decreases  from  dP/d/ =  213  mW/A  at 
r=10K  to  130mW/A  at  r  =  100K  and  to 
28  mW/A  at  T  =  140  K.  The  decrease  in  slope  effi¬ 
ciency  with  increasing  temperature  is  mostly  due  to 
self-heating  effects  [3]. 

As  shown  in  the  inset  of  Fig.  7  for  sample  D- 
2122,  single-mode  operation  is  obtain  over  a 
wide  range  of  temperature  and  currents  between 
5.015  pm  (25  K)  and  5.088  pm  (134  K).  This  wave¬ 
length  tuning  of  about  30cm“^  is  larger  than  the 
one  previously  reported  [3]  and  is  completely  due 
to  heating  effects. 

In  conclusion,  we  have  shown  that  QC  lasers  are 
able  to  perform  with  very  high  performances  in 
pulsed  mode  at  room  temperature  and  above.  The 
average  power  level  obtained  at  room  temperature 
( ~  5  m W)  is  sufficient  for  most  sensing  applications. 
These  devices  also  operate  in  continuous  wave  with 
miliwatts  of  single-mode  power  up  to  a  temper¬ 
ature  of  140  K. 
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Abstract 

Recent  progress  of  crystal  growth,  conductivity  control  of  group-III  nitrides,  has  enabled  us  to  produce  high- 
performance  short  wavelength  light-emitting  diodes.  Room  temperature  operation  of  nitride-based  laser  diodes  has  also 
been  realized.  Still,  much  further  advances  are  required  in  many  areas  of  materials  science  and  device  fabrication  of  the 
nitrides. 

Keywords:  Gruop-III  nitrides;  OMVPE;  MBE;  Low-temperature  buffer;  Conductivity  control;  LEDs;  Lasers 


1.  Introduction 

The  group-III  nitrides  with  the  exception  of  BN, 
that  is  wurtzite  polytypes  of  AIN,  GaN,  InN  and 
their  alloy  AlGaInN,  have  the  direct  transition  type 
band  structures  with  band-gap  energies  ranging 
1.9  eV  for  InN,  3.4  eV  for  GaN  and  6.2  eV  for  AIN 
at  room  temperature.  Moreover,  due  to  the  strong 
bond  between  nitrogen  and  each  group-III  atom, 
they  are  chemically  and  physically  stable.  Further¬ 
more,  GaN  has  high  thermal  conductivity  and  high 
electron  saturation  velocity.  Therefore,  they  are  one 
of  the  most  promising  materials  for  applications  to 
short  wavelength  light  emitters,  such  as  light-emit¬ 
ting  diodes  (LEDs)  and  laser  diodes  (LDs)  in  the 
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green  to  ultraviolet  (UV)  regions,  as  well  as  high- 
temperature  electronic  devices. 

To  realize  such  new  devices,  it  is  essential  to  grow 
high-quality  nitride  single  crystals  and  to  control 
their  electrical  conductivity.  During  the  last  two 
decades  before  1985,  much  pioneering  work  has 
been  done  for  GaN  from  the  fundamental  point  of 
view  and  for  practical  use  by  many  researchers. 
Unfortunately,  however,  it  is  fairly  difficult  to  grow 
large-size  bulk  GaN  crystals  because  equilibrium 
vapor  pressure  of  nitrogen  at  the  growth  temper¬ 
ature  is  extremely  high  compared  to  those  of  phos¬ 
phorous,  arsenic,  and  antimony,  in  other  III-V 
compounds.  Besides,  it  had  been  quite  difficult  to 
grow  high-quality  epitaxial  nitride  films  with  a  flat 
surface  free  of  cracks.  This  is  caused  by  the  lack  of 
substrate  materials  with  lattice  constants  and  ther¬ 
mal  expansion  coefficients  close  to  those  of  GaN 
and  the  nitride  alloys.  Moreover,  it  has  been  well 
known  that  undoped  GaN  is  strongly  n-type  with 
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high  residual  electron  concentrations  and  p-type 
GaN  and  GaN  p-n  junctions  had  not  been  real¬ 
ized  until  recently.  These  problems  had  prevented 
the  fabrication  of  GaN-based  devices  for  a  long 
time. 

Recent  developments  of  the  growth  technology 
and  of  the  basic  understanding  of  the  growth  mech¬ 
anism  for  the  heteroepitaxial  growth  of  GaN  on 
highly  mismatched  substrates  (e.g.  sapphire)  have 
enabled  us  to  grow  very  high  quality  thin  GaN 
[1,2],  AlGaN  [3],  GaInN  [4,5]  films  and  their 
heterostructures  [6,  7]  with  specular  surfaces  free  of 
cracks.  In  addition,  the  mechanism  of  impurity 
incorporation  and  its  activation  in  nitrides  has 
been  developed  step  by  step.  Conductivity  control 
of  both  n-type  [8]  and  p-type  nitrides  [9, 10]  has 
also  been  achieved.  Furthermore,  optical  and  car¬ 
rier  confinement  have  been  achieved  by  using  het¬ 
erostructures,  and  the  emission  wavelength  has 
been  controlled  by  the  use  of  alloys  as  the  active 
layer  [11].  These  achievements  as  well  as  the  earlier 
discovery  of  impurities,  which  form  very  efficient 
blue  luminescence  centers  in  the  nitrides  [12],  have 
led  to  the  fabrication  of  high-brightness  UV/blue, 
bluish-green,  green  and  yellow  LEDs  with  efficien¬ 
cies  in  excess  of  1%  [11, 13-15].  Today,  the  GaN- 
based  blue  LED  is  commercially  available.  The 
brightness  and  the  efficiency  of  these  devices  are 
comparable  to  the  GaAlAs-based  red  LEDs  and 
the  AlGaInP-based  orange  to  yellow  LEDs.  Room 
temperature  operation  of  a  nitride-based  violet 
laser  diode  (LD)  [16]  and  UV  LD  [17]  has  been 
realized.  A  nitride-based  high-speed  modulation 
doped  field  effect  transistor  (MODFET)  using 
two-dimensional  electron  gas  (2DEG)  has  been 
also  developed  [18]. 

2.  Recent  progress  of  crystal  growth  of  nitrides 

2.  L  Low-temperature  buffer  layer  method 

A  great  advance  in  crystal  growth  by  or- 
ganometallic  vapor  phase  epitaxy  (OMVPE)  was 
achieved  by  Amano  et  al.  in  1986  [1].  They  pro¬ 
posed  the  use  of  a  low-temperature  deposited  (LT) 
buffer  layer.  Fig.  1  illustrates  the  growth  process 
with  (a)  and  without  (b)  the  LT-buffer  layer.  We 


time 


(a) with  LT-buffer 


Fig.  1.  Timing  chart  and  the  model  for  the  growth  of  GaN  by 
OMVPE  with  (a)  and  without  (b)  the  LT-buffer  layer. 


[19,  20]  elucidated  the  growth  mode  and  the  role  of 
the  buffer  layer  in  detail.  Three-dimensional  growth 
dominates  when  the  GaN  is  grown  directly  on  the 
sapphire  substrate,  while  quasi-two-dimensional 
growth  dominates  when  GaN  is  grown  with  the 
LT-buffer  layer.  As  a  natural  consequence,  all  re¬ 
sults,  that  are  surface  morphology.  X-ray  rocking 
curve,  photoluminescence  properties,  electrical 
properties  as  well  as  cross-sectional  transmission 
electron  microscopy  showed  clearly  that  not  only 
the  crystalline  quality,  but  also  the  luminescence  as 
well  as  electrical  properties,  have  been  dramatically 
improved  simultaneously  using  the  LT-buffer  layer 
method.  It  should  be  stressed  that  such  high-qual¬ 
ity  GaN  layers  can  be  realized  that  are  thin  enough 
to  avoid  generating  cracks.  The  essential  role  of  the 
LT-buffer  layer  were  found  to  be  both  the  supply 
of  high-density  nucleation  centers  having  the 
same  orientation  as  the  substrate  and  the  promo¬ 
tion  of  the  lateral  growth  of  epitaxial  film  due 
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to  the  decrease  in  interfacial  free  energy  between 
the  epitaxial  film  and  the  substrate.  The  effec¬ 
tiveness  of  the  LT-buffer  layer  method  on  the  im¬ 
provement  of  the  crystalline  quality  of  the  nitride 
alloys  such  as  AlGaN  and  GaInN  was  also  proved. 
This  buffer  layer  method  was  followed  by 
Nakamura,  who  used  a  LT-GaN  buffer  layer  in 
1991  [2]. 

Today,  these  low-temperature  AIN  or  GaN  buf¬ 
fer  layers  are  indispensable  and  standard  for  the 
growth  of  GaN  and  nitride  alloys  on  sapphire  sub¬ 
strates  by  OMVPE. 

2.2  Preparation  of  layered  structures 

Control  of  thickness  and  alloy  composition  is  an 
important  issue  for  the  fabrication  of  efficient  light 
emitters  and  high-performance  transistors,  because 
ternary  compounds  such  as  AlGaN  and  GaInN  are 
lattice-mismatched  systems.  Fig.  2  shows  a  cross- 
sectional  transmission  electron  micrograph  of  a  five 
well  GaInN/GaN  multi-quantum  well  (MQW) 
structure  sandwiched  between  AlGaN  layers, 
which  were  grown  on  sapphire  substrates  using  the 
LT-buffer  layer  [21].  Dislocation  density  threading 
the  MQW  was  found  to  be  of  the  order  of  10^  cm"  ^ 
[22].  It  is  suggested  that  these  dislocations  are  not 
electrically  inactive  in  the  nitrides  [23].  Fig.  3 


shows  the  lOjO  mode  profile  from  a  GaInN/GaN 
multi-layered  structure  having  six  pairs  of  GaInN 
and  GaN  layers  sandwiched  between  AlGaN  layers 
[22].  The  experimental  result  agrees  the  calculated 


Fig.  2.  Cross-sectional  transmission  electron  micrograph  of  Al- 
GaN/(GaInN/GaN)5/AlGaN/LT-buffer/  sapphire. 


Fig.  3.  High-resolution  X-ray  diffraction  {10 jO  scan  profile)  of  {GaInN/GaN)6MQW/GaN/LT-buflfer  /sapphire  structure. 
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Fig.  4.  Dependence  of  band-edge  photoluminescence  intensity 
on  GaInN  well  layer  thickness. 


result  obtained  using  kinematical  theory.  Four 
fringes  can  be  clearly  observed  between  the  zeroth 
and  first-order  peaks  of  the  MQW,  which  indicates 
that  the  interface  is  smooth  and  that  the  thickness 
and  the  alloy  composition  are  well  controlled. 
Akasaki  et  al.  [22]  showed  that  the  band  edge 
photoluminescence  intensity  increases  with  the  de¬ 
crease  of  the  well  thickness.  The  intensity  of  MQW 
with  the  thickness  smaller  than  2.5  nm  is  about  1.5 
(at  room  temperature)  or  3  (at  77  K,  Fig.  4)  orders 
of  magnitude  higher  than  those  of  bulk  GaInN.  In 
1995,  Nakamura  et  al.  [14,  24]  showed  efficient 
blue,  green  and  yellow  LEDs  fabricated  using  very 
thin  GaInN  quantum  well  active  layers.  Burm  et  al. 
reported  GaN-based  MODFET  with  transconduc¬ 
tance  of  40mS/mm, /t  of  21.4  GHz  and  /^ax  of 
77.5  GHz  (with  0.25  pm  long  gate),  respectively 
[18].  The  MODFET  structure  consisting  of  a  75  A 
GaN  channel,  50  A  Alo.i6Grao.84N  spacer,  20  A  Si- 
doped  charge  supply  layer,  130  A  Alo.i6Grao.84N 
barrier  and  60  A  Alo.06Giao.94N  cap  layer,  was 
grown  by  OMVPE  on  sapphire  substrate  using  the 
LT-AIN  buffer  layer. 


3.  Achievement  of  conductivity  control 

5.7.  n-Type  conductivity 

In  1986,  Sayyah  et  al.  studied  Si  doping  of  GaN 
and  AlGaN  [25].  They  reported  that  SiH4  was 
harmful  to  the  growth  of  GaN  and  AlGaN  and  did 
not  affect  the  conductivity  of  the  film.  Nominally 
undoped  GaN  grown  by  OMVPE  using  the  LT- 
buffer  method  is  generally  highly  resistive,  due  to 
the  reduced  concentration  of  residual  donors. 
Therefore,  in  order  to  obtain  low-resistive  n-type 
GaN,  doping  with  a  donor  impurity  is  necessary.  In 
1990,  Amano  and  Akasaki  [8]  and  Murakami  et  al. 
[26]  showed  that  SiH4  is  suitable  for  Si  doping 
during  OMVPE  growth  of  GaN  and  AlGaN  using 
the  LT-buffer  method  and  that  Si  behaves  as  a  do¬ 
nor.  They  also  showed  that  the  cathodolumines- 
cence  intensity  increases  with  increasing  Si 
concentration  in  n-type  GaN  and  AlGaN.  The  elec¬ 
tron  concentration  at  room  temperature  can  be 
controlled  from  the  undoped  level  to  levels  of  more 
than  10^^cm“^.  The  incorporation  rate  of  Si  in 
GaN  does  not  strongly  depend  on  the  substrate 
temperature.  Therefore,  it  is  possible  to  control  the 
concentration  of  Si  in  GaN  by  changing  the  flow 
rate  of  the  precursor,  either  SiH4  or  Si2H6. 

Today,  Si  doping  in  OMVPE  growth  with  the 
LT-buffer  layer  is  widely  adopted  for  the  conduct¬ 
ivity  control  of  the  n-type  nitrides,  GaN,  AlGaN 
and  GaInN. 

3.2.  p-Type  conductivity 

So  far,  many  groups  attempted  to  produce  p- 
type  GaN.  No  group,  however,  succeeded  in  mak¬ 
ing  it  until  1989.  Good  controllability  of  Mg  con¬ 
centration  during  OMVPE  growth  of  GaN  was 
reported  [27]  by  using  bis-cyclopentadienylmag- 
nesium  (Cp2Mg)  as  the  Mg  precursor.  The  added 
Mg  was  mostly  inactive  as-grown.  In  1989,  a  low- 
energy  electron  beam  irradiation  (LEEBI)  treat¬ 
ment  was  used  to  activate  the  Mg  to  yield  p-type 
GaN  and  p-n  junction  type  LEDs,  for  the  first  time 
by  us  [9].  Free-hole  concentration  at  room  temper¬ 
ature  of  about  2  X  10^^  cm" ^  was  achieved  at  that 
time.  Today,  hole  concentration  at  room  temper¬ 
ature  of  about  2  X  10^^  cm"^  is  achieved.  In  1991, 
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Fig.  5.  Temperature  dependence  of  the  hole  concentration  of 
Alo.08Gao.92N  :  Mg,  GaN  :  Mg  and  Gao.91Ino.09N  :  Mg. 


p-type  AlGaN  was  obtained  in  the  same  manner 
[28].  Later,  Nakamura  et  al.  [10]  achieved  p-type 
GaN  by  thermal  annealing  in  a  hydrogen-free  at¬ 
mosphere.  They  showed  that  Mg  is  passivated  by 
hydrogen  in  the  as-grown  state.  The  reduction  of 
hydrogen  passivation  is  the  dominant  process  re¬ 
quired  to  activate  the  Mg  when  ammonia  is  used  as 
the  nitrogen  source  [29].  Fig.  5  shows  the  temper¬ 
ature  dependence  of  the  hole  concentration  of  Mg- 
doped  Alo.08Grao.92N,  GaN  and  Gao.91Ino.09N. 
Contrary  to  the  case  for  Si,  the  activation  energy  of 
Mg  was  found  to  depend  on  the  alloy  composition. 

At  present,  in  OMVPE,  all  the  p-type  GaN  and 
group-III  nitride  alloys  are  prepared  by  Mg  doping 
using  Mg-precursors  such  as  Cp2Mg,  followed  by 
the  LEEBI  treatment  or  thermal  annealing  in  a  hy¬ 
drogen-free  atmosphere. 

4.  Brief  history  of  the  stimulated  emission 
from  nitrides 

The  first  stimulated  emission  and  laser  action 
by  optical  pumping  was  reported  by  Dingle  et  al. 
in  1971  [30].  The  temperature  was  2  K.  Cingolani 


et  al.  in  1986  reported  high  temperature  stimulated 
emission  up  to  120  K  [31].  They  also  reported  an 
electron-hole  plasma  model  as  the  mechanism  of 
the  stimulated  emission  in  GaN.  In  1990,  Amano  et 
al.  [32]  reported  the  first  room  temperature  stimu¬ 
lated  emission  by  optical  pumping  using  high-qual¬ 
ity  GaN  epitaxial  layers  grown  with  the  LT-buffer 
layer.  They  also  pointed  out  that  by  use  of  hetero¬ 
structures,  reduction  of  threshold  power  was  pos¬ 
sible.  This  is  due  to  the  well-known  effect  of  carrier 
and  optical  confinement  by  the  heterostructure. 
Khan  et  al.  reported  in  1991  [33]  the  first  surface 
mode  stimulated  emission  by  optical  pumping. 
Kim  et  al.  [34]  observed  optical  gain  from  Al- 
GaN/GaN  double  heterostructures  (DH)  by  op¬ 
tical  pumping  at  room  temperature.  In  1995, 
a  threshold  power  for  stimulated  emission  by  op¬ 
tical  pumping  of  27  kW/cm^  was-  reported  by 
Akasaki  et  al.  [22],  which  is  the  lowest  to  date  and 
corresponds  to  7.4  kA/cm^  for  current  injection. 
The  achievement  of  stimulated  emission  with  low 
threshold  by  optical  pumping  and  high-perfor¬ 
mance  LEDs  mentioned  above,  both  strongly  sug¬ 
gest  the  possibility  of  the  realization  of  nitride- 
based  LDs.  Akasaki  et  al.  in  1995  [35]  observed  the 
onset  of  stimulated  emission  by  current  injection 
for  the  first  time.  In  late  1995  and  the  early  1996, 
Nakamura  et  al.  fabricated  the  first  nitride-based 
LD  [16].  The  structure  is  basically  a  separate  con¬ 
finement  heterostructure  (SCH).  The  active  layer  is 
a  MQW  having  the  number  of  well  layers.  GaN 
and  AlGaN  were  used  as  the  waveguide  and  clad¬ 
ding  layers,  respectively. 

Fig.  6  [17]  shows  the  emission  spectra  at  the 
current  density  of  3.0  kA/cm^  (Fig.  6a)  and 
1.5  kA/cm^  (Fig.  6b)  from  one  side  edge  of  a  device 
having  a  very  thin  GaInN  quantum  well  with  thick¬ 
ness  of  1.5  nm.  Strong  and  very  narrow  emission  is 
clearly  observed  when  current  density  exceeds 
2.9  kA/cm^,  which  is  much  higher  than  that  ex¬ 
pected  from  theoretical  calculation  [36].  Fig.  7 
shows  the  calculated  result  of  the  dependence  of  the 
threshold  current  density  (J^h)  of  the  nitride-based 
MQW  on  the  number  of  GaInN  well  layers  in  the 
active  layer.  In  this  calculation,  wurtzite  dipole 
matrix  element  was  used  [37].  Effective  masses  of 
electron  and  hole  in  the  well  layer  were  assumed  to 
be  0.2mo  and  0.8mo,  respectively.  As  shown  in  the 
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Fig.  6.  Emission  spectra  above  (a)  and  below  (b)  threshold  cur¬ 
rent  density  (Jth)  from  the  device  having  very  thin  quantum  well. 
Inset  shows  I-L  (current-light  output)  characteristic  of  the  de¬ 
vice. 


figure,  if  the  total  loss  (  =  propagation  loss  +  mir¬ 
ror  loss)  is  negligibly  small,  Jth  increases  with  the 
increase  of  number  of  quantum  wells.  However,  if 
the  total  loss  is  not  negligible,  there  are  optimum 
numbers  of  quantum  wells  in  order  to  achieve  the 
lowest  Jth-  Therefore,  to  reduce  Jth,  it  is  necessary  to 
decrease  the  loss  as  well  as  to  optimize  the  device 
structure. 


5.  Future  prospect  of  group-III  nitrides 

Until  recently,  hexagonal  nitrides,  grown  by 
OMVPE  on  sapphire  substrates,  have  been  mostly 
used  in  devices  mentioned  above.  In  addition  to 
hexagonal  nitrides,  cubic  nitrides  and  so-called 
III-V  nitrides,  which  include  GaNAs,  GaNP,  Al- 
NSiC  and  other  materials  containing  nitrogen  as 
one  of  the  major  constituents,  are  attracting  the 
attention  by  many  researchers. 


Fig.  7.  Estimated  threshold  current  density  (Jth)  of  nitride-based 
MQW  as  a  function  of  the  number  of  GaInN  quantum  well 
layers  in  the  active  layer. 


On  the  other  hand,  various  kinds  of  substrates 
such  as  Si,  GaAs,  SiC,  ZnO,  MgO,  MgAl204  and 
NdGaOa,  which  have  less-mismatched  and/or  elec¬ 
trically  conductive  substrates,  are  being  used  for 
a  variety  of  reasons.  Some  of  them  can  be  cleaved 
easily.  This  leads  to  the  possibility  of  fabricating 
a  good  cavity  mirror. 

Nowadays,  nitride  people  are  employing 
OMVPE  as  well  as  several  kinds  of  growth 
methods  such  as  molecular  beam  epitaxy  (MBE), 
hydride  vapor  phase  epitaxy  (HVPE),  etc. 

Recently,  we  have  developed  high-quality  GaN 
and  Gai-^cIn^N  (x  <  0.2)  by  RF-plasma-assisted 
MBE,  which  show  intense  near-band-edge  photo¬ 
luminescence  at  room  temperature.  A  DH  of  p- 
GaN :  Mg/n-GaInN/n-GaN  has  also  been  grown. 
Both  n-GaN  and  n-GaInN  were  nominally  un¬ 
doped,  while  p-GaN  was  doped  with  Mg  with 
a  hole  concentration  of  about  1.2  x  10^^  cm” ^ 
at  room  temperature.  No  special  postgrowth 
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Fig.  8.  EL  spectra  from  p-GaN  :  Mg/Gao. 8lno.2N/n-GaN  DH 
structure  grown  by  MBE  on  GaN  substrate  with  different  for¬ 
ward  currents  at  room  temperature. 


treatment  was  carried  out.  Fig.  8  shows  electro¬ 
luminescence  (EL)  spectra  from  p-GaN :  Mg/ 
Gao.8lno.2N/n-GaN  DH  grown  by  MBE  on  a  GaN 
subatrate,  which  was  grown  on  sapphire  C-face  by 
OMVPE  using  the  LT-AIN  buffer  layer.  Intense 
violet  emission  originates  in  near-band-edge  emis¬ 
sion  in  the  GaInN  layer  is  clearly  observed.  The  EL 
efficiency  was  about  0.3%,  which  is  lower  than 
those  of  OMVPE-grown  LED  by  a  factor  of  five  to 
ten.  This  may  be  due  to  unoptimized  device  struc¬ 
ture  and  impurity  concentration  [38]. 

At  present,  the  band-edge  photoluminescence  in¬ 
tensities  of  undoped  GaN  and  GaInN  grown  by 
MBE  on  GaN/the  LT-AlN  buffer/sapphire  sub¬ 
strates  are  comparable  to  those  of  OMVPE. 

On  the  contrary  to  OMVPE-grown  GaN  doped 
with  Mg,  the  photoluminescence  spectrum  from 
MBE-grown  GaN  doped  with  Mg  does  not  show 
so-called  violet-blue  emission  due  to  Mg-related 
deep  levels,  but  donor-acceptor  (Mg)  like  violet 
emission.  This  is  one  of  features  of  Mg-doped  GaN 
grown  by  MBE. 

Another  advantage  of  using  MBE  growth  over 
OMVPE  growth  of  GaN  is  the  capability  in 


obtaining  higher  hole  concentrations  (e.g. 
2  X  10^^  cm"^)  than  those  (e.g.  5  x  10^®  cm~^)  by 
OMVPE,  without  any  special  treatment  after 
growth  [39]. 

On  the  other  hand,  the  growth  rate  of  MBE  is 
0.2-0.8  jim/h  typically,  which  is  smaller  than  that  of 
OMVPE  by  a  factor  of  five  to  ten. 

Less-strained  or  strain-free  nitride  films  are  being 
prepared  by  the  use  of  homoepitaxial  growth  on 
GaN  substrate,  which  has  been  already  successfully 
grown  by  HVPE  [40].  Selective  area  growth  and 
several  kinds  of  etching  of  nitrides  are  being  studied 
for  the  fabrication  of  desirable  device  structures, 
such  as  the  optical  cavity,  waveguide  structure  and 
low-dimensional  structures. 


6.  Summary 

In  conclusion,  an  accumulation  of  a  large  quanti¬ 
ty  of  outstanding  work,  in  particular,  in  the  areas  of 
crystal  growth  and  conductivity  control  has  led  to 
the  commercialization  of  bright  blue  LEDs  and  the 
realization  of  LDs  based  on  the  nitrides.  The  per¬ 
formance  of  these  nitride-based  light  emitters  is  still 
progressing  at  present.  However,  much  further  im¬ 
provements  of  crystalline  quality  and  conductivity, 
in  particular,  p-type  conductivity  are  required  for 
the  realization  of  nitride-based  high-performance 
LDs  and  FETs. 

In  addition  to  the  OMVPE  technology,  there¬ 
fore,  the  MBE  technology  will  acquire  a  greater 
importance  in  future. 
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Abstract 

We  report  on  the  growth  of  Ga.^-Ini.;cAs3.Pi  -y  and  (Al;,Gai  -  Jo.51Ino.49P  thin  films  and  related  laser  diode  structures 
by  solid-source  molecular  beam  epitaxy,  using  valved  cracking  cells  as  sources  of  group-V  fluxes.  As  shown  here, 
high-quality  materials,  including  strained-layer  quantum  well  lasers  for  a  large  range  of  wavelengths  from  0.68  to 
1.69  pm,  can  be  grown  in  a  reproducible  way.  The  performance  characteristics  of  the  fabricated  lasers  are  comparable  to 
those  obtained  by  using  other  growth  methods. 


1.  Introduction 

Epitaxial  GaJni-^ASyPi -3,  compound  semi¬ 
conductors,  lattice-matched  to  InP  or  GaAs  sub¬ 
strates,  are  basic  materials  for  laser  diodes  which 
emit  at  the  wavelengths  (A)  from  1.1  to  1.65  pm 
or  from  0.8  to  1.1  pm,  respectively.  Wide-gap 
(AU-Gai-JyIni_yP  lattice-matched  to  GaAs  is  an¬ 
other  basic  material  for  lasers,  particularly  at 
0.63  pm  <  A  <  0.69  pm. 

Thin-film  growth  methods,  such  as  metal- 
organic  chemical  vapour  deposition  (MOCVD), 
chemical  beam  epitaxy  (CBE),  and  gas-source 
molecular  beam  epitaxy  (GSMBE)  are  employed 
for  preparing  Gajni  _^ASyPi -j,  and  (Al^^Gai-Jj, 
Ini_yP  and  related  device  structures.  All  these 
methods  need  toxic  hydrides  (AsHs  and  PH3)  as 
group-V  sources  to  grow  state-of-the-art  materials. 


*  Corresponding  author.  Fax:  +  358  3  3652600;  e-mail: 
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Apparently,  there  is  a  desire  for  a  toxic-gas-free 
growth  method  that  would  be  safe  and  simple  to 
use.  Such  a  technique  now  exists.  It  is  a  variant  of 
MBE,  a  so-called  solid-source  MBE  (SSMBE), 
which  requires  no  hydrides. 

The  key  components  of  SSMBE  are  valved 
cracking  cells  loaded  with  elemental  solid  arsenic 
and  phosphorus.  These  cells  produce  stable  and 
reproducible  group-V  fluxes  [1].  Optical,  electrical, 
and  structural  properties  of  Gajni  ^^^ASyPi  -j,  and 
(Al^Gai  _JyIni_yP  are  as  good  as  those  obtained 
by  MOCVD,  CBE,  or  GSMBE  [1,2].  Arsenide/ 
phosphide  heterostructures  with  abrupt  interfaces 
[3]  and  many  different  lasers  have  also  been  grown 
by  SSMBE,  notably  a  ^  13  \im  GalnAsP/InP 
multi-quantum  well  (MQW)  lasers  [4],  0.98  pm 
GalnAs/GalnP  single-QW  (SQW)  lasers  [5],  and 
0.68  pm  GaInP/AlGalnP  SQW  lasers  [6],  all  exhi¬ 
biting  very  good  performance  characteristics. 

In  this  paper,  we  describe  SSMBE  growth  of 
Ga^cItti-xASyPi-y  and  (Al^^Gai  _  JJni  _yP,  lattice- 
matched  to  InP  and  GaAs.  We  also  examine  laser 
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diodes  grown  by  this  method  to  further  assess  the 
material  quality. 

2.  Experimental  procedure 

Our  SSMBE  reactor  uses  valved  cracking  cells 
for  both  arsenic  and  phosphorus  [5].  The  chamber 
is  evacuated  by  a  500 1/s  ion-pump  which  keeps  the 
idling  pressure  at  about  2xl0"^®mbar.  The 
group-III  elements  and  dopants  are  evaporated 
from  conventional  effusion  cells. 

The  phosphorus  cell  consists  of  three  separately 
heated  zones:  a  red  phosphorus  oven,  a  white  phos¬ 
phorus  reservoir,  and  a  high-temperature  cracking 
head.  The  cell  is  loaded  with  7  N  red  phosphorus. 
This  three-zone  source  eliminates  the  problems 
caused  by  pressure  bursts  and  flux  instabilities 
which  are  usually  encountered  with  conventional 
effusion  cells  or  with  earlier  two-zone  valved  sour¬ 
ces,  typical  of  arsenic  cracking  cells  [7,  8].  Our 
arsenic  cell  is  loaded  with  7N5  solid  arsenic. 

In  the  three-zone  phosphorus  cell,  the  P2  flux  is 
produced  from  P4  molecules  which  are  provided  by 
a  white  phosphorus  charge  generated  prior  to 
growth  by  sublimating  red  phosphorus  at  400°C 
for  a  few  hours.  We  could  grow  about  1.2  mm  of 
phosphides  with  150  g  of  red  phosphorus.  This  is 
consistent  with  other  reports  where  the  consump¬ 
tion  rate  of  phosphorus  has  been  found  to  be  about 
0.09  g/pm  of  InP  [9]. 

The  P2  and  As2  fluxes  could  be  measured  with  an 
ionisation  gauge.  This  was  possible  even  though  the 
background  pressure  tended  to  complicate  accu¬ 
rate  measurements.  For  example,  when  growing 
Ag  =  1.1  pm  GalnAsP  beam  equivalent  pressures 
(BEP)  of  1.1  X  10"^  and  2.2  x  10“^  mbar  were  used 
for  the  P2  and  As2  fluxes,  respectively.  The  P2  and 
As 2  fluxes  were  adjusted  with  the  aid  of  automated 
valve  positioners  which  allowed  a  rapid  flux  change 
needed  for  growth  of  heterostructures. 

3.  Results  and  discussion 

3.1.  Growth  of  GalnAsP 

We  prepared  Ga;cIi^i_;cASj,Pi -3;  layers  lattice- 
matched  to  InP  for  1.1  pm  <  2g  <  1.55  pm. 


Growth  of  the  4  « 1.3  pm  layers  was  the  most 
difficult.  The  difficulties  were  practically  the  same 
as  those  encountered  in  GSMBE  growth  [10,  11] 
and  SSMBE  growth  of  this  semiconductor  [12]. 
We  found  that  the  growth  was  unstable  and  yielded 
rough  surfaces  with  poor  optical  and  structural 
quality  when  the  growth  rate  was  1  pm/h  and  the 
substrate  temperature  490°C.  When  the  growth 
rate  was  increased  to  2  pm/h,  the  quality  of  layers 
became  much  better  in  every  respect.  One  may 
interpret  these  problems  in  preparing 
GaJni_^As3;Pi-3,  at  ^  1.3  pm  as  due  to  an  oc- 
currenee  of  a  miscibility  gap  [11].  However,  high- 
quality  GalnAsP-on-InP  at  2g  1.3  pm  can  still  be 
grown  if  compressive  strain  in  GalnAsP  is  intro¬ 
duced  or  if  the  growth  conditions  are  chosen  to  be 
far  from  thermodynamic  equilibrium  [10]. 

SSMBE  growth  of  GalnAsP  of  2g  =  1.1  pm  and 
2g  =  1.55  pm,  lattice-matched  to  InP,  was  rather 
straightforward  and  produced  films  with  a  high 
crystalline  and  optical  quality. 

Growth  of  GaJni_;cASyPi_y  lattice-matched  to 
GaAs  for  0.65  pm  <  2g  <  0.85  pm  was  also  studied. 
The  main  goal  of  this  work  part  was  to  prepare 
GalnAsP  waveguide  material  for  0.98  pm  quantum 
well  lasers. 

We  made  test  growths  for  Ga^^Ini  _;cASj,Pi-j;, 
prior  to  growing  devices,  to  adjust  the  valve  posi¬ 
tions  properly  for  desired  compositions.  We  ob¬ 
served  that  the  reproducibility  of  the  group-V 
composition  was  good.  For  example,  in  one  of  our 
test  series  four  1  pm  thick  GalnAsP  (2g  1.55  pm) 

films  were  grown  on  successive  days  with  the  same 
pre-set  values  of  the  valve  controller  each  day  for 
both  As2  and  P2  fluxes.  The  variations  in  lattice 
constant  remained  within  +  200  ppm  in  this 
test. 

Another  point  to  bring  up  about  these  experi¬ 
ments  is  that  the  incorporation  behaviour  of  As2 
and  P2  produced  from  the  valved  cracking  cells  is 
practically  the  same  as  that  of  As2  and  P2  produced 
from  hydride  sources  in  the  presence  of  hydrogen  in 
GSMBE  [11].  Arsenic  always  incorporates  prefer¬ 
entially.  The  incorporation  efficiencies  of  phos¬ 
phorus  and  arsenic  depend  on  the  growth  rate  and 
relative  concentration  of  In  and  Ga  in  the  alloy.  In 
general,  the  incorporation  of  phosphorus  increases 
with  increasing  substrate  temperature. 
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Gajni  -^ASyPi  on  InP  and  GaAs  was  charac¬ 
terised  by  double  crystal  X-ray  diffraction 
(DCXRD),  room  temperature  (RT)  PL,  and  van  der 
Pauw  Hall  measurements.  The  full  width  at  half 
maximum  (FWHM)  of  the  DCXRD  rocking  curves 
of  Ga^Ini-^ASyPi-j,  were  about  30-35  arcsec  for 
all  the  films  studied.  For  comparison,  the  FWHM 
of  the  substrate  was  20-25  arcsec  (see  the  inset  of 
Fig.  1). 


Wavelength  (nm) 


Fig.  1.  Room  temperature  PL  spectrum  for  a  I  pm  thick 
GalnAsP  =  1.1  pm)  layer.  The  inset  shows  the  DCXD  spec¬ 
trum  for  the  same  sample.  The  lattice  mismatch  between  the 
substrate  and  the  layer  is  —  400  ppm. 


As  an  example  of  the  electrical  properties  of  our 
GalnAsP  films,  Table  1  lists  Hall  data  for  a  num¬ 
ber  of  2  pm  thick  GalnAsP  (2g  —  1.1  pm)  samples. 
It  shows  that  all  the  films  are  of  high  electrical 
quality  even  if  their  growth  conditions  were  not 
precisely  optimised.  They  also  exhibited  good  RT 
PL  spectra,  yielding  intensive  PL  peaks  with 
38  meV  <  FWHM  <  46  meV.  Fig.  1  shows  an 
example  of  a  RT  PL  spectrum  for  a  1  pm  thick 
GalnAsP  =  1.1  pm)  film. 

To  conclude,  the  structural,  optical,  and  electri¬ 
cal  characteristics  of  GaJni_;cASyPi  films  de¬ 
posited  onto  InP  and  GaAs  substrates,  as  found  in 
this  work,  are  comparable  to  those  earlier  reported 
by  our  group  using  the  GSMBE  [13,  14]  and  to 
those  reported  by  AT&T  Bell  Laboratories  using 
SSMBE  [1,  12]. 

3.2.  Growth  of  AlGalnP 

A  number  of  (Al^^Gai  _ Jo.51Ino.49P  samples 
were  grown  with  x  varying  from  0  to  1  in  anticipa¬ 
tion  of  the  growth  of  visible  laser  structures  on 
GaAs.  Device  quality  AlGalnP  layers  were  pre¬ 
pared  using  a  growth  rate  of  2  pm/h  and  a  BEP  of 
2x10^^  mbar  at  510^C.  Narrow  DCXRD  line 
widths  of  ~  25  arcsec  (substrate  20  s)  were  routine¬ 
ly  obtained  across  the  whole  composition  range. 
Dopant  concentrations  of  ~  10^®  cm~^  were  read¬ 
ily  achievable  for  both  n-type  and  p-type  samples. 

3.3.  Growth  of  laser  diodes 

We  grew  laser  structures  for  emission  at 
0.68  pm  <  2  <  1.69  pm.  The  active  regions  of  the 
lasers  contained  strained  layers  of  single  quantum 


Table  1 


Hall  data  of  2  |im  thick  GalnAsP  (2g  =  1.1  iim)  layers  grown  on  ‘epi-ready’  (1  0  0)  InP  substrates  at  480°C 

Sample 

f^{p)soo  K  (cm 

//30O  K  (cm^V-s) 

n(p)77K(cm 

/t77K(cmVV-s) 

Undoped 

-3.97x10*'“^ 

3900 

-2.10x10'^ 

22610 

nl 

-2.10X  10^" 

3110 

-  1.92x20'" 

4320 

n2 

-  1.85x10'’' 

2220 

-  1.82  x  10'" 

2490 

pi 

2.23x10'" 

38 

1.44x10'" 

60 

P2 

2.72x10'" 

41 

2.03x10'" 

51 

40 
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wells  or  multi-quantum  wells.  The  growth  para¬ 
meters  were  determined  by  growing  a  series  of  test 
samples  which  had  similar  active  regions  to  those  of 
the  lasers  of  interest.  RT  PL  and  DCXRD  were 
measured  from  these  multi-layer  structures. 


600  800  1000  1200  1400  1600  1800 

Wavelength  (nm) 

Fig.  2.  Room  temperature  PL  spectra  from  SSMBE  grown  QW 
structures  containing  (a)  a  compressively  strained  GalnP  QW 
sandwiched  between  AlGalnP  waveguide  and  cladding  layers 
on  GaAs,  (b)  a  compressively  strained  InGaAs  QW  surrounded 
by  quaternary  InGaAsP  waveguides  and  InGaP  claddings  on 
GaAs,  (c,  d)  five  compressively  strained  GalnAsP  QWs  separ¬ 
ated  by  lattice-matched  GalnAsP  barriers  and  surrounded  by 
GalnAsP  waveguides  and  InP  cladding  regions  on  InP. 


It  was  found  that  the  PL  line  width  and  intensity 
closely  correlated  with  the  characteristics  of  the 
corresponding  lasers.  Fig.  2  shows  RT  PL  spectra 
for  some  of  the  test  samples  over  the  entire  range  of 
wavelengths  studied.  As  may  be  seen,  the  samples 
exhibit  narrow  line  widths  indicating  the  presence 
of  high-quality  QW  structures.  Interestingly,  the 
samples  with  five  Ga^^Ini  -xASj,Pi  quantum  wells 
(Samples  c,  d,  and  e  in  Fig.  2)  have  small  RT  PL 
FWHM’s  of  25-29  meV,  suggesting  that  the  arsenic 
mole  fraction  in  the  MQW  stacks  remained  nearly 
constant  despite  many  rapid  valve  opening  and 
closing  operations  accomplished  during  growth. 
A  good  emission  wavelength  accuracy, 
A2  ^  10  nm,  was  obtained  quite  readily  and  repro- 
ducibly  for  all  the  targeted  wavelengths. 

3.4.  Characteristics  of  laser  diodes 

Broad-area  lasers  and  ridge  waveguide  lasers 
were  processed  from  the  grown  structures  by  means 
of  standard  photo-lithographic  methods.  Table  2 
summarises  the  key  features  of  the  broad-area 
lasers,  see  also  Refs.  [4,  5,  15-17]  for  more  details  of 
some  of  the  lasers. 

The  characteristics  of  our  0.905,  0.980,  1.3,  and 
1.55  |im  lasers  grown  by  SSMBE  are  comparable  to 
those  of  state-of-the-art  devices  of  similar  structures 


Table  2 

Characteristics  of  SSMBE-grown  lasers;  X  is  the  emission  wavelength,  is  the  threshold  current  density,  Jth.co  is  the  threshold  current 
density  extrapolated  to  the  infinite  cavity  length,  Tq  is  the  characteristic  temperature,  is  the  FWHM  angle  of  the  perpendicular 
far-field,  }'ji  is  the  internal  quantum  efficiency,  rja  is  the  total  differential  efficiency  and  ai  is  the  internal  loss 


Structure 

QW 

No. 

X 

(nm) 

Jth  (A/cm^) 
at  L  (pm) 

*7  th.oo 

(A/cm^) 

To 

(K) 
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GaInP/AlGalnP  [15] 

1 
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43 
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74 
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InGaP 

2 
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180 
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29 

- 
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- 

InGaAs/InGaAsP/ 
InGaP  [5] 

1 

980 

172  at  1540 

60 
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26 

98.2 
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1.8 

InGaAsP/InP  [4] 

5 

1300-1350 

400  at  1600 
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65 

44 

93 

63 

10.7 

InAsP/InGaP/InP'^ 

[16] 

10 

1350 

1150  at  1600 
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100 

28 

66 

59 

6.4 

InGaAsP/InP  [17] 

5 

1500-1570 

387  at  1440 
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66.5 

50 

64 

54 

10.7 

InGaAsP/InP 

5 

1665-1690 

430  at  1540 

340 

59 

45-50 

_ 

>35 

“  To  =  90  K  between  20-80°C. 

To  -  130  K  between  20-50°C. 
j/i  and  aj  are  determined  at  20°C. 
Strain  compensated  structure. 
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grown  by  other  methods.  Very  low  threshold  cur¬ 
rents  down  to  18  mA  for  5  x  300  [im^  as-cleaved 
ridge  waveguide  1.3  and  1.55  |im  devices  were  ob¬ 
tained,  and  the  threshold  current  densities  extrapo¬ 
lated  to  infinite  cavity  length  yielded  values  around 
300  A/cm\ 

In  particular,  the  ridge  waveguide  0.98  pm  lasers, 
our  most  thoroughly  studied  devices,  exhibited  ex¬ 
cellent  characteristics.  With  long  cavities,  1.6  mm, 
and  AR/HR  mirror  coatings  these  lasers  launched 
cw  output  powers  up  to  260  mW  in  stable,  kink- 
free,  single-mode  operation  with  a  slope  efficiency 
of  over  0.9  W/A.  The  maximum  thermally 
saturated  power  was  550  mW.  Reliability  tests  have 
been  going  on  for  over  llOOOh  at  125  mW  and 
8000  h  at  150  mW  in  an  automated  constant  power 
mode  at  room  temperature.  Until  now,  no  degrada¬ 
tion  has  been  observed. 


4.  Conclusions 

We  have  studied  the  growth  of  laser  diode  mater¬ 
ials  employing  valved  cracking  cells  as  sources  of 
group-V  fluxes.  High  quality  Ga^clni -^^As^Pi 
and  (A^Gai„jc)o.5iIno.49P  were  prepared 

with  an  anticipation  of  laser  diode  growth.  The 
incorporation  behaviour  of  P  and  As  was  found  to 
be  very  similar  to  what  we  have  observed  for 
GSMBE. 

Several  strained-layer  QW  laser  diodes  having 
emission  wavelengths  between  0.68  and  1.69  pm 
were  also  fabricated.  The  characteristics  of  these 
lasers  were  found  to  be  fully  comparable  to  those  of 
the  similar  devices  grown  by  other  methods.  Our 
results  demonstrate  that  the  novel  valved  cracking 
technology  has  made  it  possible  to  grow  high  qual¬ 
ity  laser  diodes  from  visible  to  infrared  region  using 
only  solid  sources. 
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Abstract 

A  threshold  current  density  of  270  A/cm^  has  been  measured  for  2  mm  long  InAsP/GalnAsP  broad  area  lasers  grown 
by  solid  source  molecular  beam  epitaxy.  To  date,  these  are  the  lowest  reported  threshold  current  density  1.3  pm  lasers  by 
any  type  of  MBE  growth  technique.  An  optimum  growth  temperature  of  465°C  was  determined  for  InAsP  by  maximizing 
the  photoluminescence  intensity  from  a  test  structure  modeled  after  the  laser  core,  and  a  room-temperature  photo¬ 
luminescence  line  width  of  18  meV  was  measured  on  an  actual  laser  growth. 

Keywords:  Semiconductor  lasers;  Multiple  quantum  wells;  SSMBE 


1.  Introduction 

Low  threshold  current  1.3  pm  lasers  operating  at 
elevated  temperatures  and  high  output  powers  are 
desired  for  many  different  fiber  optic  applications. 
Low  threshold  operation  is  desired  to  reduce  power 
requirements  as  well  as  chirp  and  the  line  width 
enhancement  factor  of  directly  modulated  lasers. 
Poor  high-temperature  characteristics  currently 
force  the  utilization  of  thermoelectric  coolers  which 
increases  costs  and  raises  lifetime  concerns.  To 
meet  this  need,  strained  GalnAs,  GalnAsP,  and 
InAsP  lasers  have  been  studied  using  many  differ¬ 
ent  epitaxial  growth  techniques  [1-4].  Benefits  of 
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Strained-layer  lasers  include  lower  threshold  cur¬ 
rents  and  higher  differential  gain.  Strain  helps  by 
altering  the  valence  band  structure  which  reduces 
the  density  of  states  that  are  involved  in  the  lasing 
transition,  thus  lowering  the  threshold  current 
[5,6].  The  altered  valence  band-band  structure 
also  suppresses  Auger  recombination  and  inter¬ 
valance  band  absorption  [6].  InAsP/InP  has  the 
added  benefit  of  a  large  conduction  band  offset, 
A£c  =  0-^  \J\  as  compared  to  GalnAs/InP  or 

GalnAsP/InP,  =  0.4  A£g  [8,9].  The  larger 
conduction  band  offset  more  tightly  confines  car¬ 
riers  to  the  quantum  wells,  reducing  carrier  loss, 
especially  at  higher  operating  temperatures.  Due  to 
the  large  strain,  approximately  1.5%,  utilized  in 
1.3  pm  InAsP/GalnAsP  lasers,  only  a  few  quantum 
wells  can  be  grown  before  exceeding  the 
pseudomorphic  critical  thickness.  However,  the 
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characteristic  temperature,  Tq  increases  with  well 
number,  so  to  achieve  better  high-temperature  op¬ 
eration,  more  wells  are  desired  [10].  To  overcome 
critical  thickness  concerns,  strain-compensated  de¬ 
vices  containing  barriers  and  wells  of  opposite 
strain  have  been  investigated  [11,  12],  but  will  not 
be  discussed  here.  In  this  paper  we  report  on  the 
growth  and  characterization  of  1.3  pm  compress- 
ively  strained  InAsP/GalnAsP  MQW  lasers  grown 
by  solid-source  molecular  beam  epitaxy. 

2,  Experimental  procedure 

The  MBE  system  used  in  this  work  is  a  turbo- 
molecular  pumped  Riber  32P.  A  liquid-nitrogen 
(LN2)-cooled  trap,  located  in  the  foreline  between 
the  turbomolecular  pump  and  the  roughing  pump, 
is  used  to  capture  phosphorus  before  it  enters  the 
roughing  pump.  The  LN2-cooled  trap  can  be  iso¬ 
lated  and  separated  from  the  machine  under  a  ni¬ 
trogen  atmosphere  for  cleaning  in  a  fume  hood. 
Standard  effusion  cells  were  used  for  the  group  III 
materials  and  EPI  MBE  Products  Group  valved 
group  V  sources  produced  the  arsenic,  AS4,  and 
phosphorus,  P2,  beams.  The  arsenic  source  is 
a  single-oven-valved  cracker  source  [13].  The 
phosphorus  source  is  a  dual-oven-valved  cracker 
source  designed  to  operate  with  pregenerated  white 
phosphorus  [14,  15].  Because  of  the  low  sublima¬ 
tion  coefficient  of  red  phosphorus,  a  source  operat¬ 
ing  with  red  phosphorus  will  exhibit  large  flux 
transients  [16].  White  phosphorus  has  a  much 
higher  sublimation  coefficient,  and  can  produce 
a  stable  and  controllable  phosphorus  beam 
[16, 17].  Heating  the  red  phosphorus  at  400°C 
for  4  h  with  the  valve  closed  creates  enough 
white  phosphorus  for  about  15  pm  of  phosphide 
growth  at  a  beam  equivalent  pressure  of 
1  X  10-^  Torr  [18]. 

The  SCH-MQW  laser  structure  consisted  of 
1  pm  thick  n  (Si  ~  1  x  10^®  cm“^)  and  p  (Be  ~ 
5  X  10^^  cm“^)  doped  InP  clads,  the  undoped  ac¬ 
tive  region,  and  a  0.1  pm  p^  (Be  1  x  10^^  cm“^) 
GalnAsP  cap.  The  active  region  consisted  of  three 
41  A  InAsP  strained  quantum  wells  separated  by 
200  A  lattice-matched  GalnAsP  barriers  sand¬ 
wiched  between  1500  A  GalnAsP  confinement 


regions.  All  GalnAsP  material  had  a  emission 
wavelength  of  1.1  pm.  The  barrier  and  well  com¬ 
positions  were  chosen  so  that  no  growth  stops  or 
cell  temperature  changes  were  necessary.  At  the 
start  of  the  quantum  well  regions,  the  gallium  was 
shuttered  closed  and  the  arsenic  valve  opened  to 
get  the  desired  InAsP  emission.  This  allowed  the 
gallium  and  indium  cell  temperatures  to  remain 
fixed  throughout  the  growth  at  the  fluxes  needed  to 
grow  the  desired  GalnAsP  quaternary.  In  the  Al- 
GaAs/GaAs  material  system,  it  has  been  shown 
that  substrates  misoriented  towards  the  (1  1  1)A 
direction  produce  better  quality  material  [19].  To 
investigate  this  concept  in  the  InP  material  system, 
lasers  were  grown  on  pieces  of  (10  0)  exact  and 
(10  0)  misoriented  4^^  towards  (1  1  1)A  n-type  InP 
substrates  bonded  with  indium  to  2  in  silicon  wa¬ 
fers. 


3.  Results  and  discussion 

The  optimum  growth  temperature  for  the  InAsP 
lasers  was  465°C  as  determined  in  a  photolumines¬ 
cence  (PL)  study  using  the  active  region  described 
above  as  the  test  structure.  Substrate  temperatures 
were  measured  using  a  thermocouple  suspended 
behind  the  substrate  and  calibrated  using  the  con¬ 
gruent  sublimation  temperature  of  GaAs.  No  tem¬ 
perature  changes  were  made  during  the  growth  of 
any  of  the  samples.  Fig.  1  shows  the  influence  of 
substrate  temperature  on  the  PL  intensity.  Typical 
room  temperature  PL  FWHM  line  widths  of  the 
InAsP  quantum  well  test  structure  were  around 
25  meV,  indicative  of  the  high-quality  material  and 
abrupt  interfaces  produced  by  SSMBE.  After  re¬ 
moval  of  the  upper  clad  and  cap  layers  by  wet 
chemical  etching,  a  very  low  room-temperature  PL 
FWHM  line  width  of  18  meV  was  measured  on 
a  laser  (Fig.  2)  and  is  among  the  best  reported  to 
date  for  InAsP  quantum  wells  [1,20].  The  PL 
study  also  demonstrated  that  samples  grown  on  the 
misoriented  substrate  consistently  exhibited  lower 
PL  intensities  and  poorer  surface  quality. 

Fifty  micron  wide,  broad-area  lasers  were  fab¬ 
ricated  from  both  exact  and  misoriented  samples 
grown  at  the  same  time.  Testing  was  made  under 
pulsed  conditions  with  the  devices  placed  n-side 
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Fig.  1.  PL  intensity  versus  substrate  temperature  for  In-  o  5  lo  15  20 

AsP/GalnAsP  test  structure.  Inv erse  Cavity  Length  (cm‘‘) 


Wavelength  (gm) 

Fig.  2.  Room-temperature  PL  spectra  of  InAsP/GalnAsP 
MQW  laser  on  (1  0  0)  exact  substrate. 


down  on  a  copper  block.  Fig.  3  shows  the  threshold 
current  density  versus  inverse  cavity  length  for  both 
orientations.  A  low  threshold  current  density  value 
of  290  A/cm^  was  achieved  on  1  mm  exact  devices 
and  270  A/cm^  was  achieved  on  2  mm  misoriented 
devices.  To  our  knowledge,  these  are  the  lowest 
reported  threshold  current  densities  for  1.3  pm 
broad-area  lasers  grown  by  any  type  of  MBE 
growth  technique.  Extrapolation  to  infinite  cavity 
lengths  yield  threshold  current  densities  of 
220  A/cm^  for  the  misoriented  material  and 
170  A/cm^  for  the  exact  material.  Calibrated  light 
versus  intensity  (L-J)  measurements  were  taken  to 
determine  the  internal  quantum  efficiency  and  the 


Fig.  3.  Threshold  current  density  versus  inverse  cavity  length 
for  InAsP/GalnAsP  MQW  lasers. 


Fig.  4.  L-I  curve  for  a  1  mm  InAsP/GalnAsP  MQW  laser  on 
(10  0)  exact  substrate. 

internal  loss  of  the  devices.  A  typical  L-l  curve  is 
shown  in  Fig.  4  for  a  1  mm  device.  From  the  slope 
efficiencies  of  the  L-l  curves  and  the  threshold 
current  densities,  average  internal  quantum  effi¬ 
ciency  and  internal  loss  values  of  r]^  ~  64%  and 
oCi  ~  7  cm"  \  and  rji  ~  60%  and  oc-,  5.5  cm were 
determined  for  the  exact  and  misoriented  material, 
respectively.  The  characteristic  temperatures  Tq, 
as  determined  from  a  threshold  current  versus 
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temperature  plot  were  around  SVC  and  40°C  for 
the  exact  and  misoriented  material,  respectively. 
Since  the  structure  was  not  optimized  for  carrier 
confinement  and  contained  only  three  narrow 
wells,  the  low  characteristic  temperatures  are  not 
unexpected.  The  substrate  orientation  dependence 
is  still  being  investigated. 

4.  Summary 

To  summarize,  the  lowest  threshold  current  den¬ 
sity  1.3  pm  lasers  grown  by  MBE  have  been  dem¬ 
onstrated.  A  threshold  current  density  of  270  A/ 
cm^,  measured  on  a  2  mm  broad  area  device,  and 
a  room-temperature  PL  FWHM  line  width  of 
18  meV  clearly  illustrate  the  effectiveness  of  the  solid- 
source  molecular  beam  epitaxial  growth  technique  for 
growing  high  quality  semiconductor  devices. 

References 

[1]  M.  Yamamoto,  N.  Yamamoto  and  J.  Nakano,  IEEE  J. 
Quantum  Electron.  QE-30  (1994)  554. 

[2]  P.  Thiagarajan,  A. A.  Bernussi,  H.  Temkin,  G.Y.  Robinson, 
A.M.  Sergent  and  R.A.  Logan,  Appl.  Phys.  Lett.  67  (1995) 
3676. 

[3]  M.  Toivonen,  P.  Savolainen,  H.  Asonen  and  R.  Murison, 
Jpn.  J.  Appl.  Phys.  35  (1996)  L634. 

[4]  H.  Sugiura,  M.  Itoh,  N.  Yamamoto,  M.  Ogasawara,  K. 
Kishi  and  Y.  Kondo,  Appl.  Phys.  Lett.  68  (1996)  3213. 


[5]  E.  Yablonovitch  and  E.O.  Kane,  J.  Lightwave  Technol. 
LT-4  (1986)  504. 

[6]  A.R.  Adams,  Electron.  Lett.  22  (1986)  249. 

[7]  R.P.  Schneider,  Jr.  and  B.W.  Wessels,  J.  Electron.  Mater. 
20  (1991)  1117. 

[8]  R.E.  Cavicchi,  D.V.  Lang,  D.  Gershoni,  A.M.  Sergent,  J.M. 
Vandenberg,  S.N.G.  Chu  and  M.B.  Panish,  Appl.  Phys. 
Lett.  54  (1989)  739. 

[9]  E.A.  Montie,  P.J.A.  Thijs  and  G.W.  ’t  Hooft,  Appl.  Phys. 
Lett.  53  (1988)  1611. 

[10]  T.  Namegaya,  N.  Matsumoto,  N.  Yamanaka,  N.  Iwai,  H. 
Nakayama  and  A.  Kasukawa,  IEEE  J.  Quantum  Electron. 
QE-30  (1994)  578. 

[11]  A.  Ougazzaden,  A.  Mircea  and  C.  Kazmierski,  Electron. 
Lett.  31  (1995)  803. 

[12]  A.  Kasukawa,  N.  Yokouchi,  N.  Yamanaka  and  N.  Iwai, 
Electron.  Lett.  31  (1995)  1749. 

[13]  D.L.  Miller,  S.S.  Bose  and  G.J.  Sullivan,  J.  Vac.  Sci.  Tech¬ 
nol.  B  8  (1990)  311. 

[14]  G.W.  Wicks,  M.W.  Koch,  LA.  Varriano,  F.G.  Johnson, 
C.R.  Wie,  H.M.  Kim  and  P.  Colombo,  Appl.  Phys.  Lett.  59 
(1991)  342. 

[15]  M.L.  Dotor,  D.  Golmayo  and  F.  Briones,  J.  Crystal 
Growth  127  (1993)  619. 

[16]  F.G.  Johnson  and  C.E.C.  Wood,  J.  Appl.  Phys.  78  (1995) 
1664. 

[17]  G.W.  Wicks,  M.W.  Koch,  F.G.  Johnson,  J.A.  Varriano, 
G.E.  Kohnke  and  P.  Colombo,  J.  Vac.  Sci.  Technol.  B  12 
(1994)  1119. 

[18]  C.C.  Wamsley,  M.W.  Koch  and  G.W.  Wicks,  J.  Vac.  Sci. 
Technol.  B  14  (1996)  2322. 

[19]  R.K.  Tsui,  J.A.  Curless,  G.D.  Kramer,  M.D.  Peffley  and 
G.W.  Wicks,  J.  Appl.  Phys.  59  (1986)  1508. 

[20]  H.  Sugiura,  M.  Mitsuhara,  H.  Oohashi,  T.  Hirono  and  K. 
Nakashima,  J.  Crystal  Growth  147  (1995)  1. 


JOURNALOF  CRYSTAL. 

GROWTH 


ELSEVIER 


Journal  of  Crystal  Growth  175/176  (1997)  46-51 


Solid  source  MBE  growth  and  regrowth  of  1.55  |im  wavelength 

GalnAsP/InP  ridge  lasers 

F.G.  Johnson'''*,  O.  King%  F.  Seiferth",  S.  HorsF,  D.R.  Stone",  R.D.  Whaley’’, 

M.  Dagenais^  YJ.  Chen® 

^  Lahoratoiy  for  Physical  Sciences,  University  of  Maty  land,  College  Park,  Maryland  20740,  USA 
^Department  of  Electrical  Engineering,  University  of  Maryland,  College  Park,  Maryland  20742,  USA 
"^Department  of  Electrical  Engineering,  University  of  Maryland,  Baltimore,  Maryland  21228,  USA 


Abstract 

We  report  on  the  solid  source  molecular  beam  epitaxial  growth  of  Ga^Jud  -^.jAs^^P^ -y^  and  its  application  to  separate 
confinement  heterostructure  laser  diodes  operating  at  1.55  pm.  High-quality  quaternary  films  were  grown  reproducibly 
with  a  band  gap  wavelength  of  1.3  pm.  Separate  confinement  heterostructure  laser  diodes  operating  at  1.55  pm  were 
produced  with  active  regions  containing  four  Gao.47Ino.53As,  Gao.27lno.73Aso.8Po.2»  or  InAso.6Po,4  quantum  wells. 
Broad  area  laser  threshold  current  densities  were  as  low  as  275  A/cm^  and  equal  the  best  results  reported  for  similar 
devices  grown  by  other  techniques.  Ridge  lasers  were  fabricated  with  threshold  currents  of  20  mA  and  external  quantum 
efficiencies  of  0.21  mW/mA  per  facet.  Specular  InP  was  regrown  over  etched  ridges  and  was  used  to  produce  buried  ridge 
laser  diodes. 


1.  Introduction 

Fiber  optic  communication  systems  rely  heavily 
on  InP/GaJn(i-.v)ASj.P(i-y)  materials  to  provide 
light  emission  at  1.3  and  1.55  pm.  Subsequent  to 
liquid  phase  epitaxy  (LPE)  [1],  solid  source 
molecular  beam  epitaxy  (MBE)  was  one  of  the 
first  to  grow  Ga.Jiid  _^-)As/InP  [2]  and  Gajn(i 
As^.Pd  _j.)/InP  [3]  double  heterostructure  lasers. 
Since  then,  gas  source  molecular  beam  epitaxy 
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(GSMBE)  [4],  chemical  beam  epitaxy  (CBE)  [5], 
and  metalorganic  vapor  phase  epitaxy  (MOVPE) 
[6,  7]  have  all  been  used  to  grow  high-quality  sep¬ 
arate  confinement  heterostructure  (SCH)  lasers  op¬ 
erating  at  1.55  pm.  However,  these  multi-quantum 
well  SCH  laser  structures  were  difficult  to  repro¬ 
duce  using  solid  source  MBE  and  conventional 
effusion  cells,  because  they  required  the  ability  to 
adjust  the  As2  and  P2  fluxes  accurately  and  quickly. 

The  introduction  of  valved,  cracking  effusion 
cells  to  supply  As2  [8]  and  P2  [9]  fluxes  from  solid 
sources  allowed  for  the  precise  control  of  group-V 
fluxes  during  MBE.  MBE  has  since  been  used 
to  grow  arsenide/phosphide  heterostructures  with 
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abrupt  interfaces  [10]  and  Ga^^-ln^ -^-)ASvP(i 
films  lattice  matched  to  InP  [11].  These  advances 
led  to  the  development  of  quaternary  containing 
1.35  pm  [12]  and  1.55  pm  [13]  SCH  laser  diodes 
grown  by  solid  source  MBE  that  had  threshold 
current  densities  comparable  to  devices  grown  by 
other  techniques.  In  this  paper,  we  report  on 
the  quality  and  reproducibility  of  solid  source 
MBE  grown  Gajn^  _,^)As^P(i  _3,)  films  {X  ^ 
1.3  pm)  and  SCH  lasers  with  Gao.47Ino.53As, 
Gao.27lno.73Aso.8Po.2,  and  InAso.6Po.4  quantum 
wells  1.55  pm). 

2.  Experiment 

The  laser  diodes  in  this  study  were  grown  over 
a  period  of  several  months  in  a  conventional  MBE 
machine  on  2"  sulfur-doped  (100)  InP  substrates 
misoriented  by  4  degrees  towards  (1 1 1)A.  The  sub¬ 
strate  temperature  during  growth  was  475°C, 
which  was  approximately  25°C  below  the  observed 
oxide  desorption  temperature.  Gallium,  indium, 
silicon,  and  beryllium  fluxes  were  supplied  from 
effusion  cells  containing  elemental  sources.  The 
growth  rates  were  1.3  monolayers/s  for  InP,  corres¬ 
ponding  to  a  beam  equivalent  pressure  (BEP) 
of  4.1  X  10“^  mbar,  and  1.8  monolayers/s  for 
Ga;cIn(i_;c)ASj,P(i -j,),  corresponding  to  an  added 
gallium  BEP  of  6.4  x  10“^  mbar.  Two  independent, 
valved  effusion  cells  were  used  to  supply  AS4 
(Tcracker  =  500°C)  and  P2  (T,,,,ker  =  1000°C)  fluxcs. 
One  cell  contained  elemental  arsenic,  and  the  other 
was  loaded  with  elemental  red  phosphorus.  Be¬ 
cause  of  the  low  sublimation  coefficient  of  red  phos¬ 
phorus  [14],  a  portion  was  converted  to  white 
phosphorus  before  growth  [15]. 

3.  Results  and  discussion 

In  this  paper,  lattice  matched  Gao.27Ino.73 
Aso.58Po.42  with  a  band  gap  wavelength  near 
1.3  pm  is  used  to  construct  the  core  of  SCH  laser 
diodes.  In  conjunction  with  the  growth  of  various 
laser  structures,  eight  quaternary  films  were  grown 
over  a  period  of  several  months  to  monitor  the  flux 
calibration  and  material  quality.  The  group-V 


fluxes  were  set  before  each  growth  by  adjusting  the 
valve  positions  on  the  group-V  sources  to  obtain 
ion  gauge  BEP’s  of  1.7  x  10“^  (P2)  and  1.3  x  10~^ 
(AS4)  mbar.  The  group-V  to  group-III  atomic  flux 
ratio  can  be  calculated  from  the  BEP’s  [16,  17]  and 
was  found  to  be  14  :  1. 

The  resulting  film  compositions  were  determined 
by  analyzing  the  photoluminescence  (PL)  and  X- 
ray  diffraction  spectra  [25].  The  lattice  mismatch, 
(Au/a),  for  the  eight  Gao.27Ino.73Aso.58Po.42  sam¬ 
ples  varied  within  +  0.0005,  corresponding  to 
a  change  in  arsenic  mole  fraction  of  less  than 
+  0.015.  This  reproducibility  is  comparable  to  the 
accuracy  of  the  ion  gauge  BEP  measurements.  The 
atomic  incorporation  efficiency  of  arsenic  relative 
to  phosphorus  was  calculated  from  the  BEP’s  and 
the  film  composition  and  was  found  to  be  9  :  1.  As 
a  result,  only  the  accuracy  of  the  arsenic  BEP 
measurement  is  significant  in  determining  the  film 
composition.  The  arsenic  BEP  was  set  between  1.25 
and  1.35  X  10~^  mbar  before  each  growth.  This 
variation  in  arsenic  BEP  corresponds  to  a  change 
in  arsenic  mole  fraction  of  +  0.01  and  accounts  for 
most  of  the  experimental  variability  in  quaternary 
composition.  At  lower  group-V  to  group-III  atomic 
flux  ratios,  the  incorporation  efficiencies  of  phos¬ 
phorus  and  arsenic  become  more  similar,  and  small 
variations  in  both  fluxes  will  effect  the  film  com¬ 
position. 

Theory  predicts  a  miscibility  gap  for  Ga^^Jnd-x) 
ASj,P(i_j,)  grown  at  typical  MBE  growth  temper¬ 
atures,  particularly  for  alloys  with  a  band  gap 
wavelength  near  1.3  pm  [18].  GSMBE  grown 
Ga;,Ind_;c)As^.P(i_y)  films  with  y  0.5-0.9  show 
spinodal-like  decomposition  that  degrades  the  sur¬ 
face  morphology  and  broadens  PL  and  X-ray  dif¬ 
fraction  peak  line  widths  [19].  This  decomposition 
could,  however,  be  mitigated  somewhat  by  increas¬ 
ing  the  group-V  to  group-III  flux  ratio,  which 
serves  to  reduce  surface  adatom  diffusion  during 
growth  [19].  As  the  group-V  to  group-III  flux  ratio 
is  further  increased,  however,  the  morphology 
again  degrades  due  to  the  large  amounts  of  hydro¬ 
gen  present  in  the  GSMBE  growth  zone  [20].  By 
switching  to  solid  sources,  this  limitation  on  the 
group-V  fluxes  can  be  avoided. 

The  PL  and  symmetric  (004)  double-crystal  X- 
ray  diffraction  spectra  from  Gao.27Ino.73Aso.58 
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Po.42  films  grown  by  solid  source  MBE  are  shown 
in  Fig.  la  and  Fig.  lb,  respectively.  The  films  had 
a  specular  surface  morphology.  The  room  temper¬ 
ature  PL  peak  line  width  of  42  meV  is  similar  to  the 
45  meV  line  width  predicted  by  theory  [21].  In  the 
X-ray  diffraction  spectrum,  the  higher  intensity 
peak  is  from  the  InP.  The  lower  intensity  peak 
comes  from  the  0.7  jim  quaternary  film  and  has 
a  full  width  at  half  maximum  (FWHM)  line  width 
of  27  arcsec.  This  line  width  is  equal  to  that  pre¬ 
dicted  by  a  dynamical  simulation  [22]  of  a  fully 
disordered  0.7  pm  thick  Gao.27Ino.73Aso.58Po.42 
alloy.  These  line  widths  and  morphology  results 
show  that  it  is  possible  to  choose  solid  source  MBE 
growth  conditions  such  that  the  degradation  nor¬ 
mally  associated  with  spinodal-like  decomposition 
of  quaternary  alloys  with  band  gap  wavelengths 
near  1.3  pm  is  avoided. 

Three  different  SCH  laser  diode  structures  were 
grown  and  characterized.  Except  for  the  quantum 
wells,  the  basic  structure  and  growth  conditions 
were  similar  for  all  three.  This  structure  consisted  of 
a  1pm  Si-doped  (5x10^'^)  InP  buffer  layer,  an 
0.24  pm  unintentionally  doped  symmetric  core  re¬ 
gion  containing  Gao. 271^0. 73Aso.58Po.42 
quantum  wells,  a  1.5  pm  Be-doped  (6x  10^^)  InP 
upper  cladding  layer,  and  a  0.2  pm  Be-doped 
(1  X  10^^)  Gao.47Ino.53As  cap.  The  quantum  wells 
were  chosen  to  vary  the  amount  of  compressive 
strain  while  maintaining  laser  emission  near 
1.55  pm.  They  were  either  65  A  Gao.47Ino.53As 
(s  =  0.0%),  105  A  Gao.27lno.73Aso.8Po.2  ~ 

0.7%),  or  95  A  InAso.6Po.4  =  1.9%)  quantum 
wells  separated  by  125,  100,  or  110  A  barriers,  re¬ 
spectively.  A  10  s  growth  interruption  was  inserted 
at  each  interface  that  required  a  change  in  group-V 
composition.  In  addition,  a  150  A  Gao.27Ino.73 
Aso.58Po.42  etch  stop  layer  was  inserted  in  the  up¬ 
per  clad  of  the  growths  used  to  make  ridge  lasers  to 
improve  the  process  yield. 

For  similar  SCH  laser  diodes  grown  by 
MOVPE,  it  is  common  to  include  an  undoped  InP 
layer  after  the  core.  Zinc  is  typically  used  as  the 
p-type  dopant  and  is  known  to  diffuse  during 
MOVPE  [23].  Secondary  ion  mass  spectrometry 
was  performed  on  a  SCH  laser  diode  structure  with 
Gao.47Ino.53As  quantum  wells  to  check  the  doping 
profiles  in  our  laser  diodes.  Both  the  Si  and  Be 
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Fig.  1.  (a)  Photoluminescence  and  (b)  X-ray  diffraction  spectra 
from  Gao.27Ino.73Aso.58Po.42  films  grown  on  InP. 


doping  profiles  dropped  abruptly  at  the  corres¬ 
ponding  InP  to  Gao. 271^0. 73AS0. 58^0.42  interface. 
Both  were  lower  by  more  than  a  factor  of  25  in  the 
active  region  as  compared  to  the  doping  density  in 
the  cladding  layers. 

The  three  different  SCH  laser  structures  were 
characterized  using  PL  and  X-ray  diffraction  before 
processing.  All  three  types  displayed  relatively  nar¬ 
row  PL  peaks  near  1.55  pm  at  room  temperature 
(FWHM  22-28  me V)  and  1.44  pm  at  15  K 
(FWHM  6-7  meV).  In  addition,  the  reproducibility 
of  the  peak  wavelength  was  quite  good.  The  SCH 
laser  structure  containing  four  105  A  Gao.27Ino.73 
AS0.8P0.2  (^  =  0.7%)  quantum  wells  was  grown  11 
times  over  a  period  of  several  months,  and  the 
wavelength  of  the  room  temperature  PL  peak  var¬ 
ied  within  a  42  nm  range  between  1.535  and 
1.577  pm.  This  variation  is  equivalent  to  an  arsenic 
mole  fraction  variation  of  +  0.01  and  is  again 
comparable  to  the  accuracy  at  which  we  can  deter¬ 
mine  the  group-V  BEP.  The  X-ray  diffraction 
spectra  of  the  laser  structures  show  a  single  peak 
corresponding  to  the  InP  substrate  and  cladding 
layers  as  well  as  several  superlattice  satellite  peaks 
corresponding  to  the  periodicity  associated  with 
the  four  quantum  wells  in  the  core.  The  (004)  sym¬ 
metric  double-crystal  diffraction  spectrum  from  the 
laser  diode  structure  with  four  95  A  InAso.6Po.4 
quantum  wells  is  shown  in  Fig.  2. 

Broad  area  laser  diodes  with  uncoated,  cleaved 
facets  were  fabricated  from  the  three  types  of  SCH 
laser  structures  described  above.  The  p-contacts 
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Fig.  2.  Symmetric  (004)  X-ray  diffraction  spectrum  from  a  SCH 
with  four  InAso.6Po.4  quantum  wells. 


were  100  ftm  wide,  and  the  Gao.47Ino.53As  cap 
layers  were  selectively  removed  in  between  the  indi¬ 
vidual  devices  to  achieve  electrical  isolation.  Thre¬ 
shold  current  densities  were  determined  using  the 
p-contact  dimensions;  no  correction  was  made  for 
current  spreading. 

Plots  of  threshold  current  density,  Jth,  versus 
inverse  length  are  shown  in  Fig.  3a,  Fig.  3b,  and 
Fig.  3c  for  laser  diodes  containing  quantum  wells 
with  0.0%,  +  0.7%,  and  +  1.9%  compressive 
strain,  respectively.  Four  to  eight  devices  of  each 
length  were  measured,  and  device  variation  is  rep¬ 
resented  by  the  height  of  the  error  bars.  For  the 
laser  diodes  with  four  unstrained  65  A  Gao.47 
Ino.saAs  quantum  wells,  the  lowest  measured 
Ah  value  was  580  A/cm^.  The  extrapolated  trans¬ 
parency  current  density,  was  432  A/cm^.  These 
Jth  values  are  comparable  to  results  in  the  literature 
of  500-700  A/cm^  for  similar  unstrained  laser 
diodes  [1,  5,  7].  The  measured  internal  quantum 
efficiency  {rji  =  0.75),  characteristic  temperature 
(To  =  55  K),  and  internal  loss  (a  =  20  cm"^),  are 
also  typical  for  these  devices.  The  laser  diodes  con¬ 
taining  four  strained  105  A  Gao.27lno.73Aso.8Po.2 
(g  =  +  0.7%)  quantum  wells  had  a  Jth  as  low  as 
275  A/cm^,  and  a  Jo  of  200  A/cm^  (50  A/cm^  per 
well).  These  results  are  comparable  to  the  best 
Jth  reports  in  the  literature  (268-324  A/cm^)  from 
any  growth  technique  for  similar  four  quantum 
well  devices  [6,  7]. 

It  has  been  shown  that  increasing  the  compres¬ 
sive  strain  in  the  quantum  well  reduces  Jth  for  SCH 


Inverse  Cavity  Length  (1/cm) 


Fig.  3.  Plot  of  threshold  current  density  versus  inverse 
cavity  length  for  broad  area  SCH  laser  diodes  with  four  (a)  0.0%, 
(b)  0.7%,  and  (c)  1.9%  compressively  strained  quantum 
wells. 


lasers  by  reducing  the  nonradiative  recombination 
rate  [6,  7].  A  third  SCH  laser  structure  was  grown 
by  solid  source  MBE  with  four  InAso.6Po.4  quan¬ 
tum  wells  to  achieve  a  compressive  strain  of 
+  1.9%  while  maintaining  an  emission  wavelength 
of  1.55  pm.  A  ternary  quantum  well  should  be  less 
susceptible  to  the  decomposition  problems  some¬ 
times  seen  in  quaternary  films  since  the  composi¬ 
tion  lies  well  away  from  the  miscibility  gap  [19].  In 
addition,  variations  in  the  group-III  flux  over  time 
or  across  the  wafer  will  not  affect  the  alloy  com¬ 
position  of  the  well. 

The  Jth  values  from  broad  area  lasers  made  from 
this  material  are  shown  in  Fig.  3c.  The  results  are 
not  as  good  as  results  from  the  lasers  grown  with 
quantum  wells  of  lower  strain.  Furthermore,  there 
was  a  large  variation  in  Jth  between  diodes  of  the 
same  length,  as  seen  by  the  increased  height  of  the 
error  bars.  Low-temperature  cathodoluminescence 
showed  the  existence  of  dark,  parallel  lines 
running  in  the  plane  of  the  quantum  well.  Given  the 
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magnitude  of  the  strain  and  the  thickness  of  the 
quantum  wells,  it  is  not  surprising  to  find  the  film 
partially  relaxed.  It  is  interesting  to  note,  however, 
that  the  PL  intensity  and  linewidths  did  not  vary 
significantly  from  the  results  of  the  other  two  laser 
diode  structures  in  this  study.  In  addition,  there 
was  no  obvious  degradation  of  the  InP  peak 
linewidth  in  the  X-ray  diffraction  spectrum.  Fig.  2. 
It  may  still  be  possible  to  use  this  highly  strained 
InAso. 6^0.4  layer  in  the  active  region  of  these 
devices.  If  a  tensile  strained  quaternary  were  used 
in  the  core  to  partially  compensate  for  the  high 
compressive  strain  of  the  wells,  it  may  be  possible 
to  avoid  relaxation  and  achieve  better  device 
performance. 

Ridge  lasers  were  fabricated  from  the  laser  diode 
material  with  +  0.7%  strained  quantum  wells.  The 
ridge  dimensions  were  4.5  pm  x  500  pm,  and  the 
cladding  on  either  side  of  the  ridge  was  removed  to 
leave  a  residual  layer  thickness  of  0.35  pm. 
The  facets  were  formed  by  cleaving  and  were  un¬ 
coated.  After  depositing  a  layer  of  Si3N4,  a  window 
was  opened  on  the  ridge  to  deposit  a  Ti/Pt/Au 
contact.  The  lasers  were  single  mode,  and  a  plot  of 
the  light  intensity  versus  injected  current  is  shown 
in  Fig.  4.  Threshold  currents  were  20  mA  and  the 
external  quantum  efficiency  was  0.21  mW/mA 
per  facet. 

Several  attempts  were  made  to  produce  buried 
ridge  lasers  using  solid  source  MBE.  For  ridges 
defined  by  deep  reactive  ion  etching  (  >  1.7  pm),  the 
regrown  InP  had  poor  morphology  and  voids  near 
the  active  region.  A  technique  used  to  produce 
buried  ridge  lasers  using  GSMBE  was  more  suc¬ 
cessful  [24].  First,  the  active  region  was  grown  and 
capped  with  a  0.1  pm  layer  of  InP.  The  sample  was 
then  removed  from  the  MBE  chamber,  and  shal¬ 
low,  nearly  vertical  ridges  (0.8  pm)  were  defined  by 
reactive  ion  etching  (RIE).  Next,  the  InP  cladding 
layer,  doped  2  x  10^^  p-typs?  a  Gao.47Ino.53As 
cap  were  regrown  over  the  ridges.  The  regrown  film 
had  a  good  surface  morphology,  and  no  voids  were 
seen  in  cross-sectional  secondary  electron  micros¬ 
copy  (SEM)  images.  The  threshold  currents  varied 
between  34  and  68  mA  for  these  devices,  which  is 
higher  than  the  results  discussed  above  from  sim¬ 
ilar  ridge  devices  fabricated  without  regrowth. 
Future  results  should  improve  by  treating  the  sur- 


Current  (mA) 

Fig.  4.  Plot  of  light  intensity  versus  current  for  a  ridge  laser 
diode. 


face  before  regrowth  to  remove  any  damage,  by 
optimizing  the  contact  width  and  alignment,  and 
by  utilizing  proton  implantation  to  reduce  current 
spreading. 


4.  Conclusion 

We  have  shown  that  solid  source  MBE  can  be 
used  to  produce  high-quality  SCH  laser  diodes  for 
1.55  pm  wavelength  applications.  Quaternary  com¬ 
positions  and  laser  diode  emission  wavelengths  are 
reproducible  using  an  ion  gauge  to  adjust  the 
group-V  beam  equivalent  pressures  before  growth. 
Quaternary  films  with  band  gap  wavelengths  near 
1.3  pm  did  not  show  degradation  normally  asso¬ 
ciated  with  the  miscibility  gap  for  these  alloys. 
Broad  area  and  ridge  laser  results  are  comparable 
to  the  best  results  for  similar  devices  grown  using 
other  growth  techniques.  We  have  also  shown  that 
solid  source  MBE  is  a  viable  technique  for  produ¬ 
cing  buried  ridge  lasers.  However,  improvements 
must  be  made  in  order  to  match  the  results  from 
other  growth  techniques. 
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Abstract 

We  report  the  use  of  a  virtual  control  simulator  for  analyzing  the  behavior  of  a  closed-loop  molecular  beam  epitaxy 
system  based  on  in  situ  narrow-band  pyrometric  interferometry  and  single-wavelength  laser  reflectance  monitoring. 
Specific  case  studies  include  thickness  control  of  GaAs/AlAs  distributed  Bragg  reflectors  and  continuous  growth  rate 
estimation  of  GaAs/AlAs  calibration  structures.  In  both  cases,  the  control  simulator  provides  valuable  insight  on  the 
design  of  the  control  system  prior  to  its  actual  implementation. 

PACS:  81.15.Hi;  81.05.Ea;  71.55.Eq 

Keywords:  Growth  rate;  MBE;  Simulation;  DBR 


1.  Introduction 

Recent  progress  in  sensor  and  integrated  sensor 
technology  [1, 2]  together  with  ever  declining 
computational  overhead  has  stimulated  interest 
towards  a  closed-loop  molecular  beam  epitaxy 
(MBE)  system.  To  date  normal  incidence  optical 
reflectance  [3,4]  and  pyrometric  interferometry 
[5]  are  already  being  used  routinely  for  growth 
calibrations  and  closed-loop  control  for  vertical 
cavity  surface  emitting  lasers  (VCSELs)  structures 
in  both  metal  organic  chemical  vapor  deposition 
(MOCVD)  and  MBE  systems.  While  the  necessary 
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sensor  technology  has  advanced  considerably,  rela¬ 
tively  little  work  has  been  directed  on  the  study  of 
control  methodology.  Given  the  complexity  in¬ 
volved  in  the  design  process,  the  need  for  the  con¬ 
trol  simulator  grew  out  of  our  own  practical 
experience  in  implementing  a  closed-loop  MBE 
system.  Such  a  simulator  can  be  used  not  only  for 
the  verification  of  control  codes,  but  also  allows  the 
users  to  examine  the  behavior  of  a  control  scheme 
under  likely  systematic  and  random  perturbations 
generally  encountered  in  actual  experimentation. 
The  advance  knowledge  gained  from  the  simula¬ 
tion  studies  enables  the  users  to  establish  realistic 
specifications  and  performance  expectation  of  the 
control  system  prior  to  actual  implementation. 
In  this  article,  we  describe  a  prototype  control 
simulator  based  on  in  situ  narrow-band  pyrometric 
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interferometry  (PI)  and  single-wavelength  laser  re¬ 
flectance  (LR)  implemented  for  MBE  growth. 

2.  Basic  approach 

We  have  adopted  a  model-reference  scheme  for 
closed-loop  control  of  MBE  growth.  The  schemati¬ 
cs  of  the  control  system  for  AlAs/GaAs  DBR  struc¬ 
tures  and  growth  rate  estimation  on  GaAs/AlAs 
calibration  structures  are  shown  in  Fig.  la  and 
Fig.  lb,  respectively.  The  execution  of  the  control 
system  is  described  as  follows:  An  intended  target 
structure  is  specified  in  terms  of  successive  marker 
layers  having  a  thickness  of  Ct  and  a  complex  refrac¬ 
tive  index  ni(l^,Ts)  where  is  the 

growth  temperature  and  X^n  is  the  monitoring 
wavelength.  The  evolution  of  the  reference  signal 
versus  thickness  for  the  jth  layer  depends  on  the 
preceding  structure  and  is  calculated  based  on  the 
physical  model  of  the  monitored  process,  i.e. 

=  g{Ts,  Hi,  K,;  Ci,  Zn),  i6  {1,7  -  1}.  Once  X{z„) 
is  obtained,  it  is  low-pass-filtered  and  processed 
into  a  continuous  reference  “signal  phase,” 
by  means  of  a  least-squares  phase  extraction 
(LSPE)  method.  A  detailed  description  of  the  LSPE 
method  has  been  published  elsewhere  [6].  A  refer¬ 
ence  phase  list,  OXCiX  is  stored  at  pre-determined 
marker  points  Ci-  For  the  closed-loop  growth  con¬ 
trol,  the  monitored  data  of  the  test  sample  is 
processed  into  in  a  similar  way.  However, 

since  ye(^n)  is  observed  in  the  time  domain,  an 
additional  step  is  required  to  convert  Te(^n)  to 
its  corresponding  thickness  representation  (i.e. 
Y^(tn)  Y^{zJ),  This  is  achieved  by  interpolating 
neighboring  Fe(0  using  an  estimated  growth  rate 
gfesf  The  value  of  ^est  is  initially  provided  by  the 
user,  but  in  principle  can  be  updated  during  the 
monitoring  process  as  more  accurate  values  are 
being  obtained.  When  Oe{Zn)  is  equal  to  0riCi\  the 
control  system  interprets  that  the  growth  has 
reached  the  iih  marker  point  and  actuates  the  shut¬ 
ters  if  a  change  of  material  layer  is  called  for. 

The  performance  of  the  control  system  is  dic¬ 
tated  by  how  close  X(zJ  is  matched  to  F(zn).  To 
optimize  the  design  of  the  control  system,  it  is 
highly  desirable  to  examine  the  impact  of  the  sys¬ 
tematic  drift  between  X(zJ  and  Y{zJ  on  the  overall 


performance  of  the  control  system.  This,  however, 
is  nearly  impossible  to  examine  experimentally  due 
to  the  multitude  of  variables  involved  in  the 
monitoring  process  and  the  enormous  time  and 
cost  such  experiments  will  take.  Instead,  we  use 
a  virtual  control  simulator  to  investigate  the  impact 
of  the  uncertainties  in  the  parameters  involved  in 
the  control  process.  The  schematics  of  the  control 
simulator  used  in  this  study  is  identical  to  Fig.  1. 
However,  the  Y^{tn)  from  an  actual  test  sample  is 
replaced  by  7sim(^n)  generated  by  a  growth/sensor 
simulator.  The  growth/sensor  simulator  calculates 
the  sensor  signal  at  a  growth  rate  using  the 
same  equation  as  the  one  used  for  the  reference 
signal  but  using  different  parameters,  i.e.  F/tJ  = 
g(T'^,n'i,K'i,ri,z^  =  ie{l,j-l}.  When 

is  equal  to  OXCiX  the  simulated  growth  is 
said  to  have  reached  a  layer  thickness  /J.  At  this 
point,  a  command  is  sent  to  the  growth/sensor 
simulator  to  generate  a  new  sensor  signal  for  a  new 
marker  layer.  The  objective  of  this  study  is  to  exam¬ 
ine  the  layer  thickness,  fi,  retrieved  from  the  control 
simulator  relative  to  the  target  values  (Ci)  when  the 
parameters  (n-,  k-,  T',  etc.)  used  in  the  growth/sen¬ 
sor  simulator  are  deviated  from  those  used  for 
calculating  the  reference  signal  (n^,  Ki,  Tg,  etc.).  In 
this  way,  the  influence  of  systematic  errors  intrinsic 
to  the  control  system  can  be  evaluated  in  a  self- 
consistent  way  without  carrying  out  the  actual  ex¬ 
perimentation. 

3.  Case  studies  and  discussion 

In  this  section,  the  use  of  the  virtual  simulator  is 
illustrated  for  (a)  closed-loop  growth  of  a  15  pair 
AlAs/GaAs  DBR  structures  (monitored  using  PI) 
and  (b)  continuous  extraction  of  growth  rates  for 
a  GaAs/AlAs  calibration  structure  (using  both  PI 
and  LR).  Both  monitoring  techniques  have  been 
extensively  studied  for  MBE  growth.  Unless  stated 
otherwise,  the  monitoring  wavelength,  for  PI 
measurement  and  LR  is  set  at  1048  (AX^  of  60  nm) 
and  650  nm,  respectively. 

3.1.  Closed-loop  control  of  DBR  mirrors 

For  the  15  pair  X/4  AlAs/GaAs  DBR  structures, 
each  marker  layer  is  chosen  at  the  end  of  the 
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Fig.  1.  The  schematics  of  the  model-reference  control  system  for  (a)  thickness  control  of  a  15  pair  AlAs/GaAs  DBR  structure,  and 
(b)  growth  rate  estimation  of  a  GaAs/AlAs  calibration  structure.  The  pre-calculated  signal  and  the  real-time  monitored  signal  are 
represented  by  dashed  and  solid  lines,  respectively.  For  the  control  simulator,  the  actual  growth  and  the  in  situ  sensor  are  replaced  by 
a  single  growth/sensor  simulator. 
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material  layer.  The  performance  of  the  control  sys¬ 
tem  is  analyzed  in  terms  of  the  retrieved  from  the 
control  simulator  and  the  spectrum  of  the  optical 
reflectance  of  the  entire  retrieved  DBR  structure. 
A  major  difficulty  in  the  calculation  of  the  reference 
signal  arises  from  the  drift  of  during  MBE 
growth  which  causes  an  intensity  modulation  of  the 
oscillatory  PI  signals.  A  steady  drop  of  has  been 
inferred  from  previous  PI  measurements  during  the 
growth  of  AlAs/GaAs  DBR  structures.  This  is  at¬ 
tributed  to  a  steady  increase  of  the  overall  sample 
emissivity  [7].  However,  accurate  modeling  of  is 
rather  difficult  to  obtain  because  of  the  complexity 
of  the  heat  transfer  process  involved.  The  impact  of 
temperature  drift  on  the  performance  of  the  control 
system  is  investigated  using  the  control  simulator. 
Here,  we  assume  a  constant  (Fig.  2a)  throughout 
the  entire  growth  in  calculating  the  reference  signal, 
A(z„)  (Fig.  2b).  A  slow-varying  (Fig.  2c)  that 
changes  from  600  to  560°C  during  the  course  of  the 
growth  is  introduced  by  the  sensor/control  simula¬ 
tor.  The  simulated  sensor  signal  Tsim(^n)  and  the 
resulting  f’l  retrieved  from  the  control  simulator  are 
shown  in  Fig.  2d  and  Fig.  2e,  respectively.  Reflec¬ 
tance  spectra  of  the  retrieved  and  the  target  struc¬ 
tures  are  also  shown  in  Fig.  2f.  The  simulator 
shows  a  2nm  blue  shift  in  the  peak  reflectance 
wavelength  (as  well  as  the  phase  of  the  reflection 
coefficient)  for  the  reference  structure.  To  isolate 
the  impact  of  Tg,  we  have  set  n-,  k-  and  ^est  equal  to 
Hi,  Ki,  and  gfsim  for  all  layers  in  the  calculation  of 
Fsim(fn). 

A  second  source  of  error  for  the  closed-loop 
control  system  arises  from  the  uncertainty  of  the 
optical  constants  used  in  calculating  the  reference 
signal.  Fig.  3a  and  Fig.  3b  show  the  retrieved  layer 
thickness  when  the  refractive  indices,  n,  of  both 
AlAs  and  GaAs  used  in  the  sensor  simulator  are 
either  3%  larger  or  smaller  than  the  corresponding 
values  used  in  the  reference  signal  calculation.  As  in 
the  previous  case,  we  have  set  k-,  T'  and  g^st  equal 
to  Ki,  Tg,  and  ^si„j  for  all  layers  in  the  calculation  of 
Tsim(tn)-  The  reflectance  spectra  of  the  retrieved  and 
target  structures  are  also  shown  in  Fig.  3c  and 
Fig.  3d,  respectively.  Wavelength  shifts,  A2peai„  in 
the  peak  reflectance  and  phase  of  the  reflection 
coefficient  of  —41  and  +39nm  are  observed  for 
each  case. 


A  third  concern  in  the  design  of  the  control 
system  arises  from  the  imprecision  in  the  estimated 
growth  rate  ^^est  used  in  the  data  processing  unit 
(initially  provided  by  the  users)  relative  to  the  ac¬ 
tual  growth  rate.  We  examine  this  problem  by 
introducing  a  difference  between  g^im  and  g^^t  iu  the 
control  simulator.  The  results  are  shown  in  Fig.  4a 
and  Fig.  4b  for  monitoring  wavelengths  of  1048 
and  940  nm,  respectively.  In  both  cases,  the  values 
for  ^est  is  15%  larger  than  that  of  the  gsim-  The 
corresponding  simulated  PI  signals  and  reflectance 
spectra  of  the  retrieved  DBR  structure  are  shown  in 
Fig.  4c-Fig.  4f,  respectively.  The  A2peak  of  + 1  and 
— 10  nm  are  observed  in  each  case.  The  results 
highlight  the  impact  of  monitoring  wavelength 
relative  to  the  target  DBR  structure.  In  addition,  it 
should  be  noted  that  g^st  can  be  updated  iteratively 
at  the  end  of  each  marker  layer  during  the  course  of 
the  growth  (i.e.,  using  a  variable  of  gist)-  This  issue 
will  be  discussed  in  greater  detail  in  the  next  sec¬ 
tion. 

In  all  the  above  studies,  we  have  observed  a  high¬ 
ly  desirable  self-compensating  mechanism  at  work. 
While  the  thickness  of  individual  sublayer  (GaAs  or 
AlAs)  may  deviate  from  the  target  value,  the  con¬ 
trol  simulator  has  a  tendency  to  conserve  the  over¬ 
all  optical  phase  (koUifi  +  /co^2^2)  of  individual 
DBR  pairs.  This  tends  to  preserve  the  overall  peri¬ 
odicity  of  the  DRS  structure  and  reduce  the  A/lpeak- 
This  self-compensating  mechanism  has  also  been 
observed  experimentally  [6]. 

3.2.  Continuous  growth  rate  monitoring 

We  have  recently  extended  the  model-reference 
scheme  for  continuous  growth  rate  estimation  of 
GaAs  and  AlAs  layers  using  both  PI  and  LR 
monitoring  [8].  The  experiments  were  conducted 
on  GaAs/AlAs  calibration  samples  in  which  each 
material  layer  is  divided  into  evenly  spaced  marker 
points.  The  reference  phase  list,  provides 

a  thickness  versus  signal-phase  calibration.  The 
quasi-instantaneous  growth  rates  are  determined 
from  the  time  interval  when  0^  reaches  successive 
marker  points.  Each  newly  determined  growth  rate, 
g[^^,  is  then  updated  in  the  data  processing  unit  for 
subsequent  calculation  of  Oe(^n)-  The  schematic  of 
the  growth  estimation  process  is  shown  in  Fig.  lb. 
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(c) 


Time  (Sec.) 


(d) 


Time  (Sec.) 


Fig.  2.  (a)  and  (b)  show  the  substrate  temperature  and  the  reference  signal  of  the  target  DBR  structure,  (c)  and  (d)  show  the  evolution  of 
the  substrate  temperature  used  in  the  growth/sensor  simulator  and  the  resulting  monitoring  signal  Y(tn).  (e)  plots  the  layer  thickness 
retrieved  from  the  control  simulator,  along  with  the  target  values  (84.2  nm  for  AlAs  and  69.8  nm  for  GaAs).  The  reflectance  of  the 
retrieved  and  target  DBR  structures  are  shown  in  (f).  A  deviation  in  the  peak  of  the  DBR  structure  (A/lpeak)  of  2  nm  is  noted.  The  phase  of 
the  reflection  coefficient  exhibits  similar  shift. 


Using  this  method,  the  minimum  thickness  res-  a  continuous  growth  rate  estimation.  However, 

olution  of  the  estimated  growth  rate  is  set  by  the  when  the  marker  spacing  becomes  too  small, 

marker  spacing.  Ideally,  the  marker  space  should  “local”  fluctuations  between  0^  and  0^  cause  severe 

be  chosen  as  small  as  possible,  so  as  to  achieve  errors  in  the  estimated  growth  rate.  The  control 
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(a)  Layer  Number  (c)  Wavelength  (nm) 


(b)  Layer  Number  («*)  Wavelength  (nm) 


Fig.  3.  Plots  of  retrieved  layer  thickness  ((a)  and  (b))  and  the  corresponding  reflectance  spectrum  ((c)  and  (d))  of  the  DBR  structures  due 
to  the  uncertainty  of  the  refractive  indices.  In  (a)  the  refractive  indices  of  both  GaAs  and  AlAs  used  in  growth/sensor  simulator  are  3% 
higher  than  the  corresponding  values  used  for  calculation  of  reference  signal  (3.71  for  GaAs  and  3.0  for  AlAs).  This  results  in  a  AApeak  of 
-41  nm  (blue  shift).  In  (b)  the  refractive  indices  of  both  GaAs  and  AlAs  used  in  sensor  simulator  are  3%  lower  than  the  corresponding 
values  used  for  calculation  of  reference  signal.  This  results  in  a  A/,peak  of  39  nm.  Refractive  indices  of  3.71  and  3.0  are  used  for  GaAs  and 
AlAs  at  growth  temperature  of  600"C,  respectively. 


simulator  is  used  to  determine  the  minimum  allow-  ^sim  after  a  thickness  of  60  nm.  Based  on  the  simula- 

able  marker  spacing  in  this  method.  The  simulation  tion  results,  experimental  studies  were  carries  out 

results  are  shown  in  Fig.  5a  for  marker  spacing  monitoring  using  both  PI  and  LR  on  GaAs/AlAs 

between  15  and  45  nm.  A  constant  of  0.2  nm/s  calibration  structures.  Highly  accurate  growth  rate 

is  used  for  both  the  AlAs  and  GaAs  layers.  The  estimation  (error  <  1.5%,  as  calibrated  using  post¬ 
values  of  coverage  to  within  1.25%  of  after  growth  spectral  ellipsometry)  was  achieved  for  both 

a  thickness  of  60  nm  even  though  the  initial  esti-  AlAs  and  GaAs  layers  by  this  method  using 

mate  ^est  is  off  by  as  much  as  10%.  Next,  we  a  marker  spacing  of  30  nm.  The  details  of  the  work 

examine  the  convergence  of  g[^^  on  ^est  using  the  are  reported  elsewhere  [8]. 

control  simulator.  The  results  are  shown  in  Fig.  5b  The  control  simulator  is  also  used  to  evaluate 

for  AlAs  layer.  With  a  marker  spacing  of  30  nm  and  the  performance  of  the  growth  rate  estimation  pro- 

an  initial  g^^^t  that  deviates  from  g^-,^  by  as  much  as  cess  under  dynamic  condition.  To  do  so,  we  vary 

20%,  the  simulated  converges  to  within  2.5%  of  g,,^  of  GaAs  both  linearly  and  abruptly  in  the 
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(d)  Time  (Sec.) 


=  1  nm  =  1 0  nm 


(®)  Wavelength  (nm)  (f)  Wavelength  (nm) 


Fig.  4.  Plot  of  retrieved  layer  thickness  ((a)  and  (b))  and  the  corresponding  PI  signal  ((c)  and  (d)),  reflectance  spectrum  ((e)  and  (f))  of  the 
DBR  structures  due  to  the  uncertainty  in  the  estimated  growth  rate  using  two  different  monitoring  wavelength  of  (a)  1048  nm  and 
(b)  940  nm,  respectively.  The  corresponding  AApe^k  are  1  and  10  nm  for  (a)  and  (b),  respectively.  In  both  cases,  (estimated  values)  of 
0.23  nm/s  are  used,  which  is  15%  higher  than  0.2  nm/s  used  for  ^sim  (simulator).  The  influence  of  the  monitoring  wavelength  is  clearly 
evident. 


growth/sensor  simulator  as  shown  in  Fig.  6a  and  a  marker  spacing  of  30  nm.  An  actual  experimenta- 

Fig.  6b,  respectively.  In  both  the  cases,  the  simu-  tion  was  carried  out  on  a  GaAs/AlAs  calibration, 

lated  results  show  that  continuous  tracking  of  the  In  this  experiment,  the  GaAs  growth  rates  were 

growth  rate  (within  2%  of  is  possible  for  varied  from  steady-state  values  of  0.225-0.266  nm/s 
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■  AlAs  layer 


1000  1500  2000  2500  3000 

Time  (Sec.) 

(a)  (b) 

Fig.  5.  Part  (a)  plots  the  convergence  of  g^si  from  the  control  simulator  for  both  AlAs  and  GaAs  layers  for  marker  spacing  of  15,  30  and 
45  nm  using  a  constant  of  0.2  nm/s  and  an  initial  of  0.22  nm/s.  Part  (b)  shows  the  convergence  of  gist  on  the  AlAs  layer  for  initial 
estimates,  ^est,  of  0.2,  0.22  and  0.24  nm/s,  respectively.  The  PI  monitoring  signal  is  also  shown  in  the  inset  of  the  figure. 


abruptly  by  changing  the  temperature  setting 
of  the  Ga  Knudsen  cell.  These  preset  growth  rate 
have  been  well  calibrated  using  post-growth 
ellipsomtry.  The  estimated  are  shown  in 
Fig.  6c.  The  average  values  for  are  found 
to  be  0.223  and  0.262  nm/s,  respectively.  The 


accuracy  level  achieved  in  the  experimental 
growth  rate  estimation  is  extremely  close  to 
that  obtained  from  the  simulation  studies.  A 
more  detailed  report  on  growth  rate  estima¬ 
tion  experiment  will  be  discussed  in  a  later 
publication. 
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Fig.  6.  Estimated  growth  rates  from  the  control  simulator  un¬ 
der  dynamic  conditions  in  which  is  varied  (a)  linearly  (over 
a  span  of  400  s)  and  (b)  abruptly  from  0.20  and  0.23  nm/s.  Part 
(c)  shows  the  ^est  extracted  from  an  actual  experimental 
measurement.  The  accuracy  level  achieved  in  the  experimental 
growth  rate  estimation  is  comparable  to  that  obtained  from 
simulation. 


4.  Summary 

In  summary,  we  have  discussed  the  essential 
functions  of  a  sensor  simulator  in  evaluating  the 
performance  of  a  model-reference  control  system. 
In  both  the  applications  we  have  studied,  the  con¬ 
trol  simulator  provided  useful  insight  in  analyzing 
the  influence  of  systematic  error  intrinsic  to  the 
control  system.  Although  all  studies  presented  here 
are  based  on  the  model-reference  scheme,  we  be¬ 
lieve  that  the  application  of  control  simulator  can 
be  extended  for  the  comparative  studies  of  control 
algorithms  as  well. 
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Abstract 

A  linear  motion  Ga  source  has  been  constructed  and  tested  for  smooth  flux  variation.  The  beam  flux  can  be  monitored 
by  sensors  such  as  atomic  absorption,  RHEED,  and  pyrometric  interferometry.  We  demonstrated  stable  and  reproduc¬ 
ible  operation  of  the  source  using  sensor  feedback.  Constant  layer  composition  can  be  maintained  despite  Ga  thermal 
desorption  at  high  temperatures.  Arbitrary  composition  profile  can  be  easily  achieved  for  band  gap  engineering. 


1.  Introduction 

In  solid  source  MBE  the  source  is  usually  tem¬ 
perature  stabilized  to  supply  a  constant  beam  flux. 
When  composition  change  is  desired  the  growth 
process  must  be  interrupted  for  the  cell  temperature 
to  reach  a  new  set  point.  The  temperature  response 
of  the  source  however  is  often  slow,  and  the  flux 
change  cannot  be  made  smoothly  and  reproduc- 
ibly.  Here  we  suggest  that  a  different  approach  to 
achieving  smooth  group  III  flux  variation  is  to 
employ  the  linear  motion  oven  (LIMO)  concept 


*  Corresponding  author.  Fax:  -H  1  612  934  2737;  e-mail: 
chowx005@tc.umn.edu. 

^  Present  address:  Semiconductor  Laser  International,  421  E. 
Main  Street,  Endicott,  New  York  13760,  USA. 


[1].  By  coupling  the  source  to  a  linear  drive  mecha¬ 
nism  its  distance  to  the  substrate  can  be  varied, 
producing  desired  flux  changes.  The  change  in  flux 
can  be  approximated  by  an  inverse  power  relation¬ 
ship.  If  the  melt  in  the  crucible  is  situated  at  a  dis¬ 
tance  D  from  the  substrate  surface  and  the  cell  is 
moved  by  an  amount  Z,  then  the  flux  J  can  be 
expressed  as  J  =  A(D  -(-  Z)~"  cm~^  s~  ^  Here  A  is 
a  material  constant  and  n  varies  around  2  depend¬ 
ing  on  cell  geometry.  If  it  can  be  measured  by 
a  sensor  in  real  time  then  the  desired  flux  change 
can  be  controlled  precisely.  Moving  the  cell  also 
provides  the  flexibility  of  improving  film  uniformity 
as  well  as  elimination  of  flux  transient  by  avoiding 
thermal  perturbance  due  to  the  shutter  action. 
There  are  many  band  gap-engineered  devices 
that  require  controlled  composition  or  dopant 
changes.  For  example,  continuously  graded  index 
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confinement  layers  have  been  suggested  to  reduce 
resistance  in  a  Vertical  Cavity  Surface  Emitting 
Laser  (VCSEL).  Another  example  is  graded  base,  or 
base  to  emitter  or  collector  junction  in  a  hetero¬ 
junction  bipolar  transistor  (HBT).  In  practice,  it 
would  also  be  convenient  to  be  able  to  fine-tune  the 
Group  III  flux  ratio  quickly  for  precision  lattice 
matching  adjustment.  Here  we  demonstrate  the 
concept  for  fabricating  the  key  components  of  the 
Fabry-Perot  emission  region  of  a  SEL  structure.  It 
consists  of  quantum  wells,  graded  index  layers  and 
cavity  matching  regions.  Operation  of  the  LIMO- 
cell  can  be  tailored  for  such  structures. 


2.  Source  operation 

A  linear  motion  source  [2]  was  used  for  testing  in 
a  SVT  Associates  MBE  growth  chamber  equipped 
with  several  monitoring  instruments  including  re¬ 
flection  high-energy  electron  diffraction  (RHEED), 
atomic  absorption  (AA),  ellipsometer,  reflection 
mode  mass  spectrometer,  and  pyrometric  inter¬ 
ferometer  (PI).  The  flux  can  be  precisely  regulated 
using  feedback  from  a  combination  of  these  sen¬ 
sors.  A  LabView  software  program  compares  the 
sensor  feedback  to  a  reference  signal  and  sends  an 
output  to  a  stepping  motor  on  the  LIMO-cell.  The 
amount  of  the  source  motion,  if  needed,  is  deter¬ 
mined  from  the  established  calibration  runs.  In  the 
case  of  RHEED  the  growth  rate  was  first  deter¬ 
mined  by  a  fast  fourier  transform  routine,  also 
written  in  LabView,  from  the  intensity  oscillation 
before  being  compared  to  the  intended  growth  rate. 

Fig.  1  shows  the  aluminum  flux  variation,  mea¬ 
sured  by  the  AA  technique,  as  the  source  is  moved. 
Here  the  aluminum  melt  was  maintained  at  a  con¬ 
stant  temperature  so  the  absorption  change  was 
due  to  the  flux  variation  from  the  motion  of  the  cell. 
As  expected,  the  flux  has  an  inverse  power  relation¬ 
ship  to  the  sensor  distance.  Similar  dependence  was 
obtained  by  RHEED  oscillation  to  measure  the 
actual  growth  rate  change  as  a  function  of  cell 
position.  Before  growth  experiments  these 
measurements  have  been  carried  out  for  both  the 
Al  and  Ga  sources  so  that  the  flux  to  source  posi¬ 
tion  relationship  is  individually  established. 


Source  Position  (Melt  to  Detector)  (mm) 

Fig.  1.  Atomic  absorption  measurement  of  the  aluminum  flux 
as  function  of  melt  to  sensor  distance. 


3.  Growth  results 

3.L  AlGaAs  layer  composition 

To  grow  high  optical  quality  AlGaAs,  high  sub¬ 
strate  temperature  is  required  at  which  Ga  desorp¬ 
tion  becomes  significant.  Although  the  Ga  loss  can 
be  compensated  by  providing  excess  Ga  flux,  pre¬ 
cision  control  is  difficult  as  it  depends  critically  on 
the  wafer  temperature.  We  first  evaluate  the  Ga  loss 
at  elevated  temperatures  by  the  so-called  reverse 
RHEED  oscillation  [3]  technique.  The  measure¬ 
ment  is  displayed  in  Fig.  2  where  in  the  region 
marked  A  it  shows  the  normal  intensity  oscillation 
as  the  layer  was  being  deposited.  The  shutter  was 
then  closed,  and  the  intensity  recovered  and  started 
to  oscillate  again  as  a  result  of  Ga  atoms  leaving  the 
surface.  Such  desorption  occurs  layer  by  layer  giv¬ 
ing  rise  to  the  periodic  variation  in  RHEED  inten¬ 
sity.  The  net  Ga  loss  may  be  estimated  by 
comparing  the  two  rates.  Similar  oscillation  was 
observed  for  AlGaAs.  Having  demonstrated  that 
the  Ga  loss  is  significant  at  these  growth  temper¬ 
atures  we  undertook  to  quantify  the  amount  re¬ 
quired  for  constant  composition  AlGaAs  growth. 

A  series  of  AlGaAs  layers  was  grown  at  increas¬ 
ingly  higher  substrate  temperatures.  The  nominal 
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Time  (sec) 

Fig.  2.  RHEED  oscillation  showing  GaAs  growth  (A)  and  Ga  desorption  (B)  rates. 


4.6 


Time  (AU) 

Fig.  3.  RHEED  oscillation  during  growth  of  Alo,3Gao.7As  at  580^0  (upper  trace  and  left-hand  side  scale),  and  720'"C  (lower  trace  and 
the  right-hand  scale).  The  difference  of  growth  rate  is  due  to  Ga  loss  at  high  temperature. 

aluminum  composition  was  always  kept  at  30%.  oscillation  data  shown  in  Fig.  3.  The  upper  trace 

Since  there  is  no  Al  evaporation  from  the  surface,  was  done  at  580°C  where  no  Ga  loss  occurs  and  the 

any  observed  change  in  the  growth  rate  must  be  lower  trace  shows  decrease  in  growth  rate  from 

due  to  the  Ga  loss.  This  is  apparent  in  the  RHEED  the  Ga  loss  at  720°C.  This  observation  suggests 
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Fig.  4.  Ga  LIMO  position  required  for  complete  Ga  compensa¬ 
tion  during  growth  at  each  substrate  temperature,  as  determined 
from  RHEED  oscillation. 

a  method  to  keep  AlGaAs  growth  composition 
constant  at  720°C  is  to  move  the  LIMO-cell  for¬ 
ward  while  monitoring  the  RHEED.  The  proper 
growth  position  for  the  cell  would  be  where  the 
growth  rate  returns  to  the  set  value  which  in  this 
case  is  same  as  the  upper  trace  oscillation.  From 
this  series  of  experiments  one  can  map  out  the 
required  Ga  compensation  at  different  growth  tem¬ 
peratures.  Fig.  4  presents  the  cell  position  versus 
the  substrate  temperature  for  Ga  compensation  at 
high  growth  temperatures  for  growing  constant 
composition  Alo.3Gao.7As.  Note  that  at  680°C  the 
Ga  desorption  starts  to  become  discernable,  and 
the  cell  was  then  moved  to  make  up  the  loss.  In¬ 
creasingly  higher  Ga  flux  is  necessary  to  maintain 
constant  composition  as  the  temperature  is  raised. 
The  fraction  of  Ga  compensation  obtained  in  this 
fashion  agrees  very  well  with  earlier  reverse  oscilla¬ 
tion  data  shown  in  Fig.  3.  We  maintain  that  the 
LIMO-cell  is  capable  of  effecting  on-demand  flux 
adjustments  given  the  proper  real-time  sensing  in¬ 
put. 

3.2,  Variable  composition  structure 

The  Fabry-Perot  cavity  contains  an  active  quan¬ 
tum  well  region  consisting  of  AlGaAs  layers  of 
different  compositions.  Although  such  structures 
may  sometimes  be  made  by  simple  shuttering,  more 


complex  structures,  of  arbitrary  composition  vari¬ 
ation  for  example,  may  be  better  accomplished  by 
the  proposed  technique.  For  high  optical  quality  it 
is  desirable  to  grow  the  structure  at  above  680°C 
where  Ga  loss  from  the  layer  is  significant.  Here  we 
used  the  real  time  feedback  to  compensate  for  the 
loss  by  moving  the  source  to  a  new  location.  For 
demonstration  we  have  made  a  multi-layered 
sample  consisting  of  five  150  A  thick  Alo.isGassAs 
quantum  wells  and  500  A  of  Alo.3Crao.7As  barrier 
layers,  by  repeatedly  moving  the  source  between 
two  calibrated  positions.  SIMS  depth  profiling  of 
the  structure  clearly  resolved  the  well  and  barrier 
separation.  It  showed  good  reproducibility  of  the 
Al  flux  variation  within  the  instrument  resolution. 

3.3.  AlGaAs  optical  constant  measurement 

For  optimizing  VCSEL  design  and  performance 
it  is  helpful  to  know  the  optical  properties  of  the 
layers  at  the  growth  temperature.  Although  in  situ 
ellipsometry  measurements  have  been  carried  out, 
previously  the  AlGaAs  composition  was  difficult  to 
be  closely  controlled.  By  overcoming  the  problem 
of  composition  control  at  high  growth  temper¬ 
atures  the  measured  optical  constants  become 
more  meaningful.  Here  they  are  measured  optically 
by  the  pyrometric  interferometry  (PI)  technique  [4] 
which  also  measures  the  growth  temperature  and 
layer  thickness.  Briefly,  the  method  analyzes  the 
interference  patterns  of  the  thermal  radiation  from 
the  substrate.  The  thermal  emission  is  reflected  and 
refracted  at  the  interfaces  of  the  growing  layer, 
changing  the  emissivity  g  as  a  function  of  layer 
thickness  d.  By  measuring  the  reflectivity  from 
a  known  light  emitter  at  the  wavelength  of  interest, 
one  can  compute  the  emissivity  directly  by  assum¬ 
ing  energy  conservation  (reflection  and  absorption 
equal  to  unity)  and  the  KirchhofPs  law.  In  this  case 
a  normal  incidence  LED  at  950  nm  was  employed 
and  its  reflectivity  from  the  wafer  was  used  to 
compute  the  emissivity  of  the  sample.  In  addition  to 
the  wafer  temperature,  the  reflectivity  of  a  growing 
Alo.3Gao.7As  was  continuously  monitored  as 
shown  in  Fig.  5  to  obtain  the  optical  thickness  of 
the  thin  film.  Knowing  both  the  physical  and  op¬ 
tical  film  thickness  precisely,  by  RHEED  and 
PI,  respectively,  allowed  us  to  obtain  the  optical 
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Optical  growth  rate  (kopt)  =  0.896  nm/s 
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Fig.  5.  PI  reflectivity  monitoring  for  optical  thickness  measure¬ 
ment. 


fine-tuned  by  sensor  feedback.  RHEED  was  se¬ 
lected  because  of  its  sensitivity  to  the  the  layer 
surface  and  familiarity  to  the  MBE  practitioners, 
other  in  situ  measures  would  be  just  as  effective  if 
layer  information  could  be  obtained  in  real  time. 
Components  of  a  Fabry-Perot  cavity  structure 
were  used  as  a  demonstration  but  the  technique 
should  find  use  in  many  other  applications  where 
lattice  matching  and  smooth  composition  variation 
are  critical.  The  linear  motion  source  therefore  pro¬ 
vides  an  effective  way  of  precision  MBE  fabrication 
of  multilayer  structures. 


constants  of  a  particular  AlGaAs  composition  at 
the  growth  temperature.  In  this  case  the  refractive 
index  is  determined  to  be  3.73  for  Alo.3Gao.7As  at 
Combining  these  in  situ  techniques  there¬ 
fore  allows  all  the  experimental  parameters  to  be 
measured  precisely,  yielding  valuable  information 
which  would  otherwise  be  less  meaningful. 


4.  Conclusion 

A  linear  motion  source  is  for  the  first  time 
implemented  for  MBE  growth.  Using  RHEED 
oscillation  we  demonstrated  that  the  flux  may  be 
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Abstract 

A  novel  PBN  crucible  has  allowed  the  design  of  a  new  high-capacity  Ga  source  incorporating  a  unique  heat  shielding 
cap.  The  extra  heat  shielding  at  the  front  of  the  source  allows  hot  lip  operation  with  considerably  lower  power  than  for 
previous  designs,  thus  completely  eliminating  Ga  droplets  without  an  inordinately  high  heat  load.  Compared  with 
another  high-capacity,  low-flux  transient  cell  (an  EPI 125DF),  the  new  source  operated  with  significantly  less  power  and 
produced  lower  defect  densities.  Specifically,  defect  densities  of  22-27  defects/cm^  for  -  1  pm  thick  GaAs  layers  have 
been  obtained  with  the  new  source,  compared  with  88-92  defects/cm^  from  the  125DF.  In  addition,  an  18.7  pm  thick 
GaAs  layer  grown  with  the  new  cell  had  only  277  defects/cm^.  The  new  source  also  produced  GaAs  with  low  background 
doping  (  <  2  X  10^ ^/cm^),  low  total  trap  density  (  <  2.0  x  and  good  uniformity  over  a  3  in  diameter  wafer 

(center-to-edge  decrease  in  GaAs  thickness  of  -  2.2%).  It  also  exhibited  low  flux  transients  (  <  2%)  and  low-long  term 
drift. 

Keywords:  Molecular  beam  epitaxy;  Gallium  arsenide 


1.  Introduction 

While  significant  progress  in  Ga  sources  for  mo¬ 
lecular  beam  epitaxy  (MBE)  has  been  made  in 
recent  years,  there  still  remains  room  for  improve¬ 
ment.  The  properties  of  greatest  interest  for  Ga 
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sources  are  oval  defect  density,  stability  (shutter 
transients  and  long-term  drift),  uniformity,  back¬ 
ground  doping,  and  capacity.  To  date,  no  single 
design  has  succeeded  in  optimizing  all  of  these 
parameters  at  once,  and  there  remains  room  for 
improvement  in  each  individual  figure  of  merit.  At 
present,  there  are  two  Ga  source  designs  in  greatest 
use,  having  some  points  in  common.  Both  incor¬ 
porate  two  independently  controlled  heater  wind¬ 
ings  (filaments)  to  allow  the  tip  to  be  run  hotter 
than  the  bottom.  This  has  been  shown  to  greatly 
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Fig.  1.  EPI  125DF  crucible  with  conical  insert.  The  main  cru¬ 
cible  length  is  108  mm.  The  insert  length  is  50  mm,  and  the 
diameters  of  the  bottom  and  top  orifices  are  1 5  mm  and  36  mm. 

decrease  the  number  of  source-generated  oval  de¬ 
fects  compared  to  single  winding  sources  by  reduc¬ 
ing  or  eliminating  Ga  droplets  which  build  up  at 
a  cooler  tip  [1].  Both  designs  also  produce  good 
uniformities  and  low  background  doping.  The  dif¬ 
ference  is  in  the  trade-off  of  defect  density,  stability, 
and  capacity.  One  design  has  a  single,  conical  cru¬ 
cible  and  has  produced  very  low  defect  densities, 
but  is  susceptible  to  shutter  transients,  has  higher 
than  desirable  long-term  drift  due  to  Ga  melt  de¬ 
pletion,  and  is  not  optimized  for  capacity.  The 
other  design  has  a  straight  walled  crucible  and 
a  conical  insert,  open  at  the  top  and  bottom,  as 
exemplified  by  the  EPI  125DF,  and  shown  sche¬ 
matically  in  Fig.  1.  This  type  has  virtually  no  shut¬ 
ter  transient,  greatly  reduced  long-term  drift,  and 
high  capacity,  but  produces  somewhat  higher  de¬ 
fect  densities  than  the  conical  cell.  The  motivation 
for  this  work  was  to  produce  a  source  that  would 
not  only  eliminate  the  deficiencies  of  these  two  cell 
designs  while  maintaining  their  benefits,  but  also 
improve  overall  performance,  especially  with  re¬ 
gard  to  further  reduction  of  defect  density  and 
long-term  drift. 

The  starting  point  for  this  study  was  the  125DF 
source  described  above.  The  only  drawback  to  this 
design  compared  to  the  conical  crucible  is  the  high¬ 
er  defect  density,  which  has  two  probable  causes. 
The  first  involves  the  higher  power  needed  by  the 
tip  heater  winding  to  keep  the  conical  insert  hot 
enough  to  remain  free  of  Ga  droplets.  This  is  both 
because  the  insert  is  isolated  from  the  windings  by 
the  straight-walled  crucible,  and  because  it  is  fur¬ 
ther  from  the  windings  due  to  its  taper.  The  higher 


power  may  produce  a  higher  flux  of  impurities 
outgassing  either  from  the  furnace  itself  or  from  the 
nearby  cryoshroud  walls  which  act  as  nucleation 
centers  for  defect  formation.  It  has  been  shown 
previously  that  chemical  impurities  such  as  C  [2], 
GaO  [3],  and  S  [4]  can  promote  defect  formation. 
The  other  possible  cause  is  impurities  (most  likely 
GaO),  becoming  trapped  in  the  “corner”  defined  by 
the  insert  and  the  crucible  wall  and  continuing  to 
evolve  slowly  and  generate  defects.  Attempts  have 
been  made  to  reduce  the  thermal  loading  of  the  tip 
by  using  furnaces  with  high-density  tip  heater 
windings,  and  by  replacing  the  pyrolytic  boron 
nitride  (PBN)  insert  with  one  made  of  PBN-encap- 
sulated  pyrolytic  graphite  (PG),  since  PG  is  a  better 
thermal  absorber  than  PBN.  While  these  have  re¬ 
duced  defects  from  the  125DF  source,  the  cell  is  still 
at  a  slight  disadvantage  compared  to  the  conical 
crucible  cell.  In  addition,  it  would  be  desirable  to 
reduce  long-term  drift  even  further,  and  to  increase 
ultimate  capacity. 

The  enabling  technology  for  this  study  was  the 
development  of  a  means  for  producing  PBN  cru¬ 
cibles  with  “reverse  tapers”  or  “necks”  [5].  This 
allowed  the  fabrication  of  a  one-piece  crucible 
which  combines  the  benefits  of  both  the  straight- 
walled  main  body  and  the  conical  insert.  The  cru¬ 
cible  is  cylindrical  in  overall  shape,  but  necks  down 
to  a  small  orifice  with  a  short  cone.  This  design  also 
allowed  the  incorporation  of  a  unique  heat-shield¬ 
ing  cap  at  the  front  of  the  cell,  with  the  intention  of 
making  the  cell  more  thermally  efficient  and  allow¬ 
ing  the  tip  to  be  held  considerably  hotter  than  the 
body  without  radiating  large  amounts  of  heat  to 
the  surroundings.  The  cell  is  also  equipped  with 
two  heater  windings  and  two  thermocouples  (“tip” 
and  “primary”),  with  the  tip  heater  filament  being 
a  high-density  winding.  This  cell  has  been  called  the 
EPI  SUMO,  and  is  illustrated  in  Fig.  2.  Compared 
to  the  125DF,  the  fact  that  there  is  no  conical  insert 
means  that  heating  of  the  tip  should  take  less 
power,  and  any  possibility  of  impurities  being  trap¬ 
ped  in  a  “corner”  would  be  eliminated,  both  of 
which  should  help  in  reducing  defect  densities. 
Concerning  capacity,  the  125DF  can  be  filled  with 
~  125  g  of  Ga,  while  the  SUMO  can  be  loaded 
with  300  g  of  Ga,  with  the  potential  for  expan¬ 
sion  to  even  larger  size. 
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Heat  shielding 


Fig.  2.  Schematic  of  SUMO  source.  The  crucible  length  is 
95  mm,  and  the  orifice  size  is  1 6  mm. 


2.  Experimental  procedure 

Growths  were  performed  in  a  Varian  GEN  II 
with  y  diameter  wafer  capability.  Initially,  the 
SUMO  source  was  tested  side-by-side  with 
a  125DF  source  equipped  with  a  PBN-encap- 
sulated  PG  conical  insert  and  a  high-density  tip 
heater  filament.  The  two  furnaces  occupied  equiva¬ 
lent  positions  on  the  source  flange,  the  two  most 
upward  looking.  Both  sources  were  on  3  in  long 
extension  nipples,  as  were  all  other  sources  on  the 
growth  chamber,  giving  a  normal  source-to-sub- 
strate  spacing  of  --  7.2  in.  Both  sources  have  two 
thermocouples,  a  “primary”  which  is  a  band  ther¬ 
mocouple  in  contact  with  the  crucible  about 
halfway  up,  and  a  “tip”  thermocouple  which  is  not 
in  contact  with  the  crucible  and  is  located  at  the 
mouth  of  the  source.  Heating  and  temperature  con¬ 
trol  was  achieved  by  using  the  primary  ther¬ 
mocouple  only  for  feed-back  control  to 
a  Eurotherm  818  P-I-D  controller  connected  to 
a  “power  splitter”  power  supply.  The  power  splitter 
allows  the  user  to  adjust  the  fraction  of  total  power 
going  to  the  primary  and  tip  heater  windings. 
A  second  round  of  tests  was  performed  with  the 


SUMO  as  the  only  Ga  source,  mounted  on  a  5  in 
long,  water-cooled  extension  nipple  (the  3  in 
nipples  mentioned  above  had  no  cooling).  For  all 
growths  reported  below,  the  substrate  temperature 
was  600°C  as  measured  by  an  IRCON  V-series 
GaAs  specific  pyrometer,  and  As2  from  a  valved  As 
cracking  source  was  used.  For  initial  trial  of  the 
SUMO,  it  was  loaded  with  only  50  g  of  Ga,  but  this 
was  later  increased  to  150  g  and  then  200  g.  The 
results  reported  below  showed  no  dependence  on 
the  initial  fill  level.  Substrate  rotations  of  6-10 
RPM  were  used. 

Flux  transients  were  measured  with  an  ion  gauge 
in  the  substrate  growth  position.  The  output  of  the 
gauge  controller  was  relayed  through  an  A/D 
board  and  monitored  on  a  computer  to  allow  flux 
measurements  to  three  significant  figures.  The  error 
of  this  technique  is  no  greater  than  2%. 

Uniformity  was  tested  by  growing  a  20-period 
AlAs(160  A)/GaAs(56  A)  multiple  quantum  well 
(MQW)  structure  on  3"  (75  mm)  diameter  wafers. 
Layer  thickness  variations  across  the  wafers  were 
then  measured  with  photoluminescence  (PL)  map¬ 
ping.  The  scanning  PL  system  used  has  been  de¬ 
scribed  elsewhere  [6].  The  GaAs  thickness 
variation  of  the  most  uniform  wafer  grown  with  the 
SUMO  cell  was  confirmed  using  reflectometry  on 
an  18.7  |xm  thick  GaAs  layer  grown  on  top  of 
a  200  A  AlAs  “reflection”  layer. 

To  test  defect  densities,  we  grew  modulation 
doped  field  effect  transistors  (MODFETs)  with 
a  1  pm  GaAs  buffer,  and  total  thickness  of  1.1  pm 
on  T  diameter  substrates  taken  from  the  same 
boule.  The  GaAs  growth  rate  for  all  runs  was 
1.05  pm/h.  The  effect  of  varying  the  amount  of 
power  to  the  cell  tips  was  studied  by  performing 
growths  with  the  cells  operating  between  85%  and 
100%  of  total  power  to  the  tip  filament.  Defect 
densities  were  measured  with  a  Tencor  Surfscan 
6200  set  to  count  all  defects  larger  than  1.28  pm. 

Background  doping  was  estimated  with 
capacitance-voltage  (C-V)  measurements  on 
a  17.8  pm  thick  nominally  undoped  GaAs  layer 
grown  on  a  semi-insulating  substrate  at  600°C  and 
close  to  minimum  As  flux.  Trap  concentrations 
were  measured  with  deep  level  transient  spectro¬ 
scopy  (DLTS)  on  a  P^-N  junction  also  grown  at 
600°C  and  close  to  minimum  As  flux,  where  the 
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N-GaAs  layer  was  doped  at  1  x  Mobili¬ 

ties  were  measured  on  Hall  samples  fabricated  from 
some  of  the  MODFET  structures  grown  for  the 
defect  density  measurements. 


3.  Results  and  discussion 

3.1.  Flux  transients 

Any  flux  transients  for  both  sources  were  un¬ 
measurable  with  our  technique  (  <  2%). 

3.2.  Temperatures  and  power  consumption 

Table.  1  shows  the  tip  and  primary  thermocouple 
temperatures  as  a  function  of  percent  total  power 
to  the  tip  for  the  both  cells  operating  at  a  GaAs 
growth  rate  of  1  pm/h.  Also  shown  is  the  power 
consumption  for  both  cells  with  100%  power  to  the 
tip.  One  important  point  to  note  is  that  when 
comparing  the  same  power  ratios,  the  SUMO  cell 
always  maintains  a  considerably  greater  difference 
in  the  tip  vs.  the  primary  temperature  than  the 
125DF,  which  should  help  to  keep  the  lip  of  the  cell 
free  of  Ga  droplets.  A  second  point  is  that,  as 
expected,  the  power  consumption  of  the  SUMO  is 
considerably  less  than  the  125DF  (  ~  57%  for 


lOOyo  tip  power),  which  should  reduce  thermal 
loading  of  the  surroundings. 

3.3.  Uniformity 

PL  wafer  maps  showed  that  the  variation  in 
quantum  well  (QW)  thickness  is  axially  symmetric, 
as  expected.  All  thickness  variations  given  below 
are  relative  to  the  thickness  at  the  wafer  center. 
While  the  125DF  (on  its  usual  3  in  long  extension 
nipple)  produced  GaAs  thickness  decreases  of 
~  1%  at  25  mm  out  from  the  center,  and  2.2% 
at  33  mm  out,  the  SUMO  cell  on  the  initial  3  in 
long  extension  nipple  gave  thickness  drops  at  those 
same  radial  distances  of  ~  3%  and  ~  5%  respec¬ 
tively.  Putting  the  SUMO  cell  on  a  5  in  long  exten¬ 
sion  nipple  (i.e.,  moving  it  back  from  the  substrate 
by  an  additional  2  in)  resulted  in  GaAs  uniformities 
at  least  as  good  as  from  the  125DF.  This  is  illus¬ 
trated  in  Fig.  3,  which  shows  the  variation  of  room 
temperature  QW  PL  energy  with  distance  from  the 
wafer  center  for  the  125DF  cell  and  for  the  SUMO 
on  the  5  in  nipple.  This  high  uniformity  was  con¬ 
firmed  by  reflectometry  on  an  18.7  pm  thick  GaAs 
layer  grown  with  the  SUMO  on  the  5  in  nipple. 

3.4.  Visible  defects 

The  SUMO  cell  produced  consistently  lower  de¬ 
fect  densities  than  the  125DF,  as  illustrated  in 


Table  1 

Temperatures,  power  consumption,  and  defect  densities  at  a  GaAs  growth  rate  of  1  pm/h 


Source 

Total  power 
to  tip  (%) 

Primary 

(”C) 

Tip 

VO 

A  tip-primary 
(X) 

Power 

(W) 

Total  defects/ 
cm^ 

Approx,  weeks 
since  last  vent 

125DF 

85 

1095 

1191 

96 

155 

16 

125DF 

90 

1107 

1217 

110 

95 

4 

125DF 

100 

1105 

1235 

130 

380 

90  +  2" 

4 

SUMO 

85 

987 

1155 

168 

137 

4 

SUMO 

90 

993 

1185 

192 

63 

4 

SUMO 

100 

978 

1199 

222 

210 

36  +  2" 

4 

SUMO^ 

100 

986 

1220 

234 

209 

53  +  5" 

2 

SUMO’’ 

100 

993 

1236 

243 

220 

24  +  2" 

12 

^  Average  of  two  growths.^  On  5”  water-cooled  nipple. 
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Radial  MQW  PL  variation 
SUMO  vs.  125  DF 


1.60 1 


1.58 


1.56 


1.54 


125DF  on  3’ 
SUMO  on  5’ 


nipple 

nipple 


1.52' 


10  20 

Distance  from  center  (mm) 


30 


Fig.  3.  Variation  of  QW  room  temperature  PL  energy  with  distance  from  3  in  diameter  wafer  center  for  the^l25DF  and  the  SUMO  cell 
mounted  on  5  in  long  extension  nipple.  The  actual  QW  thicknesses  are  slightly  different  for  each  sample:  53  A  for  the  SUMO-grown  and 
59  A  for  the  125DF-grown. 


Table  1.  For  both  sources,  defect  densities  de¬ 
creased  with  increased  power  to  the  tip,  consistent 
with  reduced  tip  Ga  droplets.  This  is  in  contrast  to 
an  earlier  study  on  a  different  cell  design  which 
used  stacked  disk  inserts  [7]  and  required  relatively 
high  temperatures  and  powers  compared  to  the 
125DF.  For  that  cell  defect  density  actually  in¬ 
creased  with  increasing  tip  power,  presumably  due 
to  excess  radiated  heat  generating  impurities  from 
the  surroundings  which  overwhelmed  any  benefit 
from  droplet  reduction.  While  the  best  result 
achieved  with  the  125DF  was  90  defects/cm^,  the 
best  results  with  the  SUMO  were  36  defects/cm^, 
when  it  was  mounted  on  the  3  in  long,  uncooled 
extension  nipple  and  24  defects/cm^  when  it  was 
mounted  on  the  5  in  long,  water-cooled  nipple.  It  is 
not  entirely  clear  whether  the  improvement  from  36 


to  24  defects/cm^  was  due  to  the  water  cooling  or 
the  fact  that  the  growth  chamber  had  been  under 
vacuum  longer  (12  weeks  vs.  4  weeks)  when  the 
better  results  were  generated.  However,  an  indica¬ 
tion  that  the  water  cooling  was  playing  an  impor¬ 
tant  role  is  that  growths  done  only  2  weeks  after  the 
SUMO  was  installed  on  the  5  in  nipple  produced 
relatively  low  defect  densities  of  53  defects/cm^. 

5.5.  Electrical  material  quality 

C-V  measurement  of  a  17.8  pm  thick  nominally 
undoped  GaAs  layer  grown  with  the  SUMO  cell  on 
a  semi-insulating  substrate  showed  the  layer  to  be 
fully  depleted,  implying  a  background  doping 
<  2x  DLTS  measurements  of  a  P'^-N 

junction,  where  the  N-GaAs  layer  was  doped  at 
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1  X  10^ ^/cm^  gave  total  trap  concentrations  of 
1. 5-2.0  X  Hall  measurements  on  MOD- 

FET“s  have  yielded  77  K  mobilities  of 
132  000cmVVs  for  Wg  =  4  x  10^  All  of  the 
above  taken  together  indicate  good  to  excellent 
electrical  quality  for  GaAs  grown  with  the  SUMO 
cell. 


4.  Summary 

A  new  high-capacity  group  III  source  incorpor¬ 
ating  a  novel  crucible  and  unique  heat  shielding 
cap  has  been  evaluated  with  respect  to  power  con¬ 
sumption,  flux  transient,  visible  defect  density,  layer 
uniformity,  and  electrical  material  quality.  Results 
in  all  these  categories  were  good  to  excellent,  and  in 
particular,  the  new  cell  produced  much  lower  defect 
densities  compared  to  the  older  design  high  capa¬ 
city,  low  transient  cell.  The  new  cell  also  has  more 
than  double  the  Ga  capacity  of  the  old  design. 
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Abstract 

GaN,  AlGaN  and  InGaN  films  have  been  grown  by  molecular  beam  epitaxy  (MBE)  using  RF  plasma  sources  for  the 
generation  of  active  nitrogen.  These  films  have  been  deposited  homoepitaxially  onto  GaN/SiC  substrates  and  hetero- 
epitaxially  onto  LiGa02  substrates.  LiGa02  is  an  ordered  and  closely-lattice-matched  orthorhombic  variant  of  the 
wurtzite  crystal  structure  of  GaN.  A  low-temperature  AIN  buffer  layer  is  necessary  in  order  to  nucleate  GaN  on  LiGa02. 
Thick  GaN  and  AlGaN  layers  may  then  be  grown  once  deposition  is  initiated.  InGaN  has  been  grown  by  MBE  at  mole 
fractions  of  up  to  20%  as  a  quantum  well  between  GaN  cladding  layers.  The  indium  containing  structures  were  deposited 
onto  GaN/SiC  substrates  to  focus  the  development  effort  on  the  InGaN  growth  process  rather  than  on  heteroepitaxial 
nucleation.  A  modulated  beam  technique,  with  alternating  short  periods  of  (In,  Ga)N  and  (Ga)N,  was  used  to  grow 
high-quality  InGaN.  The  modulated  beam  limits  the  nucleation  of  metal  droplets  on  the  growth  surface,  which  form  due 
to  thermodynamic  limitations.  A  narrow  PL  dominated  by  band  edge  luminescence  at  421  nm  results  from  this  growth 
technique.  Growth  of  GaN  at  high  temperatures  is  also  reported. 


1.  Introduction 

The  III-V  nitride  semiconductor  materials  have 
undergone  a  tremendous  expansion  of  research  and 
development  activity  in  the  past  three  years.  By 
tailoring  of  the  Al(Ga,  In)N  alloy  composition,  the 
band  gap  of  these  materials  range  from  6.2  eV  for 
AIN,  through  3.4  eV  for  GaN,  to  1.9  eV  for  InN 
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[1].  The  use  of  these  direct  band  gap  semiconduc¬ 
tors  for  optoelectronic  applications  has  led  to  the 
introduction  of  commercially  available  blue  and 
green  light  emitting  diodes  (LEDs)  as  well  as  the 
recent  demonstrations  of  laser  diodes  fabricated 
from  III"V  nitride  heterostructures  [2]. 

Although,  all  of  the  commercial  nitride  LEDs 
have  been  prepared  by  metalorganic  vapor  phase 
epitaxy  (MOVPE),  MBE  growth  of  nitrides  has 
also  been  expanded  rapidly  during  the  past  three 
years.  Several  issues  need  to  be  addressed  for  the 
successful  growth  of  III-V  nitride  materials  by 
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MBE:  the  development  of  effective  ‘active’  nitrogen 
sources  for  growth  of  nitrides  by  MBE  at  reason¬ 
able  growth  rates;  the  evaluation  of  possible  sub¬ 
strates  for  nitride  film  deposition;  the  effective 
control  of  AlGaN  and  InGaN  alloy  compositions 
in  multilayered  structures  for  visible  light  emitter 
applications;  and  the  development  of  a  doping 
technology,  particularly  for  p-type  doping  of 
AlGaN,  GaN  and  eventually  InGaN. 

At  North  Carolina  State  University  (NCSU),  we 
have  used  RF  plasma  sources  to  generate  active 
nitrogen  for  III-V  nitride  film  deposition  by  mo¬ 
lecular  beam  epitaxy  (MBE).  Optical  emission 
spectroscopy  has  shown  RF  plasma  sources  to  be 
effective  in  the  generation  of  both  atomic  nitrogen 
and  first-positive  series  excited  molecular  species 
(3.9  eV  binding  energy)  which  are  essential  for 
MBE  growth  of  nitrides  [3,  4]. 

Our  previous  work  at  NCSU  has  focused  on  the 
MBE  growth  of  GaN  and  AlGaN  materials  and 
multilayered  structures  on  GaN/SiC  substrates 
[5,  6].  The  GaN/SiC  substrate  that  we  employ  con¬ 
sists  of  a  1-3  pm  thick  buffer  layer  of  GaN  depo¬ 
sited  by  MOVPE  on  an  underlying  6H-SiC  sub¬ 
strate  at  Cree  Research,  Inc.  The  dislocation  den¬ 
sity  near  the  surface  of  the  GaN/SiC  substrate  is 
about  10®  per  cm^.  The  GaN/SiC  substrate  pro¬ 
vides  a  honioepitaxial  surface  for  GaN  deposition 
by  MBE.  This  allows  us  to  evaluate  the  MBE 
growth  process  itself  and  circumvents  the  problems 
associated  with  low-temperature  heteroepitaxial 
nucleation  on  grossly  mismatched  substrates  such 
as  sapphire  or  SiC.  Additionally,  the  n-type  GaN/ 
Sic  substrates  employed  are  electrically  conducting 
and  thus  provide  the  means  for  a  backside  contact 
in  the  development  of  optoelectronic  devices  such 
as  LEDs  or  lasers. 

With  the  successful  development  of  AlGaN  and 
GaN  growth  on  GaN/SiC  substrates,  we  are  now 
also  evaluating  heteroepitaxial  deposition  of  GaN 
and  AlGaN  on  bulk  LiGa02  substrates.  The  crys¬ 
tal  structure  of  LiGa02  is  orthorhombic  and  is  an 
ordered  variant  of  the  GaN  wurtzite,  with  oxygen 
occupying  the  anion  sites  and  lithium  and  gallium 
occupying  alternating  layers  of  the  cation  sites  [7]. 
As  shown  in  Fig.  1,  the  {0  0  1}  plane  of  LiGa02 
possesses  an  underlying  hexagonal  symmetry 
which  should  be  suitable  for  growth  of  the  (0  0  0  1) 


basal  plane  of  hexagonal  GaN.  Crystal  ordering 
results  in  a  slight  distortion  of  the  bond  angles  of 
LiGa02  from  the  perfect  hexagonal  structure. 
However,  the  equivalent  average  basal  plane  lattice 
constant  of  LiGa02  (^ave  =  3.152  A)  is  closely  lat¬ 
tice-matched  to  that  of  GaN  {a  =  3.189  A)  [2,  7]. 
We  have  found  that  heteroepitaxy  of  GaN  on 
LiGa02  by  MBE  requires  the  use  of  a  low-temper¬ 
ature  AIN  buffer  layer  for  nucleation.  Similar  buffer 
layers  have  been  reported  for  the  heteroepitaxial 
growth  of  GaN  on  sapphire  [8, 9]. 

We  have  also  extended  the  homoepitaxial  ap¬ 
proach  of  MBE  growth  on  GaN/SiC  substrates  to 
the  study  of  InGaN  growth.  The  band  gap  energy 
of  InGaN  spans  the  entire  range  of  visible  wave¬ 
lengths  from  blue  at  400  nm  to  red  at  650  nm  with 


[010] 


Fig.  1.  Crystal  structure  of  (a)  LiGa02  c-plane  and  (b)  LiGa02 
a-plane. 
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increasing  indium  mole  fraction  [1].  As  a  result, 
growth  of  high-quality  InGaN  is  critical  for  the 
successful  fabrication  of  visible  optoelectronic 
devices. 

InGaN  deposition  is  complicated  by  thermodyn¬ 
amic  instability  of  InN.  At  typical  MBE  nitride 
growth  temperatures  of  800°C,  the  equilibrium  va¬ 
por  pressure  of  nitrogen  over  InN  is  greater  than 
1  X  Torr  [10].  This  is  a  higher  pressure  than 
the  beam  equivalent  pressure  of  the  incident  source 
fluxes.  As  a  result,  InN  will  tend  to  dissociate  faster 
than  it  can  be  deposited  under  these  conditions.  As 
a  solid  solution,  the  vapor  pressure  of  nitrogen  over 
InGaN  should  be  much  lower  than  InN.  However, 
previous  studies  of  high-temperature  MOVPE 
growth  of  InGaN  have  shown  that  any  segregation 
of  InN  on  the  growing  crystal  surface  will  result  in 
the  sublimation  of  nitrogen  and  condensation  of 
indium  droplets  [11,  12].  In  Fig.  2,  the  competing 
pathways  between  InGaN  incorporation  and  in¬ 
dium  droplet  formation  are  shown  schematically. 
Once  indium  droplets  are  formed,  they  act  to  getter 
the  incoming  indium  flux  so  that  appreciable  in¬ 
dium  incorporation  within  the  growing  InGaN  film 
is  very  small.  Increasing  the  indium  flux  can  pro¬ 
duce  InGaN  with  even  less  indium  incorporation. 

Growth  kinetics  play  a  vital  role  in  controlling 
InGaN  film  quality  by  determining  the  preference 
between  InGaN  incorporation  and  indium  segrega¬ 
tion.  One  approach  is  to  deposit  InGaN  at  a  lower 
substrate-temperature,  thereby  reducing  the  InN 
dissociation  rate.  The  reduction  in  substrate  tem¬ 
perature  comes  with  a  corresponding  loss  of  crystal 
quality  rendering  this  material  unsatisfactory  for 
device  applications  [12].  To  overcome  these  limita- 


Indium  Flux 

1111111 

,  Indium  Ball  ■_ 

in  In  _ln_^^^j^^^_ln_  | 

InGaN 


Fig.  2.  Illustration  of  InGaN  growth  segregation  model.  The 
dual  In  incorporation  results  in  the  formation  of  In  balls. 


tions,  high  indium  to  gallium  source  ratios  and 
atomic  layer  epitaxy  approaches  have  been  used 
in  MOVPE  growth  of  InGaN  by  several  groups 
[11-14].  In  this  study,  we  report  the  deposition  of 
InGaN  by  a  migration-enhanced  modulated-beam 
deposition  technique  which  suppresses  the  forma¬ 
tion  of  indium  droplets.  Using  this  approach, 
InGaN  layers  having  indium  up  to  20%  have  been 
successfully  prepared  by  MBE. 


2.  Experimental  details 

III-V  nitride  films  were  grown  using  a  modified 
EPI  Inc.  model  930  MBE  system.  The  main  growth 
chamber  has  ports  for  up  to  ten  sources,  including 
the  capability  of  simultaneously  operating  multiple 
RF  plasma  sources.  A  Boralectric  substrate  fila¬ 
ment  provides  substrate  heating  for  wafers  up  to 
75  mm  in  diameter  to  over  lOOO^'C,  as  monitored 
by  an  external  optical  pyrometer.  All  critical 
MBE  growth  functions  are  computer  controlled. 
An  ion  gauge,  which  can  be  extended  to  a  point 
immediately  in  front  of  the  substrate,  is  used  to 
measure  the  various  source  fluxes  prior  to  MBE 
film  growth. 

High-purity  gallium  (7N),  aluminum  (6N-h)  and 
indium  (7N)  were  used  in  standard  effusion  cells. 
VLSI  grade  (5N5)  nitrogen  was  passed  through  the 
RF  sources  to  generate  the  ‘active’  nitrogen  species 
used  for  nitride  film  growth.  Nitrogen  plasma  sour¬ 
ces  obtained  from  Oxford  Instruments,  SVT  Asso¬ 
ciates,  and  EPI,  Inc.  were  employed  during  various 
stages  of  this  study.  Optical  emission  spectroscopy 
indicated  that  all  of  these  sources  generated  a  sig¬ 
nificant  fraction  of  atomic  and  first  positive  excited 
molecular  nitrogen  appropriate  for  MBE  growth 
[5].  The  RF  plasma  sources  were  mounted  on 
4.5  in.  UHV  flanges  and  each  had  a  water-cooled 
RF  coil  surrounding  a  pyrolytic  boron  nitride  reac¬ 
tion  tube.  An  inductively  coupled  plasma  was  gen¬ 
erated  within  the  PBN  tube  and  injected  through 
an  aperture  into  the  MBE  chamber.  The  RF  sour¬ 
ces  had  external  matching  networks  which  were 
connected  to  power  supplies  capable  of  delivering 
up  to  600  W  at  13.56  MHz.  Most  of  the  nitride 
films  prepared  during  the  present  study  were  grown 
using  plasma  source  pressures  of  5  x  10  ^  Torr 
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(estimated  to  correspond  to  nitrogen  gas  flow  rates 
of  several  seem)  and  plasma  source  powers  of 
400  W.  A  flux  of  2  X  10~ ^  Torr  for  gallium  resulted 
in  a  typical  GaN  growth  rate  of  0.2  pm/h. 

A  separate  vacuum  chamber  was  used  for  plasma 
cleaning  of  the  substrates  prior  to  nitride  film 
growth.  A  hydrogen/helium  gas  mixture  fed 
through  an  ASTeX  ECR  source  was  employed  in 
the  cleaning  chamber  and  provided  an  excellent 
method  for  removing  surface  contaminants  such  as 
oxygen  and  carbon.  A  third  chamber  equipped  with 
an  Auger  spectrometer  was  used  to  evaluate  the 
surfaces  before  and  after  the  cleaning  process 
and  after  MBE  film  growth.  All  three  vacuum 
chambers  were  connected  via  a  UHV  transfer  tube 
which  allowed  critical  preparation  and  growth 
steps  to  be  performed  without  exposing  the  sub¬ 
strates  to  air. 

The  MBE-grown  films  were  characterized  by 
means  of  in-situ  reflection  high-energy  electron  dif¬ 
fraction  (RHEED),  Nomarski  interference  contrast 
microscopy,  variable  temperature  photolumine¬ 
scence  (PL),  and  double-crystal  X-ray  diffraction. 
The  X-ray  rocking  curves  were  obtained  using 
a  Blake  Industries  double-crystal  diffractometer 
and  Cu  Kc,  X-rays.  The  double-crystal  unit  was 
operated  in  a  standard  fashion  with  the  detector 
fully-open  (no  aperture)  for  rocking  curve  measure¬ 
ments.  The  PL  measurements  were  obtained  using 
a  15  mW  HeCd  laser  for  excitation  and  an  EG&G 
Princeton  Applied  Research  monochromator 
equipped  with  interchangable  150,  600,  2400  g/mm 
gratings  and  a  cooled  700  pixel  diode-array  de¬ 
tector.  The  spectrometer  was  calibrated  using 
the  known  atomic  emission  lines  from  a  mercury 
lamp. 


3.  Results  and  discussion 

3.1.  Growth  of  GaN  and  AlGaN/GaN  quantum  wells 
on  LiGa02  substrates 

Fig.  3a  shows  a  double-crystal  X-ray  rocking 
curve  obtained  for  a  representative  LiGa02  sub¬ 
strate.  It  is  seen  that  the  full-width  at  half-max¬ 
imum  (FWHM)  of  the  equivalent  (0  0  0  2)  diffrac¬ 


tion  peak  is  only  18  arcsec,  which  is  indicative  of 
very  excellent  crystal  quality. 

In  order  to  nucleate  GaN  on  LiGa02,  a  thin  AIN 
buffer  layer  was  initially  deposited  on  the  LiGa02 
substrate  at  600°C  for  5  min.  The  temperature  was 
then  increased  to  800°C,  while  the  AIN  deposition 
continued  for  an  additional  5  min.  Following  this, 
GaN  film  growth  was  initiated.  Fig.  3b  shows 
a  representative  X-ray  rocking  curve  with  a  full- 
width  at  half-maximum  (FWHM)  of  103  arcsec  for 
GaN  on  LiGa02.  RHEED  patterns  observed  dur¬ 
ing  growth  were  consistent  with  epitaxial  depo¬ 
sition  and  display  mixed  2D  and  3D  growth  mode 
characteristics.  A  thick  GaN  buffer  layer,  up  to 
3.25  pm  total,  was  also  grown  using  the  low-tem¬ 
perature  AIN  nucleation  layer. 

Without  an  AIN  nucleation  buffer  layer,  the 
overlying  GaN  epilayers  tend  to  crack  and  delami¬ 
nate  from  the  LiGa02  substrate  after  growth.  With 
the  low-temperature  AIN  buffer  layer,  clear  and 
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Fig.  3.  X-ray  of  (a)  LiGa02  before  growth  and  (b)  GaN  on 
LiGa02. 
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Specular  epitaxial  films  result.  We  believe  that  this 
AIN  buffer  layer  provides  a  nucleation  layer  for 
growth  of  GaN  upon  heating  to  800°C,  similar  to 
the  approach  employed  by  others  for  growth  of 
GaN  on  sapphire  [1].  However,  we  feel  that  the 
low-temperature  buffer  on  LiGa02  is  always  neces¬ 
sary  to  cap  the  surface  of  the  substrate  thus  prevent¬ 
ing  surface  sublimation.  This  interpretation  is 
consistent  with  observed  changes  in  the  RHEED 
patterns  of  LiGa02  wafers  heated  to  800°C  which 
show  a  deterioration  with  time  indicative  of  surface 
roughening  due  to  sublimation  of  the  substrate 
surface.  Thus,  it  would  appear  that  LiGa02  may 
not  be  stable  enough  to  serve  as  a  substrate  for 
MOVPE  growth  of  III-V  nitrides,  which  is  current¬ 
ly  performed  at  1050°C. 

The  structure  for  the  AlGaN/GaN  multilayer 
film  grown  on  LiGa02  was  a  1  pm  thick  GaN 
buffer  layer,  with  a  5  period  structure  containing 
50  A  GaN  wells  and  100  A  AlGaN  barriers  grown 
on  top  of  the  buffer.  The  nominal  AlGaN  composi¬ 
tion  was  8%  to  10%.  Separate  500  A  thick  layers  of 
AlGaN  precede  and  follow  the  5  period  structure. 
Fig.  4  shows  a  room-temperature  PL  spectrum  ob¬ 
tained  for  an  AlGaN/GaN  multilayer  structure 
grown  by  this  technique.  It  is  seen  that  the  spec¬ 
trum  is  dominated  by  a  strong  peak  at  3.460  eV, 
presumably  emitting  from  recombination  in  the 
GaN  wells  shifted  somewhat  to  higher  energy  be¬ 
cause  of  quantum  confinement.  The  peak  at  3,63  eV 
comes  from  the  AlGaN  cladding  layers  and  corre- 


Fig.  4.  Room  temperature  PL  of  AlGaN/GaN  multiquantum 
well  structure  on  LiGa02. 


sponds  to  an  aluminum  mole  fraction  of  8%,  assum¬ 
ing  Vegard’s  law  for  this  alloy. 

3.2.  Growth  of  GaNjlnGaN  structures 
on  GaN  I  SiC  substrates 

The  test  structure  for  the  InGaN  MBE  growths, 
deposited  on  MOVPE  GaN/SiC  substrates,  was 
a  1500  A  GaN  buffer  layer  followed  by  a  thin 
(50-200  A)  undoped  InGaN  layer  and  capped  with 
a  500  A  GaN  layer.  Two  different  growth  tech¬ 
niques  were  tested  for  the  InGaN  deposition: 
A  continuous  deposition  of  InGaN  at  the  desired 
flux  ratio  or  a  InGaN  modulated  beam  deposition 
in  10  s  alternating  sequences  of  (In,  Ga)N  and 
(Ga)N.  The  purpose  of  the  intermittent  GaN  layer 
in  the  modulated  beam  approach  is  to  stabilize  the 
InGaN  growing  surface  prior  to  the  nucleation  of 
indium  droplets  on  the  growth  surface.  At  a  nom¬ 
inal  growth  rate  of  1500  A/h,  this  sequence  corre¬ 
sponds  to  alternating  4  A  thick  layers  of  InGaN 
and  GaN.  An  indium  to  gallium  flux  ratio  of  1 : 2 
was  measured  by  the  ion  gauge  flux  monitor  prior 
to  growth. 

The  continuously  deposited  InGaN  resulted  in 
poor  material  quality,  characterized  by  a  PL  signal 
indicating  band  edge  GaN  at  3.41  eV  and  signifi¬ 
cant  deep  level  emissions  in  the  range  of  2.0-2.4  eV 
as  shown  in  Fig.  5a.  Additionally,  in  some  thicker 
films,  metal  droplets  were  observed  on  the  surface 
following  growth.  By  comparison,  the  modulated 
beam  technique  resulted  in  a  significantly  improved 
strong  band  edge  PL  peak  emitted  from  the  InGaN 
quantum  well  at  room  temperature  and  77  K  as 
shown  in  Fig.  5b  and  Fig.  5c,  respectively. 

To  examine  the  influence  of  substrate  temper¬ 
ature  during  InGaN  growth,  the  temperature  was 
adjusted  by  decreasing  it  during  the  last  five  min¬ 
utes  prior  to  initiation  of  the  InGaN  deposition. 
The  substrate  temperature  was  subsequently  in¬ 
creased  back  to  the  original  GaN  deposition  tem¬ 
perature  of  780°C  one  minute  after  completion 
of  the  InGaN  film  growth.  No  growth  interruption 
was  used  during  temperature  adjustments.  A 
streaky  RHEED  pattern,  characteristic  of  two- 
dimensional  epitaxial  deposition,  was  observed 
throughout  the  InGaN  film  growth.  The  highest 
indium  incorporation  was  observed  for  InGaN 
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Fig.  5.  InGaN  grown  by  (a)  continuous  MBE  deposition  PL  at 
295  K,  (b)  migration-enhanced  modulated-beam  MBE  depo¬ 
sition  PL  at  295  K  and  (c)  migration-enhanced  modulated-beam 
MBE  deposition  PL  at  77  K. 


grown  by  the  modulated  beam  technique  with 
a  substrate  setpoint  of  600°C  which  resulted  in  an 
InGaN  film  which  displayed  a  PL  peak  centered  at 
421  nm.  This  emission  wavelength  corresponds  to 
an  indium  incorporation  of  about  20%  when 
a  band  bowing  parameter  of  1.0  eV  is  used  as  has 
been  previously  reported  for  the  InGaN  material 
system  [1]. 


3.3.  MBE  growth  of  GaN  at  high  temperatures 

By  using  two  RF  plasma  sources  simultaneously 
we  have  been  able  to  double  the  supply  of  active 
nitrogen  for  MBE  film  growth  of  nitrides.  As  a  con¬ 
sequence,  we  have  obtained  growth  rates  for  GaN 
and  AlGaN  films  of  up  to  0.8  pm/h  for  MBE  film 
growth  at  800°C.  Perhaps  more  significantly,  by 
increasing  the  flux  of  active  nitrogen  at  the  substra¬ 
te  via  the  two-source  technique,  we  have  been  able 
to  achieve  MBE  growth  of  GaN  at  900°C  for  the 
first  time  with  growth  rates  of  0.2-0.3  pm/h.  Fig.  6 
shows  PL  emission  spectra  obtained  for  a  1  pm 
thick  undoped  GaN  film  grown  at  900°C  onto 
a  GaN/SiC  substrate.  As  seen  from  Fig.  6a,  the 
PL  spectrum  at  room  temperature  consists  of  a 
single  sharp  peak  at  3.409  eV  having  a  FWHM  = 
36  meV.  No  significant  deep  level  emission  in  the 
yelloW"green  2.2  eV  defect  band  range  is  present  in 
the  spectrum.  Fig.  6b  shows  a  4.2  K  high  resolution 
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Fig.  6.  GaN  grown  at  900°C  with  two  plasma  sources:  (a)  PL  of 
GaN  at  room  temperature  and  (b)  high  resolution  PL  of  GaN  at 
4.2  K. 
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PL  Spectrum  obtained  for  this  GaN  sample.  The 
spectrum  consists  of  two  sharp  excitonic  peaks  at 
3.463  and  3.471  eV,  respectively.  No  measurable 
deep  level  PL  emission  was  found  for  this  sample  at 
4.2  K.  C“F  measurements  for  this  undoped  GaN 
sample  indicated  that  the  layer  was  n-type  with 
Nd-Na  ~5  X  10^^  per  cm^.  This  low  background 
doping  level,  which  results  because  there  is  suffi¬ 
cient  active  nitrogen  present  during  MBE  film 
growth,  implies  that  controlled  substitutional  dop¬ 
ing  of  GaN  may  be  possible  at  very  high  growth 
temperatures  (~900°C  or  higher).  Such  studies  are 
underway  at  NCSU  and  will  be  reported  at  a  later 
date. 


4.  Summary  and  conclusions 

MBE  has  been  used  to  deposit  GaN,  AlGaN  and 
InGaN  films.  Single  or  multiple  RF  plasma  sources 
have  been  used  to  generate  ample  active  nitrogen 
required  for  MBE  growth  at  nitrides  at  typical 
MBE  growth  rates  (0.2-0.8  pm/h).  Using  this  pro¬ 
cess,  GaN  and  AlGaN  films  were  deposited  on 
LiGa02  substrates.  A  thin  low-temperature  AIN 
buffer  layer  was  necessary  to  nucleate  nitride 
growth  on  LiGa02. 

A  modulated  beam  technique  was  successfully 
used  to  deposit  InGaN  on  GaN/SiC  by  MBE  at  up 
to  20%  mol  fraction  indium.  This  technique  result¬ 
ed  in  strong  band  edge  PL  at  421  nm.  With  the 
modulated  beam  technique,  the  growth  of  high- 
quality  InGaN  by  MBE  for  optoelectronic  applica¬ 
tions  has  been  demonstrated. 
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Abstract 

In-situ  cathodoluminescence  (CL)  is  presented  as  a  technique  for  determining  film  composition,  optical  quality,  doping 
levels,  and  temperature  of  MBE  grown  group  III  nitride  films.  Excitation  of  the  films  is  done  with  either  the  Auger  or 
RHEED  electron  gun  operating  between  1  and  10  keV.  The  CL  emission  is  monitored  using  a  3  nm  resolution 
monochromator.  Optimization  of  the  GaN  growth  process  using  a  RF  atomic  nitrogen  plasma  source  is  discussed  using 
in-situ  cathodoluminescence  to  reduce  the  “yellow”  defect  level  present  in  GaN.  Composition  and  quality  of  Al;eGai  -^N 
films  are  shown  to  be  quickly  determined  from  the  peak  position  and  width.  This  is  extremely  useful  in  the  nitride  system 
where  reflection  high-energy  electron  diffraction  (RHEED)  oscillations  are  not  routinely  observed.  Measurement  of  the 
substrate  temperature  during  GaN  growth  is  demonstrated  by  monitoring  the  shift  in  band  edge  position  with 
temperature,  p-type  doping  and  MQW  levels  observed  by  CL  are  shown  to  allow  quick  optimization  of  device  and 
material  properties. 


1.  Introduction 

Interest  in  the  group  III  (Al,  Ga,  In)  nitrides  and 
their  ternary  and  quartenary  alloys  has  increased 
dramatically  with  the  recent  progress  in  developing 
blue  semiconductor  lasers.  Other  devices  such  as 
high  temperature,  high  power  electronics  and  solar 
blind  UV  detectors  are  being  developed  in  this 
wide  band  gap  material  system.  While  much  of 
the  growth  of  group  III  nitrides  has  been  done 
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with  metal-organic  chemical  vapor  deposition 
(MOCVD),  recent  progress  has  been  made  in  mo¬ 
lecular  beam  epitaxy  (MBE)  of  these  materials.  The 
advancement  of  MBE  in  nitride  growth  is  due  in 
part  to  the  improvement  of  nitrogen  sources.  The 
demonstration  of  1  pm/h  growth  rates  using  both 
RF  atomic  nitrogen  plasma  sources  and  NH3  injec¬ 
tors  has  allowed  MBE  grown  material  to  achieve 
comparable  quality  to  MOCVD  material  [1]. 

One  advantage  MBE  has  over  other  growth 
techniques  is  the  ability  to  monitor  the  growth 
process  in-situ.  Reflection  high-energy  electron  dif¬ 
fraction  (RHEED)  is  now  a  commonly  used  in-situ 
technique  for  calibration  of  composition  and 
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growth  rates  for  most  III-V  materials.  Unfortu¬ 
nately,  RHEED  oscillations  have  only  been  ob¬ 
served  under  limited  conditions  for  nitride  growth. 
This  makes  film  composition  difficult  to  determine 
quickly  in-situ.  In  this  work,  we  present  the  use  of 
in-situ  cathodoluminescence  (CL)  for  determining 
film  composition,  optical  quality,  doping  levels  and 
temperature  of  AlGaN  films. 

Cathodoluminescence  is  an  optical  technique 
which  uses  an  electron  beam  to  excite  the  film.  The 
resulting  emission  provides  material  information 
similar  to  that  obtained  by  photoluminescence, 
such  as  the  position  of  the  band  edge  and  the  mid 
gap  energy  levels  [2].  This  technique  has  been  used 
by  Rouleau  and  Park  to  monitor  in-situ  the 
blue/green  CL  emission  from  MBE-grown  ZnSe 
films  [3].  A  significant  advantage  of  in-situ  CL  is 
that  it  can  be  accomplished  using  a  standard 
RHEED  gun  present  in  most  MBE  systems.  Dis¬ 
persion  of  the  RHEED  streak  fluorescence  through 
a  simple  monochromator  /detector  allows  the  band 
gap  of  the  deposited  material  to  be  determined. 
From  this  measurement,  the  composition  of 
Ab.Gai_..,N  and  In^Gai_^N  films  can  be  deter¬ 
mined.  The  substrate  temperature,  a  critical  yet 
often  poorly  determined  parameter,  can  be  mea¬ 
sured  from  the  band  gap  shift  with  temperature. 
This  is  especially  useful  for  group  III  nitrides  grown 
on  transparent  sapphire  as  interference  from  the 
substrate  heater  hinders  pyrometer  measurements. 
The  optical  quality  of  the  deposited  film  can  also  be 
evaluated  from  the  FWHM  of  the  band-edge  emis¬ 
sion,  and  qualitative  assessment  of  the  doping  level 
can  be  made  from  the  structure  of  the  CL  emission. 


2.  Experimental  procedure 

Fig.  1  shows  a  schematic  of  the  in-situ  cathodo¬ 
luminescence  setup  used  in  the  MBE  growth 
chamber  [4].  A  collimator  lens  mounted  on  a  re¬ 
tractable  bellows  stage  is  brought  in  close  proxim¬ 
ity  to  the  epi-wafer  surface  for  quick  in-situ  analysis 
and  can  be  withdrawn  behind  the  cryo  panels  for 
protection  during  material  deposition.  CL  excita¬ 
tion  is  done  with  the  RHEED  electron  gun  at 
lOkeV  while  still  observing  the  RHEED  pattern. 
The  emitted  light  was  measured  with  a  ^  m  (3  nm 


Fig.  1.  In-situ  CL  setup  used  in  the  MBE  growth  chamber. 
A  moveable  stage  allows  the  lens  assembly  to  be  brought  close 
to  the  RHEED  streak.  CL  excitation  is  done  with  the  RHEED 
electron  gun  at  lOkeV  while  observing  the  RHEED  pattern. 
The  emitted  light  is  measured  with  a  3  nm  resolution  mono¬ 
chromator  and  PMT  detector.  A  similar  fixed  lens  system  was 
used  in  the  preparation  chamber  with  the  Auger  electron  gun 
used  to  excite  the  film. 

resolution)  monochromator  and  PMT  detector. 
A  similar  CL  setup  equipped  with  a  fixed  lens 
system  is  used  with  the  Auger  electron  gun  in  the 
MBE  analysis  chamber 

An  atomic  RF  plasma  source  developed  specifi¬ 
cally  for  the  growth  of  MBE  nitride  was  used  for 
this  work  and  has  been  described  previously  [5]. 
The  basic  concept  is  to  create  a  plasma  of  nitrogen 
with  the  use  of  a  RF  field.  RF  energy  (200-550  W)  is 
fed  into  the  gun  through  a  water-cooled  copper 
coil.  A  pyrolitic  boron  nitride  (PBN)  tube  with 
a  changeable  nozzle  is  centered  between  the  RF 
coils.  Nitrogen  is  introduced  to  the  tube  with  a  leak 
valve  and  a  plasma  is  created  within  the  tube.  Flow 
rates  of  2-3  seem  of  nitrogen  is  enough  to  produce 
growth  rates  around  1  pm/h.  Elemental  Ga  and  Al 
supplied  from  effusion  cells  were  used  for  the  group 
III  elements.  Mg  doping  was  done  using  a  conven¬ 
tional  effusion  cell  while  Si  doping  was  done  using 
a  compact  e-beam  source.  Sapphire  (0  0  0  1)  was 
used  as  the  substrate  with  a  low-temperature  AIN 
buffer  layer  grown  prior  to  GaN  deposition. 


J.M.  Van  Hove  et  al.  j  Journal  of  Oystal  Growth  1751176  (1997)  79-83 


81 


Growth  temperatures  ranged  between  750  and 
900°C  and  a  Ga-rich  III-V  flux  ratio  was  used. 
X-ray  diffraction  taken  from  a  1  pm  thick  GaN  on 
AlN/sapphire  substrate  using  this  technique  shows 
a  (0  0  0  2)  diffraction  peak  with  a  full-width  half¬ 
maximum  of  39  arcsec  which  is  comparable  to  the 
best  MOCVD  X-ray  results  [6]. 


3.  Results  and  discussion 

Fig.  2  shows  the  CL  spectrum  from  a  1  pm  thick 
layer  of  GaN  on  sapphire.  These  scans  were  taken 
at  a  beam  voltage  of  4  keV  in  the  analysis  chamber 
of  the  MBE  system.  The  CL  intensity  is  plotted  on 
a  log  scale  to  highlight  the  yellow  emission  level 
which  is  present  in  most  GaN  films  [7].  The  log 
scale  reveals  considerable  information  lost  in  tradi¬ 
tional  linear  plots.  Fig.  2A  shows  the  room  temper¬ 
ature  CL  emission  from  an  unintentionally  doped 
n-type  10^^  cm"^  GaN  film.  This  film  shows  very 
little  yellow  emission  around  550  nm  and  has 
a  sharp  band  edge  peak  with  a  FWHM  of  66  meV. 
Fig.  2B  shows  the  room-temperature  CL  spectrum 
from  a  GaN  film  deposited  under  non-ideal  condi¬ 
tions.  The  extremely  large  yellow  emission  peak 
centered  around  550  nm  is  possibly  due  to  the 
presence  of  oxygen  and  carbon  in  the  GaN  film. 
Similar  yellow  emission  levels  are  observed  under 
low  growth  temperatures,  high  N/Ga  flux  ratios, 
and  on  poor  quality  AIN  buffer  layers.  Using  the 
in-situ  CL  scans,  both  the  yellow  defect  emission 
level  and  the  FWHM  of  the  GaN  band  edge  can  be 
measured  quickly  and  growth  conditions  can  sub¬ 
sequently  be  adjusted. 

The  in-situ  CL  scans  are  extremely  useful  for 
optimizing  Mg  doped  p-type  GaN.  MBE  grown 
Mg  doped  films  are  p-type  as  grown,  but  control  of 
the  doping  level  remains  a  problem  for  GaN  film 
growth.  This  is  due  in  part  to  the  low  sticking 
coefiicient  of  Mg  at  the  growth  temperature  used. 
Fig.  3  shows  a  CL  spectrum  from  a  1  pm  thick 
layer  of  Mg-doped  p-type  GaN  on  sapphire.  The 
CL  intensity  is  plotted  on  a  log  scale.  The  Hall 
carrier  concentration  of  this  film  was  measured  to 
be  10^®  cm~^  but  the  incorporated  Mg  is  expected 
to  be  much  higher.  The  band  edge  emission  is  still 
present,  but  is  now  considerably  broadened  by  the 


Fig.  2.  In-situ  CL  spectrum  from  1  pm  of  GaN  on  sapphire 
taken  after  growth  at  two  different  growth  conditions.  The  CL 
intensity  is  plotted  on  a  log  scale  to  highlight  the  yellow  emis¬ 
sion  level.  (A)  Room  temperature  CL  emission  from  n-type 
10^*’  cm”^  GaN  showing  very  little  yellow  emission  at  550  nm. 
The  FWHM  of  the  band  edge  peak  is  66  meV.  (B)  Room  temper¬ 
ature  CL  from  GaN  deposited  in  an  unoptimized  MBE  system. 
Extremely  intense  yellow  emission  centered  around  550  nm  is 
observed.  The  yellow  defect  emission  level  and  the  FWHM  of 
the  GaN  band  edge  can  be  measured  in-situ  and  growth  condi¬ 
tions  adjusted. 


heavy  Mg  level  (compared  with  the  undoped  GaN 
CL  shown  in  Fig.  2A).  At  higher  doping  levels,  the 
band-edge  peak  is  replaced  by  a  strong  peak 
centered  around  390-400  nm.  This  is  in  contrast  to 
MOCVD  grown  p-type  GaN  which  shows  an  emis¬ 
sion  level  centered  around  425-450  nm  [8].  Fig.  3 
also  shows  a  sharp  emission  peak  at  694  nm  due  to 
UV  excitation  of  the  Cr^  impurity  in  the  sapphire. 

A  major  advantage  of  in-situ  CL  is  in  determin¬ 
ing  the  composition  of  AlGaN  films  by  measuring 
the  band  gap  of  the  deposited  material.  From  this 
measurement,  the  Al  content  can  be  determined 
[9].  Fig.  4  shows  the  CL  spectrum  from  a  multiple 
quantum  well  sample  deposited  on  a  AI0.15 
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Fig.  3.  In-situ  CL  spectrum  from  1  pm  of  Mg-doped  p-type 
GaN  on  sapphire.  The  CL  intensity  is  plotted  on  a  log  scale. 
Hall  carrier  concentration  of  this  film  was  10^®  cm“^.  The  band 
edge  emission  is  broadened  by  the  heavy  Mg  level  when  com¬ 
pared  to  the  undoped  GaN  CL  shown  in  Fig.  2A.  Emission  from 
Cr^'^  in  the  sapphire  substrate  is  observed  at  694  nm  due  to 
strong  UV  excitation  of  the  substrate  from  the  p-type  film. 

Gao.ssN  clad  layer  on  sapphire.  The  CL  intensity  is 
plotted  on  a  linear  scale.  The  MQW  region  consis¬ 
ted  of  5  repeats  of  50  A  Alo.io  Gao. 90  N  barriers 
and  30  A  GaN  wells.  Emission  from  the  quantum 
well  region  is  clearly  observed  at  358  nm  and  from 
the  clad  layer  at  320  nm.  The  10%  barrier  level  is 
weakly  observed  around  335  nm.  Emission  has 
been  observed  from  Al^  Gai  N  for  x  =  0-1.  CL  is 
extremely  useful  for  scanning  high  Al  content  films 
where  deep  UV  lasers  are  costly  for  PL  measure¬ 
ments.  The  CL  spectra  are  shown  at  three  different 
electron  beam  voltages  to  demonstrate  CL’s  ability 
to  depth  profile  a  structure.  At  higher  beam  volt¬ 
ages,  the  lower  clad  emission  becomes  dominant 
due  to  the  increased  penetration  of  the  electron 
beam  and  the  thickness  of  the  clad  layer. 

Measurement  of  the  substrate  temperature  for 
GaN  growth  is  particularly  difficult  due  to  the 
transparency  of  sapphire  from  the  IR  to  the  UV. 
This  is  compounded  by  the  lack  of  any  well-defined 
change  in  the  RHEED  pattern  after  oxide  removal 
for  calibration  of  an  optical  pyrometer.  Fig.  5 
shows  the  CL  spectrum  from  a  1  pm  thick  layer  of 
GaN  on  sapphire  as  a  function  of  growth  temper¬ 
ature.  These  scans  were  taken  in  the  growth  cham¬ 
ber  with  the  RHEED  electron  gun  at  10  keV.  The 


Wavelength  (nm) 

Fig.  4.  In-situ  CL  spectrum  from  a  multiple  quantum  well 
sample  deposited  on  to  a  AI0.15  Gao.ssN  clad  layer  on  sapphire. 
The  CL  intensity  is  plotted  on  a  linear  scale.  The  MQW  region 
consisted  of  5  repeats  50  A  of  AIq.io  Gao.goN  barriers  and  30  A 
GaN  wells.  Emission  is  clearly  observed  from  the  quantum  well 
region  around  358  nm  and  from  the  clad  layer  at  320  nm.  The 
10%  barrier  level  is  weakly  observed  around  335  nm.  The  CL 
spectra  are  taken  at  three  different  electron  voltages  to  demon¬ 
strate  CL’s  ability  to  depth  profile  a  structure.  At  higher  beam 
voltages,  the  lower  clad  emission  becomes  dominant. 

CL  intensity  is  plotted  on  a  linear  scale.  The  figure 
shows  the  band  edge  peak  as  the  substrate  temper¬ 
ature  is  increased.  The  temperature  is  determined 
from  the  known  shift  in  the  energy  gap  with  tem¬ 
perature  [10, 11].  Considerable  broadening  of  the 
peak  is  observed  at  higher  temperatures,  but  the 
intensity  of  the  CL  emission  dropped  only  a  factor 
of  three  from  room  temperature  to  500°C.  Above 
this  temperature,  the  UV  peak  position  was  not 
determined  due  to  overlapping  emission  from  the 
substrate  heater  filaments.  Improvements  minimiz¬ 
ing  this  interference  will  allow  measurement  of  the 
absolute  substrate  temperature  during  the  growth 
at  800°C. 
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Fig.  5.  In-situ  CL  spectrum  from  1  pm  of  GaN  on  sapphire  as 
a  function  of  growth  temperature.  The  CL  intensity  is  plotted  on 
a  linear  scale.  The  temperature  given  is  based  on  the  band  edge 
position  versus  temperature  from  Refs.  [9, 10].  Measurement  of 
the  temperature  during  growth  at  800°C  should  be  possible  with 
an  improved  substrate  holder  to  reduce  light  from  the  heater 
filaments. 

4.  Summary 

Reliable  analysis  techniques  are  necessary  for  the 
continued  advancement  of  group  III  nitride  tech¬ 
nology.  In-situ  CL  is  presented  as  a  valuable  tech¬ 


nique  for  determining  film  composition,  optical 
quality,  doping  levels,  and  temperature  of  MBE- 
grown  nitride  films.  It  is  a  straightforward  tech¬ 
nique  which  utilizes  existing  RHEED  and/or  Auger 
equipment  for  a  new  purpose,  and  can  be  readily 
retrofitted  to  older  MBE  systems. 
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Abstract 

Solid  source  Er  doping  of  AIN  and  GaN  during  growth  by  plasma-assisted  metalorganic  molecular  beam  epitaxy 
(MOMBE)  with  an  Er  effusion  source  has  resulted  in  AIN :  Er  and  GaN :  Er  exhibiting  room-temperature  1.54  pm 
photoluminescence  (PL).  The  luminescence  detected  in  the  AIN  :  Er  samples  was  orders  of  magnitude  greater  in  intensity 
than  that  from  ion-implanted  material  and  represents  the  first  demonstration  of  strong  emission  from  rare-earth  doped, 
epitaxial  Ill-nitrides  doped  during  growth.  The  effects  of  growth  temperature  on  Er  incorporation  and  segregation 
behavior  have  also  been  examined.  PL  studies,  including  room  temperature  and  thermal  quenching  experiments  have 
been  conducted  showing  a  reduction  in  PL  intensity  of  approximately  a  factor  of  two  between  15  K  and  room 
temperature  for  strongly  luminescent  AIN :  Er.  Preliminary  results  from  GaN  :  Er  indicated  that  thermal  quenching  is 
considerably  greater  in  this  material  than  in  AIN  :  Er. 

PACS:  78.55.Cr;  71.55.Eq;  71.20.Eh;  71.20.Nr 


1.  Introduction 

Optical  communications  systems  based  on 
a  1.54  pm  signal  carrier  exploit  the  intrinsic  attenu¬ 
ation  loss  minima  of  silica  fibers  to  achieve  efficient, 
long  distance  signal  transmission.  High  gain  lasers 
and  detectors  based  on  the  InGaAsP  system  were 
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developed  in  order  to  take  advantage  of  these  opti¬ 
mum  wavelength  regimes.  However,  systems  based 
on  narrow-gap  InGaAsP  active  components  suffer 
from  poor  wavelength  temperature  stability,  and 
the  need  for  inefficient  and  expensive  repeater  sta¬ 
tions  based  on  electro-optical  detection  and  regen¬ 
eration.  Optical  amplification  systems  achieving 
gain  through  stimulated  emission  from  optically 
pumped  rare-earth  ions  have  also  been  developed. 
These  systems,  known  as  rare-earth  doped  fiber 
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amplifiers,  do  not  suffer  from  the  temperature 
stability  problems  of  semiconductor  systems  based 
on  band-edge  emission.  However,  the  extensive 
pumping  systems  required  in  these  systems  can  be 
expensive  and  large.  These  drawbacks  stimulated 
the  development  of  optoelectronic  components 
based  on  Er  doping  of  Si  [1,  2]  and  III-V  materials 
[3-5]. 

Ideally,  Er^'^  transitions  near  1.54  pm  could  be 
exploited  in  wide  bandgap  semiconductor  op¬ 
toelectronics.  Since  the  optical  transitions  of  inter¬ 
est  are  decoupled  from  valence  interactions,  the 
emission  from  the  rare  earths  would  not  be  subject 
to  the  shifts  in  performance  observed  with  conven¬ 
tional,  temperature-sensitive  optoelectronics. 
Trends  observed  for  Er  incorporation  in  other 
semiconductor  materials  have  indicated  a  signifi¬ 
cant  increase  in  PL  with  increasing  band  gap  [6]. 
Concurrent  with  this  trend,  it  has  also  been  sugges¬ 
ted  that  the  electronic  environment  provided  by 
more  ionic  semiconductor  hosts  enhances  the  inner 
4f  shell  Er^  transitions  responsible  for  the  desired 
optical  emission  [7].  Upon  co-implantation  of  Er 
and  O,  FI  and  other  species  into  Si,  substantial 
increases  in  1.54  pm  PL  have  been  reported  [8,  9]. 
It  has  been  theorized  that  the  presence  of  ionic 
species  alter  the  local  field  environment  of  the  Er^ 
ions  enhancing  the  optical  activity.  Expanding  on 
these  premises,  wide  band-gap,  ionic  compound 
semiconductors  including  II-VI  materials,  as  well 
as  the  Ill-nitrides  show  significant  promise  as  hosts 
for  rare-earth  dopants.  The  structural  and  thermal 
stability  of  GaN  and  AIN  make  them  particularly 
attractive  for  reliable,  long  service-life  applications. 

Luminescence  from  Er  implanted  into  the  ni¬ 
trides  was  first  observed  by  Wilson  et  al.  [10]. 
1.54  pm  PL  attributed  to  transitions  between 
Er^^  "^113/2  and  levels  was  observed  in  ion 

implanted  GaN  and  AIN.  However,  Er  lumines¬ 
cence  from  the  AIN  was  seen  only  at  low  temper¬ 
atures.  Developing  on  this  work,  we  have 
demonstrated  solid  source  Er  doping  of  AIN  and 
GaN  during  growth  by  metalorganic  molecular 
beam  epitaxy  (MOMBE).  Doping  during  growth 
can  be  a  more  flexible  technique  than  ion  implanta¬ 
tion  for  many  growth  applications  due  to  the  ab¬ 
sence  of  ion  damage,  unlimited  layer  thickness,  and 
better  doping  profile  control. 


2.  Experimental  procedure 

Films  were  grown  by  MOMBE  in  an  INTEVAC 
Gas  Source  Gen  II  on  In-mounted  (0  0  0  1)  AI2O3 
and  semi-insulating  GaAs.  The  films  were  preceded 
by  a  low  temperature  AIN  buffer  (Tg  425°C). 
Dimethylethylamine  alane  (DMEAA)  and  triethyl 
gallium  (TEGa)  provided  the  group  III  fluxes.  Re¬ 
active  nitrogen  for  the  growth  of  AIN  was  provided 
by  a  Wavemat  MPDR  610  electron  cyclotron  res¬ 
onance  (ECR)  plasma  source  with  an  AI2O3  plasma 
chamber.  Further  details  of  the  AIN  growth  tech¬ 
nique  employed  here  have  been  presented  pre¬ 
viously  [11].  An  SVT  RF  plasma  source  with 
a  pBN  chamber  was  used  to  deposit  the  GaN  films. 
A  shuttered  effusion  oven  charged  with  4  N  Er  was 
used  for  doping.  Er  incorporation  was  profiled  by 
secondary  ion  mass  spectrometry  (SIMS).  Al,  N, 
and  O  levels  were  also  monitored.  Room-  and 
low-temperature  photoluminescence  was  used  to 
evaluate  1.54  pm  luminescence.  For  the  AIN  :  Er 
thermal  quenching  measurements,  Er^^  PL  was 
excited  using  the  488  nm  line  of  an  Ar  ion  laser  and 
measured  with  a  liquid-nitrogen  cooled  Ge  de¬ 
tector.  An  optical  parametric  oscillator  pumped  by 
a  Q-switched  Nd :  YAG  laser  was  the  excitation 
source  used  for  the  GaN  :  Er  PL  experiments.  A  He 
refrigerator  capable  of  reaching  temperatures  as 
low  as  12  K  was  used  to  cool  the  sample.  The 
surface  morphology  of  the  nitride  films  was  charac¬ 
terized  by  scanning  electron  microscopy  (SEM)  us¬ 
ing  a  JEOL  35CF.  Crystallinity  was  quantified  by 
5  crystal  high-resolution  X-ray  diffraction  with 
a  Philips  MRD  system.  Surface  composition  was 
analyzed  with  Perkin-Elmer  Auger  electron  spec¬ 
troscopy  (AES)  apparatus. 


3.  Results  and  discussion 

Doping  concentrations  from  3  x  10^^  to  2  x  10^^ 
cm"^,  as  determined  by  SIMS,  were  achieved  for 
cell  temperatures  ranging  from  955°C  to  1343°C. 
An  Arrhenius-like  thermal  activation  energy  of 
approximately  4.0  eV  was  fit  to  the  observed  incorpo¬ 
ration  behavior  which  is  comparable  to  the  corres¬ 
ponding  ~  3.0  eV  activation  energy  for  the  vapor 
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Fig.  I.  Comparison  of  5  K  Photoluminescence  spectra  of 
AIN  :  Er  samples  doped  by  implantation  and  during  growth. 


pressure  of  Er  in  this  temperature  range.  Strong 
1.54  pm  Er^”^  photoluminescence  was  observed  in 
AIN  :  Er  doped  to  levels  ^  3  x  10^^  cm“^.  The  5  K 
PL  intensities  (?^p„nip  =  458  nm)  from  these  films 
were  nearly  two  orders  of  magnitude  greater  than 
those  observed  in  AIN  implanted  with  Er  to  similar 
levels  (Fig.  1).  AIN :  Er  films  deposited  on  GaAs 
showed  considerably  weaker  PL  at  low  temper¬ 
atures  than  AIN  :  Er  grown  on  AI2O3,  No  1.54  pm 
signal  was  detected  at  room  temperature  for 
AIN  :  Er/GaAs  (Fig.  2).  AIN  :  Er/Al203  samples 
doped  2-5  X  10^^  cm showed  considerably 
stronger  1.54  pm  PL  signal  than  samples  doped 
2  X  10^^  cm” ^  in  Fig.  2.  However,  the  actual  thick¬ 
ness  of  the  Er-doped  layer  was  approximately  a  fac¬ 
tor  of  four  less  for  the  more  heavily  doped  sample. 
Adjusting  for  this,  the  normalized  PL  intensity  is 
similar  for  both  doping  levels  suggesting  that  the 
luminescence  saturates  at  high  doping  levels.  High 
resolution  X-ray  diffraction  rocking  curves  for  the 
AIN  :  Er  on  GaAs  were  very  diffuse  while  consider¬ 
ably  stronger  peaks  with  half-widths  of  6100'  and 
6800'  were  observed  for  samples  grown  on  sapphire 
with  [Er]of3x  10^"^  and  2  x  10^^  cm“^  respective¬ 
ly.  This  indicates  that  AIN  structural  quality  has 
a  significant  effect  on  the  optical  activity  of  Er^^ 
and  that  increasing  [Er]  adversely  affects  crystal¬ 
linity.  Oxygen  backgrounds  of  '~2xl0^®cm"^ 


Wavelength  (nm) 


Fig.  2.  Room  temperature  photoluminescence  spectra 
from  AIN :  Er  films  grown  on  GaAs  and  AI2O3  at  several  Er 
compositions. 


were  observed  in  all  AIN  samples.  Sputtering  of 
oxygen  from  the  alumina  ECR  plasma  cup  is  be¬ 
lieved  to  be  the  source  of  this  oxygen.  A  number  of 
researchers  have  observed  an  increase  in  lumines¬ 
cence  attributed  to  local  ionic  ligand  field  effects 
induced  by  O  and  other  electronegative  species  in 
Si  [12,  13]  and  III-V  materials[14].  1.54  pm  emis¬ 
sion,  though  somewhat  weaker,  was  observed  for 
the  first  time  in  solid  source-doped  GaN :  Er 
(rEr~lllfi''Q  deposited  using  the  BN-chamber 
RF  plasma  source.  The  line  shape  of  the  1.54  pm 
emission  at  13  K  shown  in  Fig.  3  is  similar  to  that 
of  AIN  :  Er  grown  by  MOMBE. 

Thermal  quenching  experiments  indicated  that 
488  nm-pumped  Er^"^ -related  PL  quenches  by  ap¬ 
proximately  a  factor  of  two  between  15  and  300  K 
for  AIN  :  Er  doped  2-5  x  10^^  cm“^.  The  quench¬ 
ing  behavior  of  MOMBE-derived  AIN :  Er  com¬ 
pares  favorably  with  that  of  other  semiconductor 
hosts  (Fig.  4).  Dramatically,  less  quenching  was  ob¬ 
served  for  AIN :  Er  than  has  been  reported  for  Si 
or  GaAs  [6].  Thermal  quenching  of  Er^"^  has 
been  attributed  to  various  quenching  mechanisms 
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Fig.  3.  Room  temperature  and  13  K  photoluminescence  from 
solid-source  Er  doped  GaN. 


Fig.  4.  PL  thermal  quenching  of  Er^"^ -related  PL  for  solid- 
source  doped  AIN  :  Er  compared  to  Er  implanted  Si,  GaAs,  and 
ZnSe  [6]. 


including  de-excitation  by  delocalization  and  loss 
of  excited  state  electrons  to  the  conduction  band 
and  cooperative  upconversion  [8,  15].  Further  ex¬ 
perimentation  is  required  to  elucidate  this  effect. 
Preliminary  pulsed  excitation  results  showed 
a  more  substantial  reduction  in  PL  intensity  from 
GaN  :  Er  at  higher  temperatures. 

Rounded  surface  features,  observed  on  AIN  :  Er 
by  SEM,  increased  in  size  from  ~  1-2  pm  (Tceii 
955"C)  to  ~  3-5  pm  (T,,n  1343°C).  Fig.  4  com¬ 
pares  the  surfaces  of  undoped  AIN,  AIN :  Er 


Fig.  5.  Scanning  electron  micrographs  (lOOOX)  of  AIN  :  (from 
top  to  bottom)  undoped,  [Er]  ~3xl0’^cm“^,  and  [Er] 
~2xlO“‘cm-L 
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(3  X  10^”^  cm“^  and  AIN  :  Er  (2  x  10^^  cm“^).  Au¬ 
ger  electron  analysis  indicates  that  the  surface  fea¬ 
tures  present  in  these  SEM  micrographs  are  not  Er 
droplets.  This  is  also  supported  by  the  absence  of 
an  [Er]  surface  spike  during  dynamic  SIMS  pro¬ 
filing.  The  effect  of  growth  temperature  on  the 
sticking  coefficient  of  Er  was  also  investigated  with 
SIMS.  A  film  stack  consisting  of  three  layers  of 
AIN  :  Er,  each  ~  1000  A,  grown  at  800°C,  600°C, 
and  500°C,  and  separated  by  500  A  of  undoped 
AIN  was  deposited  on  AI2O3.  The  stack  was  cap¬ 
ped  with  1000  A  of  undoped  AIN  (see  Fig.  5). 
A  constant  Er  cell  temperature  of  1090°C  was 
maintained  for  all  three  layers.  The  Er  concentra¬ 
tion  fell  by  nearly  a  factor  of  2  as  the  growth 
temperature  was  reduced  from  SOO^’C  to  500°C. 
This  behavior  suggests  that  solubility  effects  may 
limit  the  incorporation  efficiency.  The  absence  of 
[Er]  accumulation  at  the  surface  or  other  profile 
features  indicates  that  Er  does  not  segregate  strong¬ 
ly  during  growth. 

In  summary,  AIN  :  Er  and  GaN  :  Er  films  exhibi¬ 
ting  room  temperature  PL  have  been  grown  by 
MOMBE.  Low-temperature  PL  intensity  was 
more  than  two  orders  of  magnitude  higher  in 
AIN  :  Er/Al203  films  than  in  implanted  AIN.  Low 
temperature  1.54  pm  PL  was  less  intense  for 
AIN :  Er  samples  grown  on  GaAs  than  for  those 
grown  on  AI2O3,  indicating  that  structural  quality 
has  a  considerable  effect  on  optical  activity.  Er 
appears  to  impact  structural  quality  as  indicated  by 
a  coarsening  in  surface  features  and  a  degradation 
in  crystallinity  with  increasing  [Er].  A  slight  reduc¬ 
tion  in  incorporation  efficiency  was  observed  at 
lower  growth  temperatures.  Thermal  quenching  ex¬ 
periments  showed  a  ~  50%  reduction  in  PL  signal 
from  AIN  :  Er  between  15  and  300  K  demonstrat¬ 
ing  a  substantially  higher-temperature  limit  than 
conventional  III-V  materials  [2, 16]  and  Si  [2]. 
These  results  demonstrate  the  potential  for  rare- 
earth  luminescence  in  group  III  nitrides  grown  by 
MOMBE. 


Acknowledgements 

This  work  has  been  supported  in  part  by  ARO- 
ASSERT  Grant  DAAH04-95-1-0196.  We  would 
also  like  to  acknowledge  the  support  of  the  staff  of 
the  MICROFABRITECH  facility  at  the  University 
of  Florida. 


References 

[1]  F.Y.G.  Ren,  J.  Michel,  Q.  Sun-paduano,  B.  Zheng,  H. 
Kitagawa,  D.C.  Jacobson,  J.M.  Poate  and  L.C.  Kimmer- 
ling,  MRS  Symp.  Proc.  301  (1993)  125. 

[2]  G.  Franzo,  F.  Priolo,  S.  Coffa,  A.  Polman  and  A.  Camera, 
Nucl.  Instrum.  Methods  B  96  (1995)  374. 

[3]  J.  Nakata,  M.  Taniguchi  and  K.  Takahei,  Appl.  Phys.  Lett. 
61  (1992)  2665. 

[4]  A.J.  Neuhalfen  and  B.W.  Wessels,  Appl.  Phys.  Lett.  59 
(1991)  2317. 

[5]  J.M.  Redwing,  T.F.  Kuech,  D.C.  Jordon,  B.A.  Vararstra 
and  S.S.  Lau,  J.  Appl.  Phys.  76  (1994)  1585. 

[6]  P.N.  Favennec,  H.  L’Haridon,  D.  Moutonnet  and  Y.L. 
Guillo,  Electron.  Lett.  25  (1989)  718. 

[7]  J.M.  Zavada  and  Dahua  Zhang,  Solid  State  Electron.  38 
(1995)  1285. 

[8]  S.  Coffa,  F.  Priolo,  G.  Franzo,  V.  Bellani,  A.  Camera  and 
C.  Spinella,  Phys.  Rev.  B  48  (1994)  11782. 

[9]  J.  Michel,  J.L.  Benton,  R.I.  Ferranta,  D.C.  Jacobson,  D.J. 
Eaglesham,  E.A.  Fitzgerald,  Y.H.  Xie,  J.M.  Poate  and  L.C. 
Kimmerling,  J.  Appl.  Phys.  70  (1991)  2672. 

[10]  R.G.  Wilson,  R.N.  Schwartz,  C.R.  Abernathy,  S.J.  Pearton, 
N.  Newman,  M.  Rubin,  T,  Fu  and  J.M.  Zavada,  Appl. 
Phys.  Lett.  65  (1994)  992. 

[11]  J.D.  MacKenzie,  C.R.  Abernathy,  S.J.  Pearton,  V.  Krish- 
namoorthy,  S.  Bharatan,  K.S.  Jones  and  R.G.  Wilson, 
Appl.  Phys.  Lett.  67  (1995)  253. 

[12]  P.N.  Favennec,  H.  L’Haridon,  D.  Moutonnet,  M.  Salvi 
and  M.  Gauneau,  Jpn.  J.  Appl.  Phys.  29  (1990)  L524. 

[13]  J.  Michel,  J.L.  Benton,  R.F.  Ferrante,  D.C.  Jacobson,  D.J. 
Eaglesham,  E.A.  Fitzgerald,  Y.  Xie,  J.M.  Poate  and  L.C. 
Kimmerling,  J.  Appl.  Phys.  70  (1991)  2672. 

[14]  J.E.  Colon,  D.W.  Elsaesser,  Y.K.  Yeo,  R.L.  Hengehold  and 
G.S.  Pomrenke,  MRS  Symp.  Proc.  301  (1993)  169. 

[15]  G.N.  van  den  Hoven,  PhD  Thesis,  University  of  Utrecht, 
The  Netherlands  (1996). 

[16]  A.J.  Neuhalfen  and  B.  Wessels,  Appl.  Phys.  Lett.  59  (1991) 
2317. 


Growth  kinetics  of  GaN  grown 
by  gas-source  molecular  beam  epitaxy 

J.R.  Jenny^’*,  R.  Kaspi^  K.R.  Evans^’^ 

“  Wright  Laboratofy  (WL[AADP),  Whght-Patterson  Air  Force  Base,  Ohio  45433-7323,  USA 
^  University  Research  Center,  Wright  State  University,  Dayton,  Ohio  45435,  USA 


Abstract 

We  report  on  the  incorporation  kinetics  of  gallium  during  gas-source  molecular  beam  epitaxy  (GSMBE)  of  GaN  using 
elemental  Ga  and  NH3  gas  as  source  materials.  Desorption  mass  spectrometry  (DMS)  is  used  to  perform  in  situ 
quantitative  measurements  of  GaN  formation,  Ga  desorption  and  Ga  surface  accumulation  during  growth.  The  rate  of 
formation  of  GaN  is  reported  as  a  function  of  incident  Ga  flux  (0. 1—0.75  ML/s)  and  incident  NH3  flux  (1-300  x  10  ^  Torr 
beam-equivalent  pressure)  at  a  constant  growth  temperature  of  725°C.  Three  distinct  growth  regimes  are  observed:  (1) 
GaN  is  formed  where  all  of  the  incident  Ga  flux  is  consumed,  (2)  part  of  the  incident  Ga  is  consumed  to  form  GaN  while 
the  excess  is  desorbed  from  the  surface,  and  (3)  GaN  formation  coexists  with  desorption  and  surface  accumulation  of  Ga. 
It  is  generally  observed  that  the  Ga  surface  accumulation  is  inhibited  by  increasing  the  rate  of  incidence  of  NH3  and/or 
by  decreasing  the  rate  of  incidence  of  Ga  at  this  temperature.  In  addition,  the  order  of  the  reaction  between  Ga  and  NII3 
is  determined  to  be  unity,  supporting  the  validity  of  the  Ga  -1-  NH3  ->•  GaN  +  2  H2  reaction. 

FACS:  68.55.Bd;  68.10.Jy 

Keywords:  Growth  kinetics;  GaN;  GSMBE;  NH3 


1.  Introduction 

Due  to  their  wide,  direct  band  gap  [1],  a  large 
number  of  potential  applications  for  semiconduc¬ 
tor  heterostructures  containing  high-quality  III-N 
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layers  have  been  identified  [2-4].  Despite  the  large 
effort  expended  in  recent  years,  many  fundamental 
growth-related  problems  remain  unsolved.  The  ki¬ 
netics  of  GaN  formation,  for  example,  is  not  yet 
well  understood.  It  is  imperative,  however,  that 
growth  conditions  during  epitaxy  be  well-identified 
and  reproducible  in  order  for  efficient  growth  op¬ 
timization  to  take  place.  To  date,  only  a  few  studies 
have  addressed  III-N  growth  kinetics  [5,  6]  using 
gas-source  molecular  beam  epitaxy  (GSMBE).  It 


0022-0248/97/$  17.00  Copyright  ©  1997  Elsevier  Science  B.V.  All  rights  reserved 
PlI  80022-0248(96)0  1  020-2 


90 


J.R.  Jenny  et  al.  j  Journal  of  Crystal  Growth  1751176  (1997)  89-93 


was  observed  that  when  Ga  reacts  with  ammonia 
(NH3)  to  form  GaN,  either  Ga  desorption  or  Ga 
surface  accumulation  or  both  are  likely  to  occur, 
and  that  this  results  in  incorporation  ratio  (defined 
as  the  portion  of  the  Ga  flux  that  incorporates  into 
the  film  as  GaN)  considerably  less  than  unity.  In 
this  paper,  we  use  GSMBE  to  deposit  GaN  layers 
while  we  systematically  examine  the  Ga  incorpora¬ 
tion  ratio  o-(Ga)  within  a  large  parameter  space 
defined  by  the  incident  NH3  and  elemental  Ga 
fluxes  at  a  fixed  growth  temperature.  We  employ 
desorption  mass  spectrometry  (DMS)  as  an  in  situ 
tool  to  delineate  different  growth  regimes  and 
measure  (7(Ga)  under  a  variety  of  incident  fluxes. 
This  is  accomplished  by  using  DMS  to  observe  the 
onset  of  the  accumulating  component  of  the  inci¬ 
dent  Ga  flux,  and  to  quantify  both  the  desorbing 
and  accumulating  component  of  the  incident  Ga 
flux  in  order  to  extract  the  rate  of  GaN  formation. 


2.  Experimental  procedure 

GaN  layers  were  deposited  on  2  in  diameter  sap¬ 
phire  wafers  oriented  in  the  (0  0  01)  direction  in 
a  Varian-360  MBE  chamber  modified  to  accom¬ 
modate  NH3  gas.  Elemental  Ga  was  evaporated 
using  a  conventional  effusion  cell.  The  substrates 
were  In-bonded  onto  the  Mo  block  and  the  temper¬ 
ature  was  monitored  by  an  optical  pyrometer 
mounted  on  an  effusion  cell  port.  The  growth 
chamber  was  evacuated  using  a  2400 1/s  oil  diffu¬ 
sion  pump  equipped  with  a  liquid-nitrogen  baffle 
which  is  optically  opaque.  Incident  Ga  fluxes  were 
calibrated  using  reflection  high-energy  electron 
diffraction  (RHEED)  during  GaAs  growth  and 
converted  to  units  of  ML/s  of  GaN  growth.  The 
incident  NH3  fluxes  were  varied  manually  through 
a  leak  valve  located  adjacent  to  the  chamber,  and 
measured  in  situ  using  a  nude  ion  gauge  which  is 
rotated  into  position. 

Ga  desorption  was  monitored  by  a  quadrupole 
mass  spectrometer  (QMS)  which  is  mounted  onto 
the  central  port  on  the  source  flange,  in  direct 
line-of-sight  of  the  wafer.  The  line-of-sight  of  the 
QMS  is  limited  to  approximately  the  central  half  of 
the  wafer  area,  as  previously  described  elsewhere 
[7].  The  housing  containing  the  QMS  was  differen¬ 


tially  pumped  using  a  60 1/s  turbomolecular  pump. 
For  Ga  desorption  measurements,  the  QMS  was 
tuned  to  mass/charge  =  69  amu/e,  and  was  oper¬ 
ated  in  a  constant  mass  mode  while  data  were 
transferred  to  a  personal  computer  for  real  time 
and  post  growth  analysis. 

The  incident  Ga  flux  Ji(Ga)  was  varied  between 
0.1  and  0.86  ML/s,  while  the  incident  NH3  flux 
Ji(NH3)  was  varied  between  1x10“^  and  3x 
10“^Torr  beam-equivalent  pressure  (BEP).  The 
substrate  temperature  was  held  constant  at  725°C. 

Sapphire  substrates  were  initially  outgassed  at 
T  =  725°C,  and  were  nitridized  with  Ji(NH3)  = 
5  X  10"^  Torr  BEP  for  5  min.  Approximately,  100 
monolayers  of  AIN  were  deposited  in  each  case  as 
a  buffer  between  the  GaN  film  and  the  substrate. 
A  thick  GaN  was  then  deposited  as  a  template 
for  desorption  experiments.  The  GaN  film  sur¬ 
faces  during  experiments  exhibited  sharp  streaky 
RHEED  patterns  with  well-defined  half  order  re¬ 
construction  lines,  indicative  of  a  relatively  smooth 
surface. 


3.  Measurement  of  GaN  formation  rates 

When  Ga  and  NH3  are  coincident  on  the  sub¬ 
strate  surface  and  cr(Ga)  is  near  unity,  no  significant 
desorption  signal  is  expected  to  be  measured  by  the 
QMS.  However,  when  (7(Ga)  <  1  then  a  QMS  Ga 
signal  is  expected.  Moreover,  when  growth  with 
o-(Ga)  proceeds  without  significant  Ga  surface  ac¬ 
cumulation,  the  QMS  Ga  signal  is  expected  to  be 
closely  associated  with  the  opening  and  closing  of 
the  Ga  shutter.  This  is  because  the  GaN  surface  is 
stable  at  r  =  725°C,  and  Ga  desorption  from  the 
surface  is  not  expected  after  the  incident  Ji(Ga)  is 
terminated  and  the  surface  quickly  reaches  its  equi¬ 
librium  surface  stoichiometry.  For  example,  when 
GaN  growth  using  Ji(Ga)  =  0.1  ML/s  at  T  = 
725°C  is  terminated,  the  QMS  Ga  signal  is  ob¬ 
served  to  decay  rapidly  to  zero,  exhibiting  a  single 
time  constant  as  dictated  by  first-order  surface  ki¬ 
netics.  Data  marked  ‘b’  through  ‘g’  in  Fig.  1  dem¬ 
onstrate  this  as  Ji(NH3)  varies  from  2.3  x  10" to 
2.04  X  10"^  Torr,  respectively. 

In  contrast  to  this,  Ga  accumulation  during 
growth  results  in  Ga  desorption,  Jd(Ga),  which 
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Fig.  1.  Ga  desorption  (at  725°C)  versus  time  (Ji{Ga)  = 
0.1  ML/s)  for  the  follov^^ing  Ji(NH3)  ( x  10~^  Torr,  BEP):  (a)  0, 
(b)  2.3,  (c)  4.9,  (d)  8.4,  (e)  11.0,  (f)  14.0,  (g)  20.4,  and  (h)  81.6. 


Fig.  2.  Ga  desorption  (725°C,  Ji(Ga)  =  0.57  ML/s,  and  Ji(NH3) 
=  0  Torr  BEP)versus  time  in  a  island  growth  regime.  The  differ¬ 
ence  in  the  curve  shape  from  Fig.  1  is  indicative  of  Ga  accumula¬ 
tion  on  the  GaN  surface. 


does  not  rapidly  decay  to  zero  when  GaN  growth  is 
terminated.  This  is  because  Ga  pools  which  form 
on  the  surface  are  not  stable  at  T  =  725°C,  and  will 
continue  to  lose  Ga  through  desorption  until  they 
are  depleted.  An  example  of  this  is  shown  in  Fig.  2 
where  Ji(Ga)  of  0.57  ML/s  was  directed  onto  the 
GaN  surface  without  an  accompanying  ammonia 
flux.  It  is  clearly  observed  that  the  rise  and  decay  of 
QMS  69  signal  is  not  described  by  a  single  ex¬ 
ponential,  but  rather  exhibit  an  additional  feature 
as  a  result  of  surface  Ga  accumulation.  As  expected, 
Ga  desorption  persists  even  after  the  Ga  shutter  is 
closed,  for  nearly  20  s  in  the  case  of  data  shown  in 
Fig.  2,  until  the  accumulated  Ga  is  depleted.  The 
main  utility  of  observing  this  feature  is  that  the 
growth  conditions  required  to  cause  the  onset  of 
Ga  accumulation  can  be  easily  determined  in  this 
manner.  Note  that  even  small  amounts  of  Ga  accu¬ 
mulation  during  deposition  becomes  evident  as  the 
decay  signal  is  mathematically  analyzed.  Another 
utility  of  this  feature  is  that  it  yields  a  quantitative 
measure  of  the  amount  of  Ga  accumulated  during 
growth.  This  is  achieved  by  quantifying  excess  Ga 
desorption  after  the  Ga  shutter  is  closed  by  the 


proper  calibration  of  the  QMS  Ga  signal.  QMS  Ga 
signal  calibration  is  easily  achieved  by  desorbing 
a  known  incident  Ga  flux  in  its  entirety  at  an 
elevated  temperature  where  Ji(Ga)  =  Jd(Gla).  An 
example  of  this  is  shown  in  data  marked  ‘a’  in 
Fig.  1. 

The  rate  of  formation  of  GaN  at  steady  state, 
thus  o'(Ga),  can  be  obtained  in  one  of  the  two 
methods.  In  the  case  when  no  Ga  accumulation 
occurs,  (7(Ga)  is  given  directly  by  1  —  JJGa)/ 
Ji(Ga).  When  Ga  accumulation  occurs,  cr(Ga)  can 
be  computed  by  quantifying  the  Ga  accumulation 
by  extracting  the  rate  of  Ga  accumulation  based  on 
the  duration  of  the  Ga  shutter  opening,  and  deter¬ 
mining  an  effective  Ji(Ga)  with  which  to  calculate 
cr(Ga). 

Note  that  the  amount  of  Ga  accumulation  dur¬ 
ing  growth  is  occasionally  observed  to  reach  a  con¬ 
stant  value  and  coexist  with  GaN  formation.  Data 
shown  in  Fig.  2,  for  example,  indicate  that  the  Ga 
desorption  rate  is  constant  after  the  initial  rise,  and 
we  observe  that  the  amount  of  excess  Ga  desorp¬ 
tion  after  growth  is  terminated  is  often  independent 
of  the  duration  of  film  growth.  Despite  the  fact  that 
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growth  with  Ga  accumulation  is  of  limited  value  to 
the  grower,  the  extraction  of  (T(Ga)  at  these  condi¬ 
tions  can  give  additional  insight  into  GaN  growth 
kinetics. 


4.  Results  and  discussion 

Investigation  of  desorption  spectra  and  cr(Ga) 
measurements  were  used  to  identify  and  delineate 
the  three  distinct  growth  regimes:  (1)  GaN  forma¬ 
tion  only,  (2)  GaN  formation  and  Ga  desorption, 
and  (3)  GaN  formation,  Ga  desorption,  and  Ga 
accumulation.  Measured  values  of  <7(Ga)  as  a  func¬ 
tion  of  Ji(Ga)  and  Ji(NH3)  are  shown  in  Fig.  3, 
which  depicts  an  isothermal  growth  phase  diagram 
at  T  =  725X. 

It  was  observed  that  for  Ji(Ga)  <  ~  0.25  ML/s, 
(7(Ga)  increased  with  increasing  Ji(NH3),  and  that 
the  entire  0-1  range  of  u'(Ga)  could  be  achieved 
without  Ga  accumulation  at  T  =  725°C.  For 
example,  for  Ji(Ga)  =  0.23  ML/s,  cr(Ga)  was  ob¬ 
served  to  increase  from  0.1  to  ~1  as  Ji(NH3)  was 
increased  from  2.3  x  10“^  to  2.1  x  10“^  Torr  BEP. 
In  this  range,  the  Ga  desorption  flux  observed 


Fig.  3.  Plot  of  Ga  incorporation  ratio,  (T(Ga),  contours  as 
a  function  of  Ga  and  NH3  fluxes.  Labeled  in  the  figure  are  the 
three  primary  regimes  for  Ga  adatoms. 


at  Steady  state,  Jd(Ga),  is  equivalent  to  Ji(Ga) 
{l-c7(Ga)).  For  Ji(NH3)  above  2.1  x  10~^  Jd(Ga)  is 
zero  and  growth  takes  place  in  a  regime  where  all 
Ga  forms  GaN  (labeled  ‘GaN  Growth’). 

For  --0.25  <  Ji(Ga)  <  0.55  ML/s,  it  was  ob¬ 

served  that  Ga  accumulation  occurs  alongside 
GaN  growth  and  Ga  desorption  at  low  Ji(NH3), 
but  is  suppressed  at  intermediate  values  of  Ji(NH3). 
For  example,  for  Ji(Ga)  <  0.49  ML/s,  Ga  accu¬ 

mulation  was  observed  using  /i(NH3)  ~  1.6  x 
10"^  Torr  BEP,  but  was  eliminated  for  Ji(NH3)  ~ 
2.1xlO“^Torr  BEP. 

For  Ji(Ga)  >  --  0.55  ML/s,  it  was  observed  that 
large  ammonia  fluxes  are  required  to  suppress 
Ga  accumulation,  and  that  the  minimum  Ji(NH3) 
values  required  for  suppression  of  Ga  accumu¬ 
lation  are  also  the  minimum  values  to  achieve 
(7(Ga)  -  1. 

These  observations  suggest  a  surface  kinetic 
equilibrium  driven  by  the  surface  lifetime  of  Ga 
adatoms.  Their  average  surface  lifetime  at  a  given 
temperature  is  reduced  by  the  availability  of  NH3 
for  reaction,  and  by  the  presence  of  Ga  pools  which 
act  as  Ga  adatom  sinks.  The  growth  phase  diagram 
can  be  interpreted  as  the  competition  between  the 
three  processes  which  consume  the  Ga  adatom 
(reaction,  desorption,  accumulation).  In  the  ‘GaN 
growth’  regime,  reaction  rate  with  ammonia  is 
dominant  in  reducing  the  surface  lifetime  over 
others.  In  the  ‘GaN  growth  +  Ga  desorption’  re¬ 
gime  the  reduced  availability  of  reactive  NH3  re¬ 
sults  in  a  larger  Ga  adatom  surface  lifetime 
whereby  a  portion  of  the  Ga  adatom  population 
can  thermally  desorb.  In  the  ‘GaN  growth  -F  Ga 
desorption  +  Ga  accumulation’  regime,  the  Ga 
surface  lifetimes  are  primarily  limited  by  Ga  accu¬ 
mulation  as  inter-island  distances  become  smaller 
than  the  average  surface  diffusion  lengths.  It  is 
likely  that  much  of  the  Ga  desorption  flux  in 
this  regime  originates  from  accumulated  Ga  on  the 
surface. 

The  formation  of  GaN  is  thought  to  proceed 
according  to  the  following  relationship: 

Ga  +  NH3  ^  GaN  +  fHj  (1) 

and  the  kinetic  equation  is  given  by 

d(GaN)/dt  =  (NHjXGa)  (2) 
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Fig.  4.  Law  of  mass  action  for  GaN  formation  at  725°C.  Slopes 
near  unity  indicate  that  Eq.  (1)  is  representative  of  processes  in 
effect  at  interface  (e.g.  in  low  Ga  flux  regime). 

and  if,  At  =  constant  =  30  s  and  (Ga)  =  constant, 

(GaN)  oc  ((7(Ga))  oc  (NH3)”,  n=L  (3) 

Eq.  (3)  implies  that  when  ii(Ga)  is  constant,  the 
rate  of  GaN  formation,  (T(Ga),  is  proportional 
to  Ji(NH3)  for  the  above  chemical  reaction  to  be 
valid.  In  Fig.  4,  cr(Ga)  is  shown  as  a  function  of 
=  0.11  and  0,23  ML/s.  In  the  figure,  both 
slopes  are  near  unity  which  indicates  that  Eq.  (1)  is 
a  correct  description  of  the  reaction  at  these  Ga 
fluxes. 


5.  Conclusions 

A  broad  study  of  the  effect  of  Ga  and  NH3  on  the 
incorporation  of  Ga  into  GaN  films  grown  by 
MBE  was  conducted.  An  isothermal  plot  was  pro¬ 
duced  which  sheds  light  upon  the  nature  of  the 


incorporation  of  Ga  in  the  regime  of  NH3  fluxes 
from  1  to  100  X  10~^  Torr  and  for  Ga  fluxes  from 
0.11  to  0.86  ML/s.  The  plot  can  be  broken  into 
three  regimes.  The  first  is  where  there  exists  only 
GaN  growth.  This  occurs  at  all  Ga  fluxes  studied, 
but  only  at  the  higher  NH3  fluxes.  Second,  there  is 
a  region  where  competition  for  the  Ga  adatom 
exists  between  the  formation  of  GaN  and  the  Ga 
desorption.  This  occurs  at  low  Ga  and  low  NH3 
fluxes.  Finally,  at  high  Ga  and  low  NH3  fluxes, 
a  competition  between  Ga  accumulation,  Ga  de¬ 
sorption,  and  GaN  formation  occurs.  Due  to  the 
heavy  saturation  of  Ga  in  the  form  of  Ga  pools,  this 
competition  is  not  desired  for  the  growth  of  device 
quality  GaN  layers. [8] 
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Abstract 

Control  of  the  reversible  transformation  between  the  (2  x  2)  surface  reconstruction  and  the  unreconstructed  (1x1) 
surface  of  hexagonal-phase  GaN  during  growth  by  molecular  beam  epitaxy  is  examined  with  respect  to  substrate 
temperature,  gallium  flux,  nitrogen  flow  rate,  nitrogen  plasma  cell  power  and  system  pressure.  The  transition  is 
considered  to  occur  at  a  particular  surface  stoichiometry  which  depends  on  the  net  arrival  rate  of  reactant  species  at  the 
growth  surface.  The  (2  x  2)  surface  reconstruction  as  observed  by  RHEED  is  stable  under  a  nitrogen  environment, 
whereas  the  disappearance  of  the  half-order  reconstruction  occurs  during  Ga-rich  growth  yielding  a  (1  x  1)  RHEED 
pattern  and  eventual  accumulation  of  metallic  Ga  on  the  growth  surface.  Based  on  these  observations,  a  model  describing 
the  flux  balance  at  the  transition  stoichiometry  is  developed.  It  is  shown  to  be  useful  for  estimating  the  concentration  of 
active  nitrogen  species  available,  determining  the  interdependence  of  growth  parameters,  and  optimizing  growth 
conditions. 

PACS:  68.55.Bd;  68.35.Md;  61.14.  -  x 
Keywords:  MBE;  GaN;  RHEED;  Reconstructions 


1.  Introduction 

Molecular  beam  epitaxy  (MBE)  is  a  promising 
method  for  fabrication  of  GaN-based  heterostruc¬ 
ture  devices  where  high  purity  and  precise  control 
of  layer  thickness  are  required.  Light  emitting 
diodes  and  transistors  using  MBE-grown  GaN 
layers  have  already  been  reported  [1,  2].  While 
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GaN-based  devices  fabricated  by  metalorganic 
vapor-phase  epitaxy  (MOVPE)  have  been  commer¬ 
cialized  [3],  MBE  technique,  despite  its  potential 
advantages,  has  not  yet  been  proven  to  reproduc- 
ibly  yield  high-quality  GaN  layers  for  commercial 
purposes.  Encouraging  reports  of  MBE-grown 
GaN  films  with  high  carrier  mobility  exist  [4],  but 
there  remain  problems  such  as  poor  surface  mor¬ 
phology  and  ion  damage  from  plasma  cells  used  to 
excite  molecular  nitrogen  [5].  Studies  to  determine 
the  influence  of  growth  parameters  such  as 
stoichiometry,  temperature,  and  plasma  conditions 
on  the  resulting  film  quality  have  been  reported 
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[6-8],  but  the  interdependency  of  parameters  is 
rather  complicated;  each  parameter  is  often  varied 
independently  to  determine  the  optimum  growth 
conditions. 

The  (2  X  2)  reconstruction  has  been  previously 
observed  and  demonstrated  to  correspond  to 
a  stable  growth  front  for  achieving  good  quality 
epitaxial  GaN  layers  by  MBE  [9-1 1].  The  appear¬ 
ance  of  this  and  other  reconstructions  on  the  sur¬ 
face  of  GaN  during  various  stages  of  MBE  growth, 
with  discussion  on  their  possible  origins,  has  also 
been  documented  [10, 11]. 

We  have  found  the  (2  x  2)  reconstruction  to  be 
a  useful  reference  point  for  the  stoichiometry  of  the 
GaN  surface  during  growth  by  MBE  [12,  13].  Dur¬ 
ing  growth,  the  (2  x  2)  reconstruction  was  observed 
to  exist  on  smooth  growth  surfaces  free  of  excess 
Ga.  The  fading  of  the  (2  x  2)  reconstruction  as  ob¬ 
served  by  RHEED  occurs  when  the  Ga  concentra¬ 
tion  on  the  surface  is  increased.  When  the  surface 
Ga  is  increased  beyond  a  certain  amount,  the 
half-order  reconstruction  is  no  longer  visible 
and  a  (1x1)  RHEED  pattern  is  obtained.  This 
transition  can  be  induced  by  increasing  the  oncom¬ 
ing  Ga  flux  or  by  decreasing  the  growth  surface 
temperature,  thereby  increasing  the  sticking  coeffic¬ 
ient  of  Ga  on  the  surface.  It  was  found  that  growing 
in  the  (2  x  2)  reconstruction  regime  near  the 
transition  yields  favorable  epitaxial  film  quality 
[13]. 

In  this  work,  the  transition  between  the  (1  x  1) 
and  the  (2  x  2)-reconstructed  surface  observed  by 
RHEED  is  used  as  a  reference  point  for  a  certain 
surface  stoichiometry  to  examine  the  interdepen¬ 
dency  of  substrate  temperature,  gallium  flux,  nitro¬ 
gen  flow  rate,  nitrogen  plasma  cell  power,  and 
system  pressure.  With  this  reference  point,  the  ob¬ 
served  relationship  between  the  growth  parameters 
is  used  to  model  the  stoichiometric  balance  and 
arrival  rates  of  the  reacting  species  at  the  surface. 

2.  Experimental  procedure 

A  standard  MBE  apparatus  equipped  with 
RHEED  was  used  for  growth.  Reactive  nitrogen 
species  were  generated  by  an  Astex  electron  cyclo¬ 
tron  resonance  (ECR)  cell  operated  at  40  W  (unless 


otherwise  stated).  No  energetic  ion  removing  grid 
or  magnet  was  used.  The  flux  from  the  Ga  effusion 
cell  arriving  at  the  substrate  was  calibrated  as 
a  function  of  Ga  cell  temperature  using  RHEED 
oscillations  on  GaAs  in  combination  with  a 
Bayard-Alpert  ion  guage.  Sample  temperature  was 
measured  with  a  thermocouple  placed  behind  the 
substrate.  Growth  was  carried  out  homoepitaxially 
on  3  pm  thick  GaN  layers  grown  by  metalorganic 
vapor-phase  epitaxy  (MOVPE)  on  (0  0  0  1)  sap¬ 
phire  to  ease  nucleation,  eliminate  interface  strain 
and  defects  associated  with  substrate  lattice  mis¬ 
match.  Substrates  were  cleaned  sequentially  in  hot 
aqua-regia,  degreasing  solvents,  concentrated  hydro¬ 
fluoric  acid  and  finally  rinsed  in  propanol.  The 
substrate  was  introduced  into  the  chamber  and 
degassed  at  400°C  for  1  h.  The  characteristic  (2  x  2) 
RHEED  pattern  could  often  be  distinguished  at 
this  stage  if  the  GaN  substrate  surface  was  smooth 
and  properly  cleaned.  After  nitrogen  gas  was 
flowed  into  the  chamber,  the  substrate  was  heated 
to  the  growth  temperature.  No  particular  high-tem¬ 
perature  thermal  cleaning  or  surface  nitridization 
step  was  employed  prior  to  beginning  of  growth. 
A  range  of  growth  conditions  was  examined  as 
described  in  detail  in  the  discussion  below. 


3.  Results  and  discussion 

It  is  found  that  the  transition  for  the 
(2  X  2)-(l  X  1)  RHEED  pattern  follows  a  curve  on 
a  plot  of  substrate  temperature  vs.  Ga  flux  as  in 
Fig.  1.  For  a  given  nitrogen  flow  rate  and  plasma 
cell  power,  shifting  growth  conditions  slightly  to 
the  upper  left  of  a  curve  (i.e.,  higher  Ga  flux  or 
lower  substrate  temperature)  yields  a  surface  that  is 
(1x1),  whereas  to  the  lower  right  of  a  curve  (i.e. 
lower  Ga  flux  or  higher  substrate  temperature) 
gives  the  conditions  where  the  (2  x  2)  reconstruc¬ 
tions  can  be  seen. 

The  transition  from  the  surface  which  displays 
the  (2  X  2)  reconstruction  to  that  which  is  unrecon¬ 
structed  is  believed  to  correspond  to  a  unique 
stoichiometric  ratio  of  atoms  on  the  surface.  This 
stoichiometry  is  expected  to  be  the  same  for  any 
combination  of  growth  parameters  at  which  the 
transition  is  observed  and,  therefore,  used  as  a 
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Fig.  1.  Plot  of  Ga  flux  vs.  substrate  temperature  Ts  showing 
the  transition  curves  between  (2  x  2)  reconstructed  and  unrecon¬ 
structed  surfaces  for  differing  nitrogen  flow  rates.  The  dotted 
lines  at  the  base  of  each  curve  denote  the  nitrogen  flux 
participating  in  growth, 

reference  point  by  which  the  interdependency  of 
growth  parameters  can  be  determined. 

During  growth,  some  flux  ratio  of  reactive  nitro¬ 
gen  atoms  to  gallium  atoms  arriving  at  the 
surface  is  necessary  to  maintain  the  surface 
stoichiometry  corresponding  to  the  reconstruction 
transition.  In  the  case  of  low  temperatures  where 
Ga  reevaporation  from  the  growth  surface  is  negli¬ 
gible,  the  ratio  is  written  as  For  the 

present  analysis,  a  is  assumed  to  be  temperature 
independent.  At  higher  growth  temperatures,  it  is 
seen  that  an  exponentially  higher  amount  of  on¬ 
coming  Ga  flux  is  required  to  maintain  the  surface 
at  the  transition  stoichiometry.  This  extra  Ga  is 
required  to  compensate  for  the  reevaporation  of  Ga 
from  the  surface  as  the  substrate  temperature  is 
increased.  The  transition  curves  in  Fig.  1  are  dis¬ 
placed  upward  with  increasing  nitrogen  flow  rate, 
indicating  that  the  active  nitrogen  increases  with 
the  nitrogen  flow  rate.  It  is  shown  below  that  this 
displacement  is  approximately  linear  with  nitrogen 
passing  through  the  cell. 

The  form  of  the  transition  curves  can  be  inter¬ 
preted  as  a  sum  of  a  constant  and  an  exponential, 

^Ga  =  a^N  +  >1  exp(  -  EJkT^.  (1) 

The  desorption  of  Ga  from  the  growth  surface  at 
temperature  is  a  thermally  activated  process 
given  by  the  term  A  exp  (  —  EJkTs)  with  activation 


energy  E^  and  preexponential  A,  which  is  assumed 
constant.  Fitting  the  data  in  Fig.  1  with  Eq.  (1), 
a  typical  activation  energy  function  for  the  Ga 
reevaporation  is  6.5  x  10^®  exp(  —  where 

Boltzmann’s  constant  k  has  units  eV/K  and  the 
uncertainty  in  the  activation  energy  is  about  0.4  eV 
[13].  The  activation  energy  we  observe  for  the 
desorption  compares  reasonably  with  2.8  eV,  that 
of  evaporation  of  metallic  Ga  [14].  This  indicates 
that  we  are  observing  the  desorption  of  excess  Ga 
from  the  GaN  surface  rather  than  thermal  de¬ 
composition  of  the  crystal,  which  is  expected  to 
have  a  significantly  higher  activation  energy. 

By  Eq.  (1),  the  number  of  Ga  atoms  participating 
in  growth  per  unit  time  and  surface  area, 
^Ga  —  ^  exp(  -  EJkT^\  is  equal  to  Therefore, 
the  value  of  a^N  obtained  as  a  result  of  the  curve¬ 
fitting  procedure  is  the  nitrogen  flux  participating 
in  growth  if  a  perfect  lattice  stoichiometry  is  as¬ 
sumed.  The  values  of  determined  for  the  differ¬ 
ent  flow  rates  are  shown  by  the  dotted  lines  at  the 
base  of  each  curve  in  Fig.  1.  Knowing  the  net  de¬ 
position  rate  of  species  on  the  sample  surface,  the 
GaN  growth  rate  can  then  be  calculated  [13]. 

The  ability  to  describe  successfully  the  data  in 
Fig.  1  in  terms  of  only  and  the  net  Ga  flux 
attests  to  the  validity  of  the  model  and  the  asso¬ 
ciated  assumptions.  Within  the  range  of  conditions 
under  consideration,  it  is  apparently  unnecessary  to 
account  for  desorption  of  nitrogen  to  explain  the 
data. 

Although  there  is  some  uncertainty  in  the  activa¬ 
tion  energy  E^  due  to  difficulties  in  accurate  and 
consistent  surface  temperature  measurement  from 
sample  to  sample  where  variations  in  thermal  con¬ 
duction  around  the  substrate  and  thermocouple 
exist,  the  repeatability  of  points  on  a  transition 
curve  for  a  given  sample  is  good  to  within  a  vari¬ 
ation  of  about  2°C  in  Ga  cell  and  substrate  temper¬ 
ature  indicating  that  the  transition  curves  of  the 
(2  X  2)  reconstruction  are  a  good  reference  for 
growth. 

When  films  are  grown  for  extended  periods  be¬ 
yond  the  transition  curve  where  the  (2  x  2)  recon¬ 
struction  pattern  cannot  be  seen  because  of  excess 
Ga,  dimming  of  the  fundamental  RHEED  diffrac¬ 
tion  rods  also  occurs.  In  this  case,  returning  to  the 
transition  conditions  does  not  immediately  yield 
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the  reappearance  of  the  reconstructions.  Growth  in 
the  Ga  rich  side  of  the  transition  curve  is  found  to 
eventually  cause  excess  Ga  droplet  formation  over 
the  GaN  surface.  The  stationary  nature  of  the 
transition  conditions  is  forfeited  until  accumulated 
Ga  is  reevaporated.  For  a  given  reactive  nitrogen 
supply,  the  transition  curve  approximately  corres¬ 
ponds  to  the  conditions  of  maximum  growth  rate 
achievable  without  development  of  Ga  droplets. 
A  stable  growth  front  can  be  maintained  for  many 
hours  with  almost  no  adjustments  to  the  growth 
parameters  at  the  transition  stoichiometry.  In  the 
extremes,  mobility  of  the  growth  species  may  be 
reduced  at  temperatures  less  than  575°C  and 
three-dimensional  growth  can  take  place.  At  high 
temperatures  above  ~  750°C,  some  blurring  of  the 
RHEED  pattern  is  observed  which  may  be  due  to 
degeneration  of  the  surface.  However,  within  the 
range  of  conditions  shown  in  Fig.  1,  the  curves 
demonstrate  a  broad  range  of  interdependent 
growth  parameters  which  yield  a  given  surface 
stoichiometry  for  stable  growth. 

When  the  substrate  temperature  is  held  constant 
during  growth,  the  exponential  term  in  Eq.  (1)  cor¬ 
responding  to  the  reevaporation  of  Ga  from  the 
surface  is  constant.  At  transition  conditions,  the 
effect  of  a  growth  condition  change  can  be  meas¬ 
ured  in  terms  of  the  Ga  flux  required  to  keep  the 
growth  surface  at  the  transition  stoichiometry. 
With  Eq.  (1),  the  active  nitrogen  participating 
growth  and  a  general  measure  of  the  active 
nitrogen  flux  available  can  be  obtained  as  a  func¬ 
tion  of  various  growth  and  system  parameters.  By 
this  means,  the  relationship  between  active  nitro¬ 
gen  species  participating  in  growth  and  the  nitro¬ 
gen  flow  rate  was  determined.  While  Fig.  1  shows 
the  upward  displacement  of  the  transition  curves 
for  four  nitrogen  flow  rates,  a  more  detailed  exam¬ 
ination  of  this  increase  was  done  on  a  single  sample 
surface  at  constant  temperature,  plasma  power 
and  system  pressure.  The  system  pressure  was 
monitored  with  an  ion  guage  placed  near  the 
sample  and  maintained  by  adjusting  the  valve  to 
the  pumping  system.  Fig.  2  shows  that  the  Ga  flux 
needed  to  maintain  the  surface  at  the  transition 
stoichiometry  increases  approximately  linearly 
with  nitrogen  flow  rate  between  3  and  9  ccm.  By 
Eq.  (1),  the  nitrogen  participating  in  growth  is  also 


Fig.  2.  The  transition  between  the  {2  x  2)  and  (1x1)  surface 
examined  as  a  function  of  nitrogen  flow  rate.  It  is  found  that  the 
Ga  flux  to  maintain  the  growth  surface  at  the  transition 
stoichiometry  is  approximately  linear  with  nitrogen  flow  rate 
between  3  and  9  ccm,  indicating  that  the  active  nitrogen  supply 
participating  in  growth  is  also  linearly  related  to  nitrogen  flow 
rate  through  the  plasma  cell. 


increasing  linearly.  It  can  therefore  be  concluded 
that  the  active  nitrogen  available,  and  conse¬ 
quently,  the  growth  rate  can  be  increased  linearly 
with  nitrogen  flow  rate  within  this  range.  Interpola¬ 
ting  the  line  to  the  y-axis  where  the  nitrogen  supply 
is  zero,  ^oa  =  ^  exp(  —  EJkT^  by  Eq.  (1).  At  this 
condition,  no  growth  is  expected  and  the  arriving 
Ga  flux  must  be  equal  to  reevaporating  Ga  to 
maintain  the  surface  at  the  transition 
stoichiometry.  The  activation-energy  function  for 
surface  Ga  reevaporation  given  above  gives 
21.3  X  10^^  at/cm^  s  at  Tg  =  625°C,  corresponding 
reasonably  to  the  value  of  30  x  10^^  at/cm^  s  ob¬ 
tained  at  the  y-intercept  in  Fig.  2. 

Using  the  transition  surface  stoichiometry  as 
a  reference  point  for  the  determination  of  the  active 
nitrogen  species  participating  in  growth,  the 
plasma  power  was  varied  and  the  Ga  flux  required 
to  obtain  the  (2  x  2)-(l  x  1)  RHEED  transition  was 
sought.  Fig.  3  shows  the  transition  curve  for  two 
nitrogen  flow  rates.  In  both  cases,  it  is  found  that 
the  amount  of  available  nitrogen  for  growth  in¬ 
creases  with  plasma  power  to  approximately  40  W, 
then  saturates.  It  is  seen  that  increasing  plasma 
power  beyond  a  certain  point  provides  no  addi¬ 
tional  active  nitrogen,  and  consequently,  no  in¬ 
creased  growth  rate. 

Although  these  particular  results  are  probably 
characteristic  of  the  present  plasma  source  and 
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Fig.  3.  The  transition  between  the  (2x2)  and  (1  x  1)  surface 
examined  as  a  function  of  plasma  excitation  power.  For  two 
nitrogen  flow  rates,  it  is  found  that  the  Ga  flux  to  maintain  the 
growth  surface  at  the  transition  stoichiometry  increases  as  the 
power  is  increased  to  ~  40  W,  but  the  transition  curve  is  flat  for 
greater  excitation  power.  This  indicates  that  the  active  nitrogen 
supply  increases  for  powers  up  to  40  W,  then  saturates. 

system  geometry,  it  is  nevertheless  a  test  to  deter¬ 
mine  the  active  nitrogen  flux  available  which  can  be 
applied  in  any  system.  Although  information  about 
nitrogen  species  has  been  obtained  using  optical 
emission  spectra  (for  example,  Refs.  [15,  16])  or 
mass  spectroscopy  (for  example,  Ref.  [16])  the  pres¬ 
ent  method  can  be  used  on  any  MBE  system  equip¬ 
ped  with  RHEED.  A  further  benefit  is  that  no 
assumptions  need  to  be  made  with  regard  to  the 
efficiency  of  reaction  of  the  various  excited  nitrogen 
species,  since,  in  the  RHEED  surface  analysis,  the 
nitrogen  species  participating  in  growth  is  being 
measured  directly. 

The  transformation  between  the  (2  x  2)  and  the 
(1x1)  RHEED  pattern  was  examined  as  a  function 
of  system  pressure  to  determine  the  influence  of 
pressure  on  the  growth  stoichiometry.  Fig.  4  shows 
the  transition  as  a  function  of  pressure  obtained 
using  a  constant  nitrogen  flow  rate  of  2  ccm  and 
substrate  temperature  of  615°C.  It  can  be  seen  that 
an  increasing  amount  of  Ga  supply  is  required  to 
maintain  the  surface  stoichiometry  corresponding 
to  the  reconstruction  transition  as  the  pressure  is 
increased;  it  appears  that  the  increased  background 
pressure  causes  more  blocking  of  the  Ga  from  the 
cell  relative  to  the  nitrogen  supply  that  is  main¬ 
tained  constant.  A  possible  explanation  for  the  be¬ 
havior  observed  in  Fig.  4  is  that  in  the  present 
system,  the  exit  aperture  of  the  nitrogen  cell  is 
significantly  closer  to  the  substrate  than  the  Ga 


Fig.  4.  The  reconstruction  transition  curve  plotted  as  Ga  flux 
vs.  chamber  pressure,  for  the  determination  of  the  relative  arri¬ 
val  rates  of  species  at  the  growth  surface  as  the  mean  free  path  is 
reduced.  For  a  constant  nitrogen  flow  rate,  it  is  seen  that  the  Ga 
flux  from  the  cell  must  be  increased  to  maintain  the  surface  at 
the  (2  X  2)-(l  X  1)  transition  stoichiometry.  It  is  believed  that 
there  are  more  Ga  collisions  taking  place  because  the  Ga  cell  is 
placed  almost  two  times  further  away  from  the  substrate  than 
the  nitrogen  plasma  cell  exit;  the  Ga  flux  must  thus  be  increased 
to  compensate. 

melt  in  the  Knudsen  cell;  the  distance  between  the 
Ga  cell  and  the  substrate  is  20  cm,  whereas  the 
distance  between  the  nitrogen  cell  and  the  substrate 
is  1 1.5  cm.  Because  the  Ga  source  is  almost  twice  as 
far  from  the  substrate,  it  is  expected  that  the  Ga  is 
more  susceptible  to  the  influence  of  the  decrease  in 
the  mean  free  path  associated  with  the  pressure 
increase.  In  order  to  compensate,  the  Ga  flux  from 
the  cell  must  be  increased  to  maintain  the  surface  at 
the  transition  stoichiometry. 


4.  Conclusion 

Transition  curves  delimiting  the  (2  x  2)  recon¬ 
struction  regime  were  characterized  and  shown  to 
be  a  reference  for  a  particular  growth  surface 
stoichiometry  which  can  be  used  for  observing  the 
interdependency  of  growth  parameters.  The  trans¬ 
formation  from  a  (2  X  2)-reconstructed  surface  to 
that  which  gives  a  (1x1)  RHEED  pattern  was 
shown  to  occur  because  of  excess  Ga  on  the  surface. 
For  a  given  reactive  nitrogen  supply,  the  transition 
curve  approximately  corresponds  to  the  conditions 
of  maximum  growth  rate  achievable  without  devel¬ 
opment  of  Ga  droplets  on  the  surface.  The  displace¬ 
ment  of  the  transition  curves  show  how  growth  rate 
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can  be  scaled  with  nitrogen  supply,  and  the  influ¬ 
ence  of  nitrogen  plasma  cell  power  and  background 
pressure  on  the  arrival  rates  of  growth  species.  The 
(1  X  l)-(2  X  2)  reconstruction  transition  provides 
a  means  for  in  situ  monitoring  of  the  stoichiometry 
on  the  sample  surface. 
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Abstract 

Effect  of  III/V  ratio  on  the  quality  of  GaN  epilayers  has  been  investigated.  GaN  films  were  grown  on  the  c-plane  of 
sapphire  by  using  radio  frequency  (RF)  nitrogen  plasma-assisted  molecular  beam  epitaxy  (MBE).  A  home-made  III-V 
nitride  MBE  system  consisted  of  an  inductively  coupled  RF  nitrogen  plasma  source  and  solid  source  effusion  cells  were 
used  to  grow  GaN  films.  The  results  of  reflection  high  energy  electron  beam  diffraction  (RHEED)  and  double  crystal 
X-ray  diffraction  indicate  that  crystal  quality  of  GaN  epilayers  is  strongly  dependent  on  the  Ga  flux.  Room  temperature 
photoluminescence  spectrum  of  undoped  GaN  epilayer  is  peaked  at  3.39  eV  and  no  discernible  yellow  luminescence 
resulting  from  ion  damages  are  observed.  Effect  of  Mg  flux  on  the  carrier  concentration  of  p-GaN  have  also  been 
investigated.  Fairly  uniform  p-doping  concentration  as  high  as  5.33  x  10^^/cm^  throughout  the  GaN  crystal  were 
obtained.  The  sample  grown  with  Tqz  =  900*^0  and  =  130°C  exhibits  very  streaky  RHEED  patterns  and  the  highest 
p-type  doping  concentration. 

Keywords:  GaN;  MBE;  p-Doping 


1.  Introduction 

Recent  advancement  in  the  growth  techniques  of 
III-V  nitride  semiconductors  which  include  meta- 
lorganic  chemical  vapor  deposition  (MOCVD)  and 
molecular  beam  epitaxy  (MBE)  has  resulted  in  the 
commercialization  of  GaN-based  blue/green  light 
emitting  diodes  (LEDs)  [1,  2]  and  successful  dem¬ 
onstration  of  current-injection  blue/purple  lasing 
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under  pulsed  mode  [3, 4].  MOCVD  has  been 
a  choice  of  growth  method  for  fabricating  GaN- 
based  LEDs  and  laser  diode  since  the  growth  rate 
of  the  MOCVD  process  is  faster  than  that  of  MBE 
due  to  high  atomic  nitrogen  incorporation  with  Ga 
[5],  As  a  result,  most  research  groups  working  on 
the  GaN-based  material  growth  have  concentrated 
on  the  MOCVD.  However,  the  turn-on  voltage  of 
the  Nichia’s  MOCVD-grown  laser  diode  is  28  V 
due  to  high  contact  resistance  of  p-GaN  layer  [4]. 
This  is  mainly  attributed  to  the  low  p-doping  con¬ 
centration,  in  the  range  of  mid  10^^  to  low  10^7 
cm^,  in  the  MOCVD  process. 
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Meanwhile,  MBE  has  recently  been  utilized  us¬ 
ing  conventional  III-V  MBE  systems  equipped 
with  either  electron  cyclon  resonance  (ECR)  or 
radio  frequency  (RF)-plasma  sources  for  supplying 
atomic  nitrogen.  The  main  advantages  of  MBE 
over  MOCVD  for  GaN  growth  are  (a)  low  temper¬ 
ature  growth,  (b)  precise  control  of  thickness  and 
composition,  (c)  high  p-type  doping  concentration 
[6,  7],  (d)  free  of  post-growth  annealing  process  for 
p-type  conductivity  [7],  and  (e)  in  situ  chara¬ 
cterization  capability.  Despite  these  advantages, 
however,  slow  growth  rate  of  MBE,  typically 
0.1-0.15  pm/h,  is  the  main  disadvantage  compared 
with  other  growth  techniques  [8]. 

Nevertheless,  in  order  to  realize  the  continuous 
wave  lasing  of  GaN-based  blue  laser  diode,  it  is 
essential  to  reduce  p-type  contact  resistance  by 
increasing  the  p-type  doping  concentration  and 
enhance  the  optical  gain  by  fine  control  of  active 
layer  thickness  and  composition  at  low  temper¬ 
ature.  In  this  respect,  MBE  is  considered  as  a  viable 
growth  method  to  meet  those  requirements.  This  is 
evidenced  by  Akasaki  et  al.  who  have  demonstrated 
ultraviolet  lasing  (316  nm)  under  pulsed  mode  by 
using  GaN/GaInN  ultra  thin  multilayers  grown 
with  RF-plasma  assisted  MBE  on  MOCVD-grown 
GaN  [9,  10]. 

In  this  work,  we  have  investigated  growth  and 
doping  of  GaN  epilayers  by  using  RF  plasma- 
assisted  MBE  (PAMBE).  The  main  objective  of  this 
work  is  to  study  the  effect  of  Ga  and  Mg  flux  on  the 
optical,  electrical  and  structural  properties  of  epi¬ 
taxial  GaN  thin  films.  The  major  characterization 
tools  used  for  this  study  were  reflection  high  energy 
electron  beam  diffraction  (RHEED)  and  double 
crystal  X-ray  diffraction  (DXRD),  photolumines¬ 
cence  (PL),  Van  der  Pauw-Hall  effect  measure¬ 
ment,  and  secondary  ion  mass  spectrometry 
(SIMS). 

2.  Experimental  procedure 

A  schematic  of  the  MBE  system  specifically  de¬ 
signed  and  constructed  for  the  growth  of  high- 
quality  Ill-nitride  epitaxial  thin  films  is  shown  in 
Fig.  1.  The  MBE  system  is  capable  of  growing  up 
to  twelve  3  in  wafers  continuously  without  break¬ 


ing  vacuum.  In  order  to  obtain  a  high  growth  rate 
and  to  provide  flexibility  in  gas  use,  a  600  W  induc¬ 
tively  coupled  RF  nitrogen  plasma  source  and 
2200  ^/s  corrosion  resistant  turbomolecular  pump 
were  employed.  We  obtained  a  growth  rate  of  up  to 
0.6  |Lim/h  without  significantly  deteriorating  the 
film  quality.  Effusion  cells  which  include  Ga,  Al,  In 
and  Si,  Mg  dopant  cells  from  EPI  MBE  Products 
Group  were  used  to  supply  highly  uniform  molecu¬ 
lar  beam  fluxes.  The  lowest  pressure  obtained  was 
4  X  10“  Torr  by  using  turbomolecular  pump  and 
400  //s  ion/Ti  sublimation  pumps. 

c-Plane  (0  0  0  1)  sapphire  wafers  were  used  as 
a  substrate.  Prior  to  growth,  sapphire  substrates 
were  degreased  in  organic  solvents  and  etched  in 
a  3  :  1  solution  of  H2SO4  and  H3PO4  at  170°C.  In 
the  growth  chamber,  the  substrates  were  subjected 
to  thermal  desorption  at  850°C  for  30  min  followed 
by  nitridation  using  nitrogen  plasma  source  for 
20  min  to  form  a  thin  AIN  prelayer.  After  that, 
20  nm  thick  AIN  buffer  layers  were  grown  at  500°C. 
High  purity  N2  (6N)  was  further  cleaned  using 
a  nitrogen  purifier  (ASA  Getters  Inc.)  and  supplied 
into  the  RF  plasma  source.  In-growth  doping  was 
done  using  high  purity  Si  (6N)  and  Mg  (6N)  as  n- 
and  p-type  dopants,  respectively.  For  n-type  dop¬ 
ing,  Si  cell  temperature  was  set  at  1070°C  while 
Mg  cell  temperatures  were  varied  from  120  to 
190°C  in  order  to  study  the  Mg  flux  effect  on  the 
p-doping  of  the  GaN  epilayers.  Detailed  experi¬ 
mental  set  up  and  procedures  can  be  found  else¬ 
where  [11,  12]. 

In  situ  characterizations  were  carried  out  using 
15  kV  RHEED  (Staib  Instruments  Inc.,  Model 
EK-15-RMG)  and  200  amu  quadrupole  mass  spec¬ 
trometer  (Balzers,  Model  100  MA)  to  monitor  the 
surface  structure  of  films  grown  during  GaN 
growth  and  atomic  nitrogen  flux,  respectively. 
Crystal  quality  of  the  grown  samples  were  meas¬ 
ured  by  DXRD  (Bede  Scientific  Inc.,  Model  FR 
590)  at  35  kV  and  35  mA.  Room  temperature  PL 
were  performed  using  325  nm  He-Cd  laser  at 
1.6  mW  power  with  GaAs  PM-tube  detector.  Van 
der  Pauw-Hall  measurements  were  used  to  deter¬ 
mine  the  carrier  concentrations  and  Hall  mobility 
of  grown  GaN  samples.  Finally,  Mg  doping  profile 
in  the  GaN  crystal  were  characterized  using 
Cameca  ims  5f  SIMS  system. 


In  Fig.  2,  RHEED  patterns  of  0. 
epilayers  taken  at  [11-20]  azimul 
a  function  of  Ga  temperature.  In  o 
effect  of  III-V  flux  ratio  on  the  cr 
temperatures  were  varied  from  90( 
substrate  temperature  and  nitroge 
conditions  were  fixed  at  ySO^'C 
power  with  2  seem  N2  flow  rate,  1 
background  pressure  during  GaN  j 
cally  4.5  x  10"^  Torr  at  2  seem  N 
growth  rates  of  GaN  films  shown  h 
in  the  range  of  80-150  nm/h  depei 
temperature.  From  the  figures,  it  is 
the  RHEED  oattern  is  eettine  m 
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Fig.  2.  RHEED  patterns  of  0.2  pm  thick  undoped  GaN  epilayers  taken  at  [11-20]  azimutal  as  a  function  of  Ga  temperature:  A) 
=  915°C,  B)  Toa  =  910°C,  C)  =  905°C,  and  D)  Toa  =  900X,  at  a  fixed  nitrogen  flux  (400  W  RF  power,  2  seem  N2  flow)  and 
substrate  temperature  {T^  =  750°C), 


DXRD  results,  it  is  concluded  that  crystal  quality 
of  GaN  epilayers  is  strongly  dependent  on  the  Ga 
flux.  As  far  as  the  structural  property  of  GaN  epi- 
layer  is  concerned,  the  DXRD  results  are  consistent 
with  that  of  RHEED. 

Effect  of  Ga  flux  on  the  optical  property  of  un¬ 
doped  GaN  films  were  investigated  using  PL.  In 
Fig.  4,  room  temperature  PL  spectra  of  undoped 
GaN  samples  are  shown  as  a  function  of  Ga  tem¬ 
perature.  At  room  temperature,  fairly  strong  ex- 
citon  peaks  were  observed  at  3.39  eV  for  all  samples 
indicating  that  the  grown  GaN  thin  films  are  of  an 
optically  high  quality.  FWHM  of  exciton  peaks  for 
these  undoped  GaN  samples  are  varied  from  185.5 
to  263  meV.  The  samples  grown  with  Ga  temper¬ 
atures  at  either  900  or  915°C  exhibit  narrower 
FWHM  than  those  at  other  Ga  temperatures. 
From  the  results  of  RHEED,  DXRD,  and  PL  of 
undoped  GaN  samples,  it  seems  like  that  there  are 
no  close  relationships  between  structural  property 
and  optical  property  of  GaN  films.  In  particular, 
however,  it  is  important  to  note  that  no  discernible 
yellow  emissions  are  observed  in  our  PAMBE- 


grown  GaN  epilayers  although  PL  measurements 
were  carried  out  at  room  temperature  while  it  is 
usual  in  the  MOCVD-grown  GaN  films  [13].  This 
means  that  there  are  no  detectable  impurities  from 
source  materials  or  defects  generated  by  energetic 
nitrogen  ions  from  RF  nitrogen  source. 

In-growth  doping  of  n-GaN  and  p-GaN,  have 
been  carried  out  using  solid  source  Si  and  Mg  as 
n-type  and  p-type  dopant,  respectively.  Silicon 
dopant  cell  temperature  was  set  at  1070°C  for 
all  n-GaN  growth  samples.  The  resulting  n-type 
doping  concentration  was  measured  to  be  3-5  x 
10^®/cm^  by  Van  der  Pauw-Hall  measurement.  In 
order  to  study  the  effect  of  Mg  flux  on  the  doping 
concentration  of  p-GaN,  Mg  cell  temperatures 
were  varied  from  120  to  190°C  at  a  fixed  substrate 
temperature  and  nitrogen  flux.  Fig.  5  shows  series 
of  RHEED  patterns  for  LOpm-thick  p-GaN 
samples  as  a  function  of  Mg  flux.  Comparing 
with  undoped  GaN  samples  shown  in  Fig.  2,  in 
general,  RHEED  patterns  are  streaky  since  these 
p-doped  GaN  samples  were  grown  at  relatively 
lower  Ga  temperatures,  i.e.  slower  growth  rate. 
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Fig.  3.  FWHM  of  X-ray  rocking  curve  for  0.3  thick  undoped  GaN  films  as  a  function  of  Ga  temperature;  substrate  temperature  and 
nitrogen  flux  were  same  as  indicated  in  Fig.  2  (inset  shows  a  representative  X-ray  rocking  curve  of  the  sample  grown  with  Toa  =  900"’C). 


Energy  feV] 


Fig.  4.  Room  temperature  PL  spectra  of  undoped  GaN  films 
grown  with  different  Ga  temperatures  at  a  fixed  substrate  tem¬ 
perature  (750°C)  and  nitrogen  flux  (400  W  RF  power,  2  seem 
N2  flow);  (a)  915°C,  (b)  910°C,  (c)  905°C,  and  (d)  900°C. 


From  the  figures,  the  best  RHEED  pattern  can  be 
obtained  for  the  sample  grown  with  Tca  =  900°C 
and  Twg  =  130°C  [Fig.  2b].  With  increasing  or  de¬ 
creasing  Mg  flux,  the  RHEED  patterns  turn  spotty. 
Particularly,  the  RHEED  pattern  of  the  sample 
doped  with  Tmq  =  120°C  looks  very  hazy  and 
amorphous.  According  to  our  RHEED  study, 
maintaining  the  optimum  flux  ratio  between  Ga 


and  Mg  is  necessary  to  grow  atomically  flat  surface 
of  GaN  epilayers.  In  naked  eye  inspections,  we  were 
able  to  observe  a  transparent  appearance  for  the 
sample  grown  with  Tca  =  900°C  and  130°C. 

Otherwise,  the  samples  grown  with  either  higher  or 
lower  Mg  flux  appear  to  be  yellow. 

Results  from  Van  der  Pauw-Hall  measurements 
of  p-doped  GaN  samples  are  listed  in  Table  1.  We 
obtained  a  p-type  carrier  concentration  of  GaN 
as  high  as  5.33  x  10^®  cm"^  by  PAMBE  without 
post-growth  annealing  treatment.  p-Type  carrier 
concentration  of  sample  2  increases  by  two  orders 
of  magnitude  compared  with  sample  1  as  Mg  tem¬ 
perature  increases  from  120  to  130°C,  which  is 
equivalent  to  the  Mg  flux  increment  by  13.5  times. 
However,  further  increase  in  Mg  flux  eventually 
reduces  p-type  carrier  concentration.  When  the  Mg 
atoms  are  introduced  into  the  GaN  above  the  solu¬ 
bility  limit,  excess  Mg  atoms  cannot  take  a  substi¬ 
tutional  site  of  the  GaN  crystal.  As  a  result,  these 
interstitial  atoms  are  acting  as  donors  rather  than 
as  acceptors;  hence,  these  excess  Mg  atoms  deteri¬ 
orate  the  conduction  process  of  the  p-type  material. 
According  to  the  RHEED  analysis  and  Hall  effect 
measurements,  it  is  found  that  there  is  a  close 
relationship  between  surface  flatness  and  p-type 
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Fig.  5.  RHEED  patterns  of  1.0  pm  thick  p-doped  GaN  epilayers  taken  at  [11-20]  azimutal  as  a  function  of  Mg  temperature:  (A) 
Tug  =  120°C,  (B)  Twg  =  130°C,  (C)  T^g  =  190°C,  at  a  fixed  Ga  flux  (Tca  =  900^C)  and  nitrogen  flux  (400  W  RF  power,  2  seem  N2  flow). 


Table  1 

Van  der  Pauw-Hall  measurement  results  of  p-doped  GaN  samples  at  a  fixed  substrate  temperature  and  nitrogen  flux 


Sample 

number 

To.  (“Q/flux 
(Torr) 

Tm,  (’C)/flux 
(Torr) 

Film  thickness 
(pm) 

Mobility 

(cmVV-s) 

Carrier  concentration 

1 

900/9.1  x  10“^ 

120/8.1  X  10“'' 

1.08 

347 

3.80  X  10'^ 

2 

890/7.0x  10“' 

130/1.1  X  10“'’ 

0.80 

1.31 

4.00  X  10'^ 

3 

900/9.1  X  10“' 

130/1.1  X  10“® 

0.71 

4.19 

5.33x  10'« 

4 

900/9.1  x  10“' 

190/2.2  X  10“® 

1.16 

147 

5.65x10'" 

Fig,  6.  SIMS  depth  profile  of  the  1.0  pm  thick  Mg  doped  GaN 
epilayer  grown  with  =  130°C  and  Toa  =  900°C. 


doping  concentration  of  GaN  epilayer  in  the 
PA  MB  E-growth.  In  Fig.  6,  SIMS  depth  profiles  of 
Mg  in  the  GaN  films  grown  at  Tq^  =  900°C  and 


130°C  are  shown.  The  Mg  concentration 
profile  is  fairly  uniform  and  no  indication  of  surface 
segregation  is  observed  in  the  GaN  crystal. 

4.  Conclusions 

Effect  of  III/V  ratio  on  the  quality  of  GaN  epi¬ 
layers  have  been  investigated.  The  results  of 
RHEED  and  double  crystal  X-ray  diffraction  indi¬ 
cate  that  crystal  quality  of  GaN  epilayers  is  strong¬ 
ly  dependent  on  the  Ga  flux.  Room  temperature  PL 
spectrum  of  undoped  GaN  epilayer  is  peaked  at 
3.39  eV  and  no  discernible  yellow  emissions  result¬ 
ing  from  ion  damages  are  observed.  Effect  of  Mg 
flux  on  the  carrier  concentration  of  p-GaN  have 
also  been  investigated.  Fairly  uniform  p-type  dop¬ 
ing  concentration  as  high  as  5.33  x  were 

obtained.  The  sample  grown  with  Toa  =  900°C 
and  TMg  =  130°C  exhibits  very  streaky  RHEED 
patterns  and  the  highest  p-type  doping  concentra- 
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tion.  According  to  the  RHEED  analysis  and  Hall 
measurement,  we  found  that  optimal  Ga  and  Mg 
flux  ratio  should  be  maintained  at  a  constant  nitro¬ 
gen  flux  to  grow  highly  doped  p-GaN. 
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Abstract 

We  have  studied  an  atomically  thin  GaN  film  as  a  mask  for  the  in  situ  selective-area  growth  (SAG)  of  GaAs  (1  1  1)B 
using  metalorganic  molecular  beam  epitaxy  (MOMBE).  We  examined  atomically  thin  GaN  film  formed  on  GaAs 
(1  1  1)B  in  order  to  investigate  whether  GaN  can  be  used  as  a  mask  for  an  in  situ  process  or  not.  It  was  found  that  the 
GaAs  growth-suppression  effect  of  a  specific  GaN  surface  showing  a  streaky  RHEED  pattern  corresponding  to  a  flat 
single  crystal  is  highest,  while  those  of  other  GaN  surfaces  are  lower.  This  behavior  is  similar  to  that  observed  for  a  GaAs 
(1  0  0)  substrate. 


1,  Introduction 

In  situ  selective-area  growth  (SAG),  in  which  all 
of  the  related  processes,  including  mask  formation, 
patterning,  growth  and  mask  removal,  are  per¬ 
formed  in  an  ultra-high  vacuum  (UHV)  system,  is 
an  important  technique  for  making  a  fine  structure 
[1-5].  The  development  of  mask  materials  to  fulfill 
the  in  situ  process  conditions  is  required  to  realize 
in  situ  SAG.  We  have  already  reported  that  the 
GaAs  growth  selectivity  as  a  mask  of  a  cubic  GaN 
surface  on  a  GaAs  (10  0)  substrate  using  metalor¬ 
ganic  molecular  beam  epitaxy  (MOMBE)  strongly 
depends  on  the  GaN  formation  conditions  (sub- 
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strate  temperatures  and  source-gas  pressures),  and 
that  only  a  single  crystalline  and  flat  GaN  surface 
has  high  selectivity  as  a  mask  [5].  However,  it  has 
not  yet  been  clarified  whether  or  not  GaN  formed 
on  a  GaAs  (1  1  1)B  substrate  has  high  selectivity  for 
GaAs  deposition.  It  has  also  been  reported  that 
metalorganic  gases  are  difficult  to  decompose  on  an 
As-rich  GaAs  (1  1  1)B  surface  [6].  It  is  necessary  to 
obtain  a  GaAs  (1  1  1)B  surface  in  order  to  form  an 
atomically  thin  GaN  with  a  flat  surface  on  the 
GaAs  (1  1  1)B  substrate. 

In  this  paper  we  report  on  the  growth  condition 
of  GaAs  (1  1  1)B  with  a  smooth  surface  and  the 
formation  condition  of  atomically  controlled  GaN 
on  the  surface.  Moreover,  in  order  to  determine  the 
factor  related  to  an  excellent  mask  for  GaAs  SAG, 
we  also  investigated  the  relation  between  the  crys¬ 
tal  structure  and  the  GaAs  growth-suppression  ef¬ 
fect  of  the  mask  material. 
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2.  Experimental  procedure 

We  used  an  MOMBE  apparatus.  A  cryosh- 
rouded  quadrupole  mass  spectrometer  (QMS)  and 
a  reflection  high-energy  electron-diffraction 
(RHEED)  apparatus  were  positioned  in  this  cham¬ 
ber.  Nozzles  for  introducing  trimethylgallium 
(TMG)  as  a  Ga  source  gas,  dimethylhydrazine 
(DMHy,  ((CH3)2NNH2))  [7-10]  as  a  nitrogen 
source  gas,  and  trisdimethylaminoarsine 
(TDMAAs,  As(N(CH3)2)3)  as  an  arsenic  source  gas 
[11,12],  as  well  as  a  Knudsen  effusion  cell  for 
a  solid  As  source,  were  also  placed  in  this  chamber. 

We  first  investigated  the  condition  to  obtain 
a  flat  GaAs  (1  1  1)B  surface  under  the  different 
surface  cleaning  and  growth  conditions.  After  that, 
GaN  formation  was  carried  out  on  the  smooth 
GaAs  (1  1  1)B  surface  at  various  substrate  temper¬ 
atures.  In  order  to  investigate  the  GaAs  growth 
selectivity  of  the  formed  GaN  surfaces,  we  meas¬ 
ured  the  growth-suppression  periods  (GSPs)  for 
GaAs  on  GaN  surfaces  formed  under  various  con¬ 
ditions  by  using  RHEED  when  the  surfaces  were 
simultaneously  exposed  to  TMG  and  AS4  at  430°C 
[10].  This  GSP  is  defined  as  a  time  when  any 
change  of  the  RHEED  pattern  began  to  occur  due 
to  the  GaAs  deposition.  The  reactions  of  TMG  on 
GaN  surfaces  were  investigated  using  QMS  and 
RHEED  apparatus.  The  surface  morphologies 
were  observed  by  a  Nomarski  microscope. 


3.  Results  and  discussion 

In  order  to  form  an  atomically  thin  GaN  film  as 
a  mask  on  a  GaAs  (1  1  1)B  substrate,  the  GaAs 
(1  1  1)B  surface  must  be  flat  before  GaN  formation 
on  the  surface.  GaAs  native  oxide  was  first  thermal¬ 
ly  removed  at  610°C  under  an  As  ambient  and  then, 
a  GaAs  (1  1  1)B  epitaxial  layer  was  grown  in  the 
temperature  range  of  540-580°C.  Beam  equivalent 
pressures  of  TMG  and  AS4  are  1.0x10  ^  and 
1.5  X  10“^  Torr,  respectively.  The  growth  rate  of 
GaAs  (1  1  1)B  epitaxial  layer  was  less  than  i  com¬ 
pared  with  that  of  GaAs  (1  0  0),  and  the  distinct 
RHEED  pattern  gradually  became  weak  as  GaAs 
growth  was  proceeded.  We  confirmed  from  the 
observation  of  surface  morfology  by  a  Nomarski 


microscope  that  pyramidal  hillocks  with  triangular 
or  hexagonal  shapes  were  formed  on  the  GaAs 
(1  1  1)B  surface  before  growth,  and  that  the  surface 
become  to  be  roughened  after  growth.  It  is  conjec¬ 
tured  that  when  the  native  oxide  on  the  GaAs 
(1  1  1)B  substrate  was  thermally  removed,  the  sur¬ 
face  was  roughened;  this  surface  roughness  was  not 
improved  even  though  a  thick  GaAs  epitaxial  layer 
was  grown  on  the  rough  surface.  It  was  thus  diffi¬ 
cult  to  obtain  an  epitaxial  layer  of  GaAs  (1  1  1)B 
with  a  flat  surface  under  the  above-mentioned  flux 
conditions  of  TMG  and  AS4. 

We  used  TDMAAs  for  removing  the  native  oxide 
and  cleaning  the  surface  of  GaAs  (1  1  1)B,  since 
TDMAAs  was  effective  for  the  removal  of  native 
oxide  on  the  GaAs  (1  0  0)  substrate  [11].  When  the 
GaAs  (1  1  1)B  surface  was  exposed  to  TDMAAs 
(l.Ox  10"^  Torr)  at  substrate  temperatures  of 
450-470X  for  30  min,  the  RHEED  pattern 
changed  from  a  hallow  one  to  a  streaky  one  show¬ 
ing  (2  X  2)  As-stabilized  structure  (Fig.  1),  resulting 
in  removing  the  native  oxide  on  the  surface.  While 
the  RHEED  patterns  did  not  change  when  the 
native  oxide  on  the  substrate  surface  was  exposed 
to  TDMAAs  below  440°C,  and  therefore,  the  native 
oxide  was  not  removed.  It  was  found  from  a  No¬ 
marski  observation  that  the  surface  after  cleaning 
was  flat.  After  the  surface  cleaning  of  GaAs  (1  1  1)B, 
about  100  A-thick  GaAs  epitaxial  layer  was  grown 
on  the  surface  using  TMG  (1.5  x  10  ^  Torr)  and 
TDMAAs  (1.0  X  10"^  Torr)  at  500°C  for  1  h,  and 
we  confirmed  that  the  surface  after  growth  was  also 
smooth  by  the  Nomarski  observation.  It  was  thus 
confirmed  that  a  GaAs  (1  1  1)B  epitaxial  layer  with 
a  smooth  surface  can  be  easily  grown  by  using 
TDMAAs  instead  of  AS4. 

GaN  formation  was  carried  out  on  GaAs  (1  1  1)B 
substrates  with  a  smooth  surface.  Atomically  thin 
GaN  of  about  5  monolayers  was  formed  on  a  GaAs 
(1  1  1)B  epitaxial  layer  at  different  substrate  tem¬ 
peratures  using  a  constant  DMHy  pressure 
(6  X  10"^  Torr).  In  the  case  of  substrate  temper¬ 
atures  below  600°C,  RHEED  pattern  did  not  show 
GaN  and  only  GaAs  RHEED  pattern  was  ob¬ 
served.  That  is,  no  GaN  film  was  formed  on  the 
GaAs  (1  1  1)B  substrate.  At  600-6 10°C,  the  GaAs 
RHEED  spots  became  weak  and  the  RHEED  spots 
showing  a  hexagonal  GaN  began  to  appear  after 
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Fig.  1.  RHEED  pattern  showing  a  (2x2)  structure  of  GaAs  Fig.  2.  GaN  RHEED  pattern  formed  on  GaAs  (1  1  1)B  substra- 
(1  1  1)B.  te  at  substrate  temperatures  of  600-610'^C. 


DMHy  exposure  for  15  min.  The  RHEED  pattern 
became  a  mixture  of  streaky  GaN  spots  and  a  fuzzy 
ring  pattern  after  DMHy  exposure  for  25  min 
(Fig.  2).  Using  a  Nomarski  microscope,  we  ob¬ 
served  that  the  GaN  surface  was  roughened,  con¬ 
taining  pyramidal  hillocks  with  various  triangular 
or  hexagonal  shapes.  When  the  GaN  surface  was 
simultaneously  exposed  to  TMG  and  AS4  at  430°C 
for  10  min,  the  RHEED  pattern  began  to  show 
polycrystalline  GaAs,  deposited  on  the  surface. 
That  is,  the  GaAs  growth-suppression  period 
(GSP)  of  this  surface  was  10  min. 

In  the  case  of  620~630°C,  a  GaN  film  showing 
a  distinct  streaky  RHEED  pattern  was  formed  on 
GaAs  (1  1  1)B  substrate  after  DMHy  exposure  for 
15  min  (Fig.  3).  Although  we  observed  using  a  No¬ 
marski  microscope  that  the  GaN  surface  was  still 
roughened,  and  pyramidal  hillocks  with  triangular 
shapes  were  existed,  the  streaky  RHEED  pattern 
showed  that  the  flatness  of  the  GaN  surface  was 
atomically  improved  compared  with  other  formed 
GaN  surfaces.  The  GaAs  GSP  on  the  surface  was 
more  than  2  h  under  the  above-mentioned  condi¬ 
tions.  That  is,  it  was  found  that  the  GaAs  growth 
suppression  effect  on  the  surface  is  very  large,  and 
that  this  surface  has  a  high  selectivity  as  a  mask  for 
GaAs  selective  growth. 

At  substrate  temperatures  above  640°C,  the 
RHEED  pattern  of  GaN  also  showed  a  mixed 


Fig.  3.  GaN  RHEED  pattern  formed  on  GaAs  (1  1  1)B  substra¬ 
te  at  substrate  temperatures  of  620-630”C. 


pattern  of  streaky  spots  and  fuzzy  rings.  We  ob¬ 
served  using  a  Nomarski  microscope  that  this  sur¬ 
face  was  rough.  That  is,  it  was  found  that  this 
surface  is  not  single  crystal  from  the  partial  ring 
pattern.  This  is  considered  to  be  as  follows.  The 
substrate  surface  became  rough  before  GaN  forma¬ 
tion,  since  the  substrate  temperature  was  too  high 
and  the  arsenic  desorption  from  the  substrate  oc¬ 
curred  due  to  no  arsenic  supply.  As  a  result,  it  is 
considered  that  various  GaN  nucleations  occurred 
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on  the  rough  surface  under  DMHy  exposure. 
Therefore,  a  single  crystal  of  GaN  with  a  smooth 
surface  could  not  be  obtained  at  a  comparatively 
high  substrate  temperature,  such  as  640°C  under 
a  constant  DMHy  pressure  (6  x  10“^  Torr).  We 
also  confirmed  that  the  GaAs  GSP  of  this  surface 
was  30  min  under  the  above-mentioned  conditions. 
That  is,  the  growth  selectivity  to  GaAs  on  this 
surface  is  low. 

Tables  1  and  2  show  GSPs  of  variously  formed 
GaNs  as  well  as  surface  crystal  structures  of  GaN 
in  the  case  of  GaAs  (1  0  0)  and  GaAs  (1  I  1)B  sub¬ 
strates,  respectively.  The  crystal-structure  of  GaN 
formed  on  the  GaAs  (1  1  1)B  substrate  shows  a  hexa¬ 
gonal  structure  from  RHEED  pattern  and  X-ray 
diffraction,  although  that  of  GaN  on  the  GaAs 
(10  0)  has  a  cubic  structure  or  a  cubic  and  hexa¬ 
gonal  mixed  structure  [10].  In  the  case  of  GaN  on 
GaAs  (1  1  1)B,  a  weak  streaky  image  of  the 
RHEED  pattern  remains  even  though  the  surface 
partially  became  polycrystalline  following  the  sur¬ 
face  roughness.  We  found  using  a  Nomarski  micro¬ 
scope  that  there  were  pyramidal  hillocks  on  the 
GaN  surface  showing  a  weak  streaky  and  partial 


Tabic  1 

Growth  suppression  periods  (GSPs)  on  the  GaN  mask  with 
RHEED  images  showing  various  surface  structures  on  GaAs 
(10  0)  substrate 


RHEED  image 

Crystal  structure 

GSP 

Fuzzy 

Amorphous 

<10  min 

Spotty 

Cubic  and  hexagonal 

30  min 

Spotty 

Cubic 

1  h 

Streaky 

Cubic 

>  3h 

Ring 

Polycrystalline 

30  min 

Table  2 

Growth  suppression  periods  (GSPs)  on  the  GaN  mask  with 
RHEED  images  showing  various  surface  structures  on  GaAs 
(1  1  1)B  substrate 


RHEED  image 

Crystal  structure 

GSP 

Distinct  streaky 

Hexagonal 

>2h 

Streaky  spots  and 

Hexagonal  and 

30  min 

fuzzy  ring 

polycrystalline 

ring  RHEED  pattern,  while  the  GaN  surface  show¬ 
ing  a  distinct  streaky  pattern  was  very  smooth. 
Using  a  Nomarski  microscope,  it  was  found  that 
the  regular  pyramidal  hillocks  are  partially  ordered 
on  the  surface.  That  is,  the  regular  facet  faces  are 
partially  formed  on  the  hillock  surfaces.  We  con¬ 
sider  that  these  regular  facets  give  streaky  spots  of 
RHEED.  It  is  also  considered  that  when  GaAs 
(1  1  1)B  substrate  surface  was  roughened  following 
arsenic  dissociation  due  to  no  arsenic  supply  dur¬ 
ing  GaN  formation,  regular  facet  faces  were  easy  to 
form  on  the  roughened  surface.  Therefore,  in  order 
to  obtain  a  GaN  surface  giving  the  longest  GaAs 
GSP,  the  RHEED  image  of  GaN  with  a  flat  surface 
is  required  to  be  a  distinct  streaky  pattern  without 
any  weak  streaky  image  or  ring  image  in  the  case  of 
using  a  GaAs  (1  11)B  substrate. 

On  the  other  hand,  in  the  case  of  using  GaAs 
(10  0)  substrate,  when  the  GaN  formation  condi¬ 
tions  were  changed,  the  RHEED  image  was  vari¬ 
ously  changed  following  the  formation  conditions, 
compared  with  that  of  GaN  on  GaAs  (1  1  1)B,  as 
shown  in  Tables  1  and  2.  For  example,  if  a  substra¬ 
te  surface  was  roughened  during  GaN  formation, 
the  RHEED  image  showed  a  polycrystalline  ring, 
and  no  streaky  pattern  of  GaN  was  observed  on  the 
GaAs  (1  0  0)  substrate.  This  result  differs  from  that 
of  the  case  of  GaAs  (1  1  1)B  substrate.  It  is  con¬ 
sidered  that  regular  facet  faces  are  more  difficult  to 
form  on  the  roughening  surface  of  GaAs  (10  0) 
compared  with  the  case  of  GaAs  (1  1  1)B,  since 
GaAs  (10  0)  surface  was  more  roughened  than  that 
of  GaAs  (1  1  1)B  in  the  same  formation  condition  of 
GaN. 

It  was  also  proved  that  the  suppression  effect  for 
GaAs  deposition  on  the  GaN  surface  became  larger 
with  the  improvement  of  single  crystallization  and 
surface  flatness.  That  is,  the  GSPs  of  the  surfaces  of 
amorphous  or  polycrystalline  GaN  film  on  the 
GaAs  (10  0)  substrate  were  short  and  the  GSP  of 
a  single  GaN  with  a  smooth  surface  was  longest 
(Table  1).  Not  all  of  the  formed  GaN  surfaces  act  as 
a  mask  for  GaAs  SAG,  but  that  only  a  single¬ 
crystalline  GaN  surface  showing  a  streaky  RHEED 
pattern  has  the  highest  GaAs  growth-suppression 
effect. 

On  the  basis  of  these  results,  it  was  found  that 
both  atomically  thin  cubic  and  hexagonal  GaN 
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films  with  a  smooth  surface  showing  a  streaky 
RHEED  pattern  have  the  longest  GaAs  GSP.  We 
recently  found  from  the  result  of  a  QMS  analysis 
using  pulsed  TMG  scattering  that  although  a  single 
GaN  surface  with  a  smooth  surface  has  a  deep 
precursor  state  giving  a  long  resident  time  of  TMG 
during  scattering,  TMG  desorbs  on  the  surface 
without  any  decomposition  [13].  However,  the 
GaAs  growth-suppression  mechanism  on  a  GaN 
surface  has  not  yet  been  clarified  in  detail,  although 
we  recognize  from  the  result  of  a  QMS  analysis  that 
it  is  important  for  TMG  not  to  react  with  the  GaN 
surface  in  order  to  become  a  good  mask  for  GaAs 
SAG.  We  believe  that  the  GaAs  growth  sup¬ 
pression-effect  of  GaN  become  higher  when  GaN  is 
a  single  crystal  with  high  quality  and  the  surface- 
structure  becomes  stable,  since  TMG  decomposi¬ 
tion  on  a  GaAs  surface  with  a  well-defined  (2  x  4) 
structure  having  high  stability  is  suppressed  ac¬ 
cording  to  QMS  analysis  [14]. 

4.  Summary 

Atomically  thin  GaN  film  formation  was  carried 
out  on  GaAs  (1  1  1)B  using  MOMBE  in  order  to 
investigate  the  surface  crystal-structure  of  GaN  as 
a  mask  for  an  in  situ  process.  We  found  that  the 
GaAs  growth-suppression  effect  of  a  GaN  surface 
showing  a  streaky  RHEED  pattern  corresponding 
to  flat  and  single  GaN  formed  on  a  GaAs  (1  1  1)B 
substrate  is  highest  when  the  GaN  surface  was 
exposed  to  TMG  and  AS4,  while  GaN  surfaces 
showing  other  RHEED  patterns  have  a  short  GSPs 
to  GaAs  deposition  on  the  surface.  As  a  result, 
a  single  GaN  film  showing  a  streaky  RHEED  pat¬ 
tern  formed  on  a  GaAs  (1  1  1)B  as  well  as  a  GaAs 
(1  0  0)  substrate  has  the  highest  growth  selectivity 


to  GaAs  deposition  as  a  mask  on  the  surface  at 
430°C, 
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Abstract 

Cathodoluminescence  (CL)  topographs  were  taken  at  room  temperature  at  364  nm  on  undoped  GaN  films  grown  by 
plasma-enhanced  molecular  beam  epitaxy  at  various  V/III  ratios.  The  CL  topographs  were  compared  with  scanning 
electron  microscope  (SEM)  images.  The  CL  topograph  was  found  to  be  significantly  influenced  by  the  V/III  ratio  during 
growth.  For  GaN  films  grown  at  low  V/III  ratio,  spatially  nonuniform  luminescence  intensity  was  observed.  This 
nonuniformity  in  luminescence  may  be  due  to  the  local  variation  of  stoichiometry  of  GaN  induced  by  Ga  microsegrega¬ 
tion.  At  nitrogen-rich  condition,  almost  flat  surfaces  in  SEM  image  were  observed  and  the  uniform  intensity  of 
luminescence  was  obtained  by  CL  topograph.  Thus,  the  nitrogen-rich  condition  is  favourable  to  get  structually  and 
optically  uniform  films. 

PACS:  78.60.H;  68.55.B 

Keywords:  Cathodoluminescence;  GaN;  Microsegregation 


1.  Introduction 

Gallium  nitride  is  of  great  interest  because  of  its 
potential  as  a  material  for  the  development  of 
light-emitting  diodes  (LEDs)  and  laser  diodes 
(LDs)  in  the  blue  and  ultraviolet  spectral  region 
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[1],  and  the  investigation  on  the  growth  methods 
and  properties  of  GaN-based  materials  is  currently 
a  subject  of  much  interest  [2-7].  Though  high- 
efficiency  blue  LEDs  have  been  successfully  fab¬ 
ricated  by  metalorganic  chemical  vapor  deposition 
[8],  plasma-enhanced  molecular  beam  epitaxy 
(MBE)  is  regarded  as  an  another  candidate  for 
growing  GaN  since  it  is  easy  to  grow  p-type  ma¬ 
terial  without  any  post  growth  treatment  [9].  The 
luminescent  properties  are  important  for  the 
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operation  of  high-efficiency  light-emitting  devices 
and  there  are  some  reports  on  photoluminescence 
properties  of  MBE-grown  GaN  [10,  11].  However, 
the  GaN  films  grown  on  (0  0  0  1)  sapphire  contains 
a  high  density  of  dislocations,  stacking  faults  and 
columnar  structure  [12,  13]  so  it  is  necessary  to 
clarify  the  spatial  dependence  of  the  luminescence. 
Cathodoluminescence  (CL)  is  a  powerful  tool  to 
study  the  spatial  dependence  in  relation  to  the 
emission  wavelength  and  intensity. 

In  this  paper  the  CL  topograph  of  GaN  films 
grown  on  (0  0  0  1)  sapphire  substrates  under  vari¬ 
ous  V/III  ratio  was  studied  in  relation  to  the  scan¬ 
ning  electron  microscope  (SEM)  image. 

2.  Experimental  procedure 

GaN  films  were  epitaxially  grown  on  c-plane 
sapphire  substrates  by  MBE  using  a  conventional 
Knudsen  effusion  cell  for  gallium  and  a  radio¬ 
frequency  plasma  gun  purchased  from  Eiko  Engi¬ 
neering  Co.  for  nitrogen  activation.  The  growth 
chamber  was  evacuated  by  one  turbomolecular 
pump  of  600 1/s  and  the  base  pressure  is  typically 
7  X  10  Pa  [14].  The  nitrogen  flow  rate  was  con¬ 
trolled  using  a  mass  flow  controller.  The  substrates 
were  chemically  treated  by  general  method  [15] 
and  prior  to  the  growth  of  GaN,  the  substrate 
surface  was  exposed  to  the  nitrogen  plasma  for 
20  min  at  670°C  to  form  a  thin  AIN  layer.  Then,  the 
GaN  films  were  grown  with  a  substrate  temper¬ 
ature  of  700°C,  RF  plasma  power  of  150  W,  and 
Ga-cell  temperature  of  975°C.  The  nitrogen  flow 
rate  was  varied  from  0.4  to  5  seem.  The  growth  rate 
for  the  nitrogen  flow  rate  more  than  1  seem  was 
0.2  pm/h. 

A  streaky  pattern  was  observed  by  reflection 
high-energy  electron  diffraction  during  growth  for 
the  samples  grown  under  relatively  higher  nitrogen 
flow  rate,  and  the  (0  0  0  2)  X-ray  diffraction  peak 
was  observed  with  the  full-width  at  half-maximum 
of  10  min  by  6-26  mode.  The  CL  measurements 
were  performed  in  a  SIMADZU  EPMA-8705  sys¬ 
tem  at  300  K.  All  samples  used  in  this  study  showed 
near-band  edge  emission  at  364  nm  and  fairly  weak 
deep  level  emission  in  the  CL  spectra,  so  the  CL 
topographs  were  studied  only  at  364  nm. 


3.  Results  and  discussion 

Fig.  la  shows  a  SEM  image  of  undoped  GaN 
grown  under  gallium-rich  condition  with  the  nitro¬ 
gen  flow  rate  of  0.4  seem.  Metallic  structures  with 
a  diameter  of  about  4-5  pm  are  observed  and  the 
fact  that  these  mound  can  be  etched  away  in  an 
HCl  solution  provides  evidence  of  Ga  droplets. 

Fig.  lb  shows  a  CL  topograph  at  364  nm  corres¬ 
ponding  to  the  area  of  the  SEM  image.  The  dark 
spots  in  the  CL  topograph  which  indicate  no  CL 
emission  correspond  to  the  Ga-droplets.  In  close 
vicinity  to  the  Ga  droplet,  strong  band  edge 


Fig.  1.  SEM  image  of  GaN  film  grown  at  nitrogen  flow  rate  of 
0.4  seem  (a)  and  CL  topograph  at  364  nm  eorresponding  to  the 
area  of  SEM  image  (b). 
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emission  corresponding  to  the  white  area  in  Fig.  lb 
was  observed.  The  gray  region  in  Fig.  lb  is  GaN 
with  weaker  band  edge  intensity.  The  cause  of  the 
nonuniformity  of  the  edge  emission  may  be  due  to 
the  variation  of  stoichiometry  of  GaN.  That  is, 
Ga-rich  GaN  may  be  grown  in  close  vicinity  of  the 
Ga  droplet  due  to  Ga  diffusion  or  migration,  result¬ 
ing  a  formation  of  N  vacancies.  The  N  vacancy  is 
believed  to  act  as  a  shallow  donor.  Generally,  the 
luminescence  efficiency  is  proportional  to  the  car¬ 
rier  concentration.  Therefore,  it  is  resonable  to  con¬ 
clude  that  the  nonuniform  CL  topograph  is  due  to 
variations  in  stoichiometry. 

To  investigate  the  properties  of  the  place  where 
the  Ga  droplets  are  formed,  the  GaN  film  grown 
under  gallium-rich  condition  was  dipped  in  HCl 
to  remove  Ga-droplets.  Then,  the  GaN  film  was 
etched  in  a  solution  of  NaOH  :  H2O2.  Fig.  2  shows 
an  SEM  image  of  GaN  surface  which  was  etched  in 
NaOH  :  H2O  :  H2O2  (5:20:  5)  solution  for  30  min 
with  irradiating  ultraviolet  light  from  D2  lamp  to 
the  sample  surface  during  etching.  The  etching  rate 
was  about  1  pm/h  at  room  temperature.  The  dark 
spots  (indicated  by  a  white  arrow  in  Fig.  2)  show 
the  trace  of  Ga-droplets  after  etching,  and  etch  pits 
are  observed  in  each  dark  spot.  That  is,  the  Ga- 
droplets  are  formed  around  the  etch  pits.  It  is 
thought  that  the  etch  pits  are  formed  by  an  acceler¬ 
ated  etching  at  chemically  weak  bonded  region 


Fig.  2.  SEM  image  of  GaN  surface  etched  by  NaOH  -t-  H2O2 
solution. 


such  as  grain  boundary  or  dislocation.  This  result 
shows  that  the  excess  atoms  may  migrate  and 
gather  around  dislocations  or  grain  boundary. 

When  the  nitrogen  flow  rate  was  increased  to 
1  seem,  the  Ga-droplets  disappeared  in  the  SEM 
image;  however,  the  microstructures-like  fibroid 
pattern  with  the  diameter  of  about  2-5  pm  micro¬ 
structure  are  observed  as  shown  in  Fig.  3a.  These 
microstructures  were  widely  distributed  over  the 
GaN  surface. 

Fig.  3b  shows  a  CL  topograph  at  364  nm  for  the 
same  area  as  shown  in  Fig.  3a.  The  microstructures 
show  high  intensity  of  the  edge  emission.  The 
GaN  surface  still  shows  a  spatial  difference  of 


Fig.  3.  SEM  image  of  GaN  film  grown  at  nitrogen  flow  rate  of 
1  seem  (a)  and  CL  topograph  at  364  nm  corresponding  to  the 
area  of  SEM  image  (b). 
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luminescence  intensity.  The  details  of  the  micro¬ 
structure  is  not  clarified  yet;  however,  the  cause  of 
the  formation  of  the  microstructure  may  be  sup¬ 
posed  to  be  due  to  Ga  microsegregation.  Excess  Ga 
atoms  may  be  trapped  at  dislocation  or  grain 
boundary  where  the  lattice  is  strained,  and  the 
strained  region  may  expand  to  a  distance  of  a  few 
pm  from  the  dislocation  core  or  grain  boundary. 
Thus,  Ga-rich  GaN  may  be  grown  around  disloca¬ 
tion  or  grain  boundary,  resulting  in  the  formation 
of  nonuniform  CL  topograph. 

When  the  nitrogen  flow  rate  increased  up  to 
2  seem,  the  microstructures  disappeared  from  the 


Fig.  4.  SEM  image  of  GaN  film  grown  at  nitrogen  flow  rate  of 
2  seem  (a)  and  CL  topograph  at  364  nm  corresponding  to  the 
area  of  SEM  image  (b). 


GaN  surface,  and  a  faint  pattern-like  island  was 
observed  as  shown  in  Fig.  4a.  Though,  the  CL 
topograph  still  shows  nonuniformity  as  shown  in 
Fig.  4b,  the  bright  patch  pattern  in  CL  topograph 
does  not  to  the  island  pattern.  The  cause  of  this 
nonuniformity  of  the  CL  topograph  may  be  a  seg¬ 
regation  of  very  small  Ga-clusters  which  hardly 
affect  the  crystal  structure  or  surface  morphology. 
The  bright  area  may  correspond  to  a  Ga-rich  crys¬ 
tal  region,  and  Ga-clusters  may  gather  at  the 
strained  area  as  discussed  above.  If  the  cause  of  the 
nonuniformity  of  the  CL  topograph  is  due  to 
local  variations  of  stoichiometry  induced  by  Ga 


Fig.  5.  SEM  image  of  GaN  film  grown  at  nitrogen  flow  rate  of 
5  seem  (a)  and  CL  topograph  at  364  nm  corresponding  to  the 
area  of  SEM  image  (b). 
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microclusters  trapped  near  the  dislocation  or  grain 
boundary,  the  density  of  the  bright  spots  in  the  CL 
topograph  may  roughly  agree  with  the  etch  pit 
density.  The  density  of  the  bright  spot  in  Fig.  4b  is 
~10^/cm^,  and  the  average  etch  pit  density  of 
GaN  grown  under  the  similar  conditions  is  about 
~107cm^  [16].  Therefore,  it  may  be  possible  to 
think  that  the  cause  of  the  nonuniformity  in  CL 
topograph  relates  with  dislocation  or  grain  bound¬ 
aries. 

When  the  nitrogen  flow  rate  was  5  seem,  the 
surface  morphology  was  fairly  improved  and  the 
CL  topograph  became  uniform  as  shown  in  Fig.  5a 
and  Fig.  5b.  It  should  be  noted  that  the  nitrogen- 
rich  growth  condition  is  favourable  to  get  struc¬ 
turally  and  optically  uniform  films. 

4.  Summary 

CL  topographs  were  taken  at  room  temperature 
at  364  nm  from  GaN  films  grown  under  various 
V/III  ratio  and  compared  with  SEM  images.  The 
CL  topograph  was  found  to  be  significantly  in¬ 
fluenced  by  the  V/III  ratio  during  growth.  In  the 
GaN  films  grown  under  the  Ga-rich  condition, 
Ga-droplets  were  observed  by  SEM  and  the  inten¬ 
sity  of  CL  from  GaN  surface  in  close  vicinity  to  the 
Ga  droplet  was  strong.  With  increasing  V/III  ratio, 
flat  and  smooth  surfaces  were  obtained;  however, 
CL  topograph  showed  a  patch  pattern  with  a  dia¬ 
meter  of  2-3  pm.  At  N-rich  condition,  the  surface 
morphology  was  improved  and  the  CL  topograph 
became  uniform.  The  cause  of  the  nonuniform  CL 
topographs  may  be  due  to  a  local  variation  of 


stoichiometry  induced  by  Ga  droplets  or  Ga  micro¬ 
segregation. 
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Abstract 

We  have  studied  the  relation  between  MBE  growth  parameters  and  film  quality  after  growth  of  GaN  on  the  c-plane  of 
sapphire  using  a  conventional  Ga-source  and  an  RF-source  for  the  excitation  of  N2.  The  growth  rate  was  varied  using 
Ga-flux,  determined  by  RHEED  oscillations  on  GaAs,  rcaAs  =  0.1-0.8  pm/h.  The  N2-flux  was  0.5-1. 5  seem.  Most  layers 
of  GaN  were  grown  at  760°C  as  measured  by  a  pyrometer,  while  higher  temperatures  were  utilised  to  determine  the 
dismissal  of  growth.  The  RF-power  and  AIN  buffer  layer  parameters  were  kept  constant.  The  GaN-thicknesses  were 
0.2-1  pm/h.  For  low  growth  rates  of  50  nm/h,  there  was  a  preferential  growth  of  microcrystals  in  the  growth  direction 
which  therefore  overemphasised  the  measured  film  thickness.  No  film  could  be  grown  above  800°C  as  the  desorption  rate 
was  too  high.  For  a  GaN  growth  rate  of  300  nm/h  the  sticking  coefficient  was  ~  85%.  By  varying  the  Ga-  and  N2-fluxes 
it  was  evident  that  the  film  quality,  as  provided  by  the  photoluminescence  spectra,  strongly  depended  on  the  growth 
parameters.  Photoluminescence  peak  intensities  generally  improved  with  film  thickness  below  1  pm.  In  1  pm  thick  films, 
we  observed  excitonic  related  peaks  close  to  the  band  gap  as  well  as  peaks  50-60  meV  below  due  to  the  presence  of 
defects  or  impurities.  We  found  a  strong  correlation  between  growth  parameters  and  optimum  growth  and  therefore  the 
highest  layer  quality  could  be  obtained  only  when  all  parameters  were  carefully  optimised. 


1.  Introduction 

Technical  and  scientific  interests  in  GaN-based 
materials  is  very  strong,  especially  after  the  recent 
demonstrations  [1]  of  electrically  stimulated  emis¬ 
sion  from  GaN  in  the  blue  and  UV  regions  of 
visible  light.  Studying  the  detailed  growth  of  GaN 
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and  its  effect  on  the  material  properties  is  therefore 
important  to  understand  the  conditions  for  prepa¬ 
ring  high-quality  materials.  While  there  is  substan¬ 
tial  information  about  growth  by  metal  organic 
vapor  phase  epitaxy  (MOVPE),  less  is  known 
about  molecular  beam  epitaxy  (MBE)  growth  of 
GaN  on  sapphire  using  a  radiofrequency  (RF) 
source  [2].  Comparing  with  homoepitaxial  MBE- 
GaAs  there  are  more  parameters  that  influence  the 
GaN-growth.  The  most  important  might  be  the 
lack  of  a  suitable  substrate  that  match  the  GaN 
lattice  constant.  Sapphire  with  ^8%  lattice  mis¬ 
match  to  GaN  has  shown  to  provide  good  wurtzite 
crystal  quality  in  terms  of  X-ray  diffraction  [3]. 
Depending  on  the  substrate,  epitaxial  layers  can  be 
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made  either  in  zinc  blende  (after  growth  on 
semiconductors)  or  wurtzite  structure  (growth  on 
AI2O3  or  SiC).  The  latter  introduces  ~0.2  eV  lar¬ 
ger  [4]  band  gap  than  zinc  blende  and  its  valence 
band  is  split  into  three  subbands. 

The  GaN  growth  process  in  a  molecular  beam 
epitaxy  system,  using  a  Ga-furnace  and  an  RF- 
source  for  nitrogen  dissociation,  resembles  that  of 
solid-source  GaAs.  In  principle,  the  growth  rate  is 
controlled  by  the  Ga-flux  and  there  is  Ga-desorp- 
tion  at  high  substrate  temperatures.  For  vacuum 
deposition,  including  MBE,  relatively  low  growth 
temperatures,  below  ~800°C,  have  been  reported 
[5],  while  VPE  methods  typically  grow  at  lOOO^C 
and  above  to  generate  high-quality  layers.  Such 
temperatures  provide  some  difficulty  in  MBE  due 
to  Ga-desorption  which  increases  with  growth  tem¬ 
perature  above  ~650°C.  This  can  be  compensated 
by  increasing  the  Ga-flux  (and  consequently  N2- 
flux).  So  far  there  is  no  universal  relationship  avail¬ 
able  of  the  MBE-growth  parameters  in  order  to 
obtain  optimum  material  quality.  In  this  work  we 
have  studied  the  growth  of  GaN  on  sapphire 
(0  0  0  1)  at  growth  rates  from  50  to  400  nm/h,  and 
in  a  medium  range  of  growth  temperatures, 
—  600-800°C.  In  addition,  we  varied  Ga-  and 
N2-flux  at  the  constant  growth  temperature  of 
Tg  =  760°C,  to  quantify  the  sticking  coefficient  and 
to  investigate  their  influence  on  the  shape  of  the 
photoluminescence  (PL)  spectra. 

2.  Experimental  procedure 

The  material  was  grown  in  an  MBE-system  used 
for  combined  GaN  and  GaAs  growth.  This  enabled 
the  easy  control  of  the  Ga  flux  by  RHEED  oscilla¬ 
tion  measurements  which  provided  the  Ga-flux  in 
terms  of  the  GaAs(0  0  1)  growth  rate,  This  is 
a  convenient  reference,  especially  if  the  GaN  mater¬ 
ial  is  not  homogeneous.  Because  of  the  crystallo¬ 
graphic  difference  between  GaAs  zinc  blende  and 
GaN  wurtzite  structures,  respectively,  this  rate  is 
about  90%  higher  than  that  of  GaN,  r^a^,  for 
a  constant  Ga-flux.  The  nitrogen  source  was  a  com¬ 
mercial  one  (Oxford  Instruments  SAE  25M)  sup¬ 
plied  by  dry  N2-gas  vapourised  from  liquid 
nitrogen. 


Sapphire  substrates  were  mounted  In-free  and 
their  backside  had  a  pre-deposited  thin  layer  of  Mo 
facing  the  substrate  heater  filaments.  We  used  the 
pyrometer  temperature  as  the  growth  temperature 
Tg.  Since  the  desired  temperature  for  GaN  growth 
is  generally  higher  than  that  of  GaAs,  a  high  ther¬ 
mal  load  is  dispatched  into  the  growth  chamber. 
Due  to  excess  radiation  from  the  substrate  holder 
there  could  also  be  a  large  difference  between  the 
growth  temperature  and  the  thermocouple  temper¬ 
ature  Etc  behind  the  substrate.  At  Tg  =  760°C  we 
found  Tjc  was  800°C.  Comparing  our  data  to 
earlier  published  work  introduces  uncertainties, 
since  in  some  cases  there  is  no  distinction  reported 
between  Tjc  and  Tg.  Before  growth,  the  substrate 
was  thermally  annealed  under  UHV-conditions. 

The  actual  growth  of  GaN  was  carried  out  after 
a  short  nitridation  of  the  substrate  surface  at  400°C 
followed  by  the  deposition  of  a  thin  25  -h  25  nm 
thick  AIN  buffer  layer  grown  in  a  two-step  process 
at  400  and  500°C,  respectively.  In  the  nitridation, 
active  nitrogen  species  react  with  surface  atoms 
which  on  the  sapphire  replace  the  surface  oxygen 
with  nitrogen  [7].  Strictly  speaking  the  AIN  layer 
consists  of  two  structural  parts:  a  thin  layer 
( ~  5  nm)  given  by  the  initial  nucleation  and 
a  thicker  part  having  crystallites  with  their  (0  0  0  1)- 
axis  parallel  to  the  sapphire  (0  0  0  1)  axis  [6].  The 
detailed  role  of  the  buffer  layer  is  unclear.  In  strong¬ 
ly  lattice-mismatched  systems  its  presence  is  neces¬ 
sary  for  growth  of  high-quality  materials  [8].  Part 
of  the  substrate  surface  was  masked  in  order  to 
measure  the  film  thickness  after  growth.  A  turbo- 
molecular  pump  kept  the  N2-pressure  at  about 
(2-6)  X  10"^  Torr  for  an  N2-flux  of  0.5-1. 5  seem  for 
an  RF-power  of  300  W.  The  GaN  layers  were  in¬ 
spected  by  optical  microscopy,  thicknesses  were 
measured  by  a  surface  profiler,  the  structure  by 
X-ray  diffraction,  surface  morphology  by  SEM  and 
AFM  and  the  optical  quality  was  studied  by  PL  at 
300  and  9  K  using  a  He-Cd  laser. 

3.  Results  and  discussion 

3.1.  Growth  rate 

Growth  rate  data  are  shown  in  Fig.  1  for  N2-flux 
of  0.5  seem.  In  general,  the  GaN  growth  rate 
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was  considerably  lower  than  that  of  GaAs  and 
also  below  the  expected,  for 

Al203(0  0  0  1)  and  GaAs(OOl),  respectively.  The 
factor  of  0.53  comes  from  the  crystallographic  dif¬ 
ference  between  the  zinc  blende  and  wurtzite  struc¬ 
tures.  At  a  very  low  growth  rate,  =  0.1  pm/h, 
the  value  of  was  ^^50%  higher  than  expected 
for  the  wurtzite  structure.  Micrographs  by  SEM 
and  AFM  on  ~200nm  thick  films  showed  GaN 
microcrystallites  with  sizes  from  ~30  to  300  nm. 
Increasing  to  the  interval  0.2-0.5  pm/h  the 
GaN  growth  rate  was  found  to  be  45%  of  in¬ 
dicating  an  apparent  sticking  coefficient  of  ~85%; 
see  Fig.  1.  In  this  case  the  growth  on  the  buffer 
layer  is  characterised  by  truncated  pyramidal  me¬ 
sas  seen  in  SEM  and  AFM  as  well  by  other  invest¬ 
igations  [9].  The  fact  that  the  dependence  is  linear 
above  0.2  pm/h  suggests  a  fairly  homogeneous 
growth,  also  supported  by  SEM  measurements. 
The  value  of  saturates  for  >  0.5  pm/h 
because  of  saturation  in  nitrogen-over-gallium  sup¬ 
ply. 

3.2.  Growth  temperature 

In  the  second  series,  the  effect  of  the  growth 
temperature  was  addressed.  No  clear  dependence 
of  VgI^  on  growth  temperature  could  be  established 
for  =  0.1  pm/h  in  the  range  700-780°C,  but 
a  reduction  at  800°C.  Growth  during  5  h  provided 
layer  thicknesses  of  approximately  300  nm.  The 
X-ray  analysis,  6-26,  showed  improved  material 
quality  with  temperature  as  the  FWHM  of  the 
GaN  peak  decreased  from  approximately  100  arc- 
min  at  Tg  =  600°C  to  around  60  arcmin  at 
730-790°C,  while  the  buffer  layer  AIN  peak  width 
decreased  from  100  arcmin  at  730°C  to  20  arcmin 
at  815°C.  The  peak  widths  are  relatively  large  since 
the  layers  are  thin.  The  most  important  informa¬ 
tion,  however,  is  the  clear  trend  of  reduction  in 
peak  width  with  temperature.  The  GaN  growth 
rate  was  drastically  reduced  for  growth  temper¬ 
atures  above  800°C  due  to  Ga  desorption  and  only 
the  AlN-peak  was  detected.  Growth  at  740°C  gave 
the  best  film  in  terms  of  PL-intensity.  Thus,  for  the 
given  growth  parameters,  it  was  an  optimum 
growth  temperature  where  the  decline  in  PL-emis- 
sion  above  785°C  might  be  an  effect  of  Ga- 


Ga  rate  (for  GaAs)  (um/h) 


Fig.  1,  The  growth  rate  of  GaN  on  sapphire  (0  0  0  I)  as  a  func¬ 
tion  of  the  growth  rate  on  GaAs(0  0  1)  using  the  same  Ga-source 
temperature  and  calibrated  by  RHEED  oscillations.  Thick¬ 
nesses  were  measured  by  a  surface  profiler.  A  separate  study  on 
the  lateral  film  inhomogeneity  was  made  indicating  less  than  7% 
maximum  error  from  middle  of  film  to  one  corner. 


desorption  or  reduction  of  Ill/V-ratio.  One  con¬ 
clusion  is  that  the  growth  parameters  are  interre¬ 
lated  such  that  the  parameter  window  for  best 
material  quality  is  quite  narrow. 

3.3.  Influence  of  Ga-rate  and  N 2-flux 
on  PL-emission 

In  this  series,  0.2-1  pm  thick  layers  were  grown 
and  Tg  was  760°C,  i.e.  well  below  the  rapid  reduc¬ 
tion  of  sticking  at  800°C.  The  growth  rate  and 
N2-flux  were  varied  while  the  other  growth  para¬ 
meters  were  constant.  In  general,  the  PL-emission 
at  '~2.2eV,  involving  deep  levels,  was  typically 
very  low  for  the  measurement  temperature,  9  K.  In 
the  near  band  gap  region,  five  different  peaks  were 
observed  from  3.24  to  3.475  eV,  with  relative  peak 
intensity  depending  on  growth  parameters.  For 
film  thicknesses  200-300  nm,  a  peak  at  3.42  eV  pos¬ 
sibly  related  to  defects,  usually  dominated  the 
intensity  of  the  exciton  related  peak  at  3.475  eV. 
Increasing  the  growth  rate  or  the  layer  thickness 
improved  the  excitonic  recombination.  The  PL 
emission  from  two  layers  with  similar  thickness, 
^  1  pm,  but  grown  at  different  rates,  =  0.1 
and  0.4  pm/h,  respectively  is  presented  in  Fig.  2.  As 
shown,  there  are  one  or  two  exciton  related  peaks 
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at  3.472  and  3.475  eV,  respectively  and  one  or  sev¬ 
eral  peaks  50-200  meV  below  the  band  gap  energy 
which  are  associated  with  structural  defects,  do¬ 
nor-valence  band  recombination  (D°,  h'^)  and  re¬ 
combinations  including  shallow  acceptors  [10, 11]. 
The  lower  growth  rate  provided  a  higher  intensity 
and  the  high  energy  peak  at  3.475  eY.  Increasing 
the  rate  reduced  the  overall  PL-intensity  and  shif¬ 
ted  the  peak  somewhat  to  3.472  eV.  Both  peaks 
have  been  observed  simultaneously  in  layers  grown 
above  0.4  pm/h.  In  Fig.  2  the  FWHM  is  27  meV  for 
3.424  eV  and  13  meV  for  3.475  meV,  while  the  best 
value  observed  was  ^  3  meV.  The  origin  of  the 
highest  energy  peaks  is  not  the  A-  and  B-exciton 
recombinations  [12]  shifted  due  to  strain  [13], 
since  there  was  no  indication  of  shift  between  differ¬ 
ent  layers  and  not  with  thickness.  It  is  more  likely 
that  the  3.475  eV  peak  is  the  neutral-donor-bound 
exciton  (D*^,  X),  also  called  the  /2-line  [14-16].  The 
origin  of  the  corresponding  line  for  higher  growth 
rate  (shifted  relative  to  I2)  is  not  known.  It  can  be 
related  to  a  structural  defect  or  incorporation  of  As 
(or  another  unintentional  impurity)  in  the  GaN 
layers  since  its  intensity  increases  with  growth  rate. 
The  relative  intensity  between  and  I2  is  always 
less  than  2  as  /2  is  usually  a  shoulder  on  the 
high-energy  side  when  1^  is  dominating.  As  shown 
in  Fig.  2  there  is  also  another  peak,  50-60  meV 
below  /jc  and  I2,  respectively,  which  we  denote  as 
a  “defect”  peak.  The  ratio  between  them  and  the 
/-peaks  depends  on  the  growth  parameters.  We 
used  this  ratio  as  a  fingerprint  of  the  material  qual¬ 
ity.  This  is  quantified  in  Fig.  3  by  plotting  the  ratio 
between  the  near  band  gap  peaks  at  3.472-3.475  eV 
and  the  intensity  of  the  largest  observed  “defect” 
peak,  /ex//def-  Some  variation  from  position-to- 
position  was  observed  but  much  less  than  pre¬ 
viously  reported  [2].  As  shown,  this  ratio  varied 
strongly  with  growth  rate  (despite  the  increasing 
film  thickness  at  the  used  constant  growth  time). 
The  film  thickness  increased  with  growth  rate  from 
~  265  nm  to  2.1  pm.  The  corresponding  increase 
in  PL-emission  with  growth  rate  reflects  improve¬ 
ment  in  film  quality  with  film  thickness  only  up  to 
0.4  pm/h  (~1  pm).  The  decline  for  higher  rates  is 
the  lack  of  N*  species  limiting  the  growth  rate  and 
creating  N- vacancies  in  the  layer.  To  confirm  this 
a  similar  study  was  made  with  N2-flow  rate  as 
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Fig.  2.  The  photoluminescence  spectra  from  two  ~  1  pm  thick 
layers  grown  at  different  growth  rates  but  otherwise  similar 
growth  parameters  as  indicated  in  the  text.  The  spectra  shift  of 
peak  positions  depending  on  the  growth  rate. 
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Fig.  3.  The  relative  PL-intensities  between  an  exciton  related 
peak  and  a  defect  related  peak,  1  ex/I  dot  (see  text  for  details)  as 
a  function  of  the  Ga-flux  (represented  by  GaAs  growth  rate  from 
RHEED  oscillations).  The  growth  temperature  was  760°C  and 
the  nitrogen  flux  0.5  seem.  The  best  band-gap-related  PL  emis¬ 
sion  is  obtained  for  an  equivalent  GaAs  growth  rate  of 
0.4-0.65  pm/h. 


a  parameter  keeping  the  other  parameters  constant. 
This  is  shown  in  Fig.  4  for  the  highest  growth  rate 
used  in  Fig.  3.  The  quality  improves  with  N2-flow 
and  eventually  decline  for  excess  supply  of  nitrogen. 
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Ng-flow  (seem) 

Fig.  4.  The  relative  PL-intensities,  hjld^i  (as  in  Fig.  3),  as 
a  function  of  the  N2-flux  for  Tg  =  760°C  and  =  0.8  p.m/h 
(GaN  growth  rate  is  0.42  iim/h).  The  best  film  quality  (i.e.  best 
PL  conditions)  is  obtained  for  an  N2-flux  of  1.5  seem. 

The  results  of  Figs.  3  and  4  support  the  previous 
conclusion  on  the  relatively  strong  interrelation  of 
the  gro\vth  parameters. 

In  summary,  we  studied  MBE-growth  of  thin 
GaN  films  on  sapphire  substrates  using  the  Ga-flux 
from  the  homoepitaxial  GaAs  RHEED  oscillations 
as  a  reference.  X-ray  and  photoluminescence 
measurements  were  made.  We  related  variations  in 
PL-spectra  to  growth  parameters  represented  by 
growth  temperature,  growth  rate  and  gallium/ 
nitrogen  supply.  The  X-ray  peak  widths  from  the 
GaN  and  the  AIN  buffer  layer  were  very  sensitive  to 
growth  temperature.  We  believe  that  high-quality 
layers  can  be  made  only  within  a  quite  narrow 
“parameter  window”  of  growth  parameters. 
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Abstract 

GaN/InGaN  pn-j unctions  were  grown  by  molecular  beam  epitaxy.  Depending  on  the  In  content  bright  blue  (470  nm) 
or  green  (513  nm)  electroluminescence  was  observed  at  room  temperature. 

PACS:  42.80;  73.40.L;  68.55;  78.60.F 


All  commercially  available  GaN  based  light 
emitting  diodes  (LEDs)  are  presently  fabricated  by 
metalorganic  vapour  phase  epitaxy  [1,2].  Up  to 
now  only  GaN  homojunctions  [3]  or  parts  of  an 
LED  structure  [4]  have  been  grown  by  molecular 
beam  epitaxy  (MBE).  Our  paper  presents  the  first 
report  of  bright  blue  and  green  electroluminescence 
from  GaN/InGaN  heterostructures  grown  entirely 
by  MBE. 

GaN  and  InGaN  layers  were  grown  by  MBE  on 
c-plane  oriented  sapphire  substrates  using  elemen¬ 
tal  sources  for  Ga  and  In  and  an  RF  plasma  source 
for  nitrogen.  All  layer  sequences  were  started  with 
a  thin  GaN  buffer  layer  grown  at  800"C.  The 
growth  temperatures  of  GaN  and  InGaN  were 
720  C  and  700”C,  respectively.  We  realized  InGaN 
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layers  with  In  contents  exceeding  40%,  as  deter¬ 
mined  by  X-ray  diffraction.  Nominally  undoped 
GaN  layers  show  room  temperature  hall  mobilites 
of  over  250  cmV(V  s)  and  an  electron  density  of 
about  2xl0^^cm“^.  Conventional  effusion  cells 
with  Si  and  Mg  were  used  for  n-  and  p-type  doping. 
No  annealing  or  other  treatment  was  required  to 
activate  the  dopants.  As-grown  GaN :  Mg  yields 
a  hole  concentration  of  2.5  x  10^^  cm'^  at  a  hole 
mobility  of  10  cmV(V  s). 

Fig.  1  shows  the  LED  test  structure  used  for  this 
study.  It  consists  of  1000  nm  GaN  :  Si  followed  by 
30  nm  of  undoped  InGaN  and  200  nm  GaN  :  Mg. 
Circular  Ti/Au  contacts  with  200  pm  diameter 
were  evaporated  onto  the  wafer  after  growth.  Ap¬ 
plying  a  DC  voltage  between  two  contacts  yields 
a  symmetric  i-F-curve  of  two  pn-j  unctions  with 
opposite  polarity  connected  in  series.  At  voltages 
below  5  V  no  significant  current  is  measured  due  to 
the  high  sheet  resistivity  of  the  thin  GaN :  Mg 
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layer.  At  voltages  above  10  V  leakage  through 
the  reverse  biased  diode  leads  to  a  superlinear  in¬ 
crease  of  the  current  and  electroluminescence  is 
observed  under  the  contact  of  the  forward  biased 
diode. 


200nm  GaN:Mg 
30nm  InGaN 


1|jm  GaN:Si 


Fig.  1.  Layer  sequence  of  the  LED  test  structure  used  in  this 
study. 


Fig.  2  presents  the  electroluminescence  spectrum 
of  an  LED  test  structure  with  an  In  content  of  27% 
according  to  X-ray  diffraction.  It  was  taken  at 
a  current  of  20  mA  at  room  temperature.  Intensive 
blue  light  is  observed,  visible  even  during  daylight. 
The  peak  position  of  470  nm  (2.64  eV)  coincides 
with  the  photoluminescence  signal.  From  the  mea¬ 
sured  In  content  of  27%  one  would  expect  a  ban- 
dgap  of  2.80  eV  [1]  showing  that  an  approximately 
160  meV  deep  level  is  involved  in  the  optical 
transition.  This  may  be  due  to  Mg  impurities  since 
Mg  is  used  for  the  p-type  doping  [5].  The  electro¬ 
luminescence  spectrum  displayed  in  Fig.  3  was 
taken  from  a  sample  with  an  In  content  of  40%. 
The  emission  wavelength  of  513  nm  (2.42  eV)  yields 
bright  green  light.  The  peak  position  is  also  in 
accordance  with  photoluminescence  measurements 
and  lies  about  160  meV  below  the  expected  ban- 
dgap  of  2.58  eV  [1]. 

In  conclusion  we  have  shown  that  MBE  is  a  vi¬ 
able  technique  to  grow  GaN/InGaN  heterostruc¬ 
tures  for  LED  applications.  High  In  incorporation 
due  to  low  growth  temperatures  and  efficient  p- 
type  doping  without  post  growth  treatment  are 
clear  advantages  compared  to  currently  used 
growth  techniques. 


Fig.  2.  Blue  electroluminescence  from  a  GaN/Ino.27Gao.73N  pn-structure  at  room  temperature. 
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Fig.  3.  Green  electroluminescence  from  a  GaN/Ino.4oGao.6oN  pn-structure  at  room  temperature. 
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Abstract 

We  investigate  the  influence  of  nitridation  on  the  growth  of  GaN  films.  We  present  undoped  ot-  and  p-GaN  on  3C-SiC 
coated  Si  (0  0  1)  with  and  without  nitridation,  respectively,  using  radio  frequency  plasma  assisted  molecular  beam 
epitaxy.  In  the  case  without  nitridation,  the  RHEED  (2  x  2)  streak  pattern  at  both  [1  0  0]  and  [1  1  0]  azimuths  shows 
that  the  high-quality  zinc  blende  GaN  films  are  grown.  The  X-ray  diffraction  (XRD)  shows  that  (0  0  2)  zinc  blende  GaN  is 
observed  at  20  =  39.53°.  At  10  K,  PL  of  the  zinc  blende  GaN  is  dominated  by  band  edge  emission  at  3.362  eV.  On  the 
other  hand,  ot-GaN  films  are  obtained  it  nitridation  that  exhibit  the  (0  0  0  2)  wurtzite  GaN  peak  at  34.25°  in  the  XRD 
measurement. 


1.  Introduction 

Recently,  interest  in  the  group-III  nitride 
semiconductors  has  increased  because  of  their  po¬ 
tential  for  the  development  of  light-emitting  devices 
in  the  visible  and  UV  spectral  regions,  high-temper¬ 
ature  electronics  and  high  power  microwave  devi¬ 
ces.  Bulk  single  crystals  or  wafers  are  not  yet 
available  and  the  choice  of  adequate  substrates  for 
heteroepitaxy  has  been  a  nontrivial  problem  for 
experimentalists.  AI2O3  is  commonly  used  but  its 
large  misfit  with  respect  to  GaN  (14-16%)  has  been 
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a  limiting  factor  in  the  quality  of  the  grown  epi- 
layers.  There  have  been  several  reports  that  the 
nitridation  plays  an  important  role  in  the  growth  of 
GaN  on  AI2O3  substrates.  Most  of  films  had  a  wurt¬ 
zite  phase  [1-3].  However,  growing  zinc  blende 
GaN  for  LD  fabrication  is  of  interest  and  there 
have  been  reports  using  3C-SiC  substrates  for  the 
growth  of  zinc  blende  GaN  [4-9].  The  equilibrium 
crystal  structure  for  III-V  nitrides  is  the  wurtzite 
structure  while  GaN  and  InN  have  been  observed 
to  have  the  zinc  blende  structure  when  grown  on 
a  cubic  substrate.  Cubic  GaN  has  been  grown  on 
(0  0  1)  GaAs,  3C-SiC,  MgO,  and  (0  01)  Si  [10]. 
Therefore,  in  this  study  before  growing  GaN  on 
3C-SiC-coated  Si  (0  0  1),  we  investigated  how  the 
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nitridation  has  an  influence  on  the  growth  of  GaN 
films.  As  a  result,  we  report  undoped  wurtzite  and 
zinc  blende  GaN  on  3C-SiC-coated  Si  (0  0  1)  with 
and  without  nitridation,  respectively,  using  molecu¬ 
lar  beam  epitaxy  (MBE)  equipped  with  a  reactive 
nitrogen  ion  source  operated  at  13.56  MHz. 

2.  Experimental  procedure 

The  growth  studies  were  carried  out  on  3C-SiC 
coated  Si  (0  0  1)  substrates.  By  using  a  RF  plasma 
discharge,  nitrogen  free  radical  source,  we  obtained 
a-  and  p-GaN  epilayers  with  and  without  nitrida¬ 
tion,  respectively.  The  p-SiC-coated  Si  substrates 
employed  in  this  study  were  etched  in  a  HF  solu¬ 
tion  and  once  in  the  growth  chamber  were  heated 
to  750°C  for  about  10  min  to  desorb  the  oxide 
layers.  A  two-stage  growth  process  was  employed 
in  which  growth  was  initiated  at  a  substrate  tem¬ 
perature  of  530°C  and  then  the  temperature  was 
increased  to  600°C.  A  forward  RF  plasma  power  of 
1 80-200  W  was  supplied  to  the  RF  plasma  dis¬ 
charge,  nitrogen  free  radical  source,  and  the  back¬ 
ground  nitrogen  partial  pressure  in  the  MBE 
growth  chamber  was  SKlO'^^Torr.  GaN  films 
were  grown  on  3C-SiC  substrates  at  about  600°C. 
Prior  to  the  film  growth,  the  substrate  surfaces  were 
exposed  to  an  activated  nitrogen  beam  for 
7-10  min  to  be  completely  covered  with  nitridated 


layers,  and  then  GaN  was  grown  with  a  Ga  mo¬ 
lecular  beam  from  an  effusion  cell  and  an  activated 
nitrogen  beam  from  RF  plasma  source.  During  the 
growth,  the  surfaces  were  monitored  by  in-situ  re¬ 
flection  high-energy  electron  diffraction  (RHEED) 
with  a  30  keV  beam.  The  crystallinity  of  the  GaN 
epilayers  obtained  was  characterized  by  X-ray  dif¬ 
fraction  (XRD).  Photoluminescence  (PL)  measure¬ 
ments  were  carried  out  at  lOK  using  a  325  nm  line 
of  a  He-Cd  laser,  model  IKI  3552R-G. 


3.  Results  and  discussion 

The  resulting  RHEED  pattern  on  the  P-SiC- 
coated  Si  (0  0  1)  substrate  showed  Kikuchi  lines 
indicative  of  the  good  crystalline  quality  of  the 
substrate  in  the  [1  1  0]  azimuth  after  the  surface 
pretreatment  at  750°C.  A  streaky,  unconstructed 
pattern  was  observed.  When  p-GaN  films  were 
grown  on  3C-SiC  as  the  buffer  layer  at  530°C, 
immediately  the  streaky  p-SiC  pattern  was  replaced 
by  the  spotty  pattern.  But  as  the  growth  temper¬ 
ature  was  increased  to  600°C,  one-half-order  dif¬ 
fraction  lines  appeared  in  both  the  [11  0]  and 
[10  0]  azimuths,  indicative  of  the  occurrence  of 
streaky  (2  x  2)  surface  reconstruction.  The  RHEED 
pattern  recorded  in  both  the  [1  1  0]  and  [10  0] 
azimuths  showed  that  zinc  blende  GaN  without 
nitridation  was  grown  with  the  atomically  smooth 


(a)  [110]  (b)[100] 


Fig.  1.  RHEED  patterns  of  P-GaN  grown  on  3C-SiC  at  600°C:  (a)  [1  1  0],  (b)  [1  0  0]. 
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(a) 


Si(00-4) 


SiC(002) 


c-GaN(002) 


12  22  32  42  52  62  72 

2  6  (deg.) 


22  32  42  52  62  72 

2  6  (deg.) 


Fig.  2.  X-ray  diffraction  of  GaN  grown  on  3C-SiC  at  600°C  with  and  without  nitridation. 


and  flat  surface  nature  (Fig.  la  and  Fig.  lb).  The 
structural  evidence  for  the  growth  of  a-  and  ^-GaN 
was  confirmed  by  means  of  X-ray  diffraction 
(XRD).  The  typical  diffraction  spectrum  recorded 
from  two  different  samples  are  illustrated  in  Fig.  2a 
and  Fig.  2b.  As  can  be  seen  from  the  Fig.  2a  only 
a  peak  associated  with  (0  0  2)  zinc  blende  GaN 
reflection  at  about  20  =  40°  in  the  non-nitrided  film 
is  evident  in  the  spectrum.  A  reflection  from  hexa¬ 
gonal  GaN  was  not  observed.  It  could  be  con¬ 
firmed  that  the  above  XRD  data  together  with 
RHEED  during  growth  indicated  the  GaN  films  to 
be  purely  zinc  blende.  In  the  case  of  GaN  grown 
with  nitridation,  Fig.  2b  showed  that  hexagonal 
GaN  (0  0  0  2)  peak  at  around  34°  can  be  observed. 
The  low  temperature  (10  K)  PL  spectra  of  non- 
nitrided  zinc  blende  GaN  film  revealed  near  band 
edge  emission  at  3.362  eV  (a),  as  shown  in  Fig.  3  in 
which  has  been  attributed  to  an  intrinsic/bound 
excitons  and  3.31 1  eV  (b)  was  associated  with  a  do¬ 
nor-acceptor  pair  recombination  [11].  Zinov’ev  et 
al.  have  reported  that  ~3.25  eV  (c)  is  attributed  to 
radiative  impurity-related  transition  (£e-h)  [12]. 
Also,  based  on  the  optical  data  for  |3-GaN  from 
Okumura  et  al,  we  believe  that  3.182  eV  (d)  is 
attributed  to  the  emission  related  with  impurity 
level  [7]. 


Fig.  3.  PL  spectra  of  p-GaN  measured  at  10  K. 


4.  Conclusions 

We  presented  the  a-  and  p-GaN  films  grown  on 
3C-SiC  coated  Si  (0  0  1)  substrates  with  and  with¬ 
out  nitridation,  respectively,  by  molecular  beam 
epitaxy  (MBE)  using  radio  frequency  plasma  dis¬ 
charge,  nitrogen  free  radical  source.  The  XRD  peak 
of  oc-  and  p-GaN  films  was  observed  at  approxim¬ 
ately  34°  and  40°  with  and  without  nitridation, 
repectively.  10  K  PL  spectra  showed  that  p-GaN 
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film  without  nitridation  revealed  near  band  edge 
emission  at  3.362  eV.  Further  investigation  for  the 
a-GaN  films  according  to  the  nitridation  will  be 
studied. 
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Abstract 

Alternating  source  supply  mehtod  of  Ga  and  N  sources  is  proposed  to  control  the  initial  nitridation  stages  for  the 
direct  growth  of  GaN  on  Si.  The  initial  growth  stages  under  the  alternating  source  supply  are  characterized  by  the  X-ray 
photoelectron  spectroscopy  and  the  atomic  force  microscope.  A  suppression  effect  for  the  nitridation  of  Si  surface  by  an 
excess  Ga  supply  is  investigated.  The  systematic  analysis  of  the  spectra  shows  that  the  Ga  atoms  play  an  important  role  in 
both  the  removal  of  Si  native  oxides  and  the  suppression  of  the  nitridation  during  the  initial  growth  stages.  The  atomic 
force  microscopic  images  show  that  the  surface  morphologies  depend  on  the  substrate  temperature  of  the  initial  growth 
stages.  The  surface  morphology  of  the  sample  grown  at  500°C  is  smoother  than  the  one  grown  at  600°C.  This  implies  that 
there  is  a  possibility  to  realize  the  growth  conditions  for  the  pseudo  Stranski-Krastanov  growth  mode  without  Si 
nitridation  at  the  initial  stages  in  a  low  temperature  region  in  the  alternating  source  supply  method  for  the  direct  growth 
of  III-V  nitrides  on  Si. 

PACS:  81.15.Hi 

Keywords:  Initial  growth  stage;  GaN  on  Si;  Alternating  source  supply;  Dimethyl-hydrazine 


1.  Introduction 

Growth  of  III-V  nitride  compound  semiconduc¬ 
tors  onto  a  Si  substrate  offers  a  very  attractive 
potential  to  the  future  of  optoelectronic  devices  in 
silicon-based  integrated  circuits  such  as  optoelec¬ 
tronics  integrated  circuits  (OEIC)  [1].  Recently,  we 
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have  succeeded  in  the  growth  of  InN  single  crystal 
layers  on  Si  (111)  substrates  by  metal  organic 
chemical  vapor  deposition  (MOCVD)  using 
a  GaAs  intermediate  layer  grown  by  molecular 
beam  epitaxy  (MBE)  [2].  However,  the  direct 
growth  of  III-V  nitrides  onto  the  Si  substrate  is 
desirable  from  the  viewpoint  of  device  applications, 
if  it  is  possible  to  obtain  high  crystal  quality  films. 
However,  there  are  some  problems  to  be  solved  in 
the  direct  growth  of  III-V  nitrides  onto  the  Si 
substrates.  Especially,  it  is  pointed  out  that  the 
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initial  nitridation  of  the  Si  surfaces  would  prevent 
the  following  epitaxy  after  the  initial  stages  from 
obtaining  high  quality  III-V  nitrides  on  Si  [3].  It  is 
well  known  in  the  case  of  other  III-V  compound 
semiconductors  such  as  GaAs  on  Si  substrates  that 
the  initial  growth  stage  plays  an  important  role  in 
the  following  growth  process  and  the  crystal  qual¬ 
ity  [4],  Therefore,  it  is  essential  to  control  the 
nitridation  in  the  initial  stages  to  obtain  the  high 
quality  III-V  nitride  films  directly  grown  on  the  Si 
substrates.  There  are  some  techniques  to  control 
the  initial  nitridation  of  Si  and/or  the  growth  stages 
such  as  using  the  low  temperature  GaN  buffer  layer 
proposed  by  Lei  et  al.  [1].  However,  the  nitridation 
during  the  initial  low  temperature  buffer  layer 
growth  is  not  yet  fully  understood.  Recently, 
Uchida  et  al.  revealed  by  the  atomic  force  micro¬ 
scopic  (AFM)  observations  that  the  initial  nitrida¬ 
tion  proccess  of  the  a-Al203  consists  of  three  stages 
and  that  the  initial  nirtidation  stage  also  play  an 
important  role  in  obtaining  the  high  quality  films 
even  on  the  a-Al203  substrates  that  have  been 
considered  to  have  rather  stable  surface  structure 
[5].  As  the  clean  Si  surface  made  in  ultra-high 
vacuum  conditions  maybe  more  reactive  than  the 
a-Al203  surface,  it  becomes  necessary  to  find  out 
the  control  parameters  in  the  initial  stages  to  ob¬ 
tain  a  high  crystal  quality  film  on  a  Si  substrate. 
In  this  paper,  we  propose  the  alternating  source 
supply  method  using  Ga  and  dimethyl  hydrazine 
(DMHy)  to  control  the  initial  nitridation  process  of 
the  Si  substrates. 


2.  Experimental  procedure 

Nitridation  experiments  were  carried  out  by  the 
metal  organic  molecular  beam  epitaxial  (MOMBE) 
system  using  trimethyl  gallium  (TMG)  and  DMHy. 
Si  (1  1  1)  wafers,  on  which  are  deposited  about 
0.5  pm  Si  buffer  layers  in  an  Si-MBE  system  an¬ 
nealing  at  IGOO'^C  after  the  Si  depositions,  were 
used  as  the  substrates  after  the  conventional  HE 
etching  to  remove  the  native  oxide.  The  beam- 
equivalent  pressure  of  the  DMHy  gas  was  2x 
10"^Torr  and  it  was  sufficiently  high  for  the  ni¬ 
tridation  of  the  GaAs  substrates  in  our  system. 
Alternating  source  supply  at  the  first  step  of  the 


growth  was  maintained  by  using  the  Ga  sources 
and  the  DMHy  by  shutter  and  valve  controls.  In 
the  present  work,  the  Ga  source  TMG  was  supplied 
at  500°C  to  the  Si  substrates  and  the  total  amounts 
of  supplied  Ga  at  the  first  step  were  varied  from  1  to 
10  monolayers  (ML)  to  investigate  the  effects  of  the 
initial  supplied  Ga  atoms  for  the  nitridation  pro¬ 
cess  by  the  DMHy.  Typical  initial  nitridations  by 
the  DMHy  was  peformed  for  2  min  with  2  min  time 
interval  after  the  Ga  supply.  Some  samples  con¬ 
sisted  of  thin  GaN  growth  layers  of  40  ML  thick¬ 
ness  obtained  by  the  simultaneous  supply  of  TMG 
and  DMHy  for  20  min  after  the  initial  stages.  The 
temperature  dependence  of  the  initial  nitridations 
was  also  investigated  at  500°C  and  600°C. 

X-ray  photoelectron  spectroscopic  (XPS)  mea¬ 
surements  by  using  Al  Kai,2  monochromatized 
radiation  were  carried  out  to  characterize  the 
initial  nitridation  processes  by  the  alternating 
source  supply  method.  We  scaned  the  regions 
of  Si2p,  Cis,  Nis,  Ois  and  Ga2p  levels  in  the  XPS 
measurements.  The  atomic  force  microscopic 
(AFM)  observations  in  atmosphere  were  also  per¬ 
formed  by  the  contact  mode  to  investigate  the  sur¬ 
face  morphologies  of  the  grown  films.  Scan  area 
and  force  reference  in  the  AFM  observations  were 
about  1000  nm  x  1000  nm  and  —  0.087  x  10  ^  N, 
respectively. 


3.  Results  and  discussion 

Fig.  1  shows  the  Si2p  XPS  spectra  corresponding 
to  (a)  Si  substrate  just  after  the  HF  etching,  (b)  Si 
substrate  exposed  by  DMHy  beam  and  (c)  Si  sub¬ 
strate  exposed  by  DMHy  beam  after  1  ML  TMG 
supply,  respectively.  The  peaks  at  99,  102  and 
103.4  eV  correspond  to  Si-Si,  Si-N  and  Si-O 
bonds,  respectively.  It  can  be  easily  seen  in  Fig.  lb 
that  there  is  a  strong  peak  compared  with  Fig.  la  at 
about  103  eV  which  is  between  the  Si-N  and  the 
Si-O  bonds.  This  peak  may  be  due  to  the  coupling 
of  the  contributions  from  the  Si-N  bonds  formed 
by  the  DMHy  exposure  for  2  min  and  from  the 
Si-O  bonds  of  the  native  Si  oxide  formed  during 
the  sample  preparations  such  as  mounting  on  the 
Mo  blocks  for  the  MOMBE  system.  Because  the 
Nis  signal  at  398  eV  can  also  be  observed  in  the 
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Fig.  1.  Typical  Si2p  XPS  spectra  from  (a)  Si  substrate  just  after 
the  HF  etching,  (b)  Si  substrate  exposed  by  the  DMHy  for  2  min, 
and  (c)  Si  substrate  exposed  by  the  DMHy  for  2  min  after  the 
1  ML  TMG  supplying  with  2  min  time  interval,  respectively. 

wide-scaned  XPS  spectra,  this  result  indicates  that 
the  Si  surface  is  partially  covered  with  the  Si-N 
bonds.  However,  whenever  1  ML  TMG  is  supplied 
before  the  DMHy  supply,  there  is  a  peak  shift  from 
103  eV  in  Fig.  lb  to  102  eV  as  shown  in  Fig.  Ic 
and,  therefore,  the  Si-N  signal  intensity  increases 
remarkably  in  contrast  with  the  decrease  of  the 
Si-O  peak  intensities.  The  result  can  also  be  con¬ 
firmed  by  the  XPS  spectra  as  shown  in  Fig.  2. 
Remarkable  increase  of  the  Nis  peak  intensity  can 
be  easily  observed  in  comparison  with  Fig.  2b  and 
Fig.  2c.  The  results  indicate  that  the  increases  of  the 
Si-N  peak  intensities  are  due  to  the  removal  effect 
of  the  native  oxide  layers  by  the  Ga  irradiation  as 
the  following  chemical  reactions  [6]: 

Si02  4Ga  =  Si  +  2Ga20,  (1^) 

Si02  +  2Ga  =  SiO  +  Ga20,  (lb) 

and  are  due  to  the  progress  of  nitridation  of  the 
clean  Si  surfaces.  The  above  chemical  reactions  are 
also  supported  by  the  fact  that  any  XPS  signal  of 
Ga2p  was  not  observed  in  the  case  shown  in  Fig.  Ic 
in  spite  of  1  ML  TMG  supply.  Therefore,  it  is 
suggested  that  the  excess  Ga  irradiations  such  as 


Fig.  2.  Typical  Ni^  XPS  spectra  from  (a)  Si  substrate  just  after 
the  HF  etching,  (b)  Si  substrate  exposured  by  the  DMHy  for 
2  min,  and  (c)  Si  substrate  exposured  by  the  DMHy  for  2  min 
after  the  I  ML  TMG  supplying  with  2  min  time  interval, 
respectively. 

10  ML  Ga  supply  is  necessary  to  form  the  clean  Si 
surface  without  the  nitridations. 

In  the  case  of  10  ML  Ga  supply,  the  apparent 
decrease  of  Si-N  peak  intensities  were  observed 
with  vanishing  of  the  Si-O  peaks  as  shown  in 
Fig.  3b  and  Fig.  3c,  in  spite  of  additional  40  ML 
GaN  growth  after  the  initial  stages,  as  compared 
with  Fig.  3a.  For  the  substrate  temperature  of 
600°C  as  shown  in  Fig.  3c,  the  Si-N  peak  intensity 
decreases  to  the  considerably  low  signal  level  com¬ 
pared  to  the  case  of  the  substrate  temperature  of 
500°C  shown  in  Fig.  3b.  The  temperature  depen¬ 
dent  suppression  effect  of  nitridation  may  be  due  to 
the  nature  of  the  excess  Ga  atoms  and  their  oxides 
such  as  the  diffusion  length  of  excess  Ga  atoms  and 
the  removal  rate  of  the  native  oxide  layers  related 
with  some  complicated  processes  of  evaporation  of 
oxide  materials.  At  any  rate,  these  results  indicate 
that  both  the  existence  of  the  excess  Ga  atoms  on 
the  Si  surfaces  and  the  substrate  temperature  in  the 
alternating  source  supply  method  play  an  essential 
role  in  the  suppression  of  the  nitridation  of  the 
initial  growth  stages. 

Fig.  4  shows  the  relative  peak  intensity  ratios  of 
Isi-n/hi-si  and  /siW^si-si  with  the  error  bars  in  the 
XPS  measurements  of  the  present  work.  Because 


132 


A.  Hashimoto  et  al.  j  Journal  of  Crystal  Growth  1751176  (1997)  129-133 


Fig.  3.  Typical  Si2p  XPS  spectra  from  Si  substrates  exposured 
by  the  DMHy  for  2  min  after  (a)  1  ML  and  (b)  10  ML  TMG 
supplying  at  500X  and  after  (c)  10  ML  TMG  supplying  at 
600'’C,  respectively,  with  2  min  time  interval. 


there  is  no  Ni^  peak  in  the  XPS  spectrum  in  the 
case  of  Si  substrate  just  after  the  HF  etching  as 
shown  in  Fig.  2a,  the  relative  peak  intensity  ratio  of 
hi-N/hi-si  (^)  HF  etching  should  be  considered 
as  the  background  level  by  the  contributions  of 
the  oxide  materials  such  as  Si-O^^  in  the  native 
oxide  layer  [7].  It  is  easy  to  see  again  that  the 
excess  Ga  atoms  play  an  important  role  in  both 
the  removal  of  the  Si  native  oxide  and  the 
suppression  of  the  Si  nitride  formations  during  the 
initial  growth  stages.  However,  it  is  worth  while  to 
notice  that  there  is  a  capable  Si-N  related  intensity 
difference  between  the  case  (a)  as  the  background 
level  and  the  case  (d)  in  Fig.  4.  This  difference 
maybe  due  to  some  features  of  the  interfacial 
atomic  structures  between  Si  and  GaN  such  as 
Si/N/Ga  and/or  more  complicated  atomic  arrange¬ 
ments,  if  the  removal  of  native  oxide  by  the  excess 
Ga  atoms  is  complete. 

Fig.  5  shows  the  AFM  images  for  the  samples  of 
10  ML  Ga  supplying  at  (a)  500°C  and  (b)  bOO^'C, 
respectively,  together  with  the  roughness  along  the 
diagonal  lines  from  upper  left-hand  side  to  lower 
right-hand  side  in  each  AFM  solid  image.  The 
AFM  images  show  the  small  islands  due  to  the 
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Fig.  4.  Two  kinds  of  ratio  of  the  XPS  relative  peak  intensities, 
fsi-o/Li  Si  and  /si-N/Li  si,  for  various  initial  conditions. 


GaN  thin  layers  of  about  40  ML  equivalent  thick¬ 
ness  grown  in  the  Volmer- Weber  (V-M)  growth 
mode.  The  surface  morphology  and  the  island  den¬ 
sity  grown  at  500°C  is  smoother  and  lower  than  for 
the  one  grown  at  600°C.  The  average  island  dia¬ 
meters  and  heights  are  about  27  and  0.40  nm  with 
(j  =  0.06  nm  for  the  case  of  (a)  and  are  about  40  and 
0.82  nm  with  a  =  0.07  nm  for  the  case  of  (b),  where 
cr  is  the  standard  deviation  of  island  heights.  The 
results  imply  that  the  surface  morphology  depends 
on  the  substrate  temperature  at  the  initial  stages. 
Because  the  misfit  of  the  GaN  and  Si  ('^17%)  is 
a  little  larger  than  the  critical  value  of  14%  which  is 
the  border  line  between  the  Stranski-Krastanov 
(S-K)  growth  mode  and  the  V-W  growth  mode,  the 
smoother  surface  morphology  in  Fig.  5a  implies 
that  there  might  be  a  room  for  a  possibility  to 
control  the  V-M  growth  mode  to  the  pseudo-S-K 
growth  mode  without  Si  nitridation  in  a  low  tem¬ 
perature  region  in  the  alternating  source  supply 
method  by  investigating  the  optimum  growth  con¬ 
ditions  for  the  initial  growth  stage. 
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Fig.  5.  The  AFM  images  for  the  samples  in  the  cases  of  10  ML 
Ga  supplying  at  (a)  500”C  and  (b)  600°C,  respectively,  together 
with  the  roughness  along  the  diagonal  lines  from  upper  left-hand 
side  to  lower  right-hand  side  in  each  AFM  solid  image. 


4.  Conclusions 

In  conclusion,  the  alternating  source  supply  of 
Ga  and  DMHy  to  control  the  initial  nitridation 
process  were  proposed.  The  analysis  of  the  XPS 
spectra  and  the  AFM  images  showed  that  the  Ga 
atoms  play  an  important  role  in  both  the  removal 
of  the  Si  native  oxide  and  the  suppression  of  the  Si 
nitride  formations  during  the  initial  growth  stages. 
The  results  also  imply  that  there  is  a  possibility  of 
the  pseudo-S-K  growth  mode  without  nitridations 
by  optimizing  the  growth  conditions  in  the  low 
temperature  region  in  the  alternating  source  supply 
method.  It  is  expected  that  the  alternating  source 
supply  method  in  the  initial  growth  stage  is  an 
useful  one  to  grow  the  excellent  lattice-mismatched 
heteroepitaxial  layers  of  III-V  nitrides  onto  the  Si 
substrates. 
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Abstract 

We  study  the  relation  between  surface  reconstruction  transitions  and  surface  kinetics  for  cubic  GaN  grown  by 
plasma-assisted  molecular  beam  epitaxy  on  (0  0  1)  GaAs.  Reflection  high-energy  electron  diffraction  is  used  to  monitor 
the  transient  behavior  of  the  surface  reconstruction  upon  the  pulsed  supply  of  either  Ga  or  N  at  a  given  substrate 
temperature.  A  quantitative  analysis  of  the  dynamics  of  the  surface  reconstruction  transitions  yields  the  desorption  fluxes 
of  Ga  and  N.  The  exceptionally  high  thermal  stability  of  the  (2  x  2)-reconstructed  surface  in  vacuum  is  examined  by  ab 
initio  total-energy  calculations. 


The  growth  behavior  of  crystals  is,  in  general, 
determined  by  both  bulk  thermodynamics  and  sur¬ 
face  kinetics.  However,  for  nonequilibrium  condi¬ 
tions  such  as  established  during  molecular  beam 
epitaxy  (MBE)  or  metal  organic  vapor  phase  epi¬ 
taxy  (MOVPE),  surface  kinetics  plays  a  major  and 
often  dominating  role  for  growth.  The  reason  for 
this  fact  is  that  the  surface  constitutes  a  two-dimen¬ 
sional  phase  in  its  own  right  which  has  properties 
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much  distinct  from  the  underlying  bulk  phase 
[1-4].  It  is  this  surface  phase  which  is  responsible 
for  the  growth  kinetics  of  the  material  [5]. 

In  a  previous  work,  we  reported  the  observation 
of  three  distinct  surface  phases  of  cubic  GaN(0  0  1), 
namely,  a  N  terminated  (1  x  1),  and  Ga  terminated 
(2x2)  and  c(2x2)  reconstructed  surfaces  [6].  In 
vacuum,  either  surface  was  observed  to  relax  to¬ 
wards  the  (2  X  2)  reconstructed  surface,  which  was 
found  to  be  stable  up  to  temperatures  as  high  as 
700°C.  From  the  experimentally  determined  Ga 
coverages  and  reconstruction  symmetries,  simple 
surface  structure  models  were  constructed.  The 
(2  X  2)  reconstruction  was  described  as  being  for¬ 
med  by  Ga  dimer  rows  along  the  [110]  direction 
which  are  separated  by  one  missing  dimer  row. 
Filling  of  the  missing  dimer  rows  at  the  center 
positions  of  the  four  adjacent  Ga  dimers  corres¬ 
ponds  at  full  monolayer  coverage  to  the  c(2  x  2) 
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reconstruction.  Note  that  both  of  these  reconstruc¬ 
tion  models  are  spanned  up  by  chemically  identical 
basic  units,  namely,  the  Ga  dimers.  The  high  stabil¬ 
ity  of  the  (2  X  2)  surface  with  respect  to  the  c(2  x  2) 
reconstruction  has  thus  remained  an  open  question. 

In  this  work,  we  study  the  surface  reconstruction 
transitions  of  cubic  GaN  both  experimentally  and 
theoretically.  The  transition  dynamics  is  monitored 
under  isothermal  conditions  by  in  situ  reflection 
high-energy  electron-diffraction  (RHEED).  We 
compare  these  experiments  to  simulations  using 
a  kinetic  model  which  describes  the  reconstruction 
transitions  in  terms  of  the  initial  adsorption,  diffu¬ 
sion,  and  subsequent  evaporation  of  the  respective 
surface  species.  Finally,  we  employ  ab  initio  total- 
energy  calculations  in  order  to  understand  these 
transitions  on  an  atomistic  level. 

The  GaN  film  used  for  this  investigation  is  pre¬ 
pared  on  an  exactly  (0  0  l)-oriented  GaAs  substrate 
by  MBE  using  a  high  voltage  (  ~  1.5  kV)  plasma 
glow-discharge  N  source.  The  growth  procedure 
follows  that  described  in  Ref.  [6].  Surface  recon¬ 
structions  are  monitored  in  situ  by  RHEED,  using 
an  incident  angle  of  3°  and  an  acceleration  voltage 
of  15  kV.  The  RHEED  intensity  is  detected  by 
a  CCD  camera  and  analyzed  by  an  image  process¬ 
ing  system.  The  temperatures  quoted  in  this  paper 
are  thermocouple  readings  following  a  three-point 
calibration  [7].  The  Ga  flux  is  determined  by 
RHEED  intensity  oscillations  during  GaAs  buffer 
layer  growth  under  N2  background  pressure.  The 
N  flux  is  obtained  via  ex  situ  measurements  of  the 
thickness  of  films  grown  under  Ga  rich  conditions 
[8]. 

Total  energies  and  forces  are  calculated  within 
the  local  density  approximation  for  supercell  struc¬ 
tures  representing  the  reconstructed  GaN  surfaces. 
We  employ  Perdew  and  Zunger’s  [9]  para- 
metrization  of  the  exchange-correlation  energy 
and  norm-conserving  pseudopotentials  of  the 
Kleinman-Bylander  form  tabulated  by  Stumpf 
et  al.  [10].  The  pseudo  wave  functions  are  ex¬ 
panded  in  terms  of  a  plane-wave  basis  set  corre¬ 
sponding  to  a  kinetic-energy  cutoff  of  30  Ry.  Two 
special  k  points  are  used  to  sample  the  primitive 
surface  Brillouin  zone.  The  atomic  positions  in  the 
top  three  layers  are  relaxed  until  the  calculated 
forces  are  smaller  than  0.15  eV/(  1x1). 


An  impinging  flux  of  either  Ga  or  N  onto  the 
(2  X  2)  surface  leads  to  a  transition  to  a  c(2  x  2)  or 
a  (1x1)  reconstruction,  respectively.  Measuring  the 
intensity  of  the  half-order  reconstruction  streak 
along  a  (1  1  0)  azimuth  allows  us  to  record  this 
phenomenon  in  real  time.  Figs.  1  and  2  show  se¬ 
lected  examples  of  such  time  scans  upon  the  pulsed 
supply  of  1  ML  N  (Fig.  1)  and  0.5  ML  Ga  (Fig.  2) 
for  two  different  temperatures.  The  maximum 
intensity  corresponds  in  each  case  to  that  of  the 
(2  X  2)  reconstruction,  while  the  intensity  drop  is 
associated  to  the  transition  towards  either  the 
(1x1)  or  c(2  X  2)  reconstructed  surfaces  (The  for¬ 
mer  surface  remains  stationary  for  any  amount  of 
N  supplied  in  excess  of  1  ML).  It  is  obvious  from 
these  experiments  that  the  half-order  streak  first 
vanishes  upon  the  impinging  flux  of  both  N  and 
Ga,  but  recovers  in  a  finite  time  once  the  supply  has 
ceased.  Note  that  the  recovery  time  is  substantially 
shorter  at  higher  temperature.  The  simplest  ex¬ 
planation  for  this  effect  consists  in  the  initial  ad¬ 
sorption  of  either  N  or  Ga,  thus  forming  surface 
phases  distinct  in  coverage  and  symmetry  from  the 
(2  X  2)  surface  phase,  followed  by  the  isothermal 
desorption  of  the  species  building  up  these  phases. 

Assuming  that  these  reconstruction  transitions 
are  caused  by  adsorption,  diffusion  and  desorption 


Fig.  1.  RHEED  intensity  transient  upon  a  1.0  monolayer 
N  dose  at  (a)  700"'C  and  (b)  720®C.  Solid  squares  represent 
experimental  data,  and  solid  lines  show  the  best  fit  of  our  model. 
The  time  interval  of  N  supply  is  indicated  in  the  figure,  as  well  as 
the  desorption  rates  deduced  from  the  fits. 
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Fig.  2.  RHEED  intensity  transient  upon  a  0.5  monolayer  Ga 
dose  at  (a)  620°C  and  (b)  640'’C.  Solid  squares  represent  experi¬ 
mental  data,  and  solid  lines  show  the  best  fit  of  our  model.  The 
dashed  lines  show  the  zero  level  which  is  defined  by  the  half¬ 
order  beam  intensity  equaling  the  background  intensity.  The 
time  intervals  of  Ga  supply  are  indicated  in  the  figure,  as  well  as 
the  desorption  rates  deduced  from  the  fits. 


of  the  corresponding  surface  species,  we  next  apply 
a  phenomenological  model  for  the  surface  kinetics 
of  GaN  for  its  quantitative  analysis.  This  model, 
which  is  discussed  in  more  detail  in  Ref.  [7],  ac¬ 
counts  for  adsorption  and  desorption  of  both  Ga 
and  N  as  well  as  for  the  formation  of  excess  Ga, 
which  eventually  will  form  droplets,  and  for  GaN 
growth  in  the  case  of  the  simultaneous  presence  of 
Ga  and  N.  Simulations  based  on  this  model  are 
shown  in  Figs.  1  and  2  together  with  the  corres¬ 
ponding  experimental  data,  the  latter  of  which  were 
normalized  to  one  with  the  zero  level  defined  by  the 
simultaneously  recorded  background  intensity. 
Since  these  RHEED  transients  are  actually 
a  measure  of  the  isothermal  desorption  rate  as 
a  function  of  coverage,  the  good  agreement  of  the 
experimental  and  simulated  transients  reveals 
that  desorption  of  both  N  and  Ga  is  a  first-order 
process. 

Fig.  3  shows  the  desorption  fluxes  derived  from 
our  simulations  in  an  Arrhenius  representation. 
The  volatility  of  both  Ga  and  N  related  surface 
phases  is,  in  the  investigated  temperature  range,  on 
the  same  order  of  magnitude  as  that  observed  for 
the  free  evaporation  of  bulk  GaN.  The  stability  of 
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Fig.  3.  Arrhenius  representation  of  the  N  and  Ga  desorption 
fluxes.  The  points  are  experimental  data.  The  cross  marks  the 
lower  limit  for  the  stability  of  the  (2  x  2)  reconstructed  surface. 
The  solid  lines  are  least-square  fits  of  single  exponentials  to  our 
data.  The  dashed  and  dash-dotted  lines  represent  the  data  of 
Refs.  [11, 12]  for  the  free  surface  evaporation  of  GaN.  For  the 
Ga  and  N  desorption  flux,  the  fits  result  in  Arrhenius  parameters 
InZo  and  E,  (In  Z  =  \n  Zq  -  EJk^T)  of  64.5  ±  0.6  and 
2.69  ±  0.05  eV  and  102  ±  2  and  6.1  ±2  eV,  respectively. 

all  surface  phases  is  many  orders  of  magnitude 
higher  than  expected  under  equilibrium  conditions, 
showing  that  in  all  cases  desorption  is  greatly 
kinetically  hindered.  Interestingly,  at  temperatures 
below  760°C,  Ga  is  the  more  volatile  species  at 
the  growth  front  rather  than  N. 

Next,  we  discuss  the  results  of  ab  initio  calcu¬ 
lations  on  the  stability  of  the  Ga  terminated  surfa¬ 
ces  observed  experimentally.  The  c(2  x  2)  is  found 
to  be  indeed  the  most  stable  surface  in  the  Ga  rich 
limit.  For  this  surface,  the  orbitals  of  N  atoms  are 
filled  with  the  valence  electrons  of  Ga  adatoms,  for 
which  the  dangling  bonds  of  Ga  adatoms  are  com¬ 
pensated  by  dimerization,  thus  resulting  in  the  sta¬ 
bilization  of  the  surface.  In  contrast,  if  Ga  adatoms 
form  dimers  on  the  half-covered  (2  x  2)  surface, 
unoccupied  dangling  bonds  of  N  atoms  are  formed 
because  of  the  electron  deficit  [-2e  per(2  x  2)  unit 
cell]  of  this  surface.  It  thus  seems  that  dimerization 
is  electrostatically  unfavorable  in  this  case.  In  fact, 
the  total  energy  of  undimerized  surfaces  with 
0.5  ML  Ga  coverage  is  found  to  be  close  to  the 
experimentally  observed  (2  x  2)  phase. 
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However,  care  must  be  exercised  when  compar¬ 
ing  these  results  to  our  experimental  findings.  It  is 
by  no  means  obvious  that  our  kinetic  experiments 
probe  the  ground  state  of  the  system.  Kinetic  bar¬ 
riers  which  inhibit  further  transformation  of  the 
surface  into  an  energetically  more  favorable  phase 
cannot  be  ruled  out.  In  fact,  the  transition  observed 
may  be  understood  to  result  from  dimer  desorption 
alone,  and  does  not  involve  the  dissociation  of 
dimers  nor  their  migration.  When  focusing  on  the 
atomic  configuration  of  the  two  surface  phases  in¬ 
volved  in  this  transition,  we  find  that  the  electron 
deficit  of  the  (2  x  2)  phase  causes  a  strong  relaxation 
of  Ga  dimers  towards  the  surface.  As  shown  in  the 
electron  density  plots  in  Fig.  4,  the  distance  be¬ 
tween  the  topmost  Ga  dimers  and  the  second  nitro¬ 
gen  plane  is  0.66  and  1.16  A  for  the  (2  x  2)  and  the 


0.66  A 


0[11O] 
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Fig.  4.  Electron  density  maps  in  [1  10]  projection  of  the  (a) 
(2  X  2)  and  (b)  c(2  x  2)  surfaces. 


c(2  X  2)  surface,  respectively.  This  difference  makes 
the  two  surface  under  consideration  distinguishable 
on  an  atomic  level,  and  is  the  key  for  the  under¬ 
standing  of  their  different  stability.  For  simulating 
the  dynamics  of  the  surface  during  desorption,  we 
move  a  single  Ga  dimer  step  by  step  toward  the 
vacuum  region  from  its  stable  site  (with  all  other 
atoms  fixed  at  their  initial  stable  sites).  The  cal¬ 
culated  results  are  summarized  in  Fig.  5.  It  is  found 
that  the  energy  required  to  remove  a  Ga  dimer 
from  the  (2  x  2)  surface  is  higher  than  that  required 
for  a  Ga  dimer  on  the  c(2  x  2)  surface. 

Microscopically,  the  transition  from  the  c(2  x  2) 
and  (2  x  2)  surfaces  may  thus  be  understood  in 
terms  of  a  dynamical  desorption-and-stabilization 
model.  Upon  the  desorption  of  a  Ga  dimer  from  the 
c(2  X  2)  surface,  the  four  neighboring  Ga-dimers 
will  relax  toward  the  surface  resulting  in  the  local 
stabilization  of  the  (2  x  2)  unit  cell.  Subsequent  de¬ 
sorption  of  Ga  dimers  will  occur  at  the  second- 
nearest  neighbors  sites,  and  so  on,  resulting  in  the 
spontaneous  phase  transition  from  the  c(2  x  2)  to 
the  (2  X  2)  surface. 

In  conclusion,  our  study  has  an  important  conse¬ 
quence  for  the  growth  of  cubic  GaN.  Under  Ga  rich 
[c(2  X  2)]  growth  conditions,  the  surface  stoi¬ 
chiometry  during  growth  is  severely  influenced  by 
Ga  desorption.  This  phenomenon  intricates  the 


Fig.  5.  Energy  differences  for  the  movement  of  a  Ga  dimer  away 
from  its  stable  site  on  the  c(2  x  2)  and  (2  x  2)  surfaces. 
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growth  of  single-phase  cubic  GaN  films  where  the 
slightest  deviation  from  the  optimum  surface 
stoichiometry  induces  the  nucleation  of  the  hexagonal 
phase  [6].  However,  Ga  desorption  does  not  take 
place  at  MBE  temperatures  when  stoichiometry  is 
adjusted  such  that  the  surface  reconstructs  in  the 
(2  X  2)  phase.  Experiments  following  these  consider¬ 
ations  indeed  result  in  a  much  improved  reproducibil¬ 
ity  in  the  growth  of  single-phase  cubic  GaN. 
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Abstract 

Growth  nucleation  and  evolution  of  morphology  of  GaN  on  (0  0  1)  GaAs  is  investigated  as  a  function  of  the  N2H4/Ga 
flux  ratio.  The  use  of  hydrazine  allows  us  to  reach  high  flux  ratios  without  causing  any  damage  to  the  epitaxial  layer. 
Epitaxial  GaN  is  purely  cubic  but  shows  growth  anisotropy  dependent  on  the  flux  ratio.  GaN  layers  grown  at  low  flux 
ratios  shows  three-dimensional  nucleation  and  no  preferential  island  orientation.  With  higher  flux  ratios  the  nucleation 
rate  increases,  the  surface  becomes  smoother,  and  the  growth  anisotropy  markedly  increases.  The  growth  morphology 
reflects  the  surface  anisotropy  of  the  underlying  GaAs  substrate.  Cathodoluminescence  measurements  show  that  the 
exciton  recombination  is  the  dominant  light  emission  mechanism  at  300  and  77  K. 


Growth  of  cubic  GaN  (j5-GaN)  on  (0  01) 
oriented  GaAs  substrates  has  been  reported  by 
a  number  of  research  groups  [1-7].  One  of  the 
more  compelling  reasons  for  investigating  j5-GaN 
is  the  possibility  of  reaching  very  high  p-type  dop¬ 
ing  levels  [4].  It  is  well  known  that  in  order  to 
control  p-type  doping  of  GaN  in  molecular  beam 
epitaxy  (MBE)  the  density  of  N-related  vacancies, 
resulting  from  the  relatively  low  N  pressure,  must 
be  carefully  controlled.  Since  in  most  cases  atomic 
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nitrogen  is  produced  by  plasma  assisted  sources, 
high  N  fluxes  result  only  in  sample  degradation 
through  ion  damage.  In  plasma  assisted  MBE  nu¬ 
cleation  of  GaN  on  GaAs  is  very  sensitive  to  the 
concentration  of  native  defects  at  the  surface  [7]. 
A  detailed  understanding  of  the  growth  nucleation 
of  GaN/GaAs  is  also  needed  in  order  to  obtain 
growth  of  mixed  III-V  -  nitride  compounds  which 
are  of  considerable  technological  interest  [8]. 

In  this  work,  we  report  on  the  growth  of  GaN  on 
(0  0  1)  GaAs  by  gas-source  molecular  beam  epitaxy 
(GSMBE)  with  hydrazine  (N2H4)  as  a  source  of 
nitrogen.  The  high  reactivity  of  N2H4  provides  an 
attractive  alternative  to  plasma-derived  atomic 
N  or  NH3  in  epitaxial  growth  of  GaN  [1,  6].  We 
show  that  large  N2H4/Ga  flux  ratios  are  possible 
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without  any  danger  of  surface  damage  to  GaAs.  At 
the  initial  stages  of  growth,  the  flux  of  active  N  is 
shown  to  control  the  island  size  and  the  film  mor¬ 
phology. 

The  growth  experiments  were  carried  out  in 
a  custom  designed  MBE  apparatus  described  pre¬ 
viously  [6],  on  nominally  (0  0  1)  oriented  epi-ready 
GaAs  substrates.  The  native  oxide  layer  was  re¬ 
moved  by  annealing  at  550-650“C  ramp  under 
hydrazine  flux.  The  surface  nitridation  of  GaAs 
commenced  at  this  step,  as  evidenced  by  a  change 
in  the  reflection  high-energy  electron  diffraction 
(RHEED)  pattern.  In  all  the  growth  experiments 
the  sample  was  held  at  a  constant  temperature  of 
550'C.  The  flux  of  hydrazine  was  controlled  with 
a  precision  leak  valve  and  the  flux  was  calibrated 
with  an  Bayard-Alpert  ion  gauge.  The  flux  calib¬ 
ration  was  carried  out  without  liquid  nitrogen 
in  the  cryopanels  of  the  growth  chamber.  The 
hydrazine  flux  varied  from  4.1  x  10^^  to  as  high  as 
1.1  X  10^"^  at/cm^  s.  The  Ga  flux  was  calibrated  in 
the  growth  of  GaAs  and  then  held  constant.  How¬ 
ever,  in  the  growth  of  GaN  the  effective  Ga  flux 
may  vary  from  1.2  x  10^"^  to  6  x  10^^  at/cm^  s,  as 
inferred  from  decreased  growth  rates  at  high 
hydrazine  fluxes.  This  is  in  good  agreement  with 
previous  work  [7].  We  were  thus  able  to  obtain 
a  very  wide  range  of  N2H4/Ga  flux  ratios.  At  high 
flux  range  the  growth  is  clearly  controlled  by  the 
Ga  flux.  However,  it  is  possible  that  the  group 
Ill-active  nitrogen  flux  ratio  becomes  less  then 
unity  at  the  lowest  hydrazine  fluxes. 

The  initial  stages  of  growth  were  monitored  with 
RHEED  in  [1  1  0]  and  [T  1  0]  azimuths.  At  a  sub¬ 
monolayer  coverage  we  were  able  to  observe,  at  the 
same  time,  reflections  from  the  substrate  and  the 
film.  The  GaAs  reflections  disappear  after  depos¬ 
ition  of  the  first  one  or  two  monolayers  of  GaN, 
implying  a  complete  surface  coverage.  This  is  con¬ 
sistent  with  the  transmission  electron  microscopy 
(TEM)  results  discussed  below.  Since  the  processes 
of  nitridation  and  oxide  removal  occur  simulta¬ 
neously,  the  surface  reconstruction  of  GaAs  is  com¬ 
plex  and  the  detailed  surface  structure  is  difficult  to 
determine.  However,  the  initial  RHEED  pattern  is 
consistent  with  islanding  on  the  scale  of  less  than 
~  100  nm.  Fig.  1  shows  RHEED  patterns  ob¬ 
tained  after  about  lOnm  of  growth.  The  RHEED 


Fig.  1.  RHEED  data  obtained  after  approximately  lOnm  of 
^-GaN/GaAs  (0  0  1)  growth.  Panels  (a)  and  (b)  show  the  [T  1  0] 
and  [110]  azimuths,  respectively 


data  shows  that  GaN  nucleates,  at  the  earliest 
stages,  in  the  cubic  phase,  even  in  the  absence  of  As 
overpressure  [7].  The  cubic  nature  of  the  film  is 
confirmed  by  low-energy  electron  diffraction 
(FEED,  Fig.  2).  At  the  growth  temperature  used 
here  the  RHEED  pattern  suggests  that  the  initial 
growth  is  three-dimensional,  for  all  hydrazine 
fluxes  used  here.  Two-dimensional  growth  is  not 
observed,  even  in  samples  as  thick  as  100  nm.  In 
addition,  comparison  between  RHEED  patterns 
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Fig.  2.  LEED  data  obtained  after  approximately  10  nm  of 
jS-GaN/GaAs  (0  0  1)  growth.  Electron  energy  48  eV. 


imaged  in  two  orthogonal  azimuth  directions 
shows  that  the  growth  must  be  highly  anisotropic, 
and  oriented  preferentially  along  the  [T  1 0] 
direction. 

Additional,  quantitative,  information  on  the 
growth  anisotropy  and  its  correlation  with  the 
N2H4/Ga  flux  ratios  can  be  obtained  from  the  ex 
situ  atomic  force  microscopy  (AFM)  measure¬ 
ments.  Representative  AFM  images  obtained  on 
~  150  nm  thick  samples  of  j5-GaN  are  shown  in 
Fig.  3.  The  surface  morphology  is  strongly  depen¬ 
dent  on  the  N2H4/Ga  flux  ratio.  The  film  grown  at 
a  low  flux  ratio,  illustrated  in  Fig.  3a,  consists  of 
loosely  fitting  islands  smaller  than  100  nm,  without 
a  clearly  defined  orientation.  The  maximum  height 
of  crystallites  is  also  ~  100  nm.  This  film  is  thus 
quite  rough,  with  the  root-mean-square  (RMS) 
roughness  of  14  nm.  Its  appearance  is  similar  to 
that  reported  by  Yang  et  al.  [7]  for  growth  under, 
what  we  consider,  low  nitrogen  flux.  With  increas¬ 
ing  hydrazine  flux  the  films  become  much  more 
dense  and  oriented.  The  average  island  size  in  the 
[T  1  0]  direction  increases,  Fig.  3b  and  Fig.  3c, 
resulting  in  very  pronounced  island  anisotropy. 
The  rectangular  islands  disappear  completely  un¬ 
der  the  highest  fluxes.  The  film  becomes  much 


Fig.  3.  Atomic  force  microscopy.  AFM  images  of  ~  150nm 
thick  GaN  layers  grown  at  different  flux  ratios  N2H4./Ga:  (a) 
~  7  X  10‘;  (b)  ~  4  X  10^;  and  (c)  ~  I  x  10^.  The  islands  are 
aligned  along  the  [T  1  0]  direction.  The  gray  scale  changes  from 
100  nm  in  panel  (a)  to  50  nm  in  panel  (b),  and  30  nm  in  panel  (c). 
Each  panel  represents  an  area  of  1  x  1  pm^. 

smoother  and  at  the  highest  N2H4/Ga  flux  ratios 
the  RMS  surface  roughness  decreases  to  1.8  nm. 
The  RMS  roughness  of  0.5  nm  was  obtained  by 
Yang  et  al.  [7]  under  As  stabilized  growth. 
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A  flat  interface  between  GaAs  and  GaN  is  ob¬ 
tained  only  for  high  N2H4/Ga  flux  ratios,  as  ascer¬ 
tained  from  SIMS  profiling  (Fig.  4)  carried  out  on 
samples  grown  with  high  and  low  flux  ratios.  The 
depth  resolution  of  this  measurement  is  ~10nm. 
Since  the  SIMS  profile  is  averaged  over  an  area  of 
200x200pm^,  the  GaN/GaAs  interface  in  the 
sample  grown  with  a  low  hydrazine  flux  appears 
graded,  as  judged  by  the  As  trace.  High  fluxes  result 
in  apparently  abrupt  interfaces.  While  some  As 
out-diffusion  may  be  present,  the  width  of  the 
SIMS  interface  in  samples  grown  under  low  hy¬ 
drazine  fluxes  is  exaggerated  by  averaging  over 
a  large  area  of  a  rough  sample  (Fig.  4b).  However, 
SIMS  results  strongly  suggest  that  the  film  rough¬ 
ness  observed  in  the  AFM  measurements  arises,  to 
a  large  extent,  from  the  interface  roughness. 

The  details  of  the  interface  roughness  were  inves¬ 
tigated  using  transmission  electron  microscopy 
(TEM).  A  TEM  cross-section  of  a  100  nm  thick 
GaN  layer  and  its  interface  with  the  GaAs  substra¬ 
te  is  shown  in  Fig.  5.  The  image  is  oriented  along 
the  [T  1  0]  plane.  The  sample  was  grown  under  an 
intermediate  hydrazine  flux,  N2H4/Ga  4  x  10^. 
In  some  areas,  the  interface  between  GaN  and 
GaAs  indeed  appears  rough.  In  these  areas  the 
peak-to-valley  excursions  in  the  interface  rough¬ 
ness  are  on  the  order  of  ~  10  nm.  This  is  in  very 
good  agreement  with  the  AFM  data  obtained  on 
the  surface  of  GaN.  The  epitaxial  layer  thus  largely 
mimics  the  interface  morphology.  It  appears  that 


the  surface  roughness  originates  at  the  oxide  re- 
moval-nitridation  stage.  Similar  surfaces  are  ob¬ 
served  when  the  oxides  of  GaAs  are  thermally 
removed  in  the  absence  of  a  protective  As  flux.  The 
contribution  of  the  nitridation  process  to  the  sur¬ 
face  roughness  thus  appears  quite  minor.  Indeed, 
when  the  As  beam  is  used  at  the  oxide  removal 
stage  the  surface  is  smooth  and  a  (2x4)  RHEED 
surface  structure  is  observed.  This  is  an  important 
point,  since  all  the  stacking  faults  visible  in  the 
TEM  cross  section  originate  at  kinks  in  the  inter¬ 
face.  Similar  conclusion  was  reached  by  Strite  et  al. 
[2]. 

The  TEM  cross-section  of  Fig.  5  also  shows 
a  thin,  less  than  three  monolayers,  interfacial  layer. 
Since  it  shows  a  TEM  contrast  different  from  that 
of  the  substrate  or  the  epitaxial  layer,  its  chemical 
composition  is  also  likely  to  be  different.  While  our 
growth  temperature  is  relatively  low  the  long 
growth  times,  about  1  h,  make  the  As  out-diffusion 
possible.  However,  the  TEM  microdififraction  pat¬ 
tern  (Fig.  6)  shows  purely  cubic  GaN  on  (0  0  1) 
GaAs. 

The  cathodoluminescence  spectra  were  mea¬ 
sured  at  temperatures  of  300  and  80  K.  In  the 
room-temperature  spectra  the  ultraviolet  band 
dominated  with  a  maximum  at  393  nm  (3.16  eV) 
and  half-width  of  52  nm  (0.42  eV).  We  believe  this 
band  represents  bound  exciton  recombination 
[6, 11].  The  broad  “defect”  band  also  had  observed 


Depth  (nm) 


Depth  (nm) 


Fig.  4.  SIMS  profiles  for  samples  of  p-GaN/GaAs  (001): 
{a)~180nm  thick,  RMS  ^l.Snm,  (N2H4/Ga)  700;  (b) 

~  100  nm  thick,  RMS  ~  1 1.4  nm,  (N2H4,/Ga)  ^70. 


I  stack  inti  faults 

,  \ 
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interface 


Fig.  5.  High-resolution  TEM  cross-section  of  a  ~  100  nm  thick 
layer  of  GaN  grown  on  (0  0  1)  GaAs  under  an  intermediate  flux 
ratio.  The  cross-section  is  in  the  [T  1  0]  direction.  The  surface 
morphology  replicates  the  interface  roughness. 
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Fig.  6.  TEM  microdiffraction  pattern  for  /i-GaN/GaAs  (0  0  1) 
showing  cubic  GaN  structure. 

with  a  maximum  roughly  in  the  range  600  nm. 
When  the  samples  were  cooled  to  80  K  we  observed 
a  narrowing  of  the  main  band  to  0.36  eV  and  a  shift 
of  0.07  eV  toward  shorter  wavelengths,  in  agree¬ 
ment  with  the  temperature  dependence  of  width  of 
band  gap  for  cubic  GaN  [6].  The  best  luminescence 
properties  of  cubic  GaN  layers  were  obtained  at  the 
highest  N2H4/Ga  flux  ratios. 

There  are  two  interesting  findings  in  the  growth 
experiments  described  here.  First,  we  observe  pure¬ 
ly  cubic  GaN  growth  on  (0  0  1)  oriented  GaAs.  This 
growth  is  obtained  in  the  absence  of  As  flux  in 
a  chamber  with  very  low  As  background  pressure. 
Previous  reports  on  this  subject  indicated  that  high 
As  background  pressure  is  needed  in  order  to  pro¬ 
mote  nucleation  of  cubic  GaN  [7].  Second,  we  find 
very  strong  dependence  of  the  nucleation  rate  and 
layer  morphology  on  the  N2H4/Ga  flux  ratio.  At 
very  low  flux  ratios  the  GaN  layers  are  very  rough 
and  the  growth  morphology  clearly  indicates 
three-dimensional  nucleation.  With  higher  flux 
ratios  the  nucleation  rate  increases,  the  surface 
becomes  significantly  smoother,  and  the  growth 
anisotropy  markedly  increases  [10].  The  layer 
quality  clearly  improves  at  higher  N2H4/Ga  flux 
ratios. 

In  heteroepitaxy,  the  layer  morphology  reflects 
both  the  nucleation  rate  and  the  diffusion  length. 


At  growth  conditions  leading  to  high  diffusion 
lengths,  such  as  high-temperature  or  low-group 
V  fluxes,  the  effective  nucleation  rate  will  be  low 
and  three-dimensional  island  growth  will  result. 
Conversely,  when  the  diffusion  length  is  low,  the 
effective  nucleation  rate  is  expected  to  be  high  and 
the  growth  will  proceed  through  the  formation  of 
smaller  islands  with  relatively  high  density.  This 
effect  is  clearly  observed  here,  with  the  GaN  nuclea¬ 
tion  rate  increasing  with  increasing  N2H4/Ga  flux 
ratios. 

The  resulting  change  in  the  growth  anisotropy  is 
more  complicated.  At  low  fluxes  the  film  appears 
poorly  ordered  and  isotropic.  It  is  far  from  clear 
that  this  morphology  represents  intrinsic  growth  of 
GaN/GaAs.  It  may  be,  for  instance,  an  artifact  of 
incomplete  surface  nitridation  and  the  resulting 
non-uniform  growth  nucleation.  The  effects  of  ni¬ 
tridation,  with  the  initial  surface  roughening,  and 
the  growth  itself  are  difficult  to  separate.  In  general, 
the  morphology  of  III-V  compounds  is  expected  to 
show  some  degree  of  anisotropy,  reflecting  the  an¬ 
isotropy  of  surface  diffusion  lengths  [9].  On  vicinal 
substrates  surface  anisotropy  can  arise  from  inter¬ 
actions  with  surface  steps.  On  nominal  surfaces, 
diffusion  length  of  Ga  on  (10  0)  GaAs  differs  by 
factors  of  3-4  between  the  [T  1  0]  and  [110]  direc¬ 
tions.  If  the  surface  anisotropy  is  maintained  in  the 
growth  of  GaN,  we  would  expect  the  type  of  surfa¬ 
ces  observed  here  under  high  fluxes  of  hydrazine. 
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Abstract 

We  report  a  study  of  N  incorporation  behavior  into  GaP  and  InP  as  a  function  of  growth  conditions.  With  increasing 
N2  flow-rate  fraction  (N2  flow  rate  over  total  group-V  gas  flow  rate),  the  N  composition  increases  up  to  a  point  but  then 
saturates.  This  might  be  due  to  the  small  solubility  of  N  in  these  materials  or  the  leveling  off  of  the  active  N  species  at 
higher  N2  flow  rate.  At  a  fixed  N2  flow-rate  fraction,  the  higher  the  growth  temperature  is,  the  less  N  can  be 

incorporated,  which  results  from  the  lowering  of  the  sticking  coefficient  of  nitrogen  at  higher  Although  the  general 
trend  of  the  growth  condition  dependence  is  the  same  for  N  incorporation  in  InP  and  GaP,  the  amount  of  N  that  can  be 
incorporated  is  quite  different.  With  GaP,  N  as  high  as  16%  can  be  obtained,  while  with  InP,  only  less  than  1%  can  be 
incorporated.  This  is  considered  to  be  due  to  the  very  high  equilibrium  vapor  pressure  of  N2  over  InN  compared  to  that 
over  GaN. 


1.  Introduction 

As  we  know,  integrating  III~V  compounds  with 
Si  has  been  a  dream  for  more  than  a  decade.  How¬ 
ever,  as  the  materials  investigated  in  the  past  all 
have  lattice  constants  larger  than  that  of  Si,  a  large 
number  of  dislocations  were  generated  in  these 
III-V  epilayers  due  to  the  large  lattice  mismatch 
(and  mismatch  in  thermal  expansion  coefficients) 
and,  consequently,  became  one  of  the  main  ob¬ 
stacles  hindering  the  realization  of  this  dream 
[1-3].  Recently,  with  the  emergence  of  III-N  [4-7], 
there  is  a  considerable  interest  in  synthesizing  ma¬ 
terials  that  can  be  lattice-matched  to  Si  [8-17]. 
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Since  Si  sits  between  nitrides  and  arsenides  or 
phosphides,  it  is  quite  possible  to  combine  nitride 
with  arsenide  or  phosphide  to  form  a  direct-band 
material  that  is  lattice-matched  to  Si.  For  example, 
with  2%,  20%,  and  49%  N,  respectively,  GaN^^Pi  -x, 
GaN^Asi  and  InN^^Pi  all  can  lattice-match  to 
Si.  However,  due  to  the  large  miscibility  gap,  the 
N  composition  is  limited.  For  example,  according 
to  the  delta  lattice  parameter  model  [18],  the  inter¬ 
action  parameter  Q  is  28  900  cal/mol  for  the 
GaN-GaP  system,  from  which  a  miscibility  gap 
extending  from  x  ~3x  10“^  to  0.9999997  at  700°C 
has  been  predicted.  Furthermore,  experimental 
studies  on  this  material  so  far  also  indicate  that 
only  a  small  amount  of  N  can  be  incorporated  in 
GaP.  Li  et  al.  [19]  achieved  0.08%  N  in  GaN^^Pi  -x 
using  chemical  beam  epitaxy  (CBE)  with  co-injected 
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TBP  and  NH3,  Miyoshi  et  al.  [20]  obtained 
4%  N  in  GaN;,Pi_^  using  metalorganic  vapor 
phase  epitaxy  (MOVPE)  with  dimethylhydrazine 
(DMHy)  as  the  N  source,  while  Baillargeon  et  al. 
[9, 10]  reported  up  to  7.6%  N  incorporation  in 
GaP  grown  by  MBE  using  dissociated  NH3  as 
N  source,  which  is  the  highest  N  composition  ever 
reported.  Recent  calculations  [21]  based  on  ther¬ 
modynamic  considerations  show  that  due  to  the 
strong  force  constant  for  Ga  compounds,  the  solu¬ 
bility  of  N  in  GaAs  and  GaP  is  very  small.  How¬ 
ever,  as  the  force  constant  is  very  weak  for  In 
compounds,  a  much  higher  N  incorporation  in 
InAs  and  InP  is  expected.  This  raises  hopes  that 
InNP  might  be  a  suitable  candidate  that  can  be 
grown  lattice-matched  to  Si.  To  our  knowledge,  no 
work  on  the  N  incorporation  in  InP  has  been 
reported.  In  this  paper  we  report  our  investigation 
of  N  incorporation  behavior  in  InP  and  GaP,  and 
we  try  to  clarify  the  factors  determining  the  N  in¬ 
corporation  in  III-V  binaries. 

2.  Experimental  procedure 

The  growth  apparatus  used  in  this  work  is 
a  modified  Varian  Gen-II  MBE  system  equipped 
with  two  22001/s  cryopumps.  Ultra-high  purity 
N2  was  injected  through  a  N  radical  beam  source 
(Oxford  Applied  Research  Model  MPD21)  oper¬ 
ated  at  a  radio  frequency  (RF)  of  13.56  MHz  to 
generate  active  N  species.  The  RF  power  used  was 
300  W.  GaNP  and  InNP  samples  were  grown  on 
undoped  (10  0)  GaP  substrates  and  on  semi-insu¬ 
lating  (10  0)  InP  substrates,  respectively.  Pure  el¬ 
emental  Ga  was  used  as  the  group-III  source,  and 
thermally  cracked  phosphine  was  used  as  the 
group-V  source.  The  film  thickness  was  0.5  pm.  The 
growth  temperature  was  varied  from  500  to  600°C 
for  GaNP  and  from  310  to  420°C  for  InNP.  After 
thermal  cleaning  of  the  GaP  substrate  at  650°C  (or 
InP  substrate  at  460°C)  under  a  P2  flux  to  remove 
surface  oxide  layers,  a  0.1  pm  thick  GaP  (or  InP) 
layer  was  grown  as  a  buffer  layer.  Then  the  substra¬ 
te  temperature  was  lowered  to  the  growth  temper¬ 
ature,  and  the  ignition  of  the  N  plasma  was 
attempted.  The  initial  N2  flow  rate  was  set 
at  3  seem  in  order  to  strike  a  plasma,  and  the 


background  pressure  was  5x10"^  Torr.  During 
growth,  the  background  pressure  was  around 
1.5-3  X  10“^  Torr  depending  on  the  N2  flow  rate 
used  (0.54-2.1  seem).  High-resolution  X-ray  rock¬ 
ing  curve  (XRC)  measurements  were  performed  us¬ 
ing  a  Philips  X-ray  diffractometer.  The  current  and 
voltage  of  the  X-ray  generator  were  20  mA  and 
35  kV,  respectively,  and  the  Cu^i  line  was  used.  The 
N  composition  in  GaNP  and  InNP  was  deter¬ 
mined  from  (5  11)  asymmetric  reflections  to  take 
into  account  the  strain-induced  lattice  constant 
change  of  the  GaN^Pi  atid  InN^Pi  Alins  [22]. 


3.  Results  and  discussion 

Fig.  1  shows  N  composition  in  GaN^Pi  versus 
N2  flow  rate  fraction.  The  PH3  flow  rate  used  was 
1.68  seem  for  all  samples.  The  growth  rate,  Rg  was 
0.9  ML/s  for  samples  represented  by  open  squares 
and  0.78  ML/s  for  those  by  solid  squares.  From  the 
figure  we  can  see  that  N  incorporation  is  higher  for 
higher  Rg.  A  similar  phenomena  has  been  observed 
by  Miyoshi  et  al.  [20].  The  reason  for  this  is 
not  quite  clear  at  the  moment.  It  might  be  due  to 
the  far-more-away-from-thermoequilibrium  growth 
conditions  when  Rg  is  higher  [20]. 

Note  also  in  Fig.  1  that  the  N  composition  in 
GaN^Pi_:c  is  generally  different  from  that  in  the 
vapor  phase.  With  increasing  the  N2  flow  rate  frac¬ 
tion,  the  N  composition  increases  almost  linearly 
up  to  a  point,  and  then  seems  to  level  off.  This 


Fig.  1.  N  composition  in  GaN;,Pi_,c  versus  N2  flow  rate  frac¬ 
tion  (the  N2  flow  rate  over  the  total  group-V  flow  rate).  The 
growth  rate  was  0.9  ML/s  for  samples  represented  by  open 
squares  and  0.78  ML/s  for  those  by  solid  squares. 


W.G.  Bi,  C.W  Tu  I  Journal  of  Crystal  Growth  17 5 [176  (1997)  145-149 


147 


phenomena  is  different  from  arsenide/phosphide 
mixed  group-V  compounds  like  InAs^.Pi_;c  or 
GaAsjcPi-x  [23],  where  no  saturation  was  ob¬ 
served.  It  is  thought  to  be  due  to  either  the  small 
solubility  of  N  in  GaP  or  the  plasma  source  used. 
As  has  been  reported  [18],  due  to  the  differences  in 
lattice  structure  (GaN:  wurtzite,  GaP:  zincblende) 
and  in  lattice  constant  (~20%)  between  GaN  and 
GaP,  an  extremely  large  miscibility  gap  extending 
from  x  =  3xl0"^  to  0.9999997  at  700°C  is  ex¬ 
pected  for  GaNj,Pi_^  [18].  This  large  miscibility 
gap  will  be  the  main  obstacle  preventing  the  suc¬ 
cessful  growth  of  this  material.  One  thing  worth 
noting  is  that  although  such  a  big  miscibility  gap 
exists  for  GaN^Pi  we  have  achieved  a  N  incor¬ 
poration  as  high  as  16%  using  GSMBE  and  RF 
N  plasma  source.  We  believe  this  is  the  highest 
N  incorporated  in  GaP  ever  reported.  This  is  due  to 
the  non-equilibrium  growth  technique  we  used. 

Another  possible  reason  for  the  saturation  be¬ 
havior  of  N  incorporation  in  GaP  in  Fig.  1  might 
be  due  to  the  plasma  source  used.  Fig.  2  shows  the 
square  root  of  the  optical  emission  intensity  1  of  the 
plasma  source  as  a  function  of  N2  flow  rate.  As  /  is 
proportional  to  the  square  of  the  ground-state 
atomic  nitrogen  concentration  [24,  25],  the  satura¬ 
tion  of  the  square  root  of  /  at  higher  N2  flow  rate  in 
Fig.  2  indicates  the  leveling  off  of  the  active  N  spe¬ 
cies,  i.e.,  at  a  fixed  RF  power,  the  active  N  species 
increase  with  increasing  N2  flow  rate  and  then  tend 
to  level  off.  This  is  because  when  the  N2  flow  rate  is 


small,  the  applied  RF  power  is  large  enough  to 
activate  a  large  fraction  of  the  N2  supplied,  i.e.,  the 
N2  is  almost  completely  activated.  However,  as  the 
N2  flow  rate  increases  further,  the  RF  power  may 
not  be  enough  to  dissociate  as  large  a  fraction  of  the 
N2  supplied,  and  only  part  of  the  N2  will  be  ac¬ 
tivated.  This  will  lead  to  a  saturation  of  the  active 
N  species  at  high  N2  flow  rate  as  seen  in  Fig.  2. 
Considering  the  fact  that  the  N  incorporation  coef¬ 
ficient  will  not  change  with  N2  flow  rate,  the  satura¬ 
tion  of  the  activated  N  species  will  limit  further 
incorporation  of  N  in  GaN^^Pi-jc- 

The  temperature  dependence  of  the  N  composi¬ 
tion  in  GaN^Pi-;c  is  shown  in  Fig.  3.  Increasing 
growth  temperature  will  result  in  less  N  incorpo¬ 
rated  into  GaP.  For  example,  the  N  composition  is 
reduced  from  0.16  to  0.045  when  the  substrate  tem¬ 
perature  is  increased  from  500  to  600°C.  Similar 
behavior  has  been  observed  by  Miyoshi  et  al.  [20]. 
This  decreasing  N  incorporation  with  increasing 
growth  temperature  might  be  due  to  the  lowering 
of  the  sticking  coefficient  of  nitrogen  or  to  the 
enhanced  kinetics  of  N  -f  N  =  N2  on  the  surface, 
i.e.,  reassociation  followed  by  desorption  at 
higher  T^. 

Fig.  4  shows  the  N  composition  in  InN^Pi-^c  as 
a  function  of  the  N2  flow  rate  fraction  at  different 
growth  temperatures.  The  growth  rate  is  0.9  ML/s. 
As  can  be  seen  here,  the  N  composition  in 
InNjcPi-x  shows  the  same  trend  as  that  observed 
for  GaN^-Pi  _;c5  but  the  N  composition  that  can  be 


0.6  0.8  1.0  1.2 

N.  flow  rate  (seem) 


Fig.  2.  Square  root  of  the  optical  emission  intensity  of  the 
plasma  source  as  a  function  of  N2  flow  rate  at  a  RF  power  of 
300  W. 


Fig.  3.  Arrhenius  plot  of  the  N  composition  in  GaN,^?!-;,-  at 
constant  N2  and  PH3  fluxes  and  300  W  RF  power. 


148 


fV.G.  Bi,  C.W.  Tu  I  Journal  of  Crystal  Growth  1751176  (1997)  145-149 


Fig,  4.  N  composition  in  InNj^Pi  as  a  function  of  the  N2  flow 
rate  fraction  at  dilTerent  growth  temperatures. 

incorporated  is  much  smaller  than  that  in  GaP.  For 
GaN^Pi-x,  N  as  high  as  16%  has  been  obtained, 
while  for  InN^^Pi  -x,  only  0.93%  N  is  achieved.  This 
is  different  from  the  thermodynamic  considerations 
where  orders  of  higher  magnitude  of  N  solubility  in 
InP  than  in  GaP  is  expected  [21].  This  might  be 
due  to  the  very  high  equilibrium  vapor  pressure  of 
N2  over  InN  compared  to  that  over  GaN  [26,  27]. 
As  we  know,  in  crystal  growth  in  the  vapor  phase, 
a  key  factor  is  that  the  components  are  supplied  at 
pressures  higher  than  the  equilibrium  vapor  pres¬ 
sure.  Because  of  the  very  high  vapor  pressure  of 
N2  over  InN,  it  is  expected  that  an  extremely  large 
number  of  active  N  species  is  needed  in  order  to 
achieve  a  higher  N  incorporation  in  InP.  However, 
the  saturation  of  the  N  plasma  source  at  high 
N2  flow  rates  limits  the  N  composition  in  InP.  As 
far  as  N  incorporation  in  GaP  is  concerned,  be¬ 
cause  of  the  much  lower  equilibrium  vapor  pressure 
of  N2  over  GaN  compared  with  that  over  InN,  the 
active  N  species  generated  by  the  plasma  source 
might  be  still  enough  for  the  growth  of  GaNP  with 
higher  N  composition,  consequently  much  more 
N  incorporation  in  GaP  than  in  InP  can  be  ob¬ 
tained. 


4.  Summary 

In  summary,  we  have  studied  the  behavior  of 
incorporating  N  into  GaP  and  InP  using  a  RF 
N  plasma  source.  The  N  composition  increases 


slowly  with  increasing  the  N2  flow  rate,  and  then 
saturates  after  a  certain  point  as  a  result  of  the 
leveling  off  of  the  N2  plasma  source  at  high  N2  flow 
rates  and  the  small  solubility  of  N.  Lowering  the 
growth  temperature  is  effective  in  incorporating 
more  N  in  GaP  and  InP.  Although  thermodynamic 
considerations  predict  a  much  higher  N  incorpora¬ 
tion  in  InP  than  in  GaP,  due  to  the  very  high 
N2  equilibrium  vapor  pressure  over  InN,  it  is  very 
difficult  to  incorporate  N  into  InP.  Less  than  1% 
N  has  been  obtained  so  far.  Further  incorporation 
of  N  in  InP  needs  modification  of  the  N  plasma 
source  by  using  a  larger  beam  exit  aperture  or 
trying  other  growth  techniques  where  the  amount 
of  N2  that  can  be  supplied  is  not  limited  by  the 
background  pressure.  On  the  other  hand,  for  N  in¬ 
corporation  in  GaP,  a  much  higher  N  concentra¬ 
tion,  up  to  16%,  has  been  incorporated  as  a  result 
of  the  much  lower  N2  equilibrium  vapor  pressure 
over  GaN  compared  to  that  over  InN  and  the 
non-equilibrium  MBE  growth  technique  used. 
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Abstract 

GaN-rich  side  of  GaNi-^P^,  alloy  are  grown  on  (0  0  0  1)  sapphire  substrates  by  electron  cyclotron  resonance 
molecular  beam  epitaxy  (ECR-MBE)  using  an  ion  removed  ECR  radical  cell  after  the  growth  of  high-quality  GaN  layers. 
GaNi-.vPx  exhibits  potentially  large  variation  of  band-gap  energy  with  P  composition  due  to  its  large  bowing. 
Maximum  P  composition  of  x  =  0.015  is  obtained.  However,  at  the  growth  condition  of  high  PH3  flow  rate,  phase 
separation  into  GaN-rich  GaNi_;cPx  and  GaP-rich  GaPi_j,N3,  is  observed.  Near  band  edge  excitonic  photolumines¬ 
cence  (PL)  peak  from  GaN-rich  side  of  GaNi_^P^  layers  shows  large  red  shift  with  P  composition.  It  suggests  that  the 
direct  band  edge  of  GaNP  alloy  shows  large  bowing. 

PACS:  68.55.Bd;  78.55.Cr 

Keywords:  GaN;  GaNP;  Gas  source  MBE;  ECR  radical  cell;  Band  gap  narrowing;  Phase  separation 


1.  Introduction 

III-V  nitride  compound  semiconductors  are 
attracting  attention  due  to  their  applications  in 
optical  devices.  Recently,  it  was  proved  that 
wide-band  gap  III~V  nitrides  are  suitable  to  fabri¬ 
cate  blue-green  light  emitting  diodes  and  a  room 
temperature  pulsed  operation  of  violet  laser  diodes 
was  demonstrated  [1].  This  material  system  has 
a  potential  of  a  wide  wavelength  range  of  optical 
devices  from  ultra-violet  to  longer  than  2  pm  by 
adding  As  or  P  due  to  the  large  bowing  of  band  gap 
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energy.  The  study  of  GaP  :  N  was  started  since  the 
discovery  of  the  isoelectronic  trap  in  1965  [2].  The 
content  of  nitrogen  in  GaP  had  been  increasing  by 
the  improvement  of  crystal  growth  techniques  [3]. 
When  the  content  y  of  GaPi-3;Ny  reached 
0.02-0.03,  red  shift  of  emission  spectra  was  ob¬ 
served  and  it  was  explained  as  a  band  gap  narrow¬ 
ing  due  to  a  large  bowing  parameter  of  GaP-GaN 
material  system  [4].  Until  now,  several  authors 
reported  the  growth  of  GaP-rich  or  GaAs-rich  side 
of  GaPN  or  GaAsN  [3-7].  However,  there  are  no 
report  on  the  GaN-rich  side  of  GaNi_^P;c  or 
GaNi_;cAs^  compound  semiconductors  except  for 
Igarashi  [8].  He  reported  only  the  growth  of  GaNP 
by  halide  vapor  phase  epitaxy  and  no  data  for  band 
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gap  energy  was  reported.  Hereafter,  we  call  GaP 
rich  GaPi  as  GaPN  and  GaN  rich  GaN  i  -,,P;, 
as  GaNP  for  simplicity.  In  this  paper,  we  report  the 
gas  source  MBE  growth  of  GaN-rich  side  of  GaNP 
and  their  band  gap  variation  with  P  composition. 
GaN-rich  side  of  GaNP  was  grown  on  (0  0  0  1) 
sapphire  substrate  using  ion-removed  ECR  (elec¬ 
tron  cyclotron  resonance)  radical  cell  after  the 
growth  of  high  quality  GaN  layer  [9]. 


2.  Experimental  procedure 

GaN-rich  side  of  GaNP  layers  were  grown  in 
a  gas  source  MBE  system.  The  growth  chamber 
was  evacuated  by  an  oil  diffusion  pump  with 
a  liquid  nitrogen  trap.  Elemental  gallium  (Ga),  and 
ECR  plasma-enhanced  nitrogen  (N2)  and  thermally 
cracked  PH3  were  used  as  group  III  and  group 
V  sources,  respectively.  The  substrate  used  was 
(0  0  0  1)  sapphire.  The  substrate  surface  was  chem¬ 
ically  etched  with  a  hot  solution  of  HCl : 
H3PO4  =  3:1  and  was  thermally  cleaned  at  800°C 
for  10  min  without  plasma-enhanced  nitrogen  ir¬ 
radiation  and  for  3  min  under  plasma-enhanced 
nitrogen  irradiation  in  the  gas  source  MBE  growth 
chamber  just  before  growth. 

In  order  to  minimize  ion  damage  during  film 
growth,  we  used  the  ion-removed  ECR  plasma  cell 
[10-13].  Two  magnets  for  ion  removal  are  located 
in  parallel  at  the  exit  of  the  ECR  liner.  The  mag¬ 
netic  field  is  perpendicular  to  the  cell  axis.  The 
ion-removal  efficiency  of  the  ion-removed  ECR 
plasma  cell  was  measured  as  a  function  of  nitrogen 
N2  flow  rate  using  a  Faraday  cup  and  it  was  more 
than  99%  [10]. 

Low-temperature  GaN  buffer  layer  was  grown  at 
400°C  and  the  thickness  was  1.2  nm.  On  this  low- 
temperature  GaN  buffer  layer,  GaN  layer  was 
grown  at  750°C.  The  substrate  temperature  was 
measured  by  an  infrared  optical  pyrometer  calib¬ 
rated  at  the  melting  point  of  InSb  (525°C).  The 
growth  rate  was  0.3  |xm/h  with  a  N2  flow  rate  of 
1.5  SCCM.  The  Ga  flux  was  1.0  x  lO'*^  Torn 

During  the  high-temperature  growth  of  GaN, 
RHEED  (reflection  high-energy  electron  diffrac¬ 
tion)  pattern  revealed  streaky  x2  reconstructed  sur¬ 
face  as  shown  in  Fig.  la.  On  the  GaN  layer,  GaNP 
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Fig.  1.  (a)  RHEED  pattern  during  the  growth  of  GaNP 
(PH3  =  1.0  SCCM).  Diffractions  from  both  GaNP  (GaN-rich 
side  of  GaNi_j.PJ  and  GaPN  (GaP-rich  side  of  GaPi-yNy) 
spacing  are  observed  during  growth,  (b)  XRD  rocking  curve 
from  GaNP  on  sapphire  substrate  for  the  same  sample,  (c)  XRD 
rocking  curve  around  GaN  (0  0  0  2)  angle. 


was  grown  by  adding  PH3  flow.  The  flow  rate  of 
PH3  ranged  from  0.1  to  1.0  SCCM  and  the  PH 3 
cracking  temperature  was  750°C. 

Crystalline  quality  was  determined  by  RHEED 
and  XRD  (X-ray  diffraction)  using  Cu  radi¬ 
ation.  PL  (photoluminescence)  measurement  was 
conducted  at  77  K  and  room  temperature  using 
a  He-Cd  laser  (325  nm,  19  mW)  as  an  excitation 
source. 

The  PL  spectrum  from  the  GaN  layer  grown  by 
this  MBE  system  under  optimized  growth  condi¬ 
tion  always  showed  no  deep  emission  and  quite 
strong  excitonic  emission  intensity.  It  was  also  ob¬ 
served  that  the  FWHM  (full  width  at  half  max¬ 
imum)  of  excitonic  emission  peak  at  77  K  was  as 
narrow  as  29  meV  [10]. 


3.  Results  and  discussion 

3.1.  GaNP  growth  on  sapphire  substrate 

GaN-rich  side  of  GaNP  (thickness:  0.6  pm)  was 
grown  after  the  high  temperature  growth  of  GaN 
layer  (thickness:  0.3  pm)  on  sapphire  substrate. 
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In  situ  RHEED  observation  was  carried  out.  Dur¬ 
ing  the  growth  of  GaN  layer,  x2  RHEED  patterns 
were  observed  [10].  The  x2  pattern  changed  to  xl 
pattern  when  GaNP  alloy  growth  was  started  [9]. 
During  the  growth  of  GaNP  layer,  RHEED  ex¬ 
hibits  xl  streak  pattern.  When  the  PH3  flow  rate 
was  low  (0.1,  0.3  and  0.5  SCCM),  the  xl  streak 
pattern  was  kept  during  this  alloy  growth.  How¬ 
ever,  when  the  PH 3  flow  rate  was  high  (1.0  SCCM), 
the  weak  spotty  pattern  which  indicated  another 
interplanar  spacing  appeared  in  addition  to  the 
GaN  strong  streak  pattern  as  shown  in  Fig.  la.  It 
suggests  the  existence  of  two  different  interplanar 
spacing  during  GaNP  growth.  From  measurement 
of  B„y  (weak  spotty  pattern)  and  P„GaNP  (strong 
streak  pattern),  the  interplanar  spacing  ratio 
dyldo^NP  is  given  by 


where  =  k  cos  Oq  —  k  cos  0,  k  =  l/F,  F  is  the 
wavelength  of  the  incident  electron  beam,  n  is  an 
order  of  interference,  Oq  and  0  are  incident  and 
scattered  angles  of  the  electron  beam  of  RHEED, 
respectively,  and  B„  =  n/d.  This  value  is  close  to  the 
bond  length  ratio  of  1.2137  between  GaP  and  GaN. 
It  is  considered  that  the  difference  between  1.2137 
and  1.208  is  due  to  the  interplanar  spacing  differ¬ 
ence  between  GaP  and  GaP-rich  side  of  GaPN. 
Observation  of  both  the  GaN-rich  side  of  GaNP 
and  GaP-rich  side  of  GaPN  pattern  indicates  that 
the  GaPN  grain  occurred  on  the  growing  surface 
under  the  condition  of  PH3  flow  rate  of  1.0  SCCM. 

Fig.  lb  shows  X-ray  diffraction  rocking  curve  for 
the  GaNP  on  sapphire  substrate  for  the  high  PH 3 
flow  rate  of  1.0  SCCM.  A  clear  peak  around 
26y  =  28.369°  with  FWHM  value  of  248  arcsec  was 
observed.  The  interplanar  spacing  ratio  between 
this  peak  and  GaN  (0  0  0  2)  peak  around 
2(?GaN  =  34.569°  is  given  by 


dy  2  sin  ^  6y 


1.2125, 


where  X  is  the  X-ray  wavelength,  9  is  the  Bragg 
angle  for  the  (0  0  0  2)  diffraction.  The  bond  length 
ratio  between  GaP  and  GaN  is  1.2137.  These  two 


values  are  quite  similar  although  there  is  only 
0.12%  difference  between  these  two  values.  This 
difference  is  due  to  the  interplanar  spacing  differ¬ 
ence  between  GaP  and  GaP-rich  side  of  GaPN, 
since  it  is  considered  that  the  clear  peak  around 
26y  =  28.369°  comes  from  the  GaP-rich  side  of 
GaPN  (0  0  0  2)  diffraction.  Furthermore,  the  differ¬ 
ence  shows  that  the  N  composition  y  of  the  GaP- 
rich  side  of  GaPi-j,N^  is  0.006.  The  bond  length 
ratio  between  GaPN  (GaP-rich  GaPN)  and  GaNP 
(GaN-rich  GaNP)  is  1.2083  which  was  determined 
from  interplanar  spacing  between  GaP0.984N0.006 
and  GaN0.985P0.015  measured  by  XRD  and  this 
value  is  very  close  to  1.208  which  was  determined 
by  RHEED  pattern  observation.  We  considered 
that  GaNP  is  hexagonal  because  P  composition  is 
small,  but  GaPN  is  not  known.  The  (0  0  0  4)  peak  is 
very  weak  but  it  is  possible  to  observed  when  the 
X-ray  power  is  increased. 

Therefore,  it  is  concluded  that  the  phase  separ¬ 
ation  occurred  in  the  GaNP  layer  grown  with  the 
PH3  flow  rate  of  1.0  SCCM.  The  phase  separation 
was  also  observed  for  the  GaNP  layer  grown  with 
the  PH3  flow  rate  of  0.5  SCCM.  However,  another 
GaNP  layers  grown  with  smaller  PH  3  flow  rates  of 
0.1  and  0.3  SCCM  did  not  show  the  XRD  peak 
around  26y  =  28.369°. 

Fig.  Ic  shows  the  X-ray  diffraction  rocking  curve 
around  GaN  (0  0  0  2)  angle  for  the  GaNP  layer 
grown  with  the  PH3  flow  rate  of  1.0  SCCM.  The 
anglar  step  when  we  did  X-ray  6-26  diffraction  is 
0.002°  and  it  is  considered  that  the  resolution  is 
enough  to  determine  the  P  composition.  Two  peaks 
are  observed  at  26  angles  of  34.569°  and  34.457°.  It 
is  considered  that  the  former  peak  comes  from 
GaN  buffer  layer  and  the  latter  from  GaNP  alloy 
layer.  So  the  sample  grown  with  PH3  =  1.0  SCCM 
is  phase-separated  into  GaPo.984No.006  and 
GaN0.985Po.o15-  The  P  composition  x  of 
GaNi-xPx  is  only  1.5%,  despite  the  high  PH3  flow 
rate  of  1.0  SCCM.  It  seems  that  the  P  composition 
of  1.5%  is  upper  limit  of  the  growth  of  GaN-rich 
side  of  GaNP  on  sapphire  substrate  under  the 
present  growth  condition.  The  FWHM  of  GaNP 
(0  0  0  2)  peak  is  237.6  arcsec,  which  was  as  narrow 
as  that  of  GaN  (0  0  0  2). 

Fig.  2  shows  the  relation  between  the  composi¬ 
tion  X  of  GaNi-jfP;^  layer  and  PH3  flow  rate.  We 
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PH3  flow  rate  (SCCM) 

Fig.  2.  P  composition  variation  with  PH  3  flow  rate  for  the 
GaN-rich  side  of  GaNP  alloys. 


have  obtained  P  compositions  jc  =  0.0026,  0.0077, 
0.015  of  GsiNi-xPx  layers  for  the  PH3  flow  rate  of 
0.1,  0.3,  0.5  SCCM,  respectively.  However,  when 
the  PH3  flow  rate  was  1.0  SCCM,  the  saturation  of 
P  composition  x  was  observed  as  shown  in  Fig.  2. 
It  is  considered  to  be  due  to  the  phase  separation 
(miscibility  gap)  of  this  alloy  system. 

3.2.  Red  shift  of  PL  peak  of  GaNP 

We  clearly  observed  the  PL  spectra  from  all  of 
GaNP  layers  grown  here  are  shown  in  Fig.  3.  The 
PL  spectrum  from  the  GaNP  layer  grown  with 
PH3  flow  rate  of  1.0  SCCM  was  dominated  by  the 
PL  emission  from  the  above-mentioned  phase  sep¬ 
arated  GaPi  _,,Ny  (y  =  0.006)  region.  The  PL  spec¬ 
trum  was  very  similar  to  that  reported  by 
Baillargeon  et  al.  [4]  and  the  comparison  gives  0.01 
as  a  N  composition  y  of  the  GaPi -yNy  region.  This 
value  shows  fairly  good  agreement  with  the  above- 
mentioned  result  of  y  =  0.006  from  the  XRD 
measurement. 

The  PL  spectra  from  the  other  GaNP  layers 
(PH3  flow  rate  =  0.1,  0.3  and  0.5  SCCM)  in  Fig.  3 
shows  a  clear  emission  peak  from  alloy  layer 


GaNP  on  sapphire  (0001) 


Fig.  3.  77  K  PL  spectra  from  the  GaNP  (PH3  =  0,  0.1,  0,3,  0.5, 
1.0  SCCM)  grown  on  sapphire  (0  0  0  1). 


and  no  deep  emission  at  around  2.2  eV.  The  PL 
spectrum  from  phase  separated  sample  with 
PH3  =  0.5  SCCM  shows  that  the  GaNj-^P^ 
(x  =  0.015)  (direct-band)  have  much  stronger  PL 
than  GaPi-yNy  (y  =  0.006)  (indirect-band).  Each 
emission  peak  from  alloy  layer  shows  a  shift  toward 
lower  energy  with  increasing  P  concentration.  We 
observed  RT  PL  and  these  RT  profiles  show  red 
shift  like  77K  one  at  the  lower  energy  side. 

Fig.  4  shows  the  plot  of  77K  PL  peak  energy 
versus  P  composition  x  of  GaNi  _^P;c-  We  observed 
experimentally  large  energy  shift  toward  lower  en¬ 
ergy  in  the  GaN-side  of  GaN-GaP  alloy  material 
system  for  the  first  time. 

The  closed  square  data  point  in  Fig.  4  shows  the 
plot  of  77  K  PL  peak  energy  versus  P  composition 
X  of  GaNi_;cP^.  Compared  with  the  line  with  no 
bowing,  large  peak  energy  shift  is  clear  as  can  be 
seen  in  Fig.  4.  It  is  considered  that  the  large  energy 
shift  is  due  to  the  large  bowing  parameter  of 
GaN-GaP  alloy  material  system  compared  with 
other  III-V  compound  semiconductors. 

This  alloy  has  a  small  lattice  mismatch  to  GaN 
layer  and  the  accommodation  coefficient  is  given 
by 

^^measured  ( \  -\-  ^epi\ ^^epi 

^sub  \  1  ^  1  ^Lub/  ^sub 

where  A^epi  =  «epi  “  «sub.  t  is  a  layer  thickness  and 
V  is  the  Poisson’s  ratio.  We  used  GaN  Poisson’s 
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Fig.  4.  PL  peak  energy  at  77  K  versus  P  composition  x  for 
grown  GaNj  .  The  closed  and  open  square  data  points  are 
plots  without  and  with  accommodation  of  elastic  strain  at 
GaNP  and  GaN  interface.  Theoretically  calculated  data  are  also 
plotted  along  with  the  curve  with  no  bowing. 


ratio  of  v<oooi>=0-38  [12].  These  results  are 
shown  by  the  open  square  data  points  in  Fig.  4. 
This  calculation  was  done  assuming  that  the  GaNP 
alloy  layer  is  grown  under  the  complete 
pseudomorphic  condition.  In  the  case  of 
GaNi_^P;c  (x  =  0.015),  we  observed  phase  separ¬ 
ation  by  XRD  and  it  considered  that  the  strain 
relaxation  occurred  completely.  So,  the  strain  ac¬ 
commodated  red  shift  profile  shows  the  bold 
dashed  line  in  Fig.  4. 

The  gradient  of  theoretically  calculated  band  gap 
energy  curve  for  the  GaN~GaP  alloy  material  sys¬ 
tem  is  also  plotted  in  Fig.  4  [4, 13, 14].  In  this 
figure,  only  the  gradient  is  compared,  and  the  abso¬ 
lute  band  gap  energy  value  is  not  taken  into  ac¬ 
count.  It  seems  that  the  gradient  of  the  present 
work  generally  agrees  with  those  of  Baillargen  et  al. 
[4]  and  Sakai  et  al.  [15].  We  estimated  the  bowing 
parameter  from  the  dielectric  theory  of  elec¬ 
tronegativity  developed  by  Van  Vechten  [15]  and 
obtained  it  as  9.31  eV. 


4.  Conclusions 

We  have  grown  the  GaN-rich  side  of  GaNi 
layers  on  (0  0  0  1)  sapphire  substrate  with  high  tem¬ 
perature  GaN  buffer  layer  by  gas  source  MBE 
using  ion-removed  ECR  radical  cell  for  the  nitro¬ 
gen  source.  The  use  of  ion-removed  ECR  radical 
cell  made  it  possible  to  grow  high  quality  GaN.  The 
maximum  P  composition  x  of  GslNi-xPx  was  0.015 
and  phase  separation  into  GaN  rich  GaNP  and 
GaP-rich  GaPN  was  observed  for  the  high 
PH  3  flow  rate  growth  condition.  Large  red  shift  of 
the  PL  peak  was  observed  from  GaNi-^^P^c 
(x  =  0.0026,  0.0077  and  0.015).  The  gradient  of 
these  red  shifts  agreed  with  those  reported  by  the 
theoretical  calculation  for  GaNP  alloy.  Neverthe¬ 
less,  we  have  experimentally  observed,  for  the  first 
time,  the  large  red  shift  indicating  large  bowing 
parameter  in  this  alloy  system. 
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Abstract 

We  have  studied  the  Ga  segregation  at  the  normal  GaAs/Al^Gai^^^As  interface  by  a  new  in  situ  electron  diffraction 
technique  during  molecular  beam  epitaxy  and  by  ex  situ  transmission  electron  microscopy.  We  find  Ga  segregating  up  to 
20  crystal  planes  when  depositing  AlAs  on  GaAs.  The  measurements  indicate  an  anisotropic  in-plane  structure  of  this 
interface  with  elongated  A^Gai-^As  regions  extending  along  [T  1  0].  The  inverted  interface  is  abrupt  with  a  measure¬ 
ment  error  of  less  than  one  bilayer.  Our  findings  provide  new  insight  into  both  the  mechanism  of  RHEED  intensity 
oscillations  as  well  as  the  segregation  process. 


1.  Introduction 

GaAs-Al;cGai_^As  heterojunctions  are  widely 
considered  as  prototype  heterointerfaces  in  terms 
of  abruptness  and  structural  perfection  as  well  as 
regarding  their  potential  for  electronic  band-gap 
engineering  in  advanced  devices.  However,  it 
has  been  known  for  quite  some  time  that  there 
is  a  strong  asymmetry  between  the  normal 
(Al^.Gai-;,-As-on-GaAs)  and  inverted  (GaAs-on- 
AU-Gai-xAs)  interfaces  regarding  their  structural 
[1]  and  electronic  [2]  properties. 

In  this  paper  we  directly  demonstrate  the  segre¬ 
gation  of  Ga  many  lattice  planes  into  the  overgrow- 
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ing  AlAs  (0  01).  In  addition,  this  Ga  segregation 
exhibits  a  strongly  anisotropic  in-plane  structure 
which  we  directly  monitor  by  reconstruction-in¬ 
duced  phase  shifts  (RIPS)  of  reflection  high-energy 
electron  diffraction  (RHEED)  intensity  oscillations 
during  molecular  beam  epitaxy  (MBE)  growth  of 
the  interfaces.  No  measurable  segregation  is  found 
at  the  GaAs-on-AlAs  (0  0  1)  interface.  These  results 
are  confirmed  by  high-resolution  transmission  elec¬ 
tron  microscopy  (HRTEM)  along  [110]  and 
[T  1  0].  The  existence  of  a  lateral  structure  demon¬ 
strates  the  need  for  a  three-dimensional  treatment 
of  the  segregation  problem.  At  the  same  time,  the 
experiments  indicate  that  the  Ga  segregation  is  not 
kinetically  limited.  In  addition,  our  findings  reveal 
a  new  understanding  of  RHEED  intensity  oscilla¬ 
tions  and  demonstrate  the  general  applicability  of 
this  method  to  monitor  the  formation  of  hetero¬ 
interface  in  real-time  on  an  atomic  scale. 
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2.  Experiment 

We  deposited  GaAs  and  Al^-Gai_^-As  by  MBE 
on  GaAs  (0  0  1)  substrates  in  a  continuous  series  of 
30  s  growth  pulses  separated  by  30  s  growth  in¬ 
terruptions.  The  deposition  rate  was  typically 
0.2  nna/s.  The  20  keV  electron  beam  impinged  at 
angles  ranging  from  0.2  to  1.5°  along  a  high-sym- 
metry  azimuth  and  the  resulting  intensity  oscilla¬ 
tions  were  recorded  at  different  positions  of  the 
diffraction  pattern.  Throughout  the  growth  se¬ 
quence,  the  diffraction  conditions  were  kept  con¬ 
stant.  This  procedure  eliminated  diffraction-related 
effects  like  the  dependence  of  the  oscillation  phase 
on  electron  beam  incidence  angle  [3].  The  growth 
sequence  was  designed  to  contain  both  homo- 
epitaxial  and  heteroepitaxial  pulse  successions 
so  that  all  four  possibilities,  GaAs  on  GaAs, 
Al^Gai_;tAs  on  GaAs,  A^-Gai-^As  on 
Al^Gai  _^As  and  GaAs  on  A^-Gai  were  pres¬ 
ent.  The  curves  were  then  superimposed  with  re¬ 
spect  to  the  onset  of  growth  by  means  of  the  shutter 
actuation  signal. 

3.  Results  and  discussion 

A  comparison  of  heteroepitaxial  and  homo- 
epitaxial  RHEED  intensity  trace  pairs  for  both 
GaAs  and  AlAs  is  shown  in  Fig.  1.  After  a  certain 
transition  distance,  marked  by  the  arrows,  the  os¬ 
cillations  from  heterointerface  formation  are  shif¬ 
ted  with  respect  to  the  homoepitaxial  reference 
oscillations.  This  phase  shift  is  opposite  in  direc¬ 
tion,  but  of  the  same  magnitude  for  normal  and 
inverted  heterointerfaces.  Far  from  the  heterointer¬ 
face,  it  assumes  the  same  saturation  value  for 
the  specular  spot  and  the  {0  1}  reflections.  The 
transition  distance  to  achieve  the  final  value  of  the 
phase  shift  is,  however,  strongly  different  on  differ¬ 
ent  reflections,  as  marked  by  the  arrows.  It  takes  up 
to  20  oscillations  at  the  specular  spot  position  in 
the  [T  1  0]  azimuth,  whereas  the  phase  shift  is  com¬ 
pleted  typically  during  the  first  oscillation  along 
other  azimuths  or  at  positions  in  the  diffraction 
pattern  different  from  the  specular  spot.  The  very 
short  transition  distance  observed  at  the  inverted 
interface  implies  that  the  sampling  depth  of  the 


Fig.  1.  Synchronized  RHEED  intensity  oscillations  from  AlAs/ 
GaAs  and  GaAs/AlAs  interfaces  recorded  with  an  incidence 
angle  of  0.35''.  For  all  4  pairs  of  traces,  the  broken  line  is  the 
homoepitaxial  reference  and  the  solid  line  represents  the  signal 
from  heterointerface  formation.  The  {0  1}  intensities  can  only  be 
measured  outside  the  Laue  circle  at  these  low  angles.  The  elec¬ 
tron  energy  was  20  keV  with  the  beam  directed  along  the  [T  1  0] 
azimuth.  The  growth  rates  were  0.2  nm/s  at  a  sample  temper¬ 
ature  of  584®C,  and  the  AS4.  beam  equivalent  pressure  was 
3.2x10-^  Pa. 


oscillating  part  of  the  RHEED  signal  is  less  than 
the  0.28  nm  (0  0  2)  lattice  plane  spacing,  denoted  in 
the  following  as  one  layer.  If  it  were  larger,  an 
abrupt  interface  gradually  crossing  the  sampled 
volume  would  produce  a  gradually  varying  signal 
with  a  minimum  transition  distance  equal  to  the 
probing  depth.  As  we  will  show,  the  observed  phase 
shift  phenomena  are  closely  connected  to  the  sur¬ 
face  reconstruction.  We  therefore  call  this  class  of 
effects  the  reconstruction-induced  phase  shifts 
(RIPS)  of  RHEED  intensity  oscillations  [4]. 

From  such  experiments  as  we  have  performed 
with  different  growth  and  diffraction  conditions,  we 
deduce  that  the  saturation  value  of  the  RIPS  is 
independent  of  diffraction  conditions  like  the  beam 
incidence  angle,  but  rather  depends  on  the  two 
surface  reconstructions  before  and  after  interface 
formation.  We  therefore  conclude  that  the  RIPS 
saturation  value  cannot  be  a  diffraction  phenom¬ 
enon.  Instead,  it  is  linked  to  the  difference  in  group  III 
element  content  of  the  two  surface  reconstructions. 
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Since  growth  is  performed  with  As  overpressure, 
the  As  supply  is  not  rate-limiting.  Instead,  the  con¬ 
stant  group  III  flux  during  deposition  defines  the 
time-axis  of  the  RHEED  oscillations.  For  homo¬ 
epitaxy,  the  deposition  of  group  III  elements  equal 
to  the  group  III  content  of  n  bulk  layers  advances 
the  growth  front  by  n  layers.  However,  the  recon¬ 
structed  layers  at  the  surface  may  contain  incom¬ 
plete  group  III  sublattices.  If  the  reconstruction 
changes  during  growth,  group  III  material  is  con¬ 
sumed  or  released  in  the  transition,  resulting  in 
a  shift  of  the  remaining  oscillations.  Interpreting 
the  phase  shift  in  this  way,  we  identify  it  with  the 
loss  or  gain  of  the  group  III  elements  between  the 
two  surface  reconstructions.  This  conclusion  im¬ 
poses  relative  constraints  on  different  possible 
structure  models.  In  our  case,  GaAs  exhibits  the 
P(2x4)  RHEED  pattern  using  the  Farrell- 
Palmstrom  terminology  [5]  and  AlAs  shows  the 
c(4  X  4)  pattern.  From  the  phase  shift  we,  therefore, 
conclude  that  the  surface  structures  producing 
these  patterns  differ  by  half  a  (0  0  2)  layer  of  Ga 
or  Al. 

The  phase  shift  between  GaAs  and  AlAs  implies 
chemical  sensitivity  of  the  oscillation  phase  that 
should  allow  us  to  determine  the  surface  composi¬ 
tion  during  growth.  We,  therefore,  replaced  AlAs  in 
our  pulse  sequence  by  Al^^Gai-^As  with  varying 
X  and  obtained  the  curves  shown  in  Fig.  2.  The 
inverted  interface  was  chosen  because  the  rapid 
phase  shift  there  increases  the  measurement  accu¬ 
racy.  As  in  Fig.  1,  the  broken  lines  represent  the 
homoepitaxial  reference  oscillations.  The  RIPS 
saturates  at  the  same  value  for  both  the  specular 
spot  and  the  (01)  reflection.  The  relationship  be¬ 
tween  phase  shift  and  composition  obtained  from 
the  RIPS  is  plotted  in  the  lower  part  of  the  figure. 
This  dependence  relates  a  given  value  of  the  oscilla¬ 
tion  phase  to  a  certain  surface  composition.  From 
the  signal  obtained  on  the  specular  spot  at  the 
normal  interface  along  [T  1  0],  we  thus  deduce 
strong  segregation  at  the  normal  interface.  The  shift 
on  the  {01}  streaks  of  the  same  measurement, 
however,  is  immediate,  indicating  that  at  this  point 
in  the  diffraction  pattern,  no  segregation  is  detec¬ 
ted.  The  surface  material  composition  as  a  function 
of  the  deposited  AlAs  layers  is  plotted  in  Fig.  3  for 
both  reflections. 


Fig.  2.  Relationship  between  alloy  composition  x  and  phase 
shift.  The  AlAs  was  replaced  by  Al;,Gai_;,As  in  measurements 
using  growth  conditions  similar  to  Fig.  1.  The  resulting  depend¬ 
ence  is  plotted  in  the  lower  part  of  the  figure.  Shown  are  the 
curves  for  GaAs  on  GaAs  (broken  lines)  and  GaAs  on 
A^Gai-xAs  (solid  lines)  at  the  inverted  interface. 


This  contradiction  between  the  two  results  ob¬ 
tained  from  different  locations  of  the  diffraction 
pattern  is  resolved  by  taking  into  account  the  sur¬ 
face  morphology  of  the  GaAs  surface  and  the 
special  scattering  geometry  of  RHEED.  Because  of 
the  small  probing  depth  of  the  RHEED  electrons, 
the  signal  is  very  sensitive  to  disorder  in  the 


fV.  Braun  et  at.  j  Journal  of  Crystal  Growth  1751176  (1997)  156-161 


i59 


topmost  crystal  layer.  Information  from  disordered 
surface  regions  is  detected  at  or  near  the  specular 
spot,  which  would  be  the  only  peak  in  the  diffrac¬ 
tion  pattern  of  a  perfectly  amorphous  2D  structure. 
The  ordered  regions  with  complete  lateral  sym¬ 
metry  contribute  to  all  scattering  orders.  The  sur¬ 
face  of  P(2  X  4)-reconstructed  GaAs  (0  0  1)  exhibits 
an  anisotropic  morphology  [6],  leading  to  long  and 
relatively  straight  step  edges  along  [T  10].  This 
suggests  that  the  disordered  regions  we  monitor  on 
the  specular  spot  can  be  identified  as  steps  on  the 
surface.  If  the  RHEED  beam  is  parallel  to  these 
step  edges,  it  can  sensitively  accumulate  the  signal. 
We  therefore  expect  an  enhanced  sensitivity  of  the 
specular  spot  signal  regarding  the  structure  of  steps 
along  [T  1  0].  This  finding  is  supported  by  the  fact 
that  on  the  specular  spot  along  the  [1  1  0],  the 
RIPS  saturates  immediately  [7].  In  this  direction, 
the  step  edges  on  the  surface  are  bent  and  ragged. 

This  real-space  sensitivity  of  RHEED  leads  us  to 
conclude  that  segregation  is  a  predominantly  step- 
mediated  process  that  is  suppressed  on  the  flat 
surface  regions.  The  different  binding  energies  of 
terrace  and  step  atoms  facilitate  exchange  reactions 
at  steps.  This  argument  still  holds  during  growth  in 
the  limit  of  layer-by-layer  growth,  which  corre¬ 
sponds  to  the  case  of  weakly  damped  RHEED  oscil¬ 
lations.  Then,  a  step  present  on  the  surface  prior  to 
growth  remains  roughly  at  the  same  lateral  posi- 


Fig.  3.  Surface  alloy  composition  determined  with  the  relation 
of  Fig.  2  at  the  specular  spot  position,  the  first-order  diffraction 
streak  and  the  theoretical  curve  using  the  McLean  model  with 
the  parameters  of  Ref.  [10]. 


tion  after  the  deposition  of  one  bilayer.  The  step 
region  therefore  propagates  in  growth  direction 
while  serving  as  a  continuous  source  of  exchange 
reactions  in  the  segregation  process.  The  smaller- 
scale  islands  causing  the  oscillations  during  depo¬ 
sition  nucleate  on  the  terraces  where  no  Ga  atoms 
are  released  from  the  complete  underlying  plane, 
and  therefore  no  segregation  is  observed  in  higher 
diffraction  orders. 

Current  RHEED  theory  does  not  yet  allow  the 
treatment  of  realistic  stepped  surfaces  [8].  We 
therefore  cannot  determine  the  quantitative  frac¬ 
tion  of  the  segregating  and  nonsegregating  regions 
on  the  surface  directly  from  the  diffraction  pattern. 
Repetition  of  the  RIPS  experiment  along  the 
[110]  azimuth  shows  an  immediately  saturating 
shift  on  both  streaks  within  the  measurement  accu¬ 
racy  [7],  indicating  that  the  fraction  of  segregation 
areas  is  small.  A  laterally  homogeneous  segregation 
profile  is  modeled  for  the  GaAs-AlAs  materials 
system  using  McLean’s  formula  [9] 


In 


1  ”^b/ 


where  and  Xb  denote  the  surface  and  bulk  com¬ 
positions,  the  segregation  energy,  and  thermal 
equilibrium  between  the  surface  layer  and  bulk 
material  is  assumed.  Using  parameters  deduced 
from  in  situ  electron  spectroscopy  experiments 
[10],  the  curve  plotted  in  Fig.  3  is  obtained.  The 
experimental  values  obtained  from  the  specular 
spot  signal  indicate  a  nonexponential  segregation 
that  would  produce  an  approximately  constant 
(top  hat)  concentration  profile  if  it  were  homogene¬ 
ous  across  the  surface.  The  signal  from  the  first- 
order  spot  indicates  no  segregation.  These  three 
results  are  consistent  if  the  area  of  the  intermixed 
region  makes  up  only  part  of  the  surface  area,  while 
its  material  composition  remains  Ga-rich  with  an 
almost  constant  composition.  We,  therefore,  expect 
to  obtain  segregation  in  elongated  regions  that 
follow  the  [T  1  0]  direction. 

The  HRTEM  micrographs  shown  in  Fig.  4  were 
taken  along  the  extremal  directions  of  the  surface 
anisotropy.  Along  [T  1  0]  laterally  separated  segre¬ 
gation  regions  are  visible  at  the  normal  interface. 
Since  the  sample  thickness  corresponds  to  roughly 
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80  {1  10}  crystal  planes,  this  finding  implies  a  high 
degree  of  order  along  the  beam  direction.  In  the 
perpendicular  [1  1  0]  direction,  the  segregation  re¬ 
gions  are  projected  along  their  narrow  direction, 
leading  to  a  broad,  featureless  band.  No  segrega¬ 
tion,  as  expected  from  the  RHEED  experiments,  is 
seen  at  the  normal  heterointerface.  The  extent  of  the 
transition  regions  is  marked  by  grey  bars  to  the  side. 
Assuming  a  step  as  the  source  of  segregation,  the 
small  lateral  separation  of  the  segregation  regions 
might  be  due  to  kinks  in  the  step  edge  that  typically 
shift  the  step  by  four  lattice  constants,  the  periodicity 
of  the  P(2  X  4)  reconstruction  in  this  direction. 

The  assumption  of  a  thermal  equlibrium  in  the 
McLean  model  requires  that  this  equilibrium  is 
approached  faster  than  the  typical  time-scales  in¬ 
volved  in  the  growth  process.  We  investigated  the 


kinetics  of  the  segregation  by  varying  the  AlAs 
growth  rate  in  experiments  otherwise  similar  to  the 
one  shown  in  Fig.  1.  The  measured  transition  dis¬ 
tances  of  the  phase  shift  were  13  +  2,  15  +  2  and 
16  +  2  layers  for  growth  rates  of  0.13,  0.17  and 
2.1  nm/s  and  otherwise  identical  growth  and  dif¬ 
fraction  conditions.  This  approximately  constant 
transition  distance  indicates  that  the  exchange  pro¬ 
cess  is  not  kinetically  limited.  Instead,  we  can  con¬ 
clude  that  segregation  takes  place  in  a  local 
equilibrium  situation  close  to  the  step  edges. 

4.  Conclusions 

In  summary,  we  have  shown  that  the  difference 
of  the  reconstruction-induced  phase  shifts  of 
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RHEED  oscillations  at  specular  and  nonspecular 
positions  can  be  explained  by  the  morphological  sen¬ 
sitivity  of  RHEED.  We  discovered  strong  laterally 
anisotropic  Ga  segregation  for  MBE  growth  of  AlAs 
on  GaAs,  whereas  no  segregation  is  present  for  de¬ 
position  of  GaAs  on  AlAs.  The  measurement  method 
relies  only  on  the  surface  reconstruction  difference 
and  the  presence  of  RHEED  intensity  oscillations. 
It  should  therefore  be  applicable  to  any  materials 
system  that  meets  these  two  requirements. 

Acknowledgements 

The  authors  gratefully  acknowledge  the  support 
of  the  Deutsche  Forschungsgemeinschaft  (Sonder- 
forschungsbereich  296)  and  thank  Oliver  Brandt 
for  helpful  discussions. 

References 

[1]  G.S.  Spencer,  J.  Menendez,  L.N.  Pfeiffer  and  K.W.  West, 
Phys.  Rev.  B  52  (1995)  8205;  B.  Etienne  and  F.  Laruelle,  J. 


Crystal  Growth  127  (1993)  1056;  R.  Kohleick,  A.  Forster 
and  H.  Liith,  Phys.  Rev.  B  48  (1993)  15  138;  B.  Jusserand 
and  F.  Mollot,  Appl.  Phys.  Lett.  61  (1992)  423. 

[2]  See,  e.g.:  L.N.  Pfeiffer,  K.W.  West,  H.L.  Stormer  and 
K.W.  Baldwin,  Appl.  Phys.  Lett.  55  (1989)  1888;  T.  Saku, 
Y.  Hirayama  and  Y.  Horikoshi,  Jpn.  J.  Appl.  Phys.  30 
(1991)  902;  T.  Sajoto,  M.  Santos,  J.J.  Heremans,  M.  Shaye- 
gan,  M.  Heilblum,  M.V.  Weckwerth  and  U.  Meirav,  Appl. 
Phys.  Lett.  54  (1989)  840. 

[3]  J.  Zhang,  J.H.  Neave,  P.J.  Dobson  and  B.A.  Joyce,  Appl. 
Phys.  A  42  (1987)  317. 

[4]  W.  Braun  and  K.  Ploog,  Appl.  Phys.  A  60  (1995)  441. 

[5]  H.H.  Farrell  and  C.J.  Palmstrom,  J.  Vac.  Sci.  Technol. 
B  8  (1990)  903. 

[6]  E.J.  Heller  and  M.G.  Lagally,  Appl.  Phys.  Lett.  60  (1992) 
2675;  J.  Sudijono,  M.D.  Johnson,  M.B.  Elowitz,  C.W. 
Snyder  and  B.G.  Orr,  Surf.  Sci.  280  (1993)  247. 

[7]  W.  Braun  and  K.H.  Ploog,  J.  Appl.  Phys.  75  (1994) 
1993. 

[8]  For  some  recent  work  on  the  GaAs  (0  0  1)  surface,  see:  Y. 
Ma,  S.  Lordi,  P.K.  Larsen  and  J.A.  Eades,  Surf.  Sci  289 
(1993)  47;  J.M.  McCoy,  U.  Korte,  P.A.  Maksym  and  G. 
Meyer-Ehmsen,  Phys.  Rev.  B  48  (1993)  4721. 

[9]  D.  McLean,  Grain  Boundaries  in  Metals  (Clarendon,  Ox¬ 
ford,  1957)  ch.  5,  p.  118. 

[10]  J.M.  Moison,  C.  Guille,  F.  Houzay,  F.  Barthe  and  M.  Van 
Rompay,  Phys.  Rev.  B  40  (1989)  6149. 


JOUttNALOF 

GROWTH 


ELSEVIER 


Journal  of  Crystal  Growth  175/176  (1997)  162-167 


Suppression  of  AlGaAs/GaAs  superlattice  intermixing 

by  p-type  doping 

K.  Muraki*,  Y.  Horikoshi^ 

NTT  Basic  Research  Laboratories,  3-1  Morinosato-Wakamiya,  Atsugi,  Kanagawa  243-01,  Japan 


Abstract 

We  report  a  systematic  investigation  of  the  effect  of  n-  and  p-type  doping  on  the  AIGaAs/GaAs  superlattice  (SL) 
intermixing  using  photoluminescence.  We  find  that  the  SL  intermixing  is  not  only  enhanced  by  Si  doping  but  also 
suppressed  by  Be  doping.  Although  previous  models  have  suggested  the  contribution  of  triply  negatively  charged  Ga 
vacancies,  in  n-type  and  intrinsic  materials  and  of  doubly  positively  charged  Ga  interstitials,  /gJ,  in  p-_type 
materials,’ we  find  that  at  900*^0  the  Al-Ga  interdiffusion  is  mediated  by  singly  negatively  charged  Ga  vacancies,  Loa,  in 
both  p-  and  n-type  materials  for  n  <  1  x  10^®  cm"^  These  results  are  shown  to  be  explained  consistently  in  terms  of  the 
Fermi-level  effect.  Our  results  demonstrate  that  the  thermal  stability  of  AlGaAs/GaAs  heterostructures  can  be  controlled, 
i.e.,  weakened  or  strengthened,  by  appropriate  tuning  of  the  Fermi  level. 


1.  Introduction 

The  atomic  diffusion  in  GaAs  and  associated 
III-V  compound  semiconductors  is  affected  by 
various  parameters  such  as  the  Fermi  level  and/or 
the  stoichiometry  of  the  crystal.  Presently,  it  is 
considered  that  the  column-III  atom  diffusion  in 
GaAs  is  mediated  by  triply  negatively  charged  Ga 
vacancies,  Fca »  in  n-type  and  intrinsic  materials, 
and  by  doubly  positively  charged  Ga  interstitials, 
7^3 ,  in  p-type  materials  [1].  The  contribution  of 
charged  species  to  the  atomic  diffusion  manifests 
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itself  as  a  diffusion  coefficient  strongly  dependent 
on  the  Fermi  level  of  the  crystal,  the  so-called 
“Fermi-level  effect”.  For  instance,  n-type  impurities 
such  as  Si,  Sn,  or  Te  doped  either  in  situ  or  after 
growth  enhance  the  Al-Ga  interdiffusion,  causing 
significant  superlattice  (SL)  disordering  during 
post-growth  annealing. 

As  for  p-type  impurities,  it  is  known  that  the 
post-growth  in-diffusion  or  implantation  of  Zn  or 
Be  gives  rise  to  significant  layer  disordering,  as 
a  result  of  the  combined  effects  of  the  Fermi  level 
and  the  non-equilibrium  defects  created  through 
the  dopant  diffusion.  That  is,  p-type  doping  in¬ 
creases  the  let  concentration  via  the  Fermi-level 
effect,  and  the  dopant  diffusion  via  the  kick-out 
mechanism  creates  lot  in  excess  of  its  thermal 
equilibrium  concentration.  On  the  other  hand,  dif¬ 
ferent  results  have  been  reported  for  grown-in 
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p-type  impurities.  Deppe  et  al.  [2]  have  reported 
that  Mg  doping  at  8  x  10^®  cm“^  enhances  the  SL 
disordering^  whereas  Guido  et  al.  have  reported 
that  carbon  doping  retards  the  SL  intermixing  [3]. 
On  the  other  hand,  Kawabe  et  al.  [4]  and  Kamata 
et  al.  [5]  have  observed  no  significant  effect  of  Be 
doping  for  concentrations  below  4xl0^^cm“^. 
These  discrepancies  can  be  due  partly  to  the  limited 
resolution  of  the  methods  used  to  probe  the  SL 
disordering.  These  authors  used  transmission  elec¬ 
tron  microscopy  [2,  3],  Auger  electron  spectro¬ 
scopy  [4],  secondary-ion  mass  spectrometry 
(SIMS)  [5],  which  are  rather  insensitive  to  small 
amount  of  SL  intermixing.  Also,  different  annealing 
conditions  used,  i.e.,  the  As  pressure  or  the  surface 
protection  techniques,  can  be  responsible  for  the 
discrepancies. 

In  this  work,  we  present  a  systematic  study  of  the 
effect  of  Si  and  Be  doping  on  the  AlGaAs/GaAs  SL 
intermixing.  To  study  the  SL  intermixing,  we  em¬ 
ploy  photoluminescence  (PL),  which  is  more  sensi¬ 
tive  to  the  Al-Ga  interdiffusion  than  those  methods 
used  in  the  previous  studies.  Arsenic-pressure  de¬ 
pendent  experiments  have  also  been  carried  out  to 
identify  the  defects  involved  in  the  diffusion  pro¬ 
cess.  We  find  that  in  the  As-rich  condition  the  SL 
intermixing  is  not  only  enhanced  by  n-type  doping 
but  also  suppressed  by  p-type  doping.  These  results 
are  shown  to  be  explained  consistently  in  terms  of 
the  Fermi-level  effect. 


2.  Experimental  procedure 

Samples  studied  are  Al^^Gaj -^^As/GaAs 
(x  ^  0.34)  SL  structures  grown  at  580°C  on  un¬ 
doped  semi-insulating  GaAs  (0  0  1)  substrates  by 
molecular-beam  epitaxy.  Twenty  periods  of  SL 
layers  consisting  of  10-nm  Al;cGrai_;tAs  and  10-nm 
GaAs  were  grown  on  a  0.2-|xm  thick  GaAs  buffer 
layer,  capped  with  a  0.1 -pm  thick  GaAs  layer.  The 
whole  epitaxial  layers  including  the  top  and  bottom 
GaAs  layers  as  well  as  the  SL  layers  were  doped 
throughout  either  with  Si  or  Be  [6].  Two  different 
doping  levels,  3  X  10^"^  and?  x  10^”^  cm  were  em¬ 
ployed  for  both  Si  and  Be. 

The  samples  were  annealed  at  800-950°C  for 
1  h  in  sealed  quartz  ampoules  evacuated  to 


2  X  10“^  Torr.  For  the  As-pressure  dependent  ex¬ 
periments,  small  pieces  of  solid  As  (6N)  were  en¬ 
closed  in  each  ampoule  to  produce  desired  As 
overpressure  during  the  annealing.  We  have  also 
carried  out  the  annealing  without  excess  As.  Even 
without  As,  the  sample  surface  remained  specular 
even  after  annealing  up  to  950°C. 

Photoluminescence  was  measured  at  9  K  with  an 
Ar'^-ion  laser  as  the  excitation  light  source.  The 
Al-Ga  interdiffusion  coefficient  was  calculated 
from  the  photoluminescence  peak  energy  shift 
caused  by  the  thermal  annealing.  In  this  approach, 
the  diffusion  coefficients  in  the  range  from 
5x10"^^  to  5xl0"^^cmVs  can  be  determined 
with  reasonable  accuracy  for  an  annealing  duration 
of  1  h. 


3.  Results  and  discussions 

First,  we  will  describe  the  results  obtained  for 
annealing  without  excess  As.  In  Fig.  1,  the  PL 
spectra  of  differently  doped  SL’s  taken  on  the  as- 
grown  samples  and  those  annealed  at  900°C  with¬ 
out  As  are  shown  as  dashed  and  solid  lines,  respec¬ 
tively.  For  clarity,  the  PL  intensities  are  normalized 
by  their  peak  values.  After  the  annealing,  the  PL 
peaks  shift  toward  higher  energies,  as  a  conse¬ 
quence  of  the  Al-Ga  interdiffusion  at  the  heteroin¬ 
terfaces  and  the  resultant  smearing  of  the  SL 
potentials.  It  is  seen  that  the  peak  shift  is  increased 
by  Si  doping  relative  to  the  undoped  sample,  and 
the  peak  shift  further  increases  with  increasing  Si 
concentration,  indicating  that  the  Al-Ga  interdiffu¬ 
sion  is  enhanced  by  Si  doping. 

On  the  other  hand,  the  Be-doped  SL’s  show 
small  peak  shift,  even  smaller  than  that  of  the 
undoped  SL.  Furthermore,  the  peak  shift  decreases 
further  with  increasing  Be  concentration.  This  re¬ 
sult  clearly  shows  that  the  Al-Ga  interdiffusion  is 
suppressed  by  Be  doping.  As  shown  later,  similar 
results  have  been  obtained  for  the  annealing  at 
800-950°C  without  excess  As.  In  a  previous  study, 
Kawabe  et  al.  reported  that  the  co-doping  of  Be 
with  Si  cancels  the  Si-induced  disordering  enhance¬ 
ment  when  the  Be  concentration  is  higher  than  that 
of  Si  [4].  The  present  result  is  significant  in  that  the 
interdiffusion  is  further  decreased  relative  to  the 
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Photon  Energy  (eV) 

Fig.  1.  9  K  PL  spectra  of  differently  doped  SL’s,  taken  on  as- 
grown  samples  (dashed  lines)  and  those  annealed  at  900°C 
without  As  (solid  lines). 


undoped  case.  Our  result  agrees  with  the  report  by 
Guido  et  al  [3],  in  that  the  p-type  doping  retards 
the  SL  intermixing.  Although  they  attributed  the 
retarded  intermixing  to  local  atomic  interaction 
specific  to  carbon,  the  present  result  suggests  that 
the  suppression  of  interdiffusion  is  not  specific  to 
carbon,  but  a  rather  common  feature  of  grown-in 
p-type  impurities. 

We  have  calculated  the  Al-Ga  interdiffusion  co¬ 
efficient  from  the  PL  peak  energy  shift  caused  by 
the  SL  intermixing.  The  Schrodinger  equation  has 
been  numerically  solved  to  obtain  the  energy  levels 
in  the  diffused  SL  potentials.  In  the  calculations, 
the  band-bending  effect  due  to  the  charge  transfer 
from  the  Al^Gai  -^^As  layers  to  the  GaAs  layers  was 
ignored  [7].  For  each  sample,  the  PL  peak  energy 
shift  measured  from  its  as-grown  position  has  been 
compared  with  the  calculation  to  determine  the 
diffusion  coefficient. 

Fig.  2  displays  the  Al-Ga  interdiffusion  coeffi¬ 
cients  calculated  from  the  PL  data  of  Fig.  1,  to¬ 
gether  with  the  results  for  800,  850,  and  950°C.  The 
data  are  shown  only  for  those  in  the  range  from 
5  X  10"^^  to  5  X  10" cm^s.  The  horizontal  axis, 


Fig.  2.  Al-Ga  interdiffusion  coefficient  for  annealing  without  As 
plotted  as  a  function  of  n/ni. 


n/ni  =  n-Jp\  is  the  electron  concentration  n  nor¬ 
malized  by  the  intrinsic  carrier  concentration  at 
each  annealing  temperature  {rii  normalized  by  the 
hole  concentration  p)  [8].  Note  that  n/ui  is  related 
to  the  Fermi  level  Ep  through  the  following  equation 

n/n,  =  expKEp  -  Ed/k^Tl  (1) 

where  Ei  is  the  Fermi  level  of  intrinsic  crystal,  is 
the  Boltzmann  constant,  and  T  is  the  temperature. 
Thus,  it  is  understood  that  n/Ui  >  1,  n/ui  =  1,  and 
n/Ui  <  1  correspond  to  n-type,  intrinsic,  and  p-type 
materials,  respectively. 

By  plotting  the  diffusion  coefficient  as  a  function 
of  n/rii,  it  is  clear  that  the  diffusion  coefficient  varies 
continuously  from  p-type  through  intrinsic  to  n- 
type  region  at  each  temperature.  This  suggests  that 
the  observed  enhancement/suppression  of  the  inter¬ 
diffusion  should  be  explained  in  a  unified  manner, 
i.e.,  by  a  single  mechanism  that  depends  solely  on 
the  Fermi  level  rather  than  the  chemical  species  of 
the  dopant.  Let  us  assume  that  the  diffusion  is 
dominated  by  acceptor-like  defects  trapping 
m  extra  electrons,  X”'~,  According  to  the  model  of 
the  Fermi-level  effect  [1],  the  thermal  equilibrium 
concentration  of  depends  on  n/rii  as 

EX'”-]  X  (n/nr  -  {ni/pT 

=  exp[m(£F  -  (2) 
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The  Be-doping  induced  suppression  of  the  interdif¬ 
fusion  is  explained  in  terms  of  Eq.  (2)  as  follows. 
The  Be  doping  lowers  the  Fermi  level  and  decreases 
the  electron  concentration,  thereby  decreasing  the 
thermal  equilibrium  concentration  of  X'^~.  It  is 
also  important  to  note  in  Eq.  (2)  that  the  power 
index  m  to  n/n-,  represents  the  number  of  extra 
electrons  trapped  by  the  defect.  In  Fig.  2,  the  rela¬ 
tionship  between  the  diffusion  coefficient  and  n/rii  is 
seen  to  be  almost  linear  [9].  Hence,  we  can  say  that 
the  defect  dominating  the  interdiffusion  is  an  accep¬ 
tor-like  defect  trapping  one  extra  electron. 

In  order  to  identify  the  defects  involved  in  the 
interdiffusion,  we  have  studied  the  As-pressure  de¬ 
pendence  of  the  interdiffusion  at  900‘"C.  The  results 
are  shown  in  Fig.  3,  in  which  the  PL  energies  of  SLs 
annealed  with  excess  As  are  plotted  as  a  function  of 
the  As4  pressure.  The  horizontal  bars  on  the  left 
side  represent  the  energy  positions  of  each  SL  for 
the  annealing  without  As.  Note  that  their  horizon¬ 
tal  positions  are  arbitrary.  It  is  seen  that  the  un¬ 
doped  and  Be-doped  SLs  show  a  consistent 
upward  shift  of  the  PL  energies  with  increasing  AS4 
pressure.  On  the  other  hand,  the  Si-doped  samples 
exhibit  different  behavior.  The  PL  energy  of  the 


Fig.  3.  PL  energies  of  annealed  SL’s  {900°C,  with  excess  As)  as 
a  function  of  AS4  pressure  during  the  annealing.  The  horizontal 
bars  represent  the  PL  energies  for  annealing  without  As. 


Fig.  4.  AI-Ga  interdiffusion  coefficient  at  900°C  as  a  function  of 
AS4  pressure.  The  solid  and  open  symbols  represent  the  data  for 
annealing  with  and  without  As,  respectively. 


[Si]  =  3  X  10^^  cm'^  SL  first  increases  and  then 
falls  off  above  the  AS4  pressure  of  0.2  atm.  We  note, 
however,  that  for  the  AS4  pressures  above  0.2  atm 
the  PL  is  dominated  by  a  broad  feature  on  the 
low-energy  side  of  the  band-edge  transition.  We 
ascribe  this  feature  to  some  deep  centers  created  by 
the  thermal  annealing.  Similarly,  we  suspect  that 
the  PL  of  the  [Si]  =  7  x  10^^  cm”^  SL  annealed 
with  excess  As  is  due  to  some  deep  centers  rather 
than  the  band-edge  transition. 

In  Fig.  4,  the  Al-Ga  interdiffusion  coefficient  cal¬ 
culated  from  the  PL  data  of  Fig.  3  are  shown  as 
solid  symbols.  The  data  are  shown  only  for  the 
undoped  and  Be-doped  samples  for  the  reason 
mentioned  above.  It  is  seen  that  the  diffusion  coef¬ 
ficient  increases  in  proportion  to  in  the  whole 
pressure  range  from  0.03  to  1.0  atm.  The  power 
index  of  4  stems  from  the  fact  that  the  GaAs  surface 
is  interacting  with  As  tetrameters  in  the  vapor 
phase  via  the  interaction 

4;AS4(^)  ASas  +  F Ga-  (3) 


166 


K.  Muraki,  Y.  Horikos hi  /  Journal  of  Crystal  Growth  1751176  (1997)  162-167 


The  consistent  increase  of  the  diffusion  coefficient 
with  the  As4  pressure  demonstrates  that  at  900°C 
the  diffusion  is  governed  by  Ga  vacancies. 

Also  included  in  Fig.  4  are  the  data  for  annealing 
without  As,  which  are  shown  as  open  symbols. 
Their  horizontal  positions  are  chosen  in  such 
a  way  that  the  data  line  up  on  the  curves 
extrapolated  from  the  data  with  known  AS4 
pressure.  As  seen  in  the  figure,  good  agreement  is 
obtained  for  both  undoped  and  Be-doped  samples 
by  assuming  an  AS4  pressure  of  0.001  atm.  This 
result  demonstrates  that  at  900°C  the  diffusion  is 
dominated  by  Ga  vacancies  even  for  the  annealing 
without  As.  On  the  other  hand,  when  the  temper¬ 
ature  was  reduced  to  800°C,  the  diffusion  coeffic¬ 
ient  exhibited  “V-shaped”  dependencies  on  the  As 
pressures  similar  to  those  reported  in  Refs.  [10, 11], 
indicating  that  both  vacancy  and  interstitial  con¬ 
tribute  to  the  diffusion  at  800°C.  However,  the 
results  were  rather  complicated;  different  As  pres¬ 
sure  dependencies  were  observed  for  different  dop¬ 
ing.  Hence,  we  will  not  discuss  the  results  at  800°C 
further. 

Combining  the  above  two  results,  the  As-pres- 
sure  dependence  and  the  Fermi-level  dependence, 
we  can  conclude  that  at  900°C  the  Al-Ga  interdif¬ 
fusion  is  governed  by  Ga  vacancy  trapping  one 
extra  electron,  Foa,  in  both  n-  and  p-type  materials. 
The  present  conclusion  contradicts  with  the  pre¬ 
vious  model  that  the  column-III  atom  diffusion  is 
governed  by  Vg~  in  n-type  and  intrinsic  materials 
and  by  let  in  p-type  materials.  The  contribution  of 
Fca  is  based  on  the  SIMS  data  of  Mei  et  al.  [12],  in 
which  the  Al-Ga  interdiffusion  was  observed  to 
increase  in  proportion  to  (n/rii)^  [1].  In  our  pre¬ 
vious  SIMS  study  [13],  however,  we  have  reported 
that  at  900°C  the  third-power  law  dependence  oc¬ 
curs  only  for  [Si]  >  10^^  cm"^  and  the  depend¬ 
ence  was  found  to  be  much  weaker  for  [Si]  <10^® 
cm"^,  consistent  with  the  present  PL  results.  Thus, 
we  speculate  that  the  Ga  vacancy  changes  its 
charge  state  with  the  Fermi  level,  the  dominant 
charge  state  being  Vg~  for  n>  10^®  cm"^  and 
Foa  for  n  <  10^^  cm" ^  at  900°C.  This  speculation 
is  consistent  with  the  theoretical  calculation  by 
Baraff  and  Schluter  that  the  lowest-energy  charge 
state  of  Ga  vacancy  changes  with  the  Fermi  level 
[14]. 


Finally,  the  contribution  of  /ca  has  not  been 
addressed  in  this  study,  since  we  focused  on  the 
diffusion  at  900°C,  where  the  vacancy  mechanism 
dominates  over  the  interstitial  mechanism.  Further 
investigation  at  lower  temperatures,  where  the  in¬ 
terstitial  mechanism  comes  into  play,  is  needed  to 
clarify  the  contribution  of  /ca- 

4.  Conclusions 

We  have  carried  out  a  systematic  study  of  the 
effect  of  n-  and  p-type  doping  on  the  Al-Ga  inter¬ 
diffusion.  We  find  that  in  the  As-rich  condition  the 
Al-Ga  interdiffusion  is  not  only  enhanced  by  n- 
type  doping  but  also  suppressed  by  p-type  doping. 
These  results  have  been  explained  consistently  in 
terms  of  the  Fermi-level  effect.  From  the  observed 
dependence  on  the  As  pressure  and  the  Fermi  level, 
the  defects  dominating  the  Al-Ga  interdiffusion  at 
900°C  are  determined  to  be  Ga  vacancies  trapping 
one  extra  electron,  Fca,  in  both  p-  and  n-type  mater¬ 
ials  for  M  <  10^®  cm“^.  Our  results  demonstrate  that 
the  thermal  stability  of  AlGaAs/GaAs  heterostruc¬ 
tures  can  be  controlled,  weakened  or  strengthened, 
by  appropriate  tuning  of  the  Fermi  level. 
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Abstract 

InAs/GaAs  in-plane  strained  superlattices  (IPSSLs)  were  grown  by  molecular  beam  epitaxy.  The  substrates  used  were 
misoriented  (1  1  0)  InP  tilted  in  the  [0  0  T]  direction.  We  grew  alternately  half  monolayers  of  InAs  and  GaAs  while 
keeping  the  periodic  single  monolayer  steps.  The  obtained  structures  were  evaluated  by  transmission  electron  micros¬ 
copy  (TEM)  and  photoluminescence  (PL)  measurements.  The  TEM  images  revealed  that  the  laterally  periodic  structures 
were  formed  almost  in  the  [0  0  1]  direction.  The  lateral  period  corresponded  to  the  mean  terrace  width  of  the  substrate. 
The  PL  peak  energy  obtained  at  77  K  was  0.77  eV,  which  was  40  meV  lower  than  those  of  homogeneous  InGaAs  alloys. 
From  the  estimation  of  the  transition  energy  dependence  of  Ini_;cGa;cAs/In;^Gai_xAs  strained  superlattices  on  the 
mixing  ratio  x,  we  deduced  that  the  obtained  IPSSL  was  composed  of  Ino.74Gao.26As/Ino.26Giao.74As.  This  composition 
was  consistent  with  the  measurement  by  energy-dispersive  X-ray  microanalysis. 


1.  Introduction 

Low-dimensional  carrier-confined  nano-struc¬ 
tures  such  as  quantum  wires  and  dots  are  of  great 
interest  in  high-performance  electronic  and  photo¬ 
nic  device  applications.  For  fabricating  these  struc¬ 
tures,  methods  involving  lithography  and  etching, 
selective  or  ridge  growth  on  patterned  substrates, 
and  self-organization  phenomena  in  epitaxial 
growth  have  been  proposed  and  studied  extensive¬ 
ly.  Among  these  methods,  growth  of  laterally  peri- 
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odic  structures  by  growing  alternately  fractional 
monolayers  of  constituent  materials  via  step  flow 
growth  on  misoriented  substrates  [1]  is  the  most 
important  technique  for  direct  formation  of  high- 
density  quantum  wires  and  quantum  dot  array 
structures.  So  far,  GaAs/Al(Ga)As  [1-8]  and 
GaSb/Al(Ga)Sb  [9-1 1]  laterally  periodic  structures 
(i.e.  in-plane  superlattices  (IPSLs))  have  been  grown 
on  misoriented  (0  0  1)  GaAs  and  GaSb  substrates 
by  molecular  beam  epitaxy  (MBE)  and  metalor- 
ganic  chemical  vapor  deposition  (MOCVD).  The 
most  serious  problem  in  preparing  these  structures 
is  that  the  composition  difference  between  the  bar¬ 
riers  and  the  wells  is  far  smaller  (about  0.1  or  0.2) 
than  ideal  [9, 12-14].  Although  the  transmission 
electron  microscopy  (TEM)  or  X-ray  diffraction 
(XRD)  revealed  the  formation  of  laterally  periodic 
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structures  with  the  same  period  as  the  mean  terrace 
width  of  the  substrates,  the  photoluminescence 
(PL)  indicated  small  lateral  composition  modula¬ 
tion  and  poor  lateral  carrier  confinement.  Most 
studies,  however,  have  been  limited  to  lattice 
matched  systems.  Highly  strained  systems  have 
hardly  been  studied. 

On  the  other  hand,  the  self-organized  lateral 
composition  modulations  along  the  [1  1  0]  direc¬ 
tion,  called  strain-induced  lateral-layer  ordering 
(SILO),  has  been  observed  in  highly  strained 
(GaP)„/(InP)„,  and  (GaAs)„/(InAs)^  short  period  su¬ 
perlattices  on  exactly  oriented  (0  0  1)  substrates 
[15-17].  The  generation  mechanism  for  SILO  has 
not  been  completely  understood  at  present,  but  it  is 
obvious  that  a  self-organizing  phenomena  caused 
by  strain  induces  lateral  composition  modulations. 
If  such  a  self-organizing  phenomena  can  be 
managed  in  the  growth  technique  using  step  flow 
growth,  composition  modulation  should  be  greatly 
improved. 

Recently,  we  demonstrated  the  growth  of  In- 
GaAs/InAlAs  IPSLs  on  misoriented  (110)  InP 
substrates  [18-21].  TEM  and  PL  showed  that  In- 
GaAs/InAlAs  IPSLs  were  indeed  grown,  but  InAl- 
GaAs  alloy  regions  still  existed.  In  this  paper,  we 
describe  the  MBE  growth  and  structural  features  of 
InAs/GaAs  in-plane  strained  superlattices  (IPSSLs) 
grown  on  misoriented  (110)  InP  substrates. 


2.  Growth  of  InAs/GaAs  IPSSL 

The  substrates  used  were  misoriented  (110)  InP 
tilted  in  the  [0  0  T]  direction.  On  these  substrates, 
single  and  double  monolayer  steps  of  (1  1  T)  B  ter¬ 
minated  with  group  V  atoms  were  ordered  accord¬ 
ing  to  the  growth  condition  [18,  20-22].  Before 
growth,  the  substrates  were  thermally  cleaned  at 
approximately  570°C  for  30  s  under  an  As  pressure 
of  1.4  X  10"^  Torr.  InAs/GaAs  IPSSLs  were  grown 
by  conventional  MBE.  The  shutter  sequence  for  the 
IPSSL  growth  are  shown  in  Fig.  la.  We  alternately 
grew  half-monolayers  of  InAs  and  GaAs,  keeping 
regular  arrays  of  single  monolayer  steps.  A  sche¬ 
matic  diagram  of  the  IPSSL  structure  expected  for 
an  ideal  growth  is  shown  in  Fig.  lb.  InAs/GaAs 
laterally  periodic  structures  with  the  period  of  the 
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Fig.  1.  (a)  Shutter  sequence  for  InAs/GaAs  IPSSL  growth,  (b) 
Schematic  diagram  of  the  ideal  IPSSL  structure. 


mean  terrace  width  of  the  substrates  should  be 
grown.  The  growth  rate  of  InAs  and  GaAs  were 
about  95  and  83  nm/h,  respectively.  For  one  half¬ 
monolayer  growth,  the  time  required  is  3.9  s  for 
InAs  and  4.5  s  for  GaAs.  The  growth  temperature 
used  was  about  470°C  and  was  measured  with 
a  calibrated  pyrometer.  The  As  pressure  used  for 
IPSSL  growth  was  4.3  x  10"^  Torr,  and  was 
1.0x10“^  Torr  for  InGaAs  and  InAlAs  growth. 
They  were  measured  using  an  ion  gauge  at  the 
substrate  position.  We  changed  the  As  pressure  at 
the  interfaces  without  growth  interruption  by 
switching  two  As  cells  kept  at  these  pressures.  The 
growth  condition  mentioned  above  was  chosen  for 
forming  single  monolayer  step  ordering. 

Fig.  2a  and  Fig.  2c  are  the  reflection  high-energy 
electron  diffraction  (RHEED)  patterns  obtained  for 
the  growth  of  (a)  an  InGaAs  buffer  layer  and  alter¬ 
nate  half  monolayers  of  (b)  InAs  and  (c)  GaAs  on 
a  3°  tilted  substrate.  The  electron  beam  incidence 
was  parallel  to  the  step  edge  ([T  1  0]  azimuth).  In 
every  pattern,  split  spots  showing  single  monolayer 
step  ordering  were  clearly  observed.  Step  ordering 
was  kept  even  when  growing  InAs  and  GaAs  alter¬ 
nately. 
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Fig.  2.  RHEED  patterns  when  growing  (a)  InGaAs  buffer  layer,  and  growing  alternate  half  monolayers  of  (b)  InAs  and  (c)  GaAs  on 
a  substrate  3°  tilted  in  the  [0  0  T]  direction. 
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Fig.  3.  (1  1  0)  cross-sectional  TED  pattern  of  the  IPSSL  grown 
on  a  substrate  1.5°  tilted  in  the  [OOT]  direction. 


3.  Evaluation  of  InAs/GaAs  IPSSL 

3.J.  Structural  features 

In  order  to  clarify  the  structural  features,  we 
characterized  obtained  structures  by  TEM.  Fig.  3 
is  a  (T  1  0)  cross-sectional  transmission  electron  dif¬ 
fraction  (TED)  pattern  obtained  from  the  IPSSL 
grown  on  a  1.5°  tilted  substrate  with  an  8  nm  wide 
mean  terrace  width.  Extra  spots  are  clearly  observ¬ 
able.  These  extra  spots  are  symmetric  relative  to  the 
fundamental  spots,  aligned  almost  in  the  [0  0  1] 


direction.  They  reflected  long  lateral  periodicity  in 
the  [0  0  1]  direction.  Positions  of  these  spots  were 
about  h,k,l  ±  n/13.5  where  h,  /c,  /  are  either  all  even 
or  all  odd,  and  n  is  an  integer,  indicating  that  the 
lateral  period  corresponded  to  8  nm,  which  is  equal 
to  the  mean  terrace  width  of  the  substrate. 

Fig.  4a  is  a  (T  1  0)  cross-sectional  TEM  dark  field 
image.  This  IPSSL  structure  was  grown  on  a  1.2° 
tilted  substrate  with  a  mean  terrace  width  of  10  nm. 
The  laterally  periodic  structure  composed  of  the 
bright  and  dark  contrasts  start  just  after  the  In¬ 
GaAs  buffer  layer.  The  periodic  direction  is  almost 
in  the  [0  0  1]  direction.  The  average  period  is  ap¬ 
proximately  10  nm,  which  is  equal  to  the  terrace 
width.  In-plane  distribution  of  IPSSL  formation 
was  evaluated  by  the  plan-view  TEM.  Fig.  4b 
shows  the  dark  field  TEM  image  from  the  (1  1  0) 
plan  view.  The  IPSSL  was  found  to  be  formed 
almost  along  the  [T  1  0]  direction.  The  lateral  inter¬ 
faces  were  seen  to  be  extended  fairly  straight  over 
several  microns.  However,  slight  undulation  of  the 
periodic  contrasts  and  partial  disordering  are  also 
observed.  These  may  be  attributed  to  both  slight 
variation  of  growth  rate  and  fluctuation  of  terrace 
width  during  growth. 

The  composition  distribution  was  analyzed  by 
energy-dispersive  X-ray  microanalysis  (EDX)  in¬ 
tegrated  in  a  field  emission-type  scanning  transmis¬ 
sion  microscope  (FE-STEM).  In  this  system,  the 
spatial  resolution  of  this  analysis  can  be  about  1  nm 
since  the  electron  beam  was  focused  to  about  1  nm 
diameter.  Fig.  5  shows  the  (T  1  0)  cross-sectional 
profiles  of  In  and  Ga  atoms  and  the  corresponding 
FE-STEM  image.  The  IPSSL  was  grown  on  a  1.2° 
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Fig.  5.  Spatial  distribution  of  In  and  Ga  atoms  measured  by 
EDX  and  a  corresponding  FE-STEM  image. 


tilted  substrate.  The  profiles  of  In  and  Ga  concen¬ 
trations  oscillate  almost  complementary  to  each 
other.  The  atomic  ratio  of  In,  Ga  and  As  at  the 
position  indicated  with  an  arrow  is  about 
12:38:  50.  Therefore,  InAs  and  GaAs  mixed  slight¬ 
ly  with  each  other  and  resulted  in  the  growth  of 
Ino.24Gao.76As  alloy. 

3.2.  PL  properties 


Fig.  4.  (a)  (T  1  0)  cross-sectional  TEM  dark  field  image  of  the 
IPSSL  grown  on  a  substrate  1.2°  tilted  in  the  [0  0  T]  direction, 
(b)  (I  1  0)  plan  view  of  TEM  dark  field  image. 


The  77  K  PL  spectrum  of  the  IPSSL  grown  on 
a  1.2°  tilted  substrate  is  shown  in  Fig.  6.  The  sche¬ 
matic  diagram  of  the  cross-sectional  structure  is 
also  shown  in  the  inset.  A  100  nm  thick  IPSSL  and 
a  200  nm  thick  InGaAs  alloy  lattice-matched  to 
InP  were  grown  on  an  InGaAs/InAlAs  buffer  layer. 
The  vertical  dimension  of  the  IPSSL  (100  nm)  will 
not  influence  the  transition  energy.  Therefore,  the 
quantization  due  to  the  confinement  of  the  carriers 
in  the  [0  0 1]  direction  would  dominate  the 
transition  energy.  The  obtained  spectrum  has  two 
peaks.  One  is  at  0.81  eV  and  the  other  is  at  0.77  eV. 
Since  there  is  no  peak  at  energy  lower  than  0.8  eV 
for  the  InGaAs  alloy,  the  peak  at  0.77  eV  (1.61  pm) 
corresponds  to  the  IPSSL.  The  full-width  at  half¬ 
maximum  (FWHM)  of  the  IPSSL  is  about  27  meV. 
This  is  slightly  broader  than  for  the  InGaAs  alloy, 
but  much  narrower  than  47  meV  of  the  In- 
GaAs/InAlAs  IPSL  [18].  The  size  fluctuations  were 
fairly  suppressed  compared  to  InGaAs/InAlAs 
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Energy  (eV) 

Fig.  6.  PL  spectrum  of  the  IPSSL  grown  on  a  substrate  1.2° 
tilted  in  the  [0  0  T]  direction. 


Mixing  Ratio,  x 

Fig.  7.  Calculated  transition  energy  of  Inj -^Ga^^As/In^Gai 
As  superlattices. 


IPSL.  In  order  to  estimate  the  composition  of  the 
IPSSL,  we  calculated  the  transition  energy  for  the 
Ini-;cGa^.As(5  nm)/In^Gai_;c  As  (5  nm)  superlatti¬ 
ces  using  nearest-neighbor  sp^*s  tight-binding  ap¬ 
proximation  [23,24].  We  took  into  account  the 
strain  effect  using  the  strain  Hamiltonian  [25].  The 
details  of  our  calculation  method  have  been  shown 
elsewhere  [26].  Fig.  7  shows  the  calculated  tran¬ 
sition  energy  as  a  function  of  the  mixing  ratio,  x.  In 
this  calculation,  we  assumed  that  for  valence  band 
edge  discontinuity,  AE^  =  (0.3  +  0.1)A£g  (AFg  = 
£g(Ini_;,Ga;,As)  ”  £g(In;,Gai_;,As)).  The  obtained 
PL  peak  energy  of  0.77  eV  agreed  well  when 


X  =  0.26  +  0.02,  showing  that  the  IPSSL  is  com¬ 
posed  of  Ino.74Gao.26As  and  Ino.26Gao.74As.  This 
is  consistent  with  the  measurements  by  EDX  of 
Fig.  5.  The  composition  difference.  Ax,  is  as  large  as 
0.48,  which  is  the  highest  value,  to  our  knowledge, 
ever  reported  for  IPSLs.  These  results  indicate  the 
potential  of  our  method  for  fabricating  as-grown 
quantum  wires  which  emits  light  with  practical 
wavelengths  of  about  1.3  and  1.5  pm. 


4.  Summary 

InAs/GaAs  IPSSLs  were  grown  on  misoriented 
(1  1  0)  InP  substrates  by  MBE.  The  TEM  images 
indicated  formation  of  laterally  periodic  structure 
with  the  period  of  the  mean  terrace  width  of  the 
substrates.  From  a  comparison  of  obtained  PL 
peak  energy  with  calculated  transition  energy  for 
the  Ini_;,Ga^As/In^Gai-^As  superlattice,  we  de¬ 
duced  that  our  IPSSL  structure  was  composed  of 
Ino.74Gao.26As/Ino.26Gao.74As.  This  composition 
was  consistent  with  the  measurements  by  EDX. 
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Abstract 

Novel  planar  growth  of  highly  strained  heterostructure  of  InAs/GaAs(0  0  1)  by  molecular  beam  epitaxy  (MBE)  has 
been  studied  by  an  in  situ  scanning  tunneling  microscope  (STM)  and  reflection  high-energy  electron  diffraction 
(RHEED).  It  is  found  that  deposition  of  submonolayer  indium  on  the  GaAs  As-rich  2x4  substrate  produces  a  new  4x2 
reconstruction,  and  a  novel  layer-by-layer  growth  of  multilayers  of  InAs  can  be  achieved  when  the  growing  front  displays 
this  4x2  symmetry.  Here,  we  will  discuss  the  atomic  structure  of  the  4x2  reconstruction,  based  on  the  voltage- 
dependent  high-resolution  STM  images.  In  addition,  a  new  strain  relaxation  mechanism  -  domain  wall  structure,  in 
terms  of  the  present  novel  planar  growth  mode,  will  also  be  addressed. 

PACS:  61.16.Di;  61.14.Hg;  68.55.Bd 

Keywords:  STM;  MBE;  InAs;  GaAS;  Layer-by-layer  growth 


1.  Introduction 

As  a  model  system  for  molecular  beam  epitaxy 
(MBE)  growth  of  the  heterostructure  based  on 
III-V  compound  semiconductors,  InAs  on 
GaAs(0  0  1)  continues  to  attract  attention  because 
of  its  potential  applications  in  optoelectronic  ma¬ 
terials  and  devices.  The  accumulated  epitaxial 
strain  energy  arising  from  large  lattice  mismatch 
(7.2%)  between  InAs  and  GaAs  drives  the  system  to 
a  quick  3D  islanding  from  the  initial  layer-by-layer 
mode  with  a  critical  thickness  of  ~2ML  under 
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standard  MBE  growth  conditions.  The  formation 
of  these  islands  has  been  shown  to  be  “self-assem¬ 
bled”  both  spatially  and  vertically,  which  provides 
an  alternative  for  fabrication  of  three-dimensional 
confined  nanostructures  with  unusual  optical  and 
transport  properties.  However,  for  quantum  well 
structure  where  electrons  are  confined  only  in  one 
direction,  one  would  always  expect  layer-by-layer 
growth  and  both  morphologically  and  composi- 
tionally  abrupt  interfaces  [1-8]. 

Molecular  beam  epitaxy  (MBE)  growth  is  in¬ 
herently  a  nonequilibrium  process  and  the  mor¬ 
phology  of  a  growing  film  and  its  evolution 
strongly  depend  on  kinetics.  Previous  studies  have 
shown  that  under  In-rich  growth  condition,  usual 
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3D  islanding  can  be  significantly  surpressed  and 
basically  a  2D  growth  was  observed  for  multilayer 
materials  [1-4].  In  this  work,  we  investigated  the 
evolution  of  surface  morphology  and  structure  as 
a  function  of  the  Ill/V  flux  ratio  and  epilayer  thick¬ 
ness  of  InAs  in  the  novel  layer-by-layer  growth  of 
InAs  on  the  GaAs(0  0  1)  substrate,  by  using  an  in 
situ  MBE-STM  system.  Here  we  will  demonstrate 
that  deposition  of  appropriate  amount  of  In  on 
the  GaAs-As-rich  substrate  could  result  in  a  new 
In-rich  4x2  structure,  and  it  is  found  to  play  an 
important  role  for  the  progressive  growth  of  high- 
quality  strained  InAs  epilayer. 

2.  Experimental  procedure 

Details  of  sample  preparation  by  MBE  can  be 
found  elsewhere  [9].  The  buffer  layer  was  grown  on 
nominally  flat  GaAs(OOl)  substrate  at  580°C, 
3xlO”^Torr  AS4  pressure,  and  growth  rate  of 
0.5  pm/h.  The  STM  image  of  as-quenched  surface 
of  the  substrate  grown  under  these  conditions  show 
a  very  defined  2x4  reconstruction  [9].  Indium  was 
deposited  on  the  2  x  4  surface  from  an  In  Knudsen 


cell  in  the  MBE  chamber  with  a  base  pressure 
of  ]xlO“^®Torr.  During  deposition,  the  sub¬ 
strate  was  kept  at  450°C.  The  In  flux  was  calibr¬ 
ated  by  reflection  high-energy  electron  diffraction 
(RHEED)  intensity  oscillation  in  a  separate  experi¬ 
ment.  The  4x2  phase  was  prerpared  by  migration 
enhanced  epitaxy  (MEE)  with  As4/In  flux  ratio  of 
3-5  at  450°C.  All  STM  images  were  recorded  at 
room  temperature  with  a  constant  current  of 
40  pA.  After  STM  imaging,  the  samples  were  fur¬ 
ther  examined  by  LEED  in  the  STM  chamber  and 
RHEED  in  the  MBE  chamber  to  confirm  the  long- 
range  ordering  of  the  surface  as  established  by 
STM. 


3.  Results  and  discussion 

Shown  in  Fig.  1  are  the  high-resolution  STM 
images  of  the  4  x  2  surface.  The  images  (a)  and  (b) 
were  taken  at  negative  bias  (at  —2.2  and  — 1.6  V, 
respectively)  on  the  samples,  corresponding  to  elec¬ 
tronic  tunneling  from  the  filled  states  of  the  sample 
surface  to  the  tip.  Filled  states  image  consists 
of  bright  straight  lines  running  along  the  [11  0] 


Fig.  1.  The  high-resolution  STM  images  of  newly  formed  In-rich  4x2  reconstruction:  (a)  filled  states  at  —2.2  V,  (b)  filled  states  at  1.6  V 
and  (c)  empty  states  at  -1-2.5  V.  The  corresponding  cross-section  profiles  are  displayed  in  the  right  panels  of  the  images.  In  (b),  a  4  x  2 
unit  cell  is  highlighted  by  a  white  rectangle. 
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direction  and  separated  uniformly  by  16  A  along 
the  direction  ([T  1  0])  perpendicular  to  the  line, 
revealing  the  4  x  periodicity  of  the  surface  in  the 
[T  1  0]  direction.  Sandwiched  in  between  the  lines 
are  regular  humps.  The  distance  between  the  neigh¬ 
boring  humps  along  the  [1  1  0]  direction  is  deter¬ 
mined  to  be  8.0  A,  corresponding  to  the  2  x 
periodicity  of  the  surface.  The  4  x  and  2  x  peri¬ 
odicities  of  the  surface  can  be  further  identified  by 
the  line  plots  LI  and  L2,  respectively,  as  shown  in 
the  right  panels  of  Fig.  la  and  Fig.  lb.  Since  the 
2  X  direction  agrees  with  the  In-dimerization  direc¬ 
tion,  we  are  able  to  immediately  assign  the  indi¬ 
vidual  hump  to  be  tunneling  from  In  (dimer). 
Furthermore,  we  observe  a  distinct  1  x  periodicity 
along  the  line  with  decreasing  bias  voltage,  which  is 
more  clearly  revealed  by  the  line  plot  L3  of  Fig.  lb. 
The  small  humps  forming  the  1  x  periodicity  al¬ 
ways  straddle  the  larger  2x  humps  along  the 
[110]  direction,  which  are  highlighted  by  empty 
and  solid  circles,  respectively,  together  with  a  4  x  2 
unit  cell  in  Fig.  lb.  These  observations  safely  ex¬ 
clude  the  possibility  of  the  surface  to  be  the  ho- 
moepitaxially  grown  InAs(0  0  1)  4x2  surface 
[10,  11].  According  to  the  line  plot  LI,  there  is  no 
measurable  contrast  for  the  hump  and  line  features. 

We  have  successfully  obtained  the  empty  states 
image  of  the  surface,  which  is  shown  in  Fig.  Ic.  At 
a  glance,  the  overall  surface  structure  is  basically 
identical  to  that  shown  in  the  filled  stated  image 
Fig.  la  or  Fig.  lb.  However,  the  contrast  has  com¬ 
pletely  reversed;  the  individual  humps  now  are  im¬ 
aged  more  brightly  than  the  straight  lines.  The 
corresponding  line  plot  L4  indicates  an  average 
contrast  difference  of  0.5  A  for  the  hump  and  line 
related  features.  Based  on  these  observations,  we 
assign  the  individual  humps  tunneling  from  the 
first-layer  In  dimers,  and  the  lines  from  the  second 
layer  As,  and  propose  a  tentative  model  for  this 
new  reconstruction  in  Fig.  2. 

According  to  this  model,  the  two-fold  periodicity 
is  due  to  the  dimerization  of  the  newly  deposited  In 
adatoms  in  the  [11  0]  direction,  the  missing 
In-dimer  gives  rise  to  the  4  x  periodicity  along  an¬ 
other  ([T  1  0])  direction.  The  exposed  As  atoms  in 
the  missing  dimer  rows  dimerize  and  their  regular 
arrangement  explains  the  observed  1  x  periodicity 
along  the  line.  The  model  abides  with  the  electron 


o  1st  layer  In  ^  3rd  layer  Ga/ln 

•  2nd  layer  As  «  4th  layer  As 

Fig.  2.  Proposed  ball-to-stick  model  for  the  4  x  2  reconstruction 
in  this  study.  According  to  this  model,  the  2  x  hump  (larger)  and 
the  1  X  hump  (smaller)  seen  in  Fig.  lb  are  assigned  as  a  first- 
layer  In  dimer  and  a  second-layer  As  dimer,  respectively. 


counting  model  and  insures  that  all  As  dangling 
bonds  are  fully  filled  with  two  electron  and  all  In 
dangling  bonds  are  empty  (thus,  leaves  no  net 
charge  on  the  surface)  [12],  establishing  a  stable 
semiconducting  surface.  The  model  produces  a  sur¬ 
face  In  coverage  of  0.33  ML,  which  gives  a  reason¬ 
able  consistency  with  the  experimental  parameter 
used.  Considering  that  the  empty  (filled)  states  are 
preferentially  concentrated  on  group  III  (V)  sites, 
the  observed  contrast  reversion  from  the  filled  to 
empty  states  images  can  be  understood  by  the  dif¬ 
ferent  levels  of  the  As  lone-pair  dangling  bonds  and 
In  dimer-bonding  orbitals  which  are  located 
in  the  valence  and  conducting  bands,  respectively 
[12-14]. 

When  the  substrate  is  wetted  with  this  4x2 
structure,  the  progressive  InAs  multilayer  can  be 
grown  two-dimensionally  under  a  very  strict  and 
simple  criterion:  the  In/As  flux  ratio,  growth  tem¬ 
perature  must  be  chosen  so  that  the  growing  front 
could  reproduce  the  4x2  symmetry.  To  demon¬ 
strate  the  layer-by-layer  growth,  in  Fig.  3,  we  show 
surface  morphology  after  a  deposition  of  13  ML 
(note  that  the  critical  thickness  is  only  2  ML  for 
the  system).  The  3D  islanding  in  the  normal 
Stranski-Krastanov  mode  is  clearly  suppressed  to 
a  large  extent,  only  four  levels  (every  level  corres¬ 
ponds  to  approximately  2.95  A,  slightly  larger  than 
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Fig.  3.  An  overview  of  the  surface  morphology  after  13  ML 
InAs  epilayer  was  deposited  on  the  GaAs(0  0  l)-As-2  x  4  surface 
under  In-rich  condition.  The  image  was  recorded  at  negative 
bias  voltage  (-2.5  V)  on  the  sample. 


the  bilayer  step  height  (2.8  A)  of  the  bulk  GaAs)  are 
seen  over  an  area  of  2300  x  3000  A,  clearly  proving 
a  2D  planar  growth  in  the  present  case.  Since  the 
use  of  migration-enhanced  epitaxy  and  In-rich 
growth  condition  assure  enough  adatom  diffusion, 
the  change  in  growth  mode  is  obviously  not  a  result 
of  kinetic  limitation.  If  it  is  the  case,  it  should  cause 
an  earlier  transition  to  3D.  We,  therefore,  agree 
with  Snyder  et  al.  that  the  2D  growth  mode  ob¬ 
served  presently  is  due  to  an  increasing  surface 
tension  [3].  Because  no  stacking-fault  dislocation 
and  other  defects  have  been  observed  at  this  stage, 
a  natural  question  is,  how  the  strain  accumulated  in 
the  2D  epilayer  relaxes.  To  answer  this,  let  us  go 
back  to  the  STM  image  (Fig.  3).  If  we  study  the 
structure  carefully,  it  is  found  that  although  the 
surface  maintains  an  overall  4x2  symmetry,  but  in 
detail  it  is  modulated  with  characteristic  dark  lines, 
namely,  domain  walls,  at  which  the  As-row  separ¬ 
ation  takes  a  special  value  of  2  x  iV  (A  =  3,  4,  *  •  * ). 
This  feature  is  actually  very  similar  the  2  x  N  struc¬ 
ture  on  the  strained  Ge/Si  interface  and  the  va¬ 
cancy  defect  lines  induced  by  Ni  contamination  on 


the  Si(0  0  l)-2  x  1  surface  [15-17],  which  has  been 
attributed  to  the  surface  strain  relaxation.  There¬ 
fore,  this  observation  indicates  a  new  strain  relief 
mechanism,  and  its  details  will  be  discussed  else¬ 
where  [18]. 

4.  Conclusion 

In  summary,  the  initial  stage  of  growth  of 
InAs/GaAs(0  0  1)  heterostructure  has  been  investi¬ 
gated  by  in  situ  STM.  A  new  4x2  surface  recon¬ 
struction  has  been  established.  This  structure  plays 
a  significant  role  -  as  a  template  -  in  the  layer-by- 
layer  growth  of  high-quality  InAs/GaAs  interface. 
A  new  strain  relief  phenomenon  -  the  domain  wall 
formation  -  facilitating  the  novel  2D  growth,  was 
observed  and  discussed. 
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Abstract 

We  have  studied  the  interface  formation  in  molecular  beam  epitaxial  (MBE)  grown  GaAs/AIAs  (0  0  1)  heterostructures 
using  scanning  tunneling  microscopy  in  ultrahigh  vacuum  (UHV-STM)  and  reflection  high-energy  electron  diffraction 
(RHEED).  High-resolution  STM  images  reveal  at  the  normal  interface  an  indistinct  compositional  profile  due  to  a  strong 
Ga  segregation  into  the  AlAs  layer.  For  the  abruptly  formed  inverted  interface  the  STM  images  indicate  the  incorpora¬ 
tion  of  intrinsic  point  defects  at  the  interface  plane.  Large-scale  STM  scans  of  both  interface  configurations  and  of  the 
as-grown  AlAs  (0  0  1)  surface  show  that  the  morphological  differences  are  less  important  as  expected.  Therefore,  we 
propose  that  the  defect  incorporation  contributes  considerably  to  the  asymmetry  in  the  electronic  properties  of  the  two 
different  interface  types. 

PACS:  68.35.Fx;  68.55.Bd;  68.55.Ln;  73.20.Hb;  73.61.Ey;  87.64.Dz 


1.  Introduction 

The  investigation  of  the  interface  structure  of 
GaAs/Al^Gai-^As  heterostructures  has  played 
a  major  role  in  the  progress  of  advanced  device 
concepts,  since  this  material  system  is  commonly 
used  as  a  model  for  fundamental  studies  and  for 
commercial  applications  [1].  In  particular,  the 
study  of  the  complicated  interplay  between  the 
growth  conditions,  the  actual  interface  structure 
and  the  resulting  electronic  properties  has  re¬ 
mained  a  central  issue  of  molecular  beam  epitaxy 
(MBE)  research  [2]. 
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Until  present,  the  asymmetry  in  the  composi¬ 
tional  profile  and  the  electron  mobility  of  the  nor¬ 
mal  interface  (AlAs  on  GaAs)  and  the  inverted 
interface  (GaAs  on  AlAs)  are  rather  unclear.  In  DC 
transport  measurements  the  Si  migration  during 
growth  towards  the  inverted  interface  [3]  and  the 
enhanced  interface  roughness  due  to  the  AlAs 
growth  [4,  5]  were  found  to  be  the  dominant  elec¬ 
tron  mobility  degrading  efifects. 

By  probing  the  cleaved  edge  of  a  GaAs/Al^^Gai 
As  {x  =  0.3)  heterostructure  with  scanning  tunnel¬ 
ing  microscopy  (STM)  a  demixing  of  both,  GaAs 
and  AlAs  in  the  Al^^Gai  _;,As  regions  with  a  typical 
modulation  length  scale  of  2  nm  was  found  [6,  7]. 
This  modulation  is  also  present  at  the  interfaces, 
causing  an  interface  roughness  of  the  same  magni¬ 
tude. 
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The  spectral  signature  of  optical  techniques  such 
as  photoluminescence  spectroscopy  (PL)  indicate 
discrete  thickness  variations  for  GaAs/AlAs  quan¬ 
tum  wells  on  a  lateral  scale,  larger  (resulting  in  peak 
splitting)  or  smaller  (leading  to  broadened  peaks) 
than  the  exciton  diameter  due  to  the  averaging 
effect  of  the  exciton  wave  function  over  these  small 
size  roughnesses  [8]. 

In  order  to  clarify  this  issue,  it  would  be  very 
useful  to  obtain  planar  real-space  images  of  the 
as-grown  surfaces.  In  this  paper  we  report  the  first 
STM  results  of  the  as-grown  AlAs(0  0  1)  surface 
and  intermediate  stages  of  the  formation  of  the 
normal  and  inverted  interfaces  in  the  GaAs/AlAs 
system. 

2.  Experimental  procedure 

The  experiments  were  carried  out  in  a  combined 
MBE-STM  system  which  allows  STM  imaging  in 
ultrahigh  vacuum  (UHV)  immediately  after  growth 
or  surface  preparation.  (0  0  l)-oriented  epi-ready 
n-type  GaAs  wafers  were  used  as  a  substrate  mater¬ 
ial.  The  buffer  layer  of  100  nm  thick  GaAs  was 
grown  at  580°C  under  an  AS4  flux  of  3  x  10"®  Torr 
and  Si-doped  with  2xl0^^cm"^.  These  growth 
conditions  were  optimized  for  the  preparation  of 
a  smooth  As-rich  surface  with  a  well-ordered  (2  x  4) 
reconstruction. 

The  different  stages  of  formation  of  the  normal 
interface  were  realized  by  deposition  of  AlAs  at 
a  growth  temperature  of  610°C  onto  the  initial 
GaAs  surface  with  varying  layer  thicknesses  be¬ 
tween  1  and  10  ML.  To  achieve  the  initial  stage  of 
the  inverted  interface  configuration  1  ML  GaAs 
was  grown  on  50  ML  AlAs  at  a  temperature  of 
600°C.  The  growth  rate  was  varied  between  0. 1  and 
0.3  ML/s  depending  on  the  deposited  layer  thick¬ 
ness. 

During  growth,  the  sample  surfaces  were 
monitored  using  reflection  high-energy  electron  dif¬ 
fraction  (RHEED).  To  avoid  any  influence  of  com¬ 
pensating  surface  defects  due  to  the  Si-doping,  the 
last  15  ML  below  the  surface  of  all  structures  were 
grown  undoped.  After  growth,  the  samples  were 
cooled  to  room  temperature  using  an  optimized 
quenching  procedure  such  that  the  RHEED 


pattern  remained  unchanged  during  the  whole  pro¬ 
cess. 

One  important  experimental  issue  for  the  STM 
imaging  of  highly  reacting  surfaces  is  the  sample 
handling  under  UHV.  To  accomplish  the  lowest 
possible  contamination  level,  the  sample  transfer 
into  the  STM  chamber  of  the  UHV  system  was 
performed  at  pressures  below  8x10“^^  Torr  in 
a  time  of  about  2  min.  The  pressure  in  the  STM 
chamber  itself  was  better  than  lx  10"^^  Torr, 
which  allowed  tunneling  experiments  for  about  5  h 
without  noticeable  oxidation  even  of  pure  AlAs. 
Filled  state  STM  images  were  collected  with  an 
electron-bombarded  tungsten  tip  using  voltages  of 
about  3  V  at  tunneling  currents  of  300-700  pA. 

3.  Results  and  discussion 

The  formation  of  the  normal  interface  starts  from 
the  As-rich  (2  x  4)  reconstructed  GaAs(0  0  1)  sur¬ 
face  shown  in  Fig.  la.  Before  any  AlAs  is  deposited 
the  reconstruction  of  this  initial  surface  is  well  or¬ 
dered.  The  unit  meshes  contain  two  As  dimers  and 
two  missing  dimers  forming  straight  rows  along  the 
[T  1  0]  direction.  Small  holes  in  the  terraces  formed 
by  missing  unit  meshes  and  steps  caused  by  a  slight 
unintentional  miscut  of  the  substrate  are  the  main 
intrinsic  growth  defects  of  this  surface  structure. 
The  high  order  observed  in  the  STM  image  agrees 
very  well  with  the  RHEED  pattern  also  shown  in 
Fig.  la  which  exhibits  well-defined  and  symmetric 
spots  on  a  bright  Laue  circle  in  the  4  x  direction. 

The  normal  interface  formation  is  distinguished 
by  a  continuous  change  of  the  reconstruction.  Dur¬ 
ing  the  AlAs  growth  the  symmetry  of  the  RHEED 
pattern  changes  from  the  (2  x  4)  GaAs  to  a  diffuse 
(2  X  3)  intrinsic  to  the  AlAs.  This  process  is  con¬ 
cluded  after  6-10  AlAs  ML.  The  STM  image  of  this 
stage  of  the  normal  interface  formation  is  shown  in 
Fig.  lb  and  reveals  a  large  amount  of  kinks  which 
are  created  in  the  As  dimer  rows  disturbing  the 
order  of  the  (2  x  4)  reconstruction  gradually.  With 
respect  to  the  initial  surface,  in  particular  at  step 
edges,  the  As  coverage  is  reduced  exposing  the 
second  Al  and/or  Ga  layer.  At  this  stage  of  the 
normal  interface  formation  the  (2  x  4)  symmetry  of 
the  RHEED  pattern  still  remains  but  becomes 


disordered  (2x4)  structure 


ordered  (2x4)  structure 


Fig.  1.  High  resolution  40  x  40  nm^  large  STM  images  and  the  corresponding  RHEED  pattern  showing  the  initial  GaAs(0  0  1)  surface 
(a),  the  normal  interface  after  the  deposition  of  10  ML  of  AlAs  on  GaAs  (b)  and  the  inverted  interface  after  the  growth  of  1  ML  GaAs  on 
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Streaky,  the  Laue  circle  disappears  and  the  half¬ 
order  spot  of  the  x4  direction  is  very  weak  or 
vanishes  (see  Fig.  lb  and  Fig.  Ic).  This  finding  is 
correlated  to  the  disordered  As  missing  dimer  row 
structure  in  the  STM  data. 

The  observed  slow  transient  from  the  GaAs 
(2  X  4)  to  the  AlAs  (2  x  3)  reconstruction  at  the 
normal  interface  is  related  to  a  strong  Ga  segrega¬ 
tion  into  the  AlAs  in  agreement  with  an  investiga¬ 
tion  of  this  process  by  reflection  difference 
spectroscopy  [9].  This  finding  was  also  deduced 
from  phase  shift  measurements  of  the  RHEED 
intensity  oscillations  during  the  initial  stage  of  the 
interface  formation  [10].  As  a  consequence,  the 
STM  images  after  AlAs  deposition  between  1  and 
10  ML  show  the  structure  of  an  Al^cGai-^^As  sur¬ 
face  alloy  with  a  large  x  value  instead  of  an  intrinsi¬ 
cally  reconstructed  AlAs  layer. 

In  contrast  to  the  behavior  at  the  normal  inter¬ 
face,  the  inverted  interface  configuration  formes 
very  rapidly.  Already  after  the  deposition  of  2  ML 
of  GaAs  on  the  AlAs,  the  phase  transition  of  the 
reconstruction  is  complete.  From  this  the  absence 
of  segregation  and  intermixing  is  concluded  leading 
to  a  sharp  compositional  profile  at  the  inverted 
interface.  The  RHEED  pattern  abruptly  changes 
from  the  (2  x  3)  to  a  clear  (2  x  4)  symmetry  with  the 
characteristic  weak  half-order  spot.  The  pattern 
looks  very  similar  to  the  one  that  was  present  after 
AlAs  deposition  during  the  formation  of  the  nor¬ 
mal  GaAs/AlAs  interface,  indicating  a  disordered 
(2  X  4)  reconstruction.  The  high-resolution  STM 
image  in  Fig.  Ic  showing  the  inverted  interface 
after  the  deposition  of  1  ML  GaAs  confirms  this 
expectation.  A  high  degree  of  disorder  introduced 
by  kink  formation  and  a  decreased  As  coverage  is 
visible  on  the  surface.  In  contrast  to  the  normal 
interface,  the  kink  density  is  remarkably  higher. 

In  the  case  of  Si  doping,  the  kink  formation  is 
attributed  to  the  creation  of  compensating  surface 
defects  due  to  the  added  n-type  dopants  to  keep  the 
Fermi  level  at  mid-gap  [11].  This  explanation  does 
not  seem  to  be  reasonable  for  the  incorporation  of 
an  isoelectronic  species  like  Al  in  GaAs.  From 
recent  DLTS  measurements,  however,  it  is  known 
that  during  AlAs  growth  negatively  charged  intrin¬ 
sic  point  defects  identified  as  As  vacancies  are  cre¬ 
ated  at  the  surface  [12].  From  the  corresponding 


defect  levels  electrons  can  be  released.  Therefore, 
we  conclude  that  AlAs  deposition  on  the 
GaAs(0  0  1)  surface  will  produce  compensating  sur¬ 
face  defects  in  response  to  electronic  states,  which 
originate  from  As  vacancies  inherent  to  the  AlAs 
growth.  The  incorporation  of  the  defect  layer  at  the 
inverted  AlAs/GaAs  interface  plane  during  its 
abrupt  formation  may  contribute  to  the  asymmetry 
in  the  electronic  properties  between  both  interface 
types. 

This  conclusion  is  supported  by  surprisingly 
smooth  morphology  of  the  as-grown  AlAs(0  0  1) 
surface  which  is  evident  from  the  large-scale  STM 
images  of  Fig.  2a-Fig.  2c.  The  imaged  surface  rep¬ 
resents  a  steady-state  structure  during  2D  nu¬ 
cleated  AlAs  growth  with  a  typical  length  scale  of 
about  30  nm  and  a  large  degree  of  anisotropy  along 
the  [T  1  0]  direction.  It  exhibits  monolayer  high 
steps  and  islands  arranged  similar  to  the 
GaAs(0  0  1)  surface  grown  without  annealing  [13]. 
The  images  show  three  different  surface  areas  of  the 
same  50  ML  thick  AlAs  layer  and  compare  the 
main  morphological  features  with  the  size  of  an 
average  exciton  diameter  (marked  in  the  pictures 
by  a  ring).  Almost  defect-free  terraces  larger  than 
the  exciton  diameter  dominate  the  STM  image  of 
Fig.  2a.  However,  the  terrace  width  can  also  be 
shrinked  to  dimensions  below  the  exciton  size  due 
to  step  bunching  as  shown  in  Fig.  2b.  In  addition, 
small  islands  on  and/or  holes  in  the  terraces  com¬ 
parable  to  the  exciton  diameter  were  found  to  be 
present  in  Fig.  2c.  The  step  edges  are  very  rough 
and  show  a  pronounced  meandering.  In  contrast  to 
the  as-grown  GaAs(0  0  1)  surface,  however,  the  dif¬ 
ference  in  roughness  between  A-type  and  B-type 
steps  is  less  important  on  the  AlAs(0  0  1)  surface. 

As  the  large-scale  STM  scans  in  Fig.  3  from  the 
stage  directly  after  the  interface  formation  show, 
this  relatively  smooth  morphology  is  preserved  at 
the  inverted  interface. 


4.  Summary 

With  respect  to  the  average  exciton  diameter  the 
morphological  differences  between  both  interface 
types  in  GaAs/AlAs  heterostructures  are  less  im¬ 
portant  than  expected  and  thus  cannot  alone 
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Fig.  2.  400  X  400  nm^  large  STM  scans  revealing  the  mor¬ 
phological  properties  of  a  50  ML  thick  as-grown  AlAs(OOl) 
layer.  The  rings  mark  an  average  exciton  diameter  for  compari¬ 
son. 


I - 1 

50  nm 


Fig.  3.  Large  scale  STM  scans  of  the  inverted  interface  after  the 
deposition  of  1  ML  of  GaAs  on  a  50  ML  thick  AlAs  layer.  The 
rings  mark  an  average  exciton  diameter  for  comparison. 


explain  the  asymmetry  in  electronic  properties.  In¬ 
stead,  the  creation  of  intrinsic  point  defects  at  the 
growing  AlAs  surface  may  play  an  important  role. 
In  contrast  to  the  normal  interface,  the  kink  density 
at  the  inverted  interface  is  remarkably  higher  indic¬ 
ating  a  high  intrinsic  point  defect  density  at  the 
growing  AlAs  surface.  These  defects  are  hurried  at 
the  inverted  interface  plane  due  to  the  abrupt  phase 
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transition  of  the  reconstruction  from  (2  x  3)  to 
(2  X  4)  and  the  absence  of  segregation  or  intermix¬ 
ing.  From  this  we  can  conclude  that  in  addition  to 
the  previously  reported  Si  migration  effect,  the  in¬ 
corporation  of  intrinsic  point  defects  plays  an  im¬ 
portant  role  in  reducing  the  electron  mobility  in 
two-dimensional  electron  gas  heterojunctions  at 
the  inverted  interface. 
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Abstract 

The  growth  of  GaJn^-^-yMyAs,  lattice  matched  with  respect  to  InP,  by  molecular  beam  epitaxy  (MBE)  is 
investigated.  To  achieve  a  precise  prediction  over  the  chemical  composition,  the  quaternary  layers  were  produced  by  the 
simultaneous  growth  of  the  ternaries  Gao.47Ino.53As  and  AIo.48lno.53As.  The  aluminium  content  y  of  the  quaternary 
layer  is  independently  preset  by  the  ternary  growth  rates.  The  quaternary  samples  were  characterized  by  X-ray  diffraction 
as  well  as  by  low-temperature  (4.2  K)  and  room-temperature  (RT)  photoluminescence  (PL).  At  both  temperatures,  we 
found  a  linear  dependence  of  the  energy  at  maximum  PL  intensity  on  the  aluminium  content  y  in  the  quaternary  layer. 
The  calculated  linear  fit  for  the  quaternary  data  points  corresponds  closely  with  the  linear  interpolation  between  our 
Gao.47Ino.53As  and  Alo.48lno.52As  data.  These  results  enabled  the  determination  of  the  equation  system,  giving  the 
composition  x,  y  of  GaJni_;c-3-AIjAs  as  a  function  of  the  measured  lattice  mismatch  Ad/d  and  PL. 

PACS:  78.66.Fd;  81.15.Hi;  81.10.Aj 

Keywords:  Molecular  beam  epitaxy;  GalnAlAs;  Quaternary  material;  Band  gap  energy;  Growth  kinetics 


1.  Introduction 

Ga^Jni  _;,_jAljAs  is  an  attractive  material  for  photonic  device  applications.  For  band  gap  engineering  of 
heterostructures  in  the  material  system  InP/GalnAs/AlInAs/GalnAlAs  the  precise  knowledge  of  the  depend¬ 
ence  of  the  band  gap  energy  Eq  on  the  material  composition  is  required.  For  the  analysis  of 
Ga^Ini  _.^._;^AlyAs  layers  generally  both  techniques,  X-ray  diffraction  and  PL,  are  used  to  evaluate  the 
composition  x  and  y.  For  the  same  reason  the  precise  relationship  of  the  composition  x,  y  as  the  function  of 
the  lattice  mismatch  Ad/d  and  PL  is  mandatory.  Nevertheless,  there  still  exists  a  significant  scatter  in  the  data 
of  Eg  on  the  material  composition  for  both  the  quaternary  and  ternary  materials.  For  Gajni  .-^c-yAl^As, 
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lattice  matched  to  InP,  a  bowing  relationship  for  Eq  with  rising  aluminium  content  y  is  observed  both  at  RT 
and  at  4.2  K  (e.g.  see  Refs.  [1,2]).  Others  found  a  linear  interpolation  between  Gao.47Ino.53As  and 
Alo.48lno.52As  with  rising  j;  (e.g.  see  Refs.  [3,  4]).  Even  for  the  band-gap  energy  of  the  ternary  compounds 
Gao.47Ino.53As  (e.g.  see  Refs.  [5,6])  and  Alo.48lno.52As  (e.g.  see  Refs.  [7,8])  various  data  are  reported. 
Therefore,  there  is  a  need  to  produce  Ga.Jnj  _..,_yAl^As  reference  samples  with  a  well-known  and  defined 
chemical  composition  by  high-precision  MBE  and  then  to  evaluate  the  band  gap  energy  by  PL.  From  the 
measured  results  of  X-ray  and  PL  on  ternary  layers  and  on  the  quaternary  reference  layers,  grown 
as  mixtures  of  the  ternaries  and  lattice  matched  to  InP,  we  deduced  an  equation  system  for  the 
precise  evaluation  of  the  composition  x,  y  of  Ga.^.Ini  „  ,^._jAlyAs  as  a  function  of  the  lattice  mismatch  Isdjd 
and  PL. 


2.  Experiment 

2.L  Experimental  procedure 

The  precise  adjustment  of  all  group  III  material  fluxes  (Al,  Ga,  In)  is  mandatory  to  achieve  a  reproducible 
composition  in  the  resulting  ternary  or  quaternary  layers  on  InP.  Therefore,  material  fluxes  were  determined 
by  a  high-precision  output  current  measurement  of  the  flux  ion  gauge  using  a  high-precision  electrometer 
amplifier  [9].  For  the  simultaneous  growth  of  the  ternary  compounds  GaJni_,.,As  and  Aynj-^As  the 
growth  chamber  is  equipped  with  two  In  cells,  one  Ga  and  one  Al  cell. 

The  layers  were  grown  in  a  solid-source  MBE  (Riber  32  P)  on  (1  0  0)  oriented  Fe-doped  InP  substrates. 
The  substrates  were  organically  cleaned,  etched  and  thermally  pretreated  [9].  The  ternary  and  quaternary 
layers  were  grown  using  AS4  (standard  effusion  cell),  maintaining  a  growth  temperature  between  505  and 
525°C  below  the  indium  desorption  regime. 

In  the  first  step  the  ternary  compounds  Gao. 471^0. 53AS  ^nd  Alo.48lno.52As  were  independently  grown  on 
InP  with  growth  rates  and  ^2,  respectively.  The  precisely  adjusted  ratio  of  the  growth  rates  is  used  to 
predict  the  chemical  composition  of  the  corresponding  Gajni  _,,_^AlyAs  layer  which  is  produced  by  the 
simultaneous  growth  (superposition)  of  these  ternaries: 

X  ==  0.47ri/(ri  +  ^2),  y  =  0.48r2/(ri  +  r2).  (1) 

The  linear  superposition  of  the  ternary  growth  rates  holds  true  as  long  as  the  growth  temperature  is  chosen 
below  the  indium  desorption  region,  where  the  sticking  coefficient  of  all  group  III  atoms  is  assumed  to  be 
equal  to  one.  The  lattice  mismatch  Mjd  of  all  quaternary  layers  were  kept  within  -7x10“'^  < 
Mjd  <  5  X  10"^. 


2.2.  Characterization 

The  growth  rates  were  precisely  determined  by  the  measurement  of  the  layer  thicknesses  (±25  nm)  and 
the  period  of  the  growth  run.  The  layered  structures  were  masked  by  stripes  of  photoresist  and  then 
selectively  etched  down  to  the  InP  substrate  in  a  3  :  1  :  1  mixture  of  H2SO4  :  H2O2  :  H2O.  After  removal  of 
the  photoresist  the  thicknesses  of  the  remaining  layer  ridges  were  measured  by  an  alpha-step  measurement. 
The  InAs  mole  fraction  of  the  ternary  layers  were  determined  by  X-ray  diffraction.  For  quaternary  layers, 
X-ray  diffraction  was  used  only  to  control  the  superposition  of  the  ternary  results.  PL  measurements  at  RT 
and  at  4.2  K  were  carried  out  using  a  standard  PL  configuration  [9]. 
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3.  Results  and  discussion 

3.1.  Gao_4'j-yIno  52AlyAs  reference  layers,  lattice  matched  to  InP 

In  Fig.  1,  the  X-ray  measurements  of  the  ternary  compounds  Gao.47Ino.53As  and  Alo.48lno.52As  and  of 
a  quaternary  Gao.23Ino.53Alo.24As  layer  are  shown.  The  ternaries  were  independently  grown  before  the 
quaternary  layer  with  growth  rates  r^  =  0.68  pm/h  and  r2  =  0.67  pm/h,  respectively.  The  quaternary  layer  is 
then  the  result  of  the  simultaneous  growth  of  both  the  ternaries.  It  is  obvious  that  the  superposition  of  the 
ternaries  with  Ad/d  =  S3  x  and  --9,0x10"^,  respectively,  yields  the  lattice  mismatch  Ad/d  = 
2.0  X  10“"^  of  the  quaternary  layer  within  the  limits  of  reproducibilty  (±2.5  x  10“"^).  We  also  checked  the 
superposition  of  the  growth  rates.  The  sum  of  the  ternary  growth  rates  (ri  ±  r2  =  1.35  pm/h)  corresponds  to 
the  growth  rate  of  the  quaternary  material  (r  =  1.36  pm/h).  For  all  samples  we  found  the  equation 
ri  (GalnAs)  ±  r2  (AlInAs)  =  r  (GalnAlAs)  to  be  valid  within  experimental  error  (Ar  =  ±  0.03  pm/h). 

Several  quaternary  sample  series  with  different  aluminium  content  y  have  been  produced  by  varying  the 
ratio  ri/r2  of  the  ternary  growth  rates  and  applying  the  growth  procedure  described  above.  The  aluminium 
content  y  of  each  set  of  samples  is  listed  in  Table  1  which  is  calculated  from  the  ratio  ri/r2  via  Eq.  (1).  The 
accuracy  of  the  calculated  aluminium  content  is  given  in  column  2.  This  maximum  error  is  estimated  from  the 
precision  of  the  thickness  measurements.  The  adjustment  of  the  group  III  material  fluxes  (see  Section  2.1) 
enables  a  high  degree  of  reproducibilty  of  material  composition.  The  variation  of  the  lattice  mismatch  Ad/d 
within  a  number  of  samples  which  were  grown  in  successive  growth  runs  including  successive  cell  calibration 
is  kept  within  ±  2.5  x  10"\  maintaining  identical  growth  temperatures  (see  column  4,  except  for  y  =  23.8%, 


Fig.  1.  X-ray  measurements  of  Gao.47Ino.53As,  Alo.48lno.52As  and  Gao.23Ino.53AIo.24As.  The  quaternary  layer  is  grown  by  the 
superposition  of  both  ternary  material  fluxes. 
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Table  1 

Data  of  sets  of  Gao.47-,,Ino.5  3Al^,As  reference  layers  with  the  aluminium  content  y  as  a  parameter 


Ratio 

rjrz 

Aluminium 
content  y  (%) 

Number  of 
samples 

Ad/d{x\0-*) 

EpL  (meV) 

RT 

4.2  K 

10.63 

4.1(±  0.014) 

2 

-  3.8^  -  3.7 

804-807 

868-870 

2.56 

I3.3(±  0.014) 

5 

0.5<-^3.1 

930-934 

1000-1003 

1.01 

23.8(±  0.011) 

6 

-  5.2^3.9 

1100-1113 

1167-1180 

0.97 

24.2(  +  0.014) 

4 

-  6.9^  -  4.6 

1101-1113 

1164-1177 

0.15 

40.4(  ±  0.014) 

2 

1.7^5J 

1342-1356 

1421 

Note\  y  is  calculated  from  the  ratio  of  the  ternary  growth  rates  rjrj  via  Eq.  (1). 


Energy  (meV) 


Fig.  2.  (a)  X-ray  measurement  and  (b)  corresponding  PL  spectrum  at  RT  and  at  4.2  K  of  Gao.23Ino.53Alo.24As/InP.  The  arrows  mark 
the  energy  position  at  maximum  PL  intensity  {Epj). 


505°C  <  Tgrowth  <  525°C).  The  energy  at  maximum  PL  intensity  £pL  varied  not  more  than  +  7  meV  at  RT 
and  at  4.2  K  (columns  5  and  6). 

The  X-ray  diffraction  curve  of  an  1.39  |im  thick  Gao.23Ino.53Alo.24As  layer  on  InP  is  presented  in  Fig.  2a 
which  shows  almost  equal  intensities  for  layer  and  substrate  peak.  The  layer  full-width  at  half-maximum 
(FWHM)  of  18.4  arcsec  is  very  close  to  the  theoretical  limit  of  16.6  arcsec  for  an  1.39  pm  thick  sample  [10]. 
Therefore,  a  high  crystalline  quality  of  the  quaternary  material  as  well  as  a  high  degree  of  control  over  the 
material  composition  in  the  growth  direction  is  achieved.  Fig.  2b  presents  the  corresponding  PL  spectrum 
for  the  Gao.23Ino.53Alo.24As  layer,  both  at  RT  and  at  4.2  K.  The  FWHM  of  10  meV  at  4.2  K  is  intermediate 
between  the  FWHM  found  for  the  ternaries  (typically  2-3  meV  for  Gao.47Ino.53As  and  12-20  meV  for 

Alo.48lno.52As). 

In  Fig.  3  the  measured  £pL  at  RT  vs.  the  aluminium  content  y  in  the  quaternary  layer  calculated  from  the 
ternary  growth  rates  (see  Eq.  (1))  is  shown.  In  addition,  our  results  on  optimized  Gao.47Ino.53As  (755  meV) 
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Fig.  3.  Energy  at  maximum  PL  intensity  Epl  at  RT  plotted  vs.  the  aluminium  content  y.  Solid  line:  linear  fit;  dashed  line:  Edy)  found  by 
Olego  et  al.  [1]. 


Fig.  4.  Energy  at  maximum  PL  intensity  EpL  at  4.2  K  plotted  vs.  the  aluminium  content  y.  Solid  line:  linear  fit;  dashed  line:  Edy)  found 
by  Kopf  et  al.  [3];  dashed-dotted  line:  Edy)  found  by  Bohrer  et  al.  [2], 


and  Alo.48lno.52As  (1453  meV)  are  included.  These  ternary  layers  were  grown  with  similar  growth  rates 
compared  to  the  quaternary  layers  pm/h)  [9,  11].  We  find  a  linear  relationship  between  £pl  and 

the  aluminium  content  y.  Moreover,  this  linear  relationship  is  almost  identical  with  the  linear  interpolation 
between  our  results  on  the  ternaries  Gao.47Ino.53As  and  Alo.48lBo.52As.  The  analytical  expression  of  the 
linear  relationship  at  RT  is  given  by 

Ephiy)  =  744  +  1482y  (meV),  (2) 

which  is  similar  to  that  found  by  Kopf  et  al.  [3]:  Edy)  =  752  +  1453y  (meV).  The  dashed  line  in  Fig.  3 
presents  the  relationship  given  by  Olego  et  al.  [1]  which  has  a  more  pronounced  bowing  for  intermediate 
aluminium  contents  y.  From  our  data  such  a  bowing  behaviour  can  be  excluded. 
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The  results  at  4.2  K  are  presented  in  Fig.  4.  As  for  RT,  we  find  at  4.2  K  a  linear  relationship  between 
FpL  and  the  aluminium  content  y  in  the  quaternary  layer.  Again  the  linear  relationship  is  almost  identical 
with  the  linear  interpolation  between  our  data  of  the  optimized  ternaries  Gao.47Ino.53As  (807  meV)  and 
Alo.48lno.52As  (1546  meV).  The  analytical  expression  at  4.2  K  is  given  by 

Ep^iy)  =  806  +  1545y  (meV).  (3) 

In  contrast  to  RT  where  the  relationship  found  by  Kopf  et  al.  is  similar  to  Eq.  (2),  at  4.2  K  our  relationship 
shows  a  systematic  shift  of  about  15  meV  towards  higher  energies.  Bohrer  et  al.  reported  a  relationship  for 
Eciy)  with  a  dominant  quadratic  term  in  y.  It  is  believed  that  the  bowing  is  mainly  caused  by  alloy  disorder 
[2]. 


3.2.  Evaluation  routine  for  the  composition  of  Gajni-x-y^^y^s 


The  data  from  the  preceding  section  allow  for  setting  up  an  equation  system  for  the  evaluation  of  the 
composition  x,  y  of  the  quaternary  layer  as  dependent  on  £pL  (RT  and  4.2  K)  and  the  lattice  mismatch  Ad/d. 
The  two  central  equations  are 


Ad/d^^p, 


1  (1  —  X  —  y)ainAs  +  X^GaAs  +  I^^AlAs  ~  ^InP 

P{x,y)  flinP 


(4) 


EpL,exp.  =  (i  -  X  -  y)A  +  xB  +  yC,  (5) 

where  Ad/d^^p^  is  the  lattice  mismatch  measured  by  X-ray  diffraction,  a^  are  the  lattice  constants  of  InAs, 
GaAs,  AlAs  and  InP  (see  Table  2),  £pL,exp.  is  the  measured  energy  at  maximum  PL  intensity  and  A,  B  and 
C  are  fit  parameters  which  cannot  be  deduced  from  literature  due  to  the  scatter  of  data  mentioned  in  the 
introduction.  Based  on  the  results  of  Section  3.1  we  evaluated  these  fit  parameters  which  are  listed  in  Table  2 
for  RT  and  4.2  K.  In  Eq.  (4),  P(x,  y)  is  the  elastic  response  of  the  lattice  depending  on  the  composition  and  is 
approximated  by  a  linear  interpolation  between  the  binary  compounds: 


P{x,  y)  =  ^  with  Cij(x,  y)  =  (1  -  X  -  y)Cij,i„As  +  ^Cij,GaAs  +  yCij.AiAs ,  (6) 

Lii(x,  y)  +  ZCi2{x,  y) 

where  are  the  elastic  moduli  of  the  binary  compounds  (see  Ref.  [12]). 

An  approximation  for  P(x,  y)  is  given  by  P  ^  0.5  for  a  lattice  mismatch  Ad/d  <  +  5  x  10“^.  The  error 
A(x,  y)  made  for  x  and  y  is  less  than  +0.0004.  For  this  case  the  equation  system  can  be  resolved  for  x 


Table  2 

Fit  parameters  A,  B  and  C  at  RT  and  at  4.2  K 


A  (meV) 

B  (meV) 

C  (meV) 

^InP  (A) 

^InAs  (A) 

«GaA.s  (A) 

^A\As  (A) 

RT 

4.2  K 

324  +  8 

302  +  5 

1221  +  8 
1385  +  5 

2693  ±  8 

2923  +  10/  -  5 

5.8688  [13] 
5.8658  [9] 

6.0584  [13] 
6.0537  [9] 

5.6532  [13] 
5.6478  [9] 

5.6611  [13] 
5.657P 

Note:  These  parameters  for  Eqs.  (5),  (7)  and  (8)  are  fit  to  the  results  of  Section  3.1.  Lattice  constants  a^  for  the  binary  compounds  at  RT 
and  at  4.2  K. 

“  Calculated,  see  Ref.  [9]. 
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and  y  as  follows: 

0.5<3inpAt//(iexp.  E(^GaAs  ^InAs)  (-^PL,  exp.  ■^)  ^InAs  "1”  ^InP 

EC^GaAs  ^InAs)  ^)]/('^  '^)  ”1”  ^AlAs  ^InAs 

£pL,exp.  -  A +  [A-C)y 

* - ™ 

Using  Eqs.  (7)  and  (8)  yields  the  composition  x,  y  of  a  Gajni  _^_j,Alj,As  layer  as  a  function  of  the  measured 
data  £pL  and  M/d  as  required  for  standard  analytical  routines. 


4.  Conclusions 

We  have  grown  Gao.47-),Ino.5  3Al3,As  reference  samples  on  InP  with  a  well-defined  chemical  composition 
calculated  only  from  the  ternary  growth  rates.  PL  measurements  were  performed  to  evaluate  the  funda¬ 
mental  relationship  between  the  band  gap  energy  and  the  composition.  We  deduced  a  reliable  evaluation 
routine  for  the  composition  x,  y  of  Ga^Ini  _x;-yAlj,As  as  a  function  of  X-ray  and  PL  data.  These  results  form 
a  solid  basis  for  the  material  growth  in  device  applications  as  well  as  for  the  analysis  of  quaternary  layers.  The 
knowledge  of  the  band  gap  energy  as  a  function  of  the  material  composition  enables  precise  band  gap 
engineering  for  photonic  devices  composed  of  heterostructures  of  the  InP/GalnAlAs  material  system. 
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Abstract 

We  studied  the  dependence  of  the  surface  morphology  and  the  sheet  carrier  density  of  InAs  thin  films  epitaxially  grown 
on  (1  0  0)-oriented  GaAs  substrate  with  various  misorientations  of  tilt  directions  and  angles  of  tilt.  We  also  studied  the 
relation  between  the  directions  of  tilt  and  the  device  properties  of  Hall  elements  fabricated  from  InAs  thin  films  grown  on 
GaAs  substrates.  With  a  misorientation  of  2°,  we  found  a  strong  dependence  of  the  offset  voltage  on  the  direction  of  tilt  of 
the  GaAs  substrate.  We  applied  these  results  to  the  fabrication  of  practical  InAs  Hall  elements  by  molecular  beam 
epitaxy.  These  Hall  elements  are  now  commercially  available  as  magnetic  sensors.  Over  five  million  Hall  elements  have 
been  applied  to  current  sensors  and  brushless  motors  in  electronic  appliances. 

Keywords:  InAs  Hall  element;  InAs  on  GaAs;  Thin  film;  MBE;  InAs  morphology  on  GaAs 


1.  Introduction 

A  strong  demand  for  Hall  elements  has  arisen  in 
the  field  of  electronic  appliances  such  as  video  cas¬ 
sette  recorders  (VCRs),  floppy  disk  drives  (FDDs), 
and  compact  disk  read-only  memory  (CD-ROM) 
drives.  Hall  elements  are  used  mainly  for  brushless 
motors  in  such  equipment.  Worldwide,  over  1000 
million  Hall  elements  are  produced  in  1995.  The 
Hall  element  is  one  of  the  largest  applications  of 
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compound  semiconductors.  Over  70%  of  Hall  ele¬ 
ments  produced  are  made  of  InSb  thin  film  grown 
on  a  mica  substrate  by  vacuum  deposition  [1].  The 
remainder  are  mainly  GaAs  Hall  elements  fab¬ 
ricated  by  ion  implantation. 

InSb  Hall  elements  have  an  advantage  of  high 
sensitivity  to  the  magnetic  field,  but  show  less  tem¬ 
perature  stability.  On  the  other  hand,  GaAs  Hall 
elements  have  low  sensitivity,  but  can  be  used  in 
a  wide  temperature  range  [2,  3].  Therefore,  it  is 
highly  desirable  to  produce  Hall  elements  that  offer 
both  high  sensitivity  and  excellent  temperature 
stability.  We  have  researched  and  developed  a  new 
type  of  Hall  element  that  consists  of  InAs  thin  film 
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grown  on  GaAs  substrates  by  MBE  [4-6].  In  As 
has  higher  electron  mobility  than  GaAs  and 
a  wider  energy  gap  than  InSb.  InAs  thin  films  are 
grown  on  semi-insulating  GaAs  substrate  by  mo¬ 
lecular-beam  epitaxy  (MBE).  Toward  production 
of  InAs  Hall  elements  in  large  quantities,  we  have 
designed  a  production-scale  MBE  system  that  af¬ 
fords  high  throughput  and  good  uniformity.  We 
have  also  discovered  that  Si-doped  InAs  thin  films 
have  both  high  electron  mobility  and  excellent  tem¬ 
perature  stability.  Si-doped  InAs  thin  film  grown 
on  GaAs  substrate  at  a  thickness  of  0.5  pm  has  an 
electron  mobility  of  about  12  000  cm^/(V  s).  At 
an  electron  density  of  8  x  10^^  cm" ^  or  higher,  the 
temperature  coefficient  of  the  sheet  resistance  is 
0.05  %/°C  around  room  temperature  and  the  sheet 
resistance  at  125°C  is  still  higher  than  that  at  room 
temperature.  By  processing  this  InAs  thin  film  into 
Hall  elements,  we  developed  practical  Hall  ele¬ 
ments  that  have  high  sensitivity.  Our  Si-doped 
InAs  Hall  elements  perform  well  and  can  be  oper¬ 
ated  in  a  wide  temperature  range  [7]. 

Offset  voltage  is  also  important  for  Hall  ele¬ 
ments.  In  order  to  reduce  the  offset  voltage  in 
production,  we  studied  and  detected  an  effect  of 
direction  and  angle  of  misorientation  of  the  GaAs 
substrate. 

In  this  paper,  we  report  on  our  study  of  the 
dependence  of  the  surface  morphology,  and  of  the 
sheet  carrier  density  of  InAs  thin  films  epitaxially 
grown  on  (1  0  0)-oriented  GaAs  substrate  on  vari¬ 
ous  directions  and  angles  of  tilt  misoriented.  We 
found  the  strong  relation  between  the  directions  of 
tilt  and  one  of  the  device  properties,  i.e.,  the  offset 
voltage  of  Hall  elements  fabricated  from  InAs  thin 
films  grown  on  GaAs  substrates. 

2.  InAs  thin  film  grown  on  GaAs  substrate  with 
various  misoriented  angles  and  directions  of  tilt 

InAs  thin  films  were  grown  on  semi-insulating 
Horizontal  Bridgman  type  (1  0  0)-oriented  GaAs 
substrate  with  2°  misorientation  using  various  di¬ 
rections  of  tilt,  as  shown  in  Fig.  1,  namely,  tilted 
toward  [0  T  0]  (called  A-direction  in  Fig.  1),  toward 
[0  T  T]  (E-direction),  toward  [0  0  T]  (D-direction), 
and  toward  [0  1  T]  (H-direction),  all  under  the 


E-direction 

[0-1-1] 


Fig.  1.  The  various  directions  of  tilt  of  the  misorientation. 
Directions  shown  in  boldface  (A,  D,  E,  H)  are  those  used  in  this 
study. 


same  conditions  of  MBE  growth.  The  substrate 
temperature  was  around  480°C  and  the  growth  rate 
was  approximately  1.0  pm/h.  Nomarski  interfer¬ 
ence  microscope  photographs  of  the  surface  mor¬ 
phology  of  the  InAs  thin  films  are  shown  in  Fig.  2. 
As  shown  in  the  figure,  the  structures  of  the  surface 
morphology  of  InAs  thin  films  depend  on  the  direc¬ 
tions  of  tilt  of  the  (1  0  0)-oriented  GaAs  substrates. 
The  surface  morphology  at  2°  misorientation  is 
different  between  two  similar  directions,  such  as 
between  the  A-direction  (tilted  toward  [0  T  0])  and 
the  D-direction  (tilted  toward  [0  0  1]).  These  two 
right  angle  directions  are  identical  in  the  absence  of 
misorientation. 

Fig.  3  shows  Nomarski  interference  microscope 
photographs  of  the  surface  morphology  of  InAs 
thin  films  grown  on  (1  0  0)-oriented  GaAs  substrate 
with  r,  2°,  3°,  and  4°  misorientation  tilted  toward 
[0  0  I]  (D-direction)  under  the  same  conditions  of 
MBE  growth.  As  can  be  seen,  the  more  tilted  is  the 
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(2)  Direction  of  tiIt:[0-l-l](E-direction) 


(2)  misonentation  angle:  2  off 


(4)  Direction  of  tilt:[01-l](H<direction) 


(4)  misonentation  angle:  4"  off 

Fig.  3.  Nomarski  interference  microscope  photographs  of  the 
surface  morphologies  of  Si-doped  InAs  thin  films  grown  on 
(1  0  0)-oriented  GaAs  tilted  toward  [OOT]  (D-direction)  with 
various  misonentation  angles:  (1)  1°,  (2)  T,  (3)  3°  and  (4)  4“. 
Arrow  indicates  direction  of  tilt. 


(5)  No  misonentation 

Fig.  2.  Nomarski  interference  microscope  photographs  of  the 
surface  morphologies  of  Si-doped  InAs  thin  films  grown  on 
(1  0  0)-oriented  GaAs  with  various  directions  of  tilt:  (1)  toward 
[0  T  0],  (2)  toward  [0  T  T],  (3)  toward  [0  0  T],  (4)  toward  [0  1  T], 
and  (5)  no  misorientation.  Arrows  indicate  directions  of  tilt. 


angle  of  misorientation,  the  rougher  is  the  surface 
morphology  of  the  InAs  thin  films.  The  surface 
morphology  of  InAs  thin  films  is  not  changed  for 
Si-doping  into  InAs  during  MBE  for  the  above- 
stated  growth  conditions. 

Fig.  4  shows  a  relation  between  the  sheet  carrier 
density  of  the  Si-doped  InAs  thin  film  grown  on 
(1  0  0)-oriented  GaAs  substrate  at  a  misorientation 
of  2°  and  directions  of  tilt.  Undoped  InAs  thin  films 
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Fig.  4.  Sheet  carrier  density  of  InAs  thin  films  grown  by  MBE  on  GaAs  substrates  at  2°  misorientation  with  various  directions  of  tilt. 


have  nearly  the  same  sheet  carrier  density  for 
all  directions  and  no  misorientation.  The  sheet 
carrier  (electron)  density  is  almost  the  same  at 
a  misorientation  of  2"  with  various  directions 
of  tilt  (E,  A,  D  and  H  directions)  for  Si-doped 
InAs  thin  films.  The  Si-doped  InAs  thin  film  grown 
on  (1  0  0)-oriented  GaAs  substrate  with  no  mis¬ 
orientation  has  the  largest  sheet  carrier  (electron) 
density. 

Fig.  5  shows  the  sheet  carrier  density  of  the  InAs 
thin  film  grown  on  (1  0  0)-oriented  GaAs  substrate 
tilted  toward  [OOT]  (D-direction)  versus  tilted 
angle  of  misorientation.  For  Si-doped  InAs  thin 
films,  the  more  tilted  is  the  angle  of  misorientation, 
less  dense  is  the  sheet  carrier  density  of  the  InAs 
thin  film.  The  InAs  thin  film  grown  on  (1  0  0)- 
oriented  GaAs  substrate  with  no  misorientation 
has  the  largest  electron  density.  In  case  of  undoped 
InAs  thin  films,  no  difference  of  sheet  carrier  den¬ 
sity  is  observed  for  various  tilt  angles  and  no  mis¬ 
orientation. 


3.  Offset  voltage  of  InAs  Hall  element 

The  Si-doped  thin  InAs  films  grown  on  GaAs 
substrates  by  MBE  were  processed  into  practical 
Hall  elements  by  the  standard  production  process 
shown  in  Fig.  6.  The  structure  of  the  practical  Hall 
element  fabricated  is  the  symmetrical  cross  pattern, 
is  shown  in  Fig.  7. 

Table  1  shows  the  difference  in  properties  of  the 
offset  voltage  of  Hall  elements  fabricated  from  the 
Si-doped  InAs  thin  films  grown  on  (1  0  0)-oriented 
GaAs  substrate  with  the  various  directions  of  tilt 
shown  in  Fig.  1.  The  offset  voltage  depends  largely 
on  the  direction  of  tilt.  The  smallest  offset  voltage 
good  for  production  was  observed  for  InAs  Hall 
elements  for  the  (1  0  0)-oriented  GaAs  substrate 
tilted  toward  [0  T  T]  (the  E-direction). 

We  studied  the  origin  for  the  difference  in  the 
offset  voltage.  It  could  be  either  the  anisotropy  of 
etching  of  InAs  thin  film  or  the  intrinsic  character 
of  the  InAs  thin  film.  Our  standard  production 
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Misorientation  angle  (degree) 

misorientation 

Fig.  5.  Sheet  carrier  density  of  InAs  thin  films  grown  on  GaAs  substrates  at  2°  misorientation  with  various  angles  of  tilt,  and  tilted 
toward  [0  0  T]  (D-direction). 


Fig.  6.  Fabrication  process  of  the  InAs  Hall  element. 


process  uses  both  wet  chemical  etching  and  Ar 
ion-milling  in  etching  for  the  patterning  of  the  InAs 
thin  film.  Thus,  to  investigate  the  etching  process’ 
dependence  of  the  off-set  voltage,  we  fabricated  the 
Hall  elements  for  both  processes  with  only  wet 


chemical  etching  and  only  Ar-ion  milling,  which  is 
a  more  isotropic  etching  than  wet  chemical  etching. 
The  results  are  also  shown  in  Table  1.  There  is  no 
difference  in  the  tendency  of  the  offset  voltage  be¬ 
tween  our  production  process,  wet  etching  process 
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Table  1 

Offset  voltage  of  Hall  elements  fabricated  by  various  wafer  processes  from  Si-doped  InAs  thin  films  grown  on  (1  0  0)-onented  GaAs 
substrates  with  various  directions  of  tilt 


Misorientation  direction  of  tilt 

Offset  voltage  Fy  Ave.  +  a  (mV/Fi„  =  3  V) 

Production  process 

Dry  etching  process 
by  ion-milling 

Wet  etching  process 

[0  T  0]  (A-direction) 

-  5.20  ±  0.96 

-  3.34  ±  1.28 

-  3.43  +  1.68 

[0  OT]  (D-direction) 

5.55  ±  0.99 

1.62  ±  1.39 

1.83  ±  1.35 

[0  T  T]  (E-direction) 

-  0.03  ±  0.68 

0.25  ±  1.49 

0.86  ±  1.22 

[0  1  T]  (H-direction) 

0.01  ±  1.28 

0.26  ±  1.08 

-0.10+1.05 

No  misorientation 

-  0.12  ±  1.58 

0.36  ±  2.47 

0.08  +  2.09 

Hall  element  pattern  Electrode 


(a)  (b) 

Fig.  7.  Structure  of  the  InAs  Hall  element  chip. 


and  the  ion-milling  process.  Therefore,  the  differ¬ 
ence  in  properties  of  the  offset  voltage  of  Hall 
elements  fabricated  from  InAs  thin  films  grown  on 
(1  0  0)-oriented  GaAs  substrate  with  various  direc¬ 
tions  of  tilt  is  attributed  mainly  to  the  crystalline 
character  of  the  InAs  thin  film. 


4.  Conclusions 

We  found  a  strong  dependence  of  the  offset  volt¬ 
age  on  the  directions  of  tilt  of  the  GaAs  substrate  at 
2°  misorientation.  As  a  result,  Hall  elements  fab¬ 
ricated  from  InAs  thin  films  grown  on  (1  0  0)- 
oriented  GaAs  substrate  at  2°  misorientation  tilted 
toward  [0  T  T]  have  the  smallest  offset  voltage.  This 


observed  property  is  important  in  fabricating  prac¬ 
tical  InAs  Hall  elements.  These  results  were  applied 
to  the  fabrication  of  practical  InAs  Hall  elements 
by  MBE. 

Our  InAs  Hall  element  is  a  promising  device  that 
opens  up  new  areas  for  magnetic  field  sensor  ap¬ 
plications. 
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Abstract 

GaAs  and  related  materials  grown  at  200-300‘'C  under  normal,  group  V-rich  growth  conditions  are  highly  non- 
stoichiometric  with  excess  group  V  concentrations  of  up  to  10^^  cm"^.  The  material  properties  are,  therefore,  defect 
controlled.  Here  we  further  our  previous  studies  of  low-temperature  grown  GaAs  to  show  that  doping  with  Si  or  Be  at 
concentrations  at  or  greater  than  10^^  cm“^  reduces  the  excess  As  related  defect  concentration  by  more  than  an  order  of 
magnitude,  not  only  on  GaAs(l  0  0)  but  also  on  GaAs(3  1  1)A  and  GaAs(3  1  1)B  surfaces,  compared  to  undoped  material 
grown  under  identical  conditions.  Furthermore,  we  show  that  by  careful  control  of  the  As :  Ga  flux  ratio  at  low 
temperature,  stoichiometric  low-temperature  (SLT)  conditions  may  be  achieved  which  can  be  used  to  grow  GaAs, 
AlGaAs  and  other  III-V  compounds  of  electrical  and  optical  performance  comparable  to  material  grown  at  high 
temperatures.  SLT  quantum  well  (QW)  structures  of  AlGaAs/GaAs  and  SLT  QW  and  two-dimensional  electron  gas 
(2DEG)  structures  of  InAlAs/InGaAs,  lattice  matched  to  InP,  are  used  to  demonstrate  the  excellent  quality  material 
achievable  and  how  it  may  be  applied  to  optical  and  electrical  devices.  The  work  illustrates  the  wide  range  of  material 
benefits  which  can  be  attained  in  the  low-temperature  growth  regime. 


1.  Introduction 

Much  interest  in  III-V  compounds  grown  by 
molecular  beam  epitaxy  (MBE)  at  low  substrate 
temperature  (200-300° C)  has  arisen  due  to  the 
non-stoichiometry  of  materials  grown  under  high 
group  V  overpressure  [1].  In  GaAs,  for  example, 
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excess  As  concentrations  of  10^°-10^^  cm“^ 
result  in  low  minority  carrier  lifetime  [2],  a  shifted 
Fermi  level  compared  to  S.L  GaAs  [3]  and,  after 
thermal  annealing,  high  resistivity  [2].  These  prop¬ 
erties  are  exploited  in  such  applications  as  GaAs 
MESFET  buffer  layers  [2],  non-alloyed  ohmic 
contact  formation  [4]  and  fast  photoconductive 
switching  [5]. 

Technological  advantages  also  arise  from  the 
ability  to  grow  high  electrical  and  optical  quality 
GaAs  at  low  temperature,  including  increased  free 
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carrier  concentration  [6],  reduced  outdiffusion  of 
impurities  from  heavily  doped  device  regions  e.g. 
heterojunction  bipolar  transistor  (HBT)  bases  [7] 
and  low  resistivity  non-alloyed  ohmic  contacting 
[8].  The  high  defect  count  of  low-temperature 
GaAs  grown  under  normal  growth  conditions  -  the 
source  of  its  value  in  the  applications  mentioned 
above  -  proves  seriously  detrimental  when  doping 
the  material  [9,  10]. 

We  have  shown  previously  that  non-stoichiometry 
is  not  an  intrinsic  property  of  low-temperature  (LT) 
GaAs.  It  is  controllable  by  heavy  doping  [11]  and 
careful  tailoring  of  growth  conditions  to  produce 
a  stoichiometric  low-temperature  (SLT)  compound 
[12].  Here  we  extend  our  work  on  GaAs(l  0  0)  [11] 
to  (3  1  1)A  and  B  surfaces,  demonstrating  that  the 
suppression  of  excess  As  incorporation  by  heavy 
doping  is  also  active  on  these  surfaces.  We  also 
describe  how  achieving  SLT  conditions  has  al¬ 
lowed  low  temperature  growth  of  improved  qual¬ 
ity,  quantum  well  (QW)  and  2  dimensional  electron 
gas  (2DEG)  structures. 

2.  Experimental  procedure 

The  MBE  growth  techniques  are  detailed  else¬ 
where  [13].  Unless  otherwise  stated,  the  samples 
were  grown  at  a  nominal  substrate  temperature  of 
250'’C.  For  comparative  studies  of  (1  0  0),  (3  1  1)A 
and  (3  1  1)B  surfaces,  substrates  of  each  type  were 
loaded  simultaneously  in  a  multiple  2"  wafer  holder 
to  ensure  identical  conditions,  and  an  As  :  Ga  beam 
equivalent  pressure  (BEP)  ratio  of  greater  than 
4  was  used  to  ensure  excess  As  conditions.  Intended 
doping  concentrations  were  [Si]  =  1  x  10^^  cm  ^ 
and  [Be]  =  1.5  x  10^^  cm" QW  and  2DEG  sam¬ 
ples,  on  the  other  hand,  were  grown  under 
stoichiometric  conditions  as  was  evidenced  by 
RHEED  intensity  oscillations  observed  during  the 
growth  [12]. 

Crystalline  quality  was  investigated  by  double 
crystal  X-ray  diffraction  (DCXD).  The  Hall  effect 
was  used  for  electrical  characterisation,  and  neutral 
As  antisite  concentration  was  measured  using  near 
band  edge  infra-red  (NBEIR)  absorption.  Finally, 
photoluminescence  (PL)  measurements  probed  the 
optical  performance  of  QW  structures. 


3.  The  effect  of  dopants  on  (1  0  0),  (3  1  1)A  and 
(3  1  1)B  surfaces 

Fig.  la-Fig.  Ic  show  the  DCXD  rocking  curves 
of  undoped.  Si-  and  Be-doped  (1  0  0),  (3  1  1)A  and 
(3  1  1)B  samples,  respectively.  The  undoped  epi- 
layer  lattices  are  clearly  expanded  compared  to  the 
SI  GaAs  substrates,  as  reported  for  (1  0  0)  [1]  and 
(3  1  1)B  [14]  material.  The  peak  separation  of 
60  arcsec  in  the  undoped  (1  0  0)  curve  agrees  well 
with  what  we  usually  measure  for  a  nominal  sub¬ 
strate  temperature  of  250°C  using  a  valved  cracker 
As2  source.  Evidently,  across  all  the  surfaces, 
doping  with  Si  and  Be  at  this  concentration  reduces 
the  lattice  parameter  of  the  epilayers  compared  to 
undoped  layers  grown  under  identical  conditions. 
In  the  Si  (1  0  0)  and  (3  1  1)A,  and  the  Be  (1  0  0) 
and  (3  1  1)A  cases,  only  a  single  diffraction  peak 


-150  -100  -50  0  50 

Angle  (arc  sec) 

Fig.  1.  DCXD  rocking  curves  of  GaAs(lOO),  (3  1  1)A  and 
(3  1  1)B  epilayers  grown  at  250°C  (a)  undoped,  (b)  doped  with 
[Si]  =  1  X  10^^  cm" ^  and  (c)  doped  with  [Be]  =  1.5  x  10^®  cm"^ 
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appears  although  the  FWHM  of  the  peak  in  the  Be 
(1  0  0)  curve  is  broader  (32  arcsec)  than  that  of  the 
Be  (3  1  1)A,  Si  (10  0)  and  Si  (3  1  1)A  curves 
(20-22  arcsec).  We  believe  that  heavy  doping 
reduces  excess  As  concentration  to  a  level  below  the 
limit  detectable  by  DCXD  (~  1 —2  x  10^^  cm"^), 
on  the  (3  1  1)A  and  B  surfaces  as  well  as  on  (1  0  0) 
surfaces  [11]. 

The  relative  total  excess  As  concentration,  esti¬ 
mated  from  the  diffraction  peak  separation,  corre¬ 
lates  with  the  neutral  As  antisite  concentration 
([AsGa]°),  measured  by  NBEIR  absorption  and  pre¬ 
sented  in  Fig.  2.  The  highest  concentration  is  seen 
in  the  undoped  samples,  reducing  by  a  factor  of  2-8 
with  Be  doping,  and  a  factor  of  5-10  with  Si  doping. 

Table  1  shows  300  K  and  77  K  carrier  concen¬ 
tration  and  mobility  in  the  layers.  In  the  undoped 
(3  1  1)A  and  B  samples,  low  mobility  is  indicative  of 
hopping  conduction  in  the  Asca  defect  band,  a  well 
established  phenomenon  in  undoped  LT-GaAs 
[15].  The  undoped  (1  0  0)  sample  mobility  is  much 
higher,  however,  most  likely  reflecting  the  contribu¬ 
tion  of  the  SI  GaAs  substrate  to  conduction  within 
the  structure  [16]  and  less  conduction  in  the  epi- 
layer  as  a  lower  antisite  concentration  reduces  hop¬ 
ping  probability.  All  the  Si-doped  layers  show  n- 
type  conductivity,  with  carrier  concentration  and 


mobility  reducing  with  increasing  excess  As  con¬ 
centration  as  estimated  from  the  IR  absorption 
results.  The  mobilities  measured,  although  low,  are 
reasonable  for  strongly  compensated,  heavily 
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Fig.  2.  NBEIR  absorption  spectra  of  GaAs(l  0  0),  (3  1  1)A  and 
(3  1  1)B  epilayers  grown  at  250®C  undoped,  doped  with 
[Si]  =  I  X  10^®  cm“^  and  doped  with  [Be]  =  1.5  x  10’®  cm“^. 
Note  the  dashed  lines  are  added  only  as  a  guide  to  the  eye. 


Table  1 

Free  carrier  concentration  and  mobility  in  undoped,  Si-doped  and  Be-doped  samples  grown  on  (1  0  0),  (3  1  1)A  and  (3  1  1)B  substrates, 
measured  using  the  Hall  effect 


Sample 

300  K 

77  K 

«[p]  (cm"'h 

(cmVV-s) 

fi[p]  (cm"^) 

J«n[p]  (cmVV-s) 

Undoped 

(10  0) 

2.5  X  10” 

2042 

- 

- 

(3  1  1)A 

4.9  X  lO’"' 

19 

- 

- 

(3  1  1)B 

5.8  X  lO’'^ 

29 

- 

- 

Si-doped 

(10  0) 

2.7  X  lO’"" 

489 

3x  10” 

426 

(3  1  1)A 

8.5  X  10” 

173 

1x10” 

81 

(3  1  1)B 

3.3x10’^ 

227 

1.8x10” 

81 

Be-doped 

(10  0) 

1.2x  10” 

173 

1.1  xlO” 

1477 

(3  1  1)A 

[1.4x  10”] 

[308] 

- 

- 

(3  1  1)B 

1.7x  10”’ 

4 

- 

- 

Note  that  where  the  material  appeared  p-type,  the  values  are  in  square  brackets. 


200 


M.  Missoiis,  S.  O'Hagan  /Journal  of  Crystal  Growth  1751176  (1997)  197-202 


doped  n-type  material  and  are  in  close  agreement 
with  previous  measurements  on  low-temperature 
grown,  highly  Si-doped  GaAs  [11].  This  suggests 
that  band  conductivity  is  the  dominant  process  in 
the  Si-doped  layers,  with  any  hopping  contribution 
removed  by  the  reduced  antisite  concentration. 

Si  is  an  amphoteric  impurity  in  GaAs  and  forms 
either  an  acceptor  [17]  or  a  donor  [18, 19]  on  the 
(3  1  1)A  face  depending  on  growth  conditions.  On 
(3  1  1)A  substrates  and  (3  1  1)A  facets  etched  into 
(10  0)  substrates,  both  GaAs  and  AlGaAs  became 
n-type  for  Y/III  flux  ratios  ^  3  and  substrate  tem¬ 
perature  ^  450°  [18, 19],  both  of  which  conditions 
are  satisfied  here.  Be  atoms,  however,  should  all 
assume  Ga  lattice  sites.  We  note  that  the  Be  acceptors 
are  much  more  heavily  compensated  than  the  Si 
donors,  most  probably  due  to  a  greater  abundance  of 
compensating  Asoa  donors  [10],  than  Voa  acceptors 
[9].  It  should  be  noted  that  the  measurements  on  the 
Be  (10  0)  and  Be  (3  1  1)A  samples  are  probably 
unreliable  due  to  surface  and  interface  depletion  of 
the  heavily  compensated  epilayer  [20].  n-type  con¬ 
ductivity  with  low  mobility  in  the  Be  (3  1  1)B  sample 
could  indicate  hopping  conduction,  as  the  absorp¬ 
tion  results  do  yield  a  high  [AsGa]°  in  the  layer. 

In  summary,  simultaneous  growth  of  GaAs  on 
(1  0  0),  (3  1  1)A  and  (3  1  1)B  surfaces  at  250°C  under 
As-rich  conditions,  has  shown  that  doping  with 
Be  or  Si  in  concentrations  at  or  greater  than 
1  X  10  ^^cm"^  significantly  reduces  the  amount  of 
excess  As  incorporated  into  all  surface  orientations 
compared  to  undoped  layers  grown  under  identical 
conditions.  The  relative  efficiency  of  the  sup¬ 
pression  mechanism  on  the  different  orientations 
will  be  discussed  elsewhere  [21]. 

The  nature  of  the  suppression  mechanism  is  not 
known,  however  possible  explanations,  namely 
radiative  heating  by  the  hot  dopant  cell,  especially 
the  Si  source,  and  the  effect  of  the  dopant  itself  on 
the  lattice  parameter,  have  been  previously  ad¬ 
dressed  and  discounted  [22]. 

4.  Stoichiometric  low  temperature  (SLT)  grown 
device  structures 

Despite  the  effects  mentioned  above,  the  electri¬ 
cal  and  optical  performance  [11]  is  still  heavily 


degraded.  To  improve  doped  and  undoped  mate¬ 
rial  quality,  a  further  3-4  orders  of  magnitude  of 
excess  As  concentration  must  be  removed.  This 
requires  careful  control  of  the  Group  III  and 
Group  V  fluxes  to  produce  a  stoichiometric  com¬ 
pound.  We  have  shown  that  under  SLT  conditions: 
(i)  layers  are  closely  lattice  matched  to  their  sub¬ 
strates  [13],  (ii)  high  electrical  and  optical  quality 
doped  epitaxial  layers  can  be  grown  [11]  and  (iii) 
undoped  GaAs  and  AlGaAs  exhibit  RHEED  inten¬ 
sity  oscillations  during  growth  [12].  We  now  show 
that  active  structures  and  devices  can  be  produced 
in  this  manner.  Fig.  3a  and  Fig.  3b  show  the  6  K 
PL  spectra  of  two  QW  samples  grown  under  SLT 
conditions.  The  first  structure  uses  Alo.4Gao.6As/ 
GaAs  and  has  3  wells  of  thickness  40,  80  and  120  A, 
respectively,  grown  at  nominally  250°C.  The  sec¬ 
ond  uses  Ino.53Alo.47As/Ino.52Gao.48As,  lattice 
matched  to  InP,  with  well  widths  of  50,  100  and 
200  A,  grown  at  200°C.  In  the  AlGaAs/GaAs 
sample,  the  wells  of  80  and  120  A  thickness  exhibit 
radiative  transitions  of  a  line  width  comparable  to 
that  seen  in  high-temperature  grown  QW  samples 


Energy  (eV) 

Fig,  3.  6K  PL  spectra  of  (a)  a  250°C  grown  Alo4Gao.6As/  GaAs 
QW  structure  and  (b)  a  200°C  grown  Ino.53Alo.47As/ 
Ino.52Gao.48 As  QW  structure,  lattice  matched  to  InP. 
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of  the  same  structure.  The  PL  intensity  is  signifi¬ 
cantly  impaired,  however  it  should  be  noted  that 
the  III/V  flux  ratio  was  optimised  for  SLT  growth 
of  AlGaAs  and,  without  a  second  Ga  or  As  source, 
could  not  be  changed  readily  to  the  conditions 
required  for  GaAs  without  growth  interruption. 
There  is,  therefore,  excess  As  in  the  structure  -  as 
proven  by  the  observation  of  As  precipitates  by 
transmission  electron  microscopy  of  the  structure 
after  annealing  at  600°C  (to  be  detailed  separately) 
-  but  in  insufficient  concentration  to  obliterate  the 
luminescence  completely.  We  believe  emission 
intensity  would  be  improved  with  the  MBE  system 
configured  to  optimise  SLT  conditions  in  GaAs 
and  AlGaAs.  The  InAlAs/InGaAs  sample  shows 
stronger  PL  intensity  probably  due  to  the  In-As 
bond  being  weaker  than  the  Ga-As  or  Al-As  bonds 
[23],  thereby  allowing  SLT  conditions  to  be  more 
readily  achieved.  From  this  we  surmise  that  it  is 
possible  to  tailor  growth  conditions  to  produce 
optically  active  SLT  structures  in  a  number  of 
III-V  material  systems. 

Finally,  modified  two-dimensional  electron  gas 
(2DEG)  structures  were  grown  at  200°C,  using 
Ino.53Alo.47As/Ino.52Gao.48As  lattice  matched  to 
InP,  under  a  range  of  V/III  flux  ratios.  The  InGaAs 
channel  was  1  pm  thick,  thicker  than  the  more 
usual  500  A  or  less  used  in  high  electron  mobility 
transistor  (HEMT)  structures.  Fig.  4  illustrates  the 
improvement  seen  in  sheet  carrier  concentration 
and  mobility  in  the  two-dimensional  electron  gas 
(2DEG)  structure  as  SLT  (flux  ratio  =  1)  condi¬ 
tions  are  approached.  Measurements  on  a  500°C 
grown  control  sample  are  shown  by  way  of  compari¬ 
son.  Under  SLT  conditions,  the  77  K  carrier  density 
and  mobility  almost  reach  the  1.5  x  10^^  cm and 
60,000  cm VV-s  figures,  respectively,  measured  in 
the  control  sample.  The  higher  charge  density  mea¬ 
sured  in  the  SLT  structure  at  300  K  most  likely 
arises  from  the  thicker  than  normal  channel 
mentioned  above. 

Our  work  clearly  shows  that  the  achievement  of 
SLT  conditions  in  the  growth  of  a  number  of  III-V 
compounds  allows  the  successful  production  of 
good  electrical  and  optical  device  quality  structures 
at  substrate  temperatures  as  low  as  200-250'"C.  It 
follows  that  growth  conditions  can  be  successfully 
used  in  the  ‘defect  engineering’  of  MBE  structures 


Fig.  4.  (a)  electron  mobility  and  (b)  sheet  carrier  concentration 
in  a  200°C  grown  Ino.53Alo.4.7As/Ino.52Gao.48As  2DEG  struc¬ 
ture.  The  dashed  lines  are  included  only  as  a  guide  to  the  eye. 


to  exploit  the  diverse  technological  advantages  of 
highly  defective,  ‘classic  LT’  material  through  to 
the  benefits  of  high-quality  SLT  materials. 


5.  Conclusion 

Comparative  studies  have  been  performed  on 
undoped  and  heavily  Si  and  Be  doped  GaAs  epi- 
layers,  simultaneously  grown  (10  0),  (3  1  1)A  and 
(3  1  1)B  substrates  at  low  temperature,  under  As- 
rich  conditions.  The  results  indicate  that  the 
dopant  acts  to  suppress  the  incorporation  of  excess 
As  into  the  higher  index  surfaces  in  the  same  way  as 
has  already  been  reported  for  the  (1  0  0)  face  [11]. 
All  Si-doped  material  exhibits  n-type  band  con¬ 
ductivity  rather  than  the  hopping  seen  in  undoped 
layers.  Be  doped  layers  are  more  heavily  compen¬ 
sated  but  still  show  a  sizeable  reduction  in  excess 
As  concentration. 
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Secondly,  SLT  conditions  can  be  achieved  by 
careful  manipulation  of  the  growth  variables,  to 
allow  growth  of  a  wide  range  of  excellent  electrical 
and  optical  device  quality  structures  across  a  num¬ 
ber  of  III-V  material  systems.  A  combination  of 
doping  and  careful  growth  control  can  now  be  used 
to  exploit  all  the  beneficial  aspects  of  MBE  growth 
performed  at  low  substrate  temperature. 
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Abstract 

The  growth  dynamics  of  the  InGaAs/GaAs  system  have  been  investigated  by  desorption  mass  spectrometry  (DMS). 
Indium  desorption  spectra  indicate  the  presence  of  one  or  two  desorption  mechanisms  depending  on  the  V/III  beam 
equivalent  pressure  ratio.  The  activation  energy  associated  with  one  of  the  desorption  processes  is  found  to  be  1.3  eV  and 
independent  of  V/III  ratio  and  arsenic  species.  Analysis  of  the  decay  curve  allows  the  calculation  of  the  indium  surface 
population  during  growth.  This  population  is  compared  for  the  different  growth  conditions  investigated.  Indium 
incorporation  coefficient  curves  as  a  function  of  substrate  temperature  are  presented.  Indium  incorporation  is  found  to  be 
enhanced  using  high  V/III  ratio  and  the  arsenic  dimer,  As2. 


1.  Introduction 

The  large  band  gap  and  lattice  constant  differ¬ 
ence  between  GaAs  and  InAs  makes  the  In¬ 
GaAs/GaAs  system  of  technical  interest  for 
electronic  and  optical  applications.  In  addition, 
growth  kinetic  processes  which  depend  on  strain 
enable  the  production  of  quantum-confined  struc¬ 
tures  and  can  be  exploited  by  varying  the  indium 
composition  of  the  InGaAs  alloy.  Several  studies 
have  shown  that  the  dynamics  during  the  growth  of 
InGaAs  are  complex  [1],  particularly  at  temper¬ 
atures  where  indium  desorption,  segregation  and 
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incorporation  are  all  important.  A  good  under¬ 
standing  of  the  surface  cation  kinetics  and  the 
influence  of  growth  parameters  on  indium  incorpo¬ 
ration  are  necessary  in  order  to  adequately  control 
the  growth  of  InGaAs. 

Another  motivation  for  the  study  of  InGaAs 
growth  dynamics  is  to  enable  the  full  understand¬ 
ing  and  exploitation  of  the  strain  modulated  epi¬ 
taxy  (SME)  approach  [2,  3].  This  new  technology 
utilizes  thin  compliant  substrates  which  are  bot¬ 
tom-patterned.  The  pattern  in  the  compliant 
bonded  substrate  modulates  the  growing  overlayer 
to  substrate  thickness  ratio.  The  strain  at  the  sur¬ 
face  of  the  growing  film,  which  depends  on  this 
ratio,  is  thus  laterally  controlled.  Thus,  one  aspect 
of  this  study  was  to  measure  the  dependence  of 
InGaAs  growth  dynamics  on  strain.  Some  previous 
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reports  [4,  5]  have  shown  that  the  activation  en¬ 
ergy  for  desorption  has  a  significant  strain  depend¬ 
ence.  In  order  to  fully  exploit  indium  kinetics  in 
SME,  we  need  to  understand  the  relations  existing 
between  strain  and  surface  mechanisms,  such  as 
segregation,  desorption  and  migration  for  the  In- 
GaAs/GaAs  system. 

By  repositioning  the  mass  spectrometer  in  a  di¬ 
rect  line  of  sight  with  the  growing  surface,  several 
authors  [5,  6]  have  shown  that  desorption  mass 
spectrometry  (DMS)  is  a  useful  in  situ  surface  char¬ 
acterization  tool.  We  report  in  this  paper  the  result 
of  an  extensive  DMS  study  during  the  growth  of 
InGaAs  on  GaAs. 


2.  Experimental  procedure 

A  UTI  mass  spectrometer,  tuned  on  the  charge 
to  mass  peak  ratio  115  of  indium  was  positioned 
in  line-of-sight  to  the  substrate  holder  via  an 
aperatured  nipple.  Substrate  temperatures  were 
measured  by  a  thermocouple  in  direct  contact  to 
the  back  of  the  substrate  holder.  Oxide  desorption 
was  monitored  by  RHEED  and  the  thermocouple 
reading  was  calibrated  by  assigment  of  the  ob¬ 
served  oxide  desorption  temperature  to  580°C. 
(1  0  0)-oriented  GaAs  substrates  were  mounted  on 
an  indium-free  holder.  An  EPI  arsenic  cracker  was 
used  to  produce  fluxes  of  both  arsenic  tetramers 
and  dimers.  For  the  desorption  spectra  recorded  in 
presence  of  As2,  the  temperature  of  the  arsenic 
cracker  was  increased  to  900°C  but  the  temperature 
of  the  evaporator  was  kept  constant  to  335°C. 
Thus,  only  the  As2  and  AS4  molecular  fluxes  were 
modified  but  the  arsenic  flux  was  not  changed. 

The  growth  experiment  was  repeated  as  a  func¬ 
tion  of  substrate  temperature  (510-630°C),  indium 
composition  (5-21%),  InGaAs  growth  rate 
(0.43-0.912  pm/h),  V/III  beam  equivalent  pressure 
ratio  (17  :  1,  36  :  1),  measured  with  AS4  and  arsenic 
species.  After  substrate  oxide  removal,  a  1200  A 
GaAs  buffer  layer  was  deposited  at  580°C.  The 
substrate  temperature  was  then  lowered  to  the  first 
temperature  of  the  investigated  range,  510°C,  and 
In.,Gai_^As  was  grown  for  25  s  (approximately, 
63  A  of  Ino.21Gao.79As  in  the  case  of  21%  In). 
During  the  InGaAs  deposition,  the  substrate  was 


not  rotated,  and  the  mass  spectrometer  desorption 
signal,  which  was  assumed  to  be  directly  propor¬ 
tional  to  the  indium  desorbed  flux,  F^iln),  was 
recorded  for  further  data  analysis.  We  reference  the 
mass  spectrometer  signal  of  3.485  x  10“^^  A  to  an 
incident  indium  flux  of  Fi  =  0.192  pm/h.  After  de¬ 
position  of  the  InGaAs  layer  and  a  return  to  zero 
for  the  mass  spectrometer  desorption  signal,  the 
substrate  temperature  was  raised  to  580°C,  and 
a  600  A  GaAs  layer  was  grown,  in  order  to  smooth 
the  surface  and  bury  the  preceding  InGaAs  layer. 
A  new  set  of  measurements  was  then  taken  at  the 
next  highest  InGaAs  growth  temperature. 


3.  Results  and  discussions 

The  desorption  spectra  (indium  desorption  as 
a  function  of  time  during  InGaAs  growth)  were 
recorded  for  different  growth  temperatures  and 
growth  conditions  (Fig.  1  shows  desorption  spectra 
for  growth  with  AS4).  Each  desorption  spectrum 
has  the  same  profile  as  described  by  Evans  [5];  an 
exponential  rise  at  growth  initiation  (t  =  0),  fol¬ 
lowed  by  the  realization  of  a  steady-state  signal. 
The  amplitude  of  the  steady-state  signal  increases 
with  increasing  substrate  temperature.  Upon  termi¬ 
nation  of  the  InGaAs  growth  {t  =  25  s),  the  desorp¬ 
tion  signal  drops  back  to  zero  with  a  time  constant 
which  depends  on  the  growth  conditions.  For  low 
substrate  temperatures  (510-520°C),  no  detectable 
mass  spectrometer  signal  was  recorded.  The  indium 
desorption  signal  begins  to  appear  around  530°C. 
The  data  presented  (see  Fig.  1)  were  obtained  with 
GaAs  and  InGaAs  growth  rates  of  0.714  and 
0.912  |im/h,  respectively.  The  indium  composition 
was  approximately  21%.  Fig.  la  shows  data  for 
growth  under  a  low  V/III  (17:1)  ratio,  while 
Fig.  lb  shows  data  obtained  for  growth  with 
a  higher  V/III  ratio  (36  :  1).  The  shape  of  these  two 
sets  of  desorption  spectra  is  quite  different.  The 
series  of  curves  at  low  V/III  ratio  is  square-shaped, 
and  we  can  define  two  desorption  mechanisms  in 
the  decay  curve,  with  two  different  rate  constants 
Kii  and  In  the  case  of  the  higher  V/III  ratio, 
the  shape  is  more  rounded,  and  the  decay  curve  can 
be  modeled  by  a  single  desorption  mechanism. 
These  two  sets  of  measurements  were  repeated  using 
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the  dimer  As2,  with  the  same  dependence  on 
V/III  ratio  observed.  Other  studies  report  data 
which  may  appear  similar  but  are  interpreted 
differently  from  the  data  in  this  study.  Evans 
et  al.  [7]  observe  two  desorption  phenomena 
for  TnAs  deposited  on  GaAs.  They  attribute  the 
lowest-temperature  desorption  mechanism  (62ff^C) 
to  indium  desorption  from  a  segregated  surface 
layer,  and  the  higher-temperature  desorption 
(700°C)  to  indium  evolving  from  the  lattice. 
The  two  mechanisms  observed  in  our  data  occur 
at  temperatures  less  than  640°C.  Kao  et  al.  [8] 
in  their  DMS  analysis  of  InGaAs  growth,  observed 
two  separable  signals  in  their  decay  curve. 
They  associated  one  part  of  the  signal  to  desorp¬ 
tion,  while  the  other  part  was  interpreted  as 
indium  reflection  due  to  the  observed  insensitivity 
of  the  signal  to  substrate  temperature. 

In  our  case,  below  530°C,  no  measurable  desor¬ 
bed  signal  is  noted  in  the  presence  of  an  open  or 
closed  indium  shutter.  For  temperatures  above 
blO^'C,  we  observed  a  saturation  of  the  steady-state 
amplitude  (see  Fig.  la).  The  saturation  amplitude  is 
dependent  on  the  V/III  ratio.  In  the  presence  of 
higher  V/III  ratio,  the  saturation  appears  at  a  tem¬ 
perature  greater  than  630°C.  For  high  V/III  ratio 
and  high  temperatures  we  note  similar  behaviour 
for  the  growth  of  InGaAs  utilizing  As2. 

In  order  to  extract  more  information  from  the 
mass  desorption  spectra,  we  utilize  a  general  equa¬ 
tion  describing  the  indium  surface  population  dur¬ 
ing  growth.  By  analogy  to  the  dopant  in¬ 
corporation  model  presented  by  Wood  and  Joyce 
[9],  we  can  write  the  temporal  variation  of  the 
indium  surface  population,  iVs,  as 

dNs(ln)/dt  =  F,-  Kd(Vs(In))^  -  K,(iVs(In))^  (1) 

where  is  the  incident  indium  flux  in  atoms/cm^, 
the  second  term  defines  the  indium  desorbed  flux, 
FD(In),  and  the  final  term  represents  the  incorpora¬ 
tion  flux,  F,(In).  Kd  and  K,  are,  respectively,  the 
desorption  and  incorporation  rate  contants.  The 
units  of  K  depend  on  the  reaction  order.  Finally, 
p  and  q  are,  respectively,  the  desorption  and  incor¬ 
poration  order.  In  the  case  of  several  desorption 
mechanisms  different  need  to  be  defined.  In  the 
case  of  two  mechanisms,  the  K  expressions  can  be- 


written  as  a  function  of  activation  energy  and  sub¬ 
strate  temperature,  as  follows: 

Kii  =  -Kaio  exp  (  -  E^i/kT),  (2) 

=  Kd2o  exp  (  -  E^JkT).  (3) 

In  order  to  take  into  account  the  two  separate 
desorption  mechanisms  which  clearly  appear  in 
our  desorption  spectra,  we  have  introduced  two 
terms  in  the  desorption  part  of  Eq.  (1),  each  related 
to  one  desorption  phenomenon  and  each  with  an 
associated  activation  energy,  Eai  and  £a2-  We  as¬ 
sume  that  £ai  corresponds  to  the  desorption 
activation  energy  of  an  indium  segregated  layer, 
which  does  not  appear  in  the  presence  of  a  high 
V/III  ratio.  £a2  represents  the  desorption  activa¬ 
tion  energy  for  indium  atoms  from  a  more  tightly 
bound  state. 

The  initial  rise  in  signal  apparent  in  the  desorp¬ 
tion  spectra  corresponds  to  the  creation  of  an  in¬ 
dium  surface  population.  During  the  establishment 
of  this  population,  indium  incorporation,  segrega¬ 
tion  and  desorption  are  present.  This  situation  can 
be  described  by  Eq.  (1).  When  the  steady  state  is 
reached  (diVs(In)/dt  =  0),  Eq.  (1)  gives:  F,  =  K^iNs 
(In))^  +  UNs{ln)y. 

The  transient  rise  and  saturation  characteristics 
of  the  desorption  spectra  are  ditficult  to  analyse 
because  the  creation  of  an  indium  surface  popula¬ 
tion,  as  well  as  incorporation  and  desorption,  are 
all  taking  place  simultaneously. 

Upon  termination  of  growth,  the  analysis  is 
made  easier  due  to  the  presence  of  a  single  surface 
process:  desorption.  The  fit  of  the  decay  curve 
allows  us  to  determine  the  desorption  rate,  Kd2,  as 
a  function  of  substrate  temperature.  Because  of  the 
sharp  variation  present  in  the  first  part  of  the  decay 
curve,  no  data  fit  was  obtained  in  this  region;  thus, 
we  were  unable  to  extract  information  about  the 
desorption  rate,  associated  with  the  first  mech¬ 
anism.  An  Arrhenius  plot  of  the  Kd2  gives  the  next 
activation  energy  associated  with  the  second  de¬ 
sorption  process,  £a2‘  We  found  an  average  value 
of  1.3  eV  for  E^2,  which  agrees  well  with  the  pre¬ 
vious  values  [10-12]  reported  for  indium  desorp¬ 
tion.  We  find  that  the  value  of  £a2  seems  to  be 
relatively  independent  of  the  V/III  ratio  and  arsenic 
species. 
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Fig.  3.  Indium  incorporation  coefficient  as  a  function  of  substrate  temperature  for  low  17  :  1)  and  high  36  :  1)  V/III  ratio,  in  the 
presence  of  AS4  (a)  and  for  V/III  ratio  17  :  1)  for  both  arsenic  species  (b). 


In  addition,  we  observe  little  dependence  of  the 
activation  energy  on  the  indium  composition  in  the 
growing  InGaAs  film.  None  of  the  spectra  recorded 
for  different  indium  compositions  and  the  same 
V/III  ratio  show  a  significant  variation  of  £a25 
although  the  measurements  were  taken  for  different 
but  very  similar  InGaAs  growth  rates  of  1.11  pm/h 
and  0.912  pm/h,  respectively,  for  5  and  21%  in¬ 


dium.  This  result  indicates  that  the  link  between 
strain  and  growth  kinetics  needed  to  exploit  the 
SME  approach  will  be  found  in  surface  mecha¬ 
nisms  such  as  segregation  and  migration,  rather 
than  in  indium  desorption. 

The  integration  of  the  area  defined  by  the  decay 
curve  gives  us  information  about  the  indium 
surface  population  (see  Fig.  2).  The  average 
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population  in  the  case  of  low  V/III  ratio  (16  :  1, 
20:1),  given  by  area  A,  is  found  to  be  around 
0.3  ML  [13]  (Fig.  2a)  in  the  case  of  21%  In,  for 
both  arsenic  species,  and  for  14%  In  with  AS4.  For 
the  high  V/III  ratio  case  (36  :  1),  the  average  popu¬ 
lation  is  given  by  area  B  (Fig.  2b).  For  2iyo  In,  we 
have  calculated  a  surface  population  of  around 
1.0  ML  [13]  and  0.5  ML,  respectively,  for  AS4  and 
As2.  Evans  et  al.,  measure  between  1.0  and  2.0 
monolayers  of  segregated  indium,  independent  of 
As2  overpressure  [7]. 

Finally,  the  steady-state  part  of  the  desorption 
spectra  (dNJdt  =  0)  is  used  to  calculate  the  indium 
incorporation  coefficient  defined  by:  = 

We  compare  in  Fig.  3a  the  indium  incorporation 
coefficient  as  a  function  of  substrate  temperature 
for  high  and  low  V/III  ratio.  For  T  =  520°C,  is 
very  near  unity.  For  higher  temperatures,  the  incor¬ 
poration  coefficient  decreases  steadily. 

For  a  higher  V/III  ratio  of  36  :  1,  cxin  drops  from 
0.85  to  0.4  between  550°C  and  600°C.  The  magni¬ 
tude  of  the  incorporation  coefficient  is  greater  for 
growth  under  a  higher  V/III  ratio.  However,  in  the 
presence  of  a  low  V/III  ratio,  the  decrease  of 
(Xin  with  temperature  is  not  as  great  as  the  decrease 
under  a  high  ratio,  which  is  in  agreement  with 
indium  segregation  studies  [1,  14].  This  results  ap¬ 
pears  to  be  true  for  both  AS4  and  As2.  For  high 
temperatures  the  situation  seems  to  be  reversed;  for 
low  V/III  ratio,  stays  around  0.3  because 
of  the  saturation  phenomenon  mentioned  pre¬ 
viously,  whereas  ain  continues  to  drop  for  high 
V/III  ratio. 

For  a  higher  V/III  ratio,  the  results  show  a  high¬ 
er  indium  incorporation  coefficient  and,  concur¬ 
rently,  a  higher  indium  surface  population.  This 
may  appear  contradictory  but  is  not,  since  both  the 
desorbed  and  incorporated  fluxes,  FD(In)  and 
F,(In),  are  proportional  to  the  indium  surface  popu¬ 
lation,  Ns.  The  presence  of  a  higher  Ns  does  not 
automatically  imply  poorer  incorporation. 

When  examining  the  interplay  of  the  dynamics, 
the  surface  population,  Vs,  is  apparently  strongly 
dependent  on  the  V/III  ratio,  while  the  activation 
energy  for  desorption  is  apparently  independent 
of  growth  condition.  Thus,  it  appears  that  the 
dominant  mechanism  controlling  the  observed 


differences  in  growth  result  from  the  varying  sur¬ 
face  population.  Finally,  as  shown  in  Fig.  3b, 
a  comparison  of  the  incorporation  coefficient 
curves  for  both  arsenic  species  shows  significantly 
greater  indium  incorporation  for  growth  under  As2 
for  both  low  and  high  V/III  ratios. 


4.  Conclusions 

A  DMS  study  of  indium  desorption  during  In- 
GaAs  growth  by  MBE  has  been  presented  for 
a  wide  range  of  growth  conditions  (substrate  tem¬ 
perature,  V/III  ratio,  arsenic  species  and  In  percent¬ 
age).  For  low  V/III  ratio  (~  17  :  1)  two  distinct 
desorption  mechanisms  were  observed  in  the  decay 
curve  of  the  mass  spectrometer  data,  whereas  for 
higher  ratio  (~  36 :  1),  only  one  mechanism  was 
present.  The  fit  of  the  decay  curves  give  us  a  aver¬ 
age  value  of  1.3  eV  for  one  of  the  desorption  mecha¬ 
nisms.  This  activation  energy  is  found  to  be 
independent  of  both  V/III  ratio,  arsenic  species  and 
indium  composition.  This  result  gives  us  the  new 
directions  to  choose  in  order  to  fully  exploit  kinet¬ 
ics  in  our  SME  approach. 

Additionally,  we  confirm  that  the  indium  incor¬ 
poration  is  generally  improved  in  the  presence  of 
high  V/III  ratio.  The  data  also  indicates  that  incor¬ 
poration  is  probably  controlled  by  the  indium  sur¬ 
face  population,  Vs,  which  depends  significantly  on 
the  V/III  ratio  and  As  species.  Indium  incorpora¬ 
tion  is  dramatically  enhanced  by  the  use  of  the 
arsenic  dimer. 
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Abstract 

In  situ  desorption  mass  spectrometry  studies  (DMS)  of  AlGaAs/GaAs  molecular  beam  epitaxy  (MBE)  at  high 
substrate  temperatures  reveals  a  rich  transient  behavior  in  the  Ga  desorption  signal  during  the  formation  of  the 
AlGaAs-on-GaAs  interface.  In  this  study  we  develop  Monte  Carlo  (MC)  models  for  Ga  desorption,  in  which  the  effects  of 
the  Al-Ga  interaction  strength  and  the  inclusion  of  an  Al-Ga  surface  exchange  mechanism  are  investigated.  The  models 
which  best  describe  the  experimental  observations  are  identified.  The  transients  in  Ga  desorption  rate  at  the  AlGaAs-on- 
GaAs  interface  and  the  experimentally  observed  reduction  in  Ga  desorption  energy  during  growth  of  AlGaAs  are 
explained  in  terms  of  the  reduction  in  V/III  flux  ratio  accompanying  the  opening  of  the  A1  shutter.  The  proposed  effects  of 
this  reduction  in  V/III  flux  ratio  are  consistent  with  the  results  predicted  by  the  different  models. 

PACS:  81.10.Aj;  68.45.Da;  68.35.Fx;  81.15.Hi;  81.05.Ea 

Keywords:  Monte  Carlo  models;  Gallium  desorption;  Molecular  beam  epitxay 


1.  Introduction 

In  order  to  achieve  smooth  and  abrupt  interfa¬ 
ces,  MBE  of  AlGaAs/GaAs  is  often  performed  at 
temperatures  high  enough  to  cause  significant  Ga 
desorption  [1].  An  understanding  of  Ga  desorption 
behavior  is  extremely  important  as  it  affects  both 
the  growth  rate  and  layer  stoichiometry.  The  kinet¬ 
ics  of  Ga  desorption  during  MBE  of  GaAs  and 
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AlGaAs  have  been  studied  extensively  by  a  variety 
of  experimental  techniques,  including  reflection 
high  energy  electron  diffraction  (RHEED)  [2], 
transmission  electron  microscopy  (TEM)  [3, 4], 
and  desorption  mass  spectrometry  (DMS)  [5”8]. 
Recent  in  situ  DMS  [7,  8]  have  revealed  significant 
differences  in  Ga  desorption  behavior  between 
GaAs  homoepitaxy  and  AlGaAs/GaAs  hetero¬ 
epitaxy.  Upon  opening  the  A1  shutter,  there  is 
a  sharp  rise  in  the  Ga  desorption  rate,  followed  by 
a  gradual  fall  to  a  steady  state  value.  Furthermore, 
relative  to  GaAs,  a  reduction  in  both  the  steady 
state  Ga  desorption  rate  and  the  activation  energy 
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for  Ga  desorption  were  observed  for  growth  of 
AlGaAs.  The  observed  variation  in  Ga  desorption 
rate  has  important  technological  implications  since 
it  indicates  a  grading  of  the  Al/Ga  composition  at 
the  AlGaAs-on-GaAs  interface. 

In  this  study  we  develop  a  kinetic  MC  model 
[9,  10]  to  examine  the  possible  mechanisms  which 
could  explain  the  above  Ga  desorption  behavior. 
A  strong  candidate  is  the  Al-Ga  surface  exchange, 
whose  existence  is  supported  by  experimental  evid¬ 
ence  [11-14].  Other  factors  investigated  include  the 
effects  of  changes  in  V/III  flux  ratio  and  the  influ¬ 
ence  of  Al-Ga  interaction  energy.  Based  on  pre¬ 
dicted  results,  further  details  of  their  effects  on 
surface  stoichiometry  and  activation  energy  for  Ga 
desorption  are  presented. 

2.  The  model 

The  MC  simulation  procedure  was  developed 
previously  to  model  cation  desorption  behavior 
during  MBE  of  (1  0  0)-InAs  and  (1  0  0)-GaAs  [15]. 
The  MC  algorithm  adopted  is  similar  to  those  used 
previously  [9, 10].  However,  an  important  differ¬ 
ence  is  that  the  present  model  includes  a  temper¬ 
ature-dependent  physisorption  mechanism  for 
cations  in  addition  to  adsorption,  surface  migration 
and  desorption  events.  In  this  mechanism  a  cation 
arriving  at  a  cation  terminated  site  is  allowed 
a  fixed  number  (temperature  dependent)  of  random 
jumps,  determined  by  fit  to  experimental  data,  to 
find  an  anion  terminated  site;  the  cation  desorbs  if 
it  is  unsuccessful.  This  accounts  for  the  finite  sur¬ 
face  residence  time  at  high  temperature.  By  includ¬ 
ing  this  mechanism,  it  was  possible  to  obtain  good 
agreement  between  predicted  and  experimental 
values  for  Ga  and  In  desorption  rates  for  a  range  of 
temperatures  [15].  Also,  the  predicted  dependence 
of  the  Ga  desorption  energy  on  V/III  ratio  for 
homoepitaxy  of  GaAs  was  in  good  quantitative 
agreement  with  experimental  results  [4]. 

In  order  to  match  growth  conditions  used  in 
a  recent  experiment,  MC  simulations  were  per¬ 
formed  for  growth  temperatures  in  the  range 
950-990  K  and  a  V/III  flux  ratio  of  5.  The  incident 
flux  for  Ga  was  1.0  monolayer/s  and  that  for  Al 
0.667  monolayer/s  giving  a  nominal  composition  of 


Alo.4Gao.6As.  Simulations  were  performed  on  the 
(10  0)  unreconstructed  zinc-blende  surface  with 
a  substrate  size  of  40  x  40,  employing  a  solid-on- 
solid  (SOS)  model.  The  kinetic  rates  for  deposition 
of  Al,  Ga  and  As  were  assumed  to  be  equal  to  their 
respective  fluxes.  The  rates  for  surface  migration 
and  desorption  events  were  assumed  to  be  of  the 
Arrhenius  form  with  configuration-dependent  ac¬ 
tivation  energies  calculated  in  terms  of  the  first  and 
second  nearest  neighbor  interaction  energies,  as  in 
earlier  MC  models  [9,  10].  The  frequency  factors 
and  interaction  energies  for  GaAs  were  taken  from 
a  previous  study  [15],  and  those  for  AlAs  were 
determined  from  values  for  the  cohesive  energy 
[16].  The  model  parameters  used  were  then:  the 
frequency  factors  for  diffusion  and  desorption  are 
i^diff  =  10^7s  and  i^des  =  7.5  x  lO^^s,  respectively; 
nearest  neighbor  interaction  energies:  Eoa-As  = 
0.85  eV,  Eai-as  =  0.97  eV;  and  second-nearest- 
neighbor  interaction  energies  Eoa-oa  =  0.17  eV, 
£as-as  =  0.12  eV  and  Eai-ai  =  0.25  eV. 

In  each  simulation  the  Ga  desorption  ratio,  de¬ 
fined  as  the  fraction  of  incident  Ga  flux  desorbed, 
was  monitored.  The  deposition  of  Ga  was  governed 
by  the  physisorption  rule,  while  Al,  which  has  negli¬ 
gible  desorption  rate  under  conditions  of  this  study, 
was  allowed  enough  jumps  to  find  an  appropriate 
SOS  site.  The  Al-Ga  surface  exchange  was  imple¬ 
mented  by  having  Al  atoms  which  arrive  at  Ga- 
terminated  sites  (by  deposition  or  diffusion)  replace 
the  Ga  atom.  The  ejected  Ga  atom  then  finds 
another  site  or  desorbs,  as  per  the  physisorption 
rule. 


3.  Results  and  discussion 

To  develop  a  model  that  explains  the  experi¬ 
mental  observations,  we  first  examine  the  factors 
which  account  for  the  influence  of  Al  on  the  Ga 
desorption  rate.  The  Al-Ga  exchange  reaction  can 
explain  the  initial  rise  in  the  Ga  desorption  rate 
upon  opening  the  Al  shutter,  as  the  exchange  reac¬ 
tion  increases  the  surface  concentration  of  Ga. 
However,  the  fact  that  the  steady  state  Ga  desorp¬ 
tion  rate  during  AlGaAs  growth  is  lower  than  that 
during  GaAs  growth  cannot  be  explained  by  this 
mechanism.  Other  factors  which  could  explain  this 
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include  a  decrease  in  the  number  of  surface  cation 
sites  from  which  Ga  can  desorb  due  to  the  presence 
of  Al  on  the  surface  and  a  higher  interaction 
strength  for  Al-Ga  compared  to  that  for  Ga-Ga. 
Based  on  these  considerations  we  have  examined 
two  types  of  models;  one  which  includes  the  Al-Ga 
exchange  mechanism  and  another  which  excludes 
this  mechanism.  For  each  model,  simulations  were 
performed  for  the  cases  with  Fai-gh  =  ^ca-ca  and 

F Al-Ga  >  ^Ga-Ga* 

The  time  evolution  of  the  Ga  desorption  ratio 
predicted  by  the  different  models  is  shown  in  Fig.  1. 
For  comparison  the  results  obtained  from  experi¬ 
ment  are  also  included.  Note  that  for  GaAs  growth, 
inclusion  of  the  Ga  physisorption  mechanism  was 


Fig.  1.  Predicted  Ga  desorption  ratio  evolution  using  models 
which  (a)  include  the  Al-Ga  surface  exchange  mechanism  and 
(b)  exclude  the  Al-Ga  surface  exchange  mechanism. 


required  to  match  the  experimentally  observed 
steady  state  Ga  desorption  ratio.  Fig.  la  shows 
results  obtained  from  models  which  include  the 
Al-Ga  exchange  mechanism,  with  different  values 
for  £ai  Ga.  All  the  models  predict  a  sharp  rise  in  the 
Ga  desorption  ratio  accompanying  the  opening  of 
the  Al  shutter,  followed  by  a  gradual  decrease  to 
a  steady  state.  However,  in  contrast  to  experi¬ 
mental  observations,  the  steady  state  Ga  desorp¬ 
tion  ratio  predicted  by  the  model  with 
^Ga-Ga  =  ^^Ga-Ai  =0.17eV  is  higher  in  AlGaAs 
than  that  for  GaAs.  On  the  other  hand,  results  from 
the  model  with  Fca-Ai  =  0.21  eV  provide  a  better 
representation  of  the  experimental  data,  although 
the  predicted  steady  state  Ga  desorption  ratio  is 
higher  than  that  obtained  in  experiment.  Further 
analysis  of  the  results  from  this  model  showed  that 
good  agreement  with  experiment  is  obtained  when 
an  Al-Ga  exchange  probability  of  0.9  was  used. 
Interestingly,  in  a  previous  study  a  probability  of 
0.98  was  calculated  for  Ga-In  exchange  in  InGaAs 
[12].  The  value  of  0.9  used  is  consistent  since,  based 
on  bond  energy  arguments,  the  tendency  for  ex¬ 
change  is  predicted  to  be  In  >  Ga  >  Al. 

The  results  obtained  from  models  which  exclude 
the  Al-Ga  exchange  mechanism  are  presented  in 
Fig.  lb.  It  is  interesting  to  note  that  the  model  with 
Foa  Ga  =  ^Ai^Ga  IS  able  to  describc  both  the  sharp 
rise  and  gradual  decrease  in  the  Ga  desorption  ratio. 
The  results  also  reveal  that  the  Al-Ga  interction 


Fig.  2.  Evolution  of  surface  stoichiometry  as  predicted  by  the 
different  models. 
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energy  has  a  significant  effect  on  the  Ga  desorption 
behavior.  The  sensitivity  of  the  Ga  desorption  ratio 
to  the  magnitude  of  the  Al-Ga  interaction  energy 
indicates  that  the  sharp  rise  in  the  Ga  desorption 
ratio  must  be  due  to  an  abrupt  increase  in  the 
population  of  weakly  bound  Ga  species  when  the 
Al  shutter  is  opened.  The  only  factor  that  can 
explain  this  situation  is  the  reduction  in  V/III  flux 
ratio  accompanying  the  opening  of  the  Al  shutter, 
as  surmised  in  an  earlier  study  [8].  The  gradual 
decrease  in  Ga  desorption  ratio  can  be  attributed 
to  the  decrease  in  the  number  of  surface  cation  sites 
from  which  Ga  can  desorb,  as  described  earlier. 

The  proposed  eifects  of  change  in  V/III  flux  ratio 
on  Ga  desorption  ratio  may  be  verified  by  examin¬ 
ing  the  time  evolution  of  surface  stoichiometry  dur¬ 
ing  growth.  Fig.  2  is  a  plot  of  the  Al,  Ga  and  As 
concentrations  of  the  surface  versus  time  as  pre¬ 
dicted  by  the  different  models.  It  is  clear  that  open¬ 
ing  the  Al  shutter  is  accompanied  by  a  sharp  rise  in 
the  surface  Ga  concentration  and  a  decrease  in  the 
surface  As  concentration.  Following  the  sharp  rise 
in  Ga  concentration,  the  models  which  exclude  the 
Al-Ga  exchange  mechanism  predict  a  gradual  de¬ 
crease  in  the  surface  Ga  concentration  with  a  cor¬ 
responding  increase  in  the  Al  concentration.  Thus, 
the  predicted  trends  are  consistent  with  the  desorp¬ 
tion  profiles  shown  in  Fig.  lb,  lending  support  to 
the  argument  proposed  above.  In  contrast,  the 
model  which  includes  the  exchange  mechanism 
predicts  a  Ga  surface  concentration  which  rises 
sharply  and  remains  at  a  higher  level  with  no  fur¬ 
ther  decrease,  as  would  be  expected  from  its  pre¬ 
dicted  desorption  profile  shown  in  Fig.  la.  The 
gradual  decrease  in  the  Ga  desorption  ratio  despite 
a  higher  Ga  surface  concentration  may  be  at¬ 
tributed  to  the  gradual  build  up  of  the  sublayer  Al 
concentration  having  a  stabilizing  effect  on  surface 
Ga  due  to  its  higher  interaction  energy  (0.21  eV). 

Finally  we  examine  the  temperature  dependence 
of  the  steady  state  Ga  desorption  during  growth  of 
GaAs  and  AlGaAs.  A  regression  analysis  of  the 
experimental  data,  assuming  Arrhenius  kinetics  for 
the  Ga  desorption  rate,  yielded  an  activation  en¬ 
ergy  of  4.52  eV  for  GaAs  and  4.15  eV  for  AlGaAs. 
The  reduction  in  Ga  desorption  energy  during 
growth  of  AlGaAs  is  illustrated  in  Fig.  3.  As  in¬ 
dicated  in  the  figure,  the  temperature  dependence 
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Fig.  3.  Variation  of  the  ratio  of  Ga  desorbed  from  AlGaAs  to 
that  from  GaAs  versus  the  inverse  of  growth  temperature.  Solid 
line  is  an  exponential  fit  to  the  experimental  data. 

could  be  well  described  by  an  exponential  fit  yield¬ 
ing  a  reduction  in  activation  energy  of  0.4  eV. 
A  similar  dependence  was  also  observed  in  the 
results  predicted  by  the  different  models.  However, 
for  clarity  only  results  from  those  models  whose 
predictions  were  close  to  the  experimental  data  are 
included  in  Fig.  3.  At  first  the  reduction  in  Ga 
desorption  energy  in  AlGaAs  appears  to  contradict 
theory  [17],  since  theory  predicts  that  the  effect  of 
Al  is  only  to  reduce  the  Ga  desorption  rate  and  not 
the  desorption  energy.  This  apparent  contradiction 
may  be  reconciled  if  the  reduction  in  desorption 
energy  is  attributed  to  the  reduction  in  V/III  flux 
ratio  and  not  to  the  addition  of  Al  per  se.  This  is 
consistent  with  theory  [17],  and  has  been  reported 
in  experimental  studies  [4]. 


4.  Summary 

Our  MC  simulation  study  of  Ga  desorption  be¬ 
havior  during  MBE  of  AlGaAs/GaAs  heterostruc¬ 
tures  shows  that  the  observations  reported  in 
experiment  are  best  described  by  two  models;  one 
which  includes  an  Al-Ga  surface  exchange  mecha¬ 
nism  with  jEAi-Ga  >  Fca-Ga  ^nd  the  other  without 
the  surface  exchange  with  EAi-ca  =  ^oa-Ga-  The  re¬ 
sults  from  these  models  indicate  that  the  transients 
in  Ga  desorption  rate  observed  at  the  AlGaAs-on- 
GaAs  interface,  and  the  reduction  in  Ga  desorption 
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energy  during  growth  of  AlGaAs  can  be  explained 
in  terms  of  the  reduction  in  V/III  flux  ratio  accom¬ 
panying  the  opening  of  the  Al  shutter.  An  impor¬ 
tant  implication  of  this  result  is  that  the  transient  in 
Ga  desorption  rate  and  the  associated  composi¬ 
tional  grading  of  the  AlGaAs-on-GaAs  interface 
may  be  avoided  by  compensating  for  the  decrease 
in  V/III  flux  ratio  by  increasing  the  As  flux  when  Al 
shutter  is  opened.  In  order  to  verify  this  prediction 
a  simulation  study  employing  a  constant  V/III  flux 
is  in  progress. 

Acknowledgements 

We  are  grateful  to  Professor  Stewart  Harris  for 
many  useful  discussions.  This  research  was  sup¬ 
ported  by  Air  Force  contract  F33615-94-C-5804 
under  the  sponsorship  of  the  Materials  Direc¬ 
torate,  Wright  Laboratory,  WL/MLPO,  at  Wright- 
Patterson  Air  Force  Base,  Ohio. 

References 

[1]  W.T.  Tsang,  in:  Semiconductors  and  Semimetals,  Vol.  1 .22, 
part  A,  Eds.  R.K.  Williardson  and  A.C.  Beer  (Academic 
Press,  New  York,  1985)  p.  95. 


[2]  C.T.  Foxon,  in;  Heterojunctions  and  Semiconductor 
Superlattices  ,  Eds.  G.  Allen,  G.  Bastard,  N.  Boccara, 
M.  Lannoo  and  M.  Voos  (Springer,  Berlin,  1986)  p.  27. 

[3]  A.H.  Kean,  C.R.  Stanely,  M.C.  Holland,  J.L.  Martin  and 
J.N.  Chapman,  J.  Crystal  Growth  111  (1991)  189. 

[4]  J.P.  Reithmaier,  R.F.  Broon  and  H.P.  Meier,  Appl.  Phys. 
Lett.  61  (1992)  1222. 

[5]  E.M.  Gibson,  C.T.  Foxon,  J.  Zhang  and  B.A.  Joyce,  Appl. 
Phys.  Lett.  57  (1990)  1203. 

[6]  J.  Zhang,  E.M.  Gibson,  C.T.  Foxon  and  B.A.  Joyce, 
J.  Crystal  Growth  111  (1991)  93. 

[7]  K.R.  Evans,  C.E.  Stutz,  D.K.  Lorance  and  R.L.  Jones, 
J.  Vac.  Sci.  Technol.  B  7  (1989)  259. 

[8]  K.R.  Evans,  C.E.  Stutz,  E.N.  Taylor  and  J.E.  Ehret,  J.  Vac. 
Sci.  Technol.  B  7  (1991)  2428. 

[9]  A.  Madhukar  and  S.V.  Ghaisas,  CRC  Critical  Reviews  of 
Solid  State  and  Materials  Sciences,  Vol.  14  (CRC,  Cleve¬ 
land,  1988)  p.  1. 

[10]  J.  Singh  and  K.K.  Bajaj,  J.  Vac.  Sci.  Technol.  B  3  (1985) 
520. 

[11]  R.E.  Bachrach,  J.  Vac.  Sci.  Technol.  15  (1978)  1340. 

[12]  H.  Yamaguchi  and  Y.  Horikoshi,  J.  Appl.  Phys.  68  (1990) 
1610. 

[13]  T.  Saitoh,  M.  Tamura  and  J.E.  Palmer,  Institute  of  Physics 
Conf.  Vol.  141  (1995)  p.  345 

[14]  T.  Saitoh,  A.  Hashimoto  and  M.  Tamura,  Appl.  Surf.  Sci. 
60/61  (1992)  228. 

[15]  K.  Mahalingam,  D.  L.  Dorsey,  K.  R.  Evans  and  R.  Venkata- 
subramanian,  to  be  published. 

[16]  W.A.  Harrison,  Electronic  Structure  and  Properties  of 
Solids  (Dover,  New  York,  1989)  ch.  7,  p.  176. 

[17]  R.  Heckingbottom,  J.  Vac.  Sci.  Technol.  B  3  (1985)  572. 


JOURNAL  OF  CRYSTAL. 

GROWTH 


ELSEVIER 


Journal  of  Crystal  Growth  175/176  (1997)  216-223 


Re-entrant  behavior  of  2D  to  3D  morphology  change 
and  3D  island  lateral  size  equalization  via  mass  exchange 
in  Stranski-Krastanow  growth: 

InAs  on  GaAs(0  0  1) 

T.R.  Ramachandran,  R.  Heitz,  N.P.  Kobayashi,  A.  Kalburge,  W.  Yu, 

P.  Chen,  A.  Madhukar* 

Departments  of  Materials  Science  and  Physics,  Photonic  Materials  and  Devices  Laboratory,  University  of  Southern  California, 

Los  Angeles,  California  90089-0241,  USA 


Abstract 

Using  in-situ,  ultrahigh  vacuum  scanning  tunneling  and  atomic  force  microscopy  and  ex-situ  photoluminescence  (PL) 
and  PL  excitation  we  show  that  the  growth  of  highly  strained  InAs  on  GaAs(0  0  1)  proceeds  via  a  re-entrant  behavior  of 
the  2D  to  3D  morphology  change.  Quasi-3D  clusters  of  heights  0.6-L2nm  first  appear  at  an  InAs  delivery  (9)  of 
~  1.25  ML,  only  to  disappear  for  0  ~  1.3  ML  and  reappear  again  9  ^  1.45  ML,  prior  to  3D  island  initiation  at 
~  1.57  ML.  With  increasing  9,  an  observed  tendency  of  the  3D  islands  towards  lateral  size  equalization  is  shown  to  be 
accompanied  by  mass  exchange  between  the  2D  and  3D  surface  features.  Molecular  dynamics  simulations  reveal 
a  decreasing  binding  energy  for  atoms  at  island  edges  as  a  function  of  increasing  island  size  and  island-island  interaction, 
thereby  suggesting  a  role  for  atom  detachment  from  larger  islands  in  the  size  equalization  process. 


1.  Introduction 

The  formation  of  coherent  three-dimensional 
(3D)  islands  during  highly  strained  growth  [1^] 
has  been  a  key  area  of  interest  in  recent  years, 
especially  for  the  Ge/Si  [5,  6]  and  InGaAs/GaAs 
[7-14]  material  systems.  This  has  partly  been  moti¬ 
vated  by  the  intrinsic  interest  in  understanding  the 
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nature  of  the  2D  to  3D  morphological  transition  in 
these  systems.  In  addition,  the  fabrication  of  op¬ 
tically  active  InGaAs  3D  island  quantum  dots 
(QDs)  in  GaAs  and  recent  reports  of  lasing  from 
InGaAs/GaAs  structures  containing  InGaAs  QDs 
[15]  further  motivates  studies  to  unambiguously 
identify  the  origin  of  the  optical  features  and  the 
lasing.  While  a  number  of  structural  and  optical 
studies  have  focused  on  the  InGaAs/GaAs(0  0  1) 
system  [7-14],  the  atomistic  nature  of  the  2D  clus¬ 
ter  (IML  high,  ~  0.3  nm)  to  3D  island  (typically 
~  2-4  nm  high)  transition  in  InAs/GaAs(0  0  1)  is 
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still  not  well  understood.  We  therefore  undertook 
a  systematic  in-situ  ultrahigh  vacuum  (UHV) 
scanning  tunneling  microscope  and  atomic  force 
microscope  (STM/AFM)  and  ex-situ  photo¬ 
luminescence  (PL)  and  PLE  study  of  the  molecular 
beam  epitaxical  (MBE)  growth  of  InAs  on 
GaAs(0  0  1)  for  InAs  depositions,  0,  from  sub¬ 
monolayer  to  well-formed  3D  islands  prior  to  onset 
of  coalescence,  focusing  on  the  nature  of  (i)  the 
initial  formation  and  (ii)  the  subsequent  evolution 
of  the  3D  InAs  islands.  Our  results  show  that 
quasi-3D  InAs  clusters  (  ~  0.6-1. 2  nm  high)  appear 
and  disappear  well  in  advance  of  the  regime  of  3D 
island  formation,  reappear  prior  to  3D  islands 
and  subsequently  coexist  with  3D  islands  and 
2D  clusters.  In  addition,  the  3D  islands  exhibit 
a  natural  tendency  towards  lateral  size  equalization 
via  an  accompanying  mass  exchange  between  the 
2D  and  3D  features  on  the  surface.  These  observa¬ 
tions,  revealing  the  atomistic  nature  of  highly 
strained  epitaxy  for  the  first  time,  also  show  that 
MBE  growth  does  not  follow  the  hitherto  held 
simple  picture  of  the  thermodynamic  ground- 
state-based  Stranski-Krastanow  (SK)  growth  [2]. 


2.  Experimental  procedure 

The  details  of  the  sample  preparation  are  re¬ 
ported  elsewhere  [9].  All  samples  were  grown 
via  molecular  beam  epitaxy  (MBE)  on  n'^- 
GaAs(0  0  1)  ±  0.1°  substrates  using  in-situ 
monitoring  via  reflection  high  energy  electron  dif¬ 
fraction  (RHEED).  InAs  deposition  was  carried  out 
at  a  rate  of  0.22  ML/s  with  the  substrate  temper¬ 
ature  Tg  being  500°C  and  Pas4  being  6  x  10"^  torr. 
The  sample  was  allowed  to  cool  down  immediately 
following  InAs  deposition  by  shutting  off  power  to 
the  substrate  heater,  in  order  to  examine  the  nature 
of  InAs  evolution  as  close  as  possible  to  the  growth 
conditions  without  any  intentional  annealing  or 
growth  interruptions.  Samples  were  transferred  to 
the  UHV  interconnected  UHV  STM/AFM  cham¬ 
ber  for  in-situ  structural  characterization.  We  note 
that  samples  for  ex-situ  optical  studies  were  capped 
with  GaAs  grown  by  migration  enhanced  epitaxy 
(MEE)  at  Tg  of  400°C  [14]. 


3.  Results  and  discussion 

The  main  surface  features  observed  in  the  struc¬ 
tural  studies  are  classified  as  follows:  small  (lateral 
size  <  20  nm)  and  large  (lateral  size  >  ^  50  nm) 
2D  clusters  (1  ML  high),  small  and  large  quasi-3D 
clusters  (2-4  ML  high),  and  3D  islands  (height 
>  4  ML  (typically  2-4  nm),  lateral  size 
<  25  nm).  The  evolution  of  the  surface  densities 
of  these  features  [16]  with  increasing  InAs  delivery 
is  plotted  in  Fig.  1. 

3.1.  Re-entrant  behavior  of  2D  ->  3D  morphology 
change 

The  evolution  of  the  different  structural  features 
noted  above  is  shown  in  the  STM  images  of  Figs.  2 
and  3  for  samples  with  increasing  0.  At  sub¬ 
monolayer  depositions  (0  ~  0.87  ML,  Fig,  2a),  the 
large-scale  surface  morphology  is  seen  to  consist  of 
terraces  separated  by  1  ML  high  steps  (marked  S), 
with  1  ML  deep  holes  (marked  H)  in  the  terraces 
that  are  a  few  tens  of  nm  wide.  The  surface  coverage 


^  2  ]  Large  Quasi-3D  (C) 


1,0  1.2  1.4  1,6  1.8  2.0  2.2 


1.0  1.2  1.4  1.6  1.8  2.0  2.2 


InAs  Delivery  (ML) 

Fig.  1.  Shows  the  density  (in  units  of  lOVcm^)  of  various  InAs 
structural  features  on  GaAs(0  0  1)  as  a  function  of  InAs  delivery 
(in  ML)  (dotted  lines  are  a  guide  to  the  eye). 
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of  these  holes  is  20%,  consistent  with  the  InAs 
delivery.  High-resolution  images  (Fig.  2b)  show 
that  the  surface  reconstruction  (labeled  R)  is  highly 
disordered  in  both  InAs  (terrace)  and  GaAs  (hole) 


regions,  with  small  groups  of  adatoms  (small  2D 
clusters,  marked  A)  on  the  surface.  At  0  ^  1.25  ML 
(Fig,  2c),  the  number  of  holes  has  decreased  signifi¬ 
cantly,  but  the  wetting  layer  is  not  yet  complete  as 


Fig.  2.  UHV  STM  images  for  InAs  depositions  on  GaAs  (0  0  1)  of  (a),  (b)  0.87  ML;  (c),  (d)  1.25  ML  and  (e)  1.35  ML.  The  labeling  of  the 
features  in  the  figure  corresponds  to:  A  -  small  (  ^  20  nm  wide)  2D  (1  ML  high)  clusters,  B  -  large  (  >  50  nm  wide)  2D  clusters, 

C  -  large  quasi-3D  clusters,  S  -  1  ML  high  step  edge,  H  -  1  ML  deep  hole,  and  R  -  rows  of  the  surface  dimer  reconstruction.  Note,  in 
particular,  the  appearance  of  large  quasi-3D  clusters  at  1.25  ML  ((c)  and  (d))  and  their  absence  at  1.35  ML  (e)  (see  the  text  for  details.) 


T.R.  Ramachandran  et  ai  I  Journal  of  Crystal  Growth  1751176  (1997)  216-223 


219 


evidenced  by  the  continued  presence  of  some  ML 
deep  holes  (marked  H).  One  of  the  new  features 
seen  at  this  stage  are  large  2D  clusters  (marked  B) 
with  lateral  sizes  in  the  range  of  several  hundreds  to 
thousands  of  angstroms.  Strikingly  however,  there 
is  also  a  significant  density  (  ~  2  x  10^/cm^,  Fig.  1) 
of  small  and  large  quasi-3D  clusters  (marked  C 
and  C,  respectively  in  Fig.  2c).  Note  the  distinct 
shape  anisotropy  (of  ~  2-3)  of  the  large  2D  and 
quasi-3D  clusters.  The  large  quasi-3D  clusters  are 
laterally  extended  features  with  a  multilevel  mor¬ 
phology  as  seen  more  clearly  in  the  higher-resolu¬ 
tion  image  in  Fig.  2d.  Remarkably,  the  small  and 
large  quasi-3D  clusters  disappear  as  the  InAs  deliv¬ 
ery  is  increased  beyond  ~  1.3  ML  as  seen,  for 
example,  in  Fig.  2e  at  6  ^  1.35  ML.  A  completely 
2D  morphology  is  seen  at  this  stage  again,  with 
small  and  large  2D  clusters  and  a  high  density  of 
small  holes  (H)  in  a  yet  incomplete  InAs  wetting 
layer. 

As  the  InAs  deposition  is  increased  to  1.45  ML 
(Fig.  3a),  small  quasi-3D  clusters  (marked  C') 


reappear  once  again  at  a  much  higher  density  than 
before  (  ~  L4x  lO^^cm^,  Fig.  1),  thus  manifesting 
a  re-entrant  behavior  of  the  2D  to  3D  morphology 
change.  At  the  same  time,  high-resolution  images 
(Fig.  3b)  show  the  disordering  of  the  surface  recon¬ 
struction  to  have  decreased  significantly  over  that 
at  0.87  ML.  At  ^  ~  1.57  ML,  the  first  3D  islands 
appear  on  the  surface  at  a  density  of  2  x 
10®/cm^,  but  importantly,  they  coexist  with  the 
small  quasi-3D  clusters  as  well  as  the  small  and 
large  2D  clusters  as  shown  in  Fig.  3c  (also  see 
Fig.  1).  For  completeness,  we  note  that  even  for 
InAs  deliveries  >  1.57  ML  until  1.74  ML,  all 
the  features  observed  at  1.57  ML  are  still  present 
and  only  their  relative  densities  change  as  shown  in 
Fig.  1.  Note  in  particular  the  extremely  high  den¬ 
sity  (  ~  2  X  10^  of  the  small  quasi-3D  clusters 

at  0  -  1.61  ML. 

PL  and  PLE  studies  confirm  the  initial  appear¬ 
ance  and  subsequent  disappearance  of  the  large 
quasi-3D  clusters  prior  to  3D  island  formation.  As 
shown  in  Fig.  4,  apart  from  the  InAs  wetting  layer 


Fig.  3.  UHV  STM  images  for  InAs  depositions  on  GaAs(0  0  1)  of  {a),(b)  1.45  ML  and  (c)  1.57  ML.  The  labeling  of  features  is  as  in  Fig.  2, 
with  the  additional  features  shown  here  being  labeled  as  follows:  C'  -  small  quasi-3D  clusters,  D  -  3D  islands.  Note,  the  presence  of  small 
quasi-3D  clusters  at  1.45  ML  ((a)  and  (b))  prior  to  3D  island  formation  at  1.57  ML  ((c))  (see  the  text  for  details). 
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Fig.  4.  PL  and  PLE  (inset)  spectra  for  various  InAs  depositions 
(0)  on  GaAs(OOl).  The  labels  C,  C  and  D  have  the  same  notation 
as  in  Figs.  2  and  3.  For  the  PLE  spectra  (inset), 
AE  =  JSexcitation  “  ^detection  (sce  thc  text  for  details). 


peak  (marked  WL),  luminescence  in  the  range  be¬ 
tween  900  and  1000  nm  is  observed  for  InAs  delive¬ 
ries  as  low  as  0  ~  1.15  and  1.25  ML  (marked  C), 
but  it  vanishes  for  higher  6  from  1.35  to  1.55  ML. 
PLE  performed  on  the  1.25  ML  sample  with  a  de¬ 
tection  wavelength  of  985  nm  (Fig.  4,  inset),  clearly 
indicates  that  the  above  PL  is  associated  with 
a  weakly  confined  state  in  a  laterally  extended 
quantum-well-like  structure  with  a  thickness 
>  2  ML.  This  behavior  nicely  fits  the  observation 
only  at  6  ^  1.25  ML  of  large  quasi-3D  clusters  in 
STM,  which  are  2-4  ML  high  (i.e.,  3-5  ML  high 
with  respect  to  the  GaAs(0  0  1)  substrate)  with 
a  lateral  extension  of  >  50  nm. 

The  formation  of  quasi-3D  clusters  well 
in  advance  of  the  so-called  “critical  thickness” 
for  3D  island  formation  (6^  1.57  ML  for 

InAs/GaAs(0  0  1))  has  been  suggested  to  arise,  in 
kinetic  Monte-Carlo  simulations  of  strained 
InAs/GaAs  growth,  via  a  strain-induced  enhanced 
asymmetry  in  In  upwards  versus  downwards  inter- 
planar  migration  rates  [1].  The  fact  that  small 
quasi-3D  InAs  clusters  form  prior  to  3D  islands 
and  that  even  after  the  first  3D  islands  form  at 


1.57  ML,  the  density  of  the  small  quasi-3D  clusters 
far  exceeds  the  3D  island  density  (Fig,  1),  suggests 
that  the  quasi-3D  clusters  mediate  3D  island 
formation.  In  addition,  at  6  ^  1.61  ML,  the  small 
quasi-3D  cluster  average  separation  of  22  nm 
(corresponding  to  --  2  x  density)  is  com¬ 

parable  to  the  lateral  size  of  a  typical  3D  island. 
This  implies  that  just  beyond  this  stage,  3D  island 
formation  involves  the  merger  of  small  quasi-3D 
clusters,  further  indicating  the  important  role 
played  by  the  small  quasi-3D  clusters  identified  in 
the  present  studies.  Finally,  we  note  that  the  co¬ 
existence  of  3D  islands  not  only  with  the  small 
quasi-3D  clusters  but  also  with  the  small  and 
large  2D  clusters,  is  in  contrast  to  the  Stranski- 
Krastanow  (SK)  growth  mode  predicted  by  the 
equilibrium-energetics-based  models  of  strained 
growth  [2]. 

Once  the  InAs  3D  islands  form  at  0  ~  1.57  ML, 
their  density  (Fig.  1)  initially  increases  rapidly  and 
then  saturates  at  ~  6  x  10^ ^/cm^  at  0  ~  2.18  ML. 
On  the  other  hand,  the  density  of  the  small  quasi- 
3D  clusters  increases  to  a  maximum  at  1.61  ML  as 
noted  earlier,  and  then  becomes  insignificant  be¬ 
yond  ~  1.74  ML.  The  strong  PL  at  ~  900  nm  for 
0  1.61  ML  (Fig.  4,  label  CO  we  attribute  to  emis¬ 

sion  from  the  very  high  density  of  small  quasi-3D 
clusters  seen  at  this  delivery.  The  dominant  PL  in 
the  regime  of  well-formed  3D  islands  for 
0  >  1.61  ML  is  centered  around  1020  nm  and  ex¬ 
tends  down  to  950  nm  and  lower  (Fig.  4,  label  D). 
However,  the  nature  of  this  PL  process  and  that 
from  the  large  quasi-3D  clusters  (label  C,  Fig.  4)  is 
completely  different  in  spite  of  the  overlapping 
spectral  region,  as  is  obvious  from  a  comparison  of 
their  PLE  behavior  (Fig.  4,  inset).  The  PLE  detec¬ 
ted  at  1020  nm  for  the  2.00  ML  sample  reflects  the 
strong  confinement  of  the  involved  carriers,  consis¬ 
tent  with  the  quantum  box  (QB)  nature  of  the  3D 
islands  [13, 14]. 

3.2.  3D  island  lateral  size  equalization  and  mass 
exchange 

We  have  recently  shown  [9]  that  the  3D  islands 
exhibit  a  natural  tendency  towards  lateral  size 
equalization  as  evidenced  by  an  initial  marked  in¬ 
crease  in  their  lateral  size  and  size  dispersion 
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followed  by  a  subsequent  narrowing  and  final  sta¬ 
bilization  of  both.  In  order  to  obtain  greater  insight 
into  this  process,  we  have  calculated,  using  the 
experimental  data,  the  change  in  the  volume  of 
InAs  material  in  the  small  quasi-3D  clusters  and 
3D  islands  for  a  given  incremental  InAs  delivery 
and  have  used  this  information  to  understand  the 
comparative  evolution  of  the  2D  and  3D  surface 
features  with  increasing  InAs  delivery.  The  results 
are  summarized  in  Table  1  where  it  can  be  seen 
from  the  non-monotonic  behavior  of  F[2D],  the 
amount  of  InAs  present  in  2D  form,  that  material 
exchange  is  occurring  between  the  2D  and  3D 
features  with  increasing  9. 

For  1.35  ML  <  0  ^  1.57  ML,  the  amount  of 
InAs  in  the  2D  and  3D  features  (F[2D]  and 
F[3D  -t-  Q3D])  both  increase  steadily  indicating 
that  the  material  from  the  flux  is  distributed  be¬ 
tween  the  2D  and  3D  features  with  no  indication  of 
mass  exchange  between  these  features.  This  deliv¬ 
ery  range,  as  shown  earlier  (Figs.  2  and  3),  corres¬ 
ponds  to  the  formation  of  small  quasi-3D  clusters 
and  the  first  appearance  of  3D  islands  on  the  sur¬ 
face.  In  the  delivery  range  1.57  ML  ^  0  ^  1.61  ML, 
however,  the  delivered  flux  is  insufficient  to  account 
for  the  increase  in  the  volume  of  the  3D  features 
and  ~  0.10  ML  worth  of  In  has  to  leave  the  exist¬ 
ing  2D  clusters  and  incorporate  in  the  3D  features, 
thereby  decreasing  the  volume  of  the  former.  We 
note  that  this  region  corresponds  to  the  increase  in 
the  quasi-3D  cluster  density  to  a  maximum  (Fig.  1), 
as  well  as  the  broadening  of  the  mean  lateral  size 
and  size  distribution  of  the  3D  islands  due  to  their 
initiation  and  growth  independent  of  other  islands 


[9].  Remarkably,  for  1.61  ML  ^  0  ^  1.66  ML,  the 
total  amount  of  InAs  in  2D  form  as  well  as  that  in 
the  3D  features  have  both  stagnated  or  at  best 
increased  slightly  (by  0.02-0.03  ML).  This  is  be¬ 
cause,  firstly,  the  small  quasi-3D  cluster  density  is 
dropping  rapidly  and  thus  there  is  mass  transfer 
from  these  clusters  to  3D  islands  or  2D  features. 
Secondly,  this  is  the  stage  corresponding  to  the 
narrowing  of  the  lateral  size  and  size  distribution  of 
the  3D  islands  [9],  and,  as  proposed  earlier  [9],  it  is 
possible  that  some  material  from  the  largest  lateral 
size  and  height  3D  islands  is  leaving  them  and 
moving  to  either  2D  features  or  other  3D  features. 
Although  the  island  size  distribution  narrows  and 
the  quasi-3D  cluster  density  drops  significantly  at 
this  stage,  we  recognize  that  there  is  still  a  slight 
overall  increase  in  the  material  in  the  3D  features 
(Table  1)  due  to  the  increase  in  the  density  of  the 
3D  islands  (Fig.  1).  Thus,  at  this  stage,  the  2D 
clusters  are  not  an  active  source  of  In  for  the  3D 
features  but  rather,  may  remain  either  passive  or 
even  act  as  a  possible  sink  for  In.  As  we  go  to  the 
delivery  range  of  1.66  ML  ^  0  ^  1.74  ML,  corres¬ 
ponding  to  the  stage  of  island  size  stabilization 
concomitant  with  an  increasing  island  density  [9], 
the  2D  clusters  once  again  act  as  a  source  of  In  with 
mass  transfer  of  0.23  ML  occurring  from  the  2D 
clusters  to  the  3D  islands.  At  0  1.74  ML,  the 

volume  of  material  in  the  3D  islands  (for  all  practi¬ 
cal  purposes)  has  reached  ~  0.39  ML,  with  the 
material  in  the  2D  features  having  reduced  con¬ 
siderably  from  a  value  of  ~  1.53  ML  at  the  stage  of 
first  3D  island  formation,  to  ~  1.35  ML.  These 
results  show  that  the  evolution  of  the  3D  islands 


Table  1 

Change  in  the  InAs  volume  in  the  3D  and  2D  features  as  a  function  of  the  InAs  deposition  amount  0,  with  0  ~  1.35  ML  being  the 
starting  reference 


0(ML) 

1.35 

1.45 

1.57 

1.61 

1.66 

1.74 

A0  (ML) 

_ 

0.10 

0.12 

0.04 

0.05 

0.08 

AF(3D)  (ML) 

- 

0 

0.01 

0.07 

0.08 

0.23 

AF(Q3D)  (ML) 

- 

0.01 

0.02 

0.07 

-0.06 

-0.04 

AF(2D)  (ML) 

- 

0.09 

0.09 

-0.10 

0.03 

-0.11 

F(2D)  (ML) 

1.35 

1.44 

1.53 

1.43 

1.46 

1.35 

F(3D  +  Q3D)  (ML) 

0 

0.01 

0.04 

0.18 

0.20 

0.39 

Note:  The  notation  AX  corresponds  to  the  change  in  the  quantity  “2^”,  where  “X”  can  be  6,  F(3D),  F(Q3D)  or  F(2D),  the  latter  three 
corresponding  to  the  amount  of  InAs  contained  in  the  3D  islands,  the  small  quasi-3D  clusters,  and  the  2D  features,  respectively.  AF(2D) 
is  derived  simply  as  AF(2D)  =  A9  —  {AF{3D)  +  AF{Q3D)}.  Note  the  non-monotonic  behavior  of  F(2D)  (see  the  text  for  details). 
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Fig.  5.  Results  of  molecular  dynamics  simulations  for  Ge  3D 
islands  on  1  ML  Ge/Si  (0  0  1).  Ey,  is  the  binding  energy  of  Ge 
atoms  at  the  3D  island  edge  sites  R  and  M  shown  in  the  inset 
(schematic).  Note  the  systematic  decrease  in  the  magnitude  of 
the  binding  energy  with  increasing  island  lateral  size. 

and  their  lateral  size  equalization  is  closely  linked 
to  a  dynamic  mass  exchange  between  the  2D  and 
3D  features  on  the  surface. 

Finally,  in  order  to  assess  the  importance  of 
atom  detachment  processes  from  3D  islands  [3,  9] 
in  the  island  size  equalization  process,  and  in  par¬ 
ticular,  to  assess  the  plausibility  of  strain-field-  and 
thus  island-size-  and  separation-dependent  atom 
detachment  from  3D  island  edges  [9],  we  have 
performed  molecular  dynamics  simulations  using 
3D  Ge  islands  on  Si  (0  0 1),  for  which  the 
well-established  Stillinger-Weber  potentials  are 
available.  A  key  result  that  emerges  from  these 
simulations  is  that,  as  shown  in  Fig.  5,  the  binding 
energy  of  atoms  at  the  edges  of  3D  islands  decreases 
with  increase  in  the  lateral  size  of  the  islands  due  to 
the  associated  increasing  compressive  stress.  This  is 
expected  to  increase  the  probability  of  atom  de¬ 
tachment  from  the  edges  of  larger  3D  islands  and 
confirms  the  plausibility  of  the  earlier  proposed 
mechanism  [9]. 

4.  Conclusions 

We  have  shown  that  during  InAs/GaAs(0  0  1) 
heteroepitaxy,  InAs  quasi-3D  clusters  first  form  on 


the  GaAs(0  0  1)  surface  for  0  ~  1.25  ML,  well  in 
advance  of  the  so-called  “critical  thickness” 
(6  ~  1.57  ML)  for  3D  island  formation,  disappear 
for  1.3  ML  <6  <  1.45  ML  and  emerge  again  on 
the  surface  at  6  ^  1.45  ML,  prior  to  3D  island 
formation.  This  reveals  a  remarkable  re-entrant 
behavior,  unlike  the  usual  descriptions  of  highly 
strained  growth  in  terms  of  the  SK  growth  mode. 
The  small  quasi-3D  clusters  appear  to  act  as  pre¬ 
cursors  to  3D  island  formation.  In  addition,  once 
initiated,  3D  island  evolution  is  characterized  by 
a  dynamically  evolving  mass  transfer  between  the 
2D  and  3D  surface  features,  leading  also  to  a  tend¬ 
ency  towards  3D  island  lateral  size  equalization. 
All  the  above  observations  are  in  contrast  to  pre¬ 
dictions  of  current  equilibrium-based  models  of 
strained  growth.  Molecular  dynamics  simulations 
show  the  importance  of  island-size  and  separation- 
dependent  atom  detachment  processes  from  3D 
islands,  which  may  play  an  important  role  in  island 
lateral  size  equalization. 
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Abstract 

The  use  of  column  IV  dopants  in  III-V  compounds  is  of  great  interest  because  they  are  easy  to  handle  and  in  the  case  of 
Si,  readily  available  in  most  molecular  beam  epitaxy  (MBE)  chambers.  A  column  IV  dopant  can  act  as  a  donor  or  an 
acceptor  or  both  depending  on  its  size  relative  to  the  cation  and  anion  sites,  the  substrate  orientation  and  the  growth 
conditions.  In  this  article,  we  present  heuristic  rules  for  predicting  group  IV  dopant  site  selection  in  III-V  compounds 
based  on  the  relative  covalent  radii  of  the  dopant  to  the  host  lattice  sites,  types  and  relative  numbers  of  surface  dangling 
bonds  and  the  growth  conditions.  Preliminary  predictions  show  excellent  agreement  with  available  experimental  data. 


1.  Introduction 

The  in  situ  doping  of  III-V  compounds  with  the 
column  IV  elements,  Si,  Ge,  and  Sn  during  molecu¬ 
lar  beam  epitaxy  (MBE)  is  well  established.  Because 
of  the  possibility  of  occupying  either  a  group  III  or 
group  V  lattice  site,  these  dopants  can  act  as  do¬ 
nors,  acceptors  or  both  (resulting  in  compensation), 
depending  on  the  specific  material  system  and 
the  growth  conditions.  While  many  aspects  of  the 
amphotericity  of  group  IV  dopants  in  III-V 
compounds  are  well  known,  a  comprehensive  de¬ 
scription  of  site  selection  behavior  of  these  dopants 
is  not  currently  available.  Such  a  description  will 
allow  the  prediction  of  n-type  and  p-type  column 
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IV  dopants  for  any  III-V  compound  and  also  yield 
growth  strategies  for  forcing  a  specific  dopant  to 
act  as  either  a  donor  or  an  acceptor. 

Various  aspects  of  site  selection  behavior  have 
been  examined  in  the  past.  Madelung  [1]  de¬ 
veloped  a  table  of  early  experimental  bulk  growth 
results.  Lilov  [2]  correlated  electronegativities  to 
solidification  distribution  coefficients,  yielding 
a  prediction  of  the  sites  occupied  by  impurities  in 
the  bulk  crystal  growth  from  the  melt.  Thermody¬ 
namic  analysis  of  Heckingbottom  [3],  Hurle  [3-7], 
and  Hata  et  al.  [8]  have  successfully  predicted 
doping  behavior  of  various  elements  in  several 
III-V  compounds.  These  approaches  are  not  en¬ 
tirely  adequate  because  they  do  not  account  for  the 
influence  of  growth  conditions  and  substrate  ori¬ 
entations.  Additionally,  none  of  these  approaches 
deal  with  all  aspects  of  the  problem. 
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In  this  article,  we  report  a  set  of  heuristic  rules 
that  capture  the  experimental  observations  for  col¬ 
umn  IV  dopant  in  III-V  MBE  growth  based  on  the 
relative  covalent  radii  of  dopant  to  host  lattice 
atoms,  substrate  orientation  and  growth  condi¬ 
tions.  In  Section  2,  we  state  the  rules  and  provide 
supporting  arguments  from  existing  experimental 
results.  In  Section  3,  we  present  a  detailed  analysis 
of  the  rules  by  relating  them  to  available  data. 
Finally,  we  present  conclusions  in  Section  4. 

2.  Heuristic  rules  for  dopant  site  selection 

Based  on  available  experimental  data,  the  most 
important  factor  for  dopant  site  selection  is  the 
relative  covalent  radius  of  the  dopant  and  the  host 
lattice  atoms.  This  leads  to  the  following  rule: 

Rule  1  (Covalent  radius).  Dopants  atoms  prefer  to 
occupy  the  sublattice  with  larger  covalent  radius.  If 
the  dopant  atom  is  larger  than  both  sublattice  sites, 
segregation  of  the  dopant  is  likely.  If  the  dopant  atom 
is  smaller  than  both  the  sublattice  sites,  the  conduc¬ 
tion  type  can  be  manipulated  by  varying  the  substrate 
orientation  and  conditions. 

The  core  of  the  rule  (first  sentence)  has  been 
known  for  some  time.  But  the  incorporation  of  the 
dopant  at  the  larger  site  even  when  both  sites  are 
larger  than  the  dopant  is  somewhat  surprising.  This 
contradicts  macroscopic  strain  energy  consider¬ 
ations  which  would  predict  the  opposite  behavior 
due  to  less  strain  energy.  The  reason  for  the  behav¬ 
ior  is  unclear. 

Rule  2  (Back  bonding).  Dopants  atoms  incorpor¬ 
ate  with  more  ease  at  sites  with  fewer  back-bonds  to 
the  underlying  layer. 

A  possible  explanation  for  this  observation  is 
that  the  bond  angle  and  length  constraints  make  it 
difficult  for  the  dopant  atom  to  replace  a  host  atom 
at  a  triple  bonded  site.  Conversely,  it  is  relatively 
easy  for  a  dopant  atom  to  be  singly  bonded  to  the 
surface.  Double  bonded  sites  are  occupied  by  the 
dopant  atom  with  medium  difficulty. 

Rule  3  (Site  availability)  In  III-V  systems  in 
which  both  cation  and  anion  sites  are  suitable  for 
dopant  occupation,  the  ratio  of  donors  to  acceptors 
can  be  manipulated  by  changing  the  substrate  ori¬ 
entation. 


Six  types  of  surface  sites  are  possible  for  the 
incorporation  of  atoms  based  on  the  back  bonding. 
These  are  single-bonded  III  site,  double-bonded  III 
site,  triple-bonded  III  site,  single-bonded  V  site, 
double-bonded  V  site  and  triple-bonded  V  site.  For 
a  given  surface,  a  particular  combination  of  some  of 
the  six  types  of  sites  exist  at  a  fixed  ratio.  For 
example,  the  (1  1  1)A  GaAs  surface  has  single- 
bonded  As  sites  and  triple-bonded  Ga  sites,  where¬ 
as  the  (711)A  surface  has  double-bonded  Ga, 
double-bonded  As  and  single-bonded  Ga  sites.  For 
example,  assuming  that  the  electronic  energies  are 
similar  for  equal  number  back  bonds  at  either  a  Ga 
or  As  site,  and  that  Ga  and  As  compete  equally 
with  Si  for  sites,  the  site  in  highest  concentration  on 
the  surface  is  favored  by  Si  (subject  to  Rule  2).  This 
can  lead  to  either  n-  or  p-type  doping  with  a  possi¬ 
bility  of  compensation. 

Rule  4  (Site  competition)  In  III-V  systems  in 
which  both  cation  and  anion  sites  are  suitable  for 
dopant  occupation,  the  ratio  of  donor  to  acceptor  can 
be  manipulated  using  the  growth  conditions. 

The  sites  of  the  dominant  flux  species  will  be 
more  efficiently  occupied.  Thus,  the  Si  atoms  will 
compete  more  effectively  with  the  species  of  lower 
flux.  Therefore,  more  Si  will  incorporate  on  the  sites 
of  the  lower  flux  species. 

3.  Results  and  discussion 

The  consequences  of  Rule  1  are  shown  as  a  dop¬ 
ing  regime  map  for  various  III-V  compounds  in 
Fig.  1  for  C,  Si,  Ge  and  Sn.  For  Si,  the  dotted  lines 
through  its  coordinates  split  the  map  into  three 
regimes  I,  II  and  III.  The  coordinates  of  the  III-V 
compound  in  quadrant  I  and  II  will  make  Si  accep¬ 
tor  and  donor,  respectively.  If  the  coordinates  of 
the  III-V  compound  is  in  quadrant  III,  then  the 
dopant  will  most  probably  segregate  to  the  surface. 

Based  on  Fig.  1,  Si,  Ge  and  Sn  prefer  to  be  n-type 
in  all  III-V  compounds  except  for  GaSb  and  AlSb. 
Si  is  amphoteric  in  the  arsenides  and  antimonides, 
while  Ge  is  amphoteric  only  in  the  antimonides.  Sn 
will  segregate  in  most  of  the  III-V  compounds 
except  for  GaSb  and  AlSb  in  which  it  is  p-type. 
These  observations  are  corroborated  by  the  experi¬ 
mental  data  [8-15]. 
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Fig.  1.  Site  selection  regime  plot  for  column  IV  dopants  in 
III-V  compounds. 


The  single  exception  to  Rule  1  is  C,  which  is 
predicted  to  be  n-type,  but  is  actually  p-type  in 
GaAs  [16].  It  has  been  postulated  that  the  high 
electronegativity  of  carbon  allows  its  occupation  of 
group  V  sites  only  [2]. 

A  classic  example  of  Rule  2  is  observed  for  GaAs 
where  growth  on  (1  1  1)A  and  (1  1  1)B  substrates 
result  in  p-type  and  n-type  materials,  respectively 
[17].  In  the  (1  1  1)A  and  (1  1  1)B  orientations,  Si  is 
more  stable  at  the  singly  bonded  As  and  the  singly 
bonded  Ga  sites,  respectively.  In  (1  0  0)  GaAs,  both 
the  Ga  and  As  sites  have  two  back  bonds.  The 
distribution  of  Si,  therefore,  depends  on  site  avail¬ 
ability  which  is  dictated  by  the  growth  conditions. 

To  consider  Rule  3,  let  us  examine  the  (3  1  1)A, 
(5  1  1)A,  (7  1  1)A  and  (9  1  1)A  surfaces  which  are 
shown  in  Fig.  2  for  typical  GaAs  growth  conditions 
of  anion  to  cation  overpressure.  The  surfaces  ex¬ 
hibit  the  following  surface  site  patterns: 

(31 1)A:  DG  SA  DG  SA  DG  SA...  (1) 

(51 1)A:  DG  DA  SA  DG  DA  SA  DG  DA  SA... 

(71 1)A:  DG  DA  DA  SA  DG  DA  DA  SA 

DG  DA  DA  SA...  (2) 

(911)A:  DG  DG  DA  DA  SA  DG  DG  DA  DA 
SA  DG  DG  DA  DA  SA... 


Fig.  2.  Structure  of  (/ill)  planes  of  a  zinc  blende  (e.g.  GaAs) 
crystal  as  seen  through  [0  1  T]  projection. 


where  DG,  DA  and  SA  stand  for  double-bonded 
Ga,  double-bonded  As  and  single-bonded  As,  re¬ 
spectively,  with  the  underlined  set  representing  one 
period.  The  types  of  bonding  sites  and  their  ratios 
change  with  the  indices  of  the  plane.  Using  Rules 
2  and  3,  and  noting  that  As  dimer  incorporation 
requires  two  As  sites  as  neighbors,  one  can  con¬ 
clude  that  (3  1  1)A  material  should  be  p-type,  while 
the  others  should  be  n-type  for  a  flux  ratio  close  to 
unity,  which  is  in  agreement  with  Ref.  [17].  For 
(7  1  1)A,  of  the  three  As  sites  as  neighbors,  one  of 
those  sites  is  available  for  Si  incorporation.  Even 
though  the  (9  1  1)A  surface  has  the  same  As  config¬ 
uration  as  (7  1  1)A,  due  to  larger  number  of  Ga 
sites,  (7  1  1)A  should  be  more  compensated  than 
either  (5  1  1)A  or  (9  1  1)A,  which  is  in  agreement 
with  Ref.  [17].  Due  to  increased  impurity  scatter¬ 
ing,  the  mobility  should  be  smaller  for  (7  1  1)A  than 
for  (5  1  1)A  or  (9  1  1)A  which  is  also  in  close  agree¬ 
ment  with  Ref.  [17]. 

In  the  GaAs(3  1  1)A  [18],  GaAs(3  3  1)  [19]  and 
GaAs(2  1  1)A  [20]  orientations,  it  has  been  shown 
that  both  n-  and  p-type  materials  can  be  realized  by 
changing  the  flux  ratio.  In  the  (3  1  1)A  and  (2  1  1)A 
orientations,  the  As  single-bonded  sites  are  present 
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as  nearest  neighbors  along  the  [0  1  T]  direction, 
even  though  such  a  configuration  does  not  exist  in 
the  perpendicular  direction  on  the  surface.  Si  com¬ 
petes  for  sites  with  Ga  for  its  double-bonded  site 
and  As  for  the  single-bonded  nearest-neighbor 
dimer  sites.  According  to  Rule  2,  Si  prefers  As  sites 
at  flux  ratio  close  to  unity  and  hence  the  material  is 
p-type.  At  high  (anion  to  cation)  flux  ratios,  As 
incorporates  more  efficiently  in  dimer  sites  along 
the  [0  1  T]  direction  and  hence.  Si  competes  with 
Ga  for  its  double-bonded  site.  Hence  the  material 
becomes  n-type.  These  observations  are  in  agree¬ 
ment  with  Ref.  [18]. 

Okano  et  al.  [21]  studied  the  doping  behavior  of 
Si  in  GaAs  (1  1  1)A  as  a  function  of  misorientation 
angle  toward  (10  0),  flux  ratio  and  temperature. 
They  showed  that  the  material  changed  from  p- 
type  to  n-type  with  increasing  misorientation  angle 
and  flux  ratio.  Based  on  the  crystal  orientation  and 
bond  configuration,  the  ratio  of  Ga  to  As  sites 
K  can  be  shown  to  be 


1.155 
tan  6 


(3) 


for  a  misorientation  angle  of  6,  A  misoriented  sub¬ 
strate  consists  of  Ga  sites  with  triple  bonds  (TG) 
and  double  bonds  (DG)  and  the  As  sites  consist  of 
single  bonds  (SA).  The  relative  numbers  of  TG,  DG 
and  SA  sites  are  not  shown  due  to  space  limita¬ 
tions.  According  to  Rule  2,  the  TG  sites  will  be 
predominantly  occupied  by  Ga.  Therefore,  Si  com¬ 
petes  only  for  the  DG  and  SA  sites.  Combining  the 
effects  of  site  and  flux  ratios  we  define  the  dopant 
decision  parameter  (DDP)  as 


DDP  = 


SA  / 


Ga 


DG4Ja3; 


(4) 


where  factor  4  is  required  to  convert  the  tetramer 
flux  of  As  to  a  monomer  flux.  At  DDP  =  1  (critical 
value),  the  materials  switches  from  p-type  to  n-type. 
The  critical  value  will  depend  on  relative  sticking 
efficiencies  of  Ga  and  As,  relative  sticking  efficiency 
of  Si  at  a  DG  site  to  a  SA  site  and  the  temperature. 
These  factors  are  not  considered  here.  A  plot  of 
DDP  with  misorientation  angle  is  shown  in  Fig.  3 
for  flux  ratios  of  1.4,  3.3  and  5.0.  The  transitional 
orientation  angles  for  flux  ratios,  5.0,  and  3.3  are 


Fig.  3.  Effect  of  misorientation  angle  and  flux  ratio  on  the 
dopant  decision  parameter. 


found  to  be  2.2°  and  2.9°,  respectively,  with  an 
angle  greater  than  5°  for  a  flux  ratio  1.4  which  is  in 
close  agreement  with  Ref.  [21]  at  600°C.  At  lower 
temperatures,  the  transition  angle  is  expected  to 
shift  to  lower  values  due  to  more  efficient  sticking 
of  As  as  observed  by  Okano  et  al.  [21].  These 
results  are  also  in  agreement  with  Shigeta  et  al.  [22] 
and  Kadoya  et  al.  [23]. 

A  similar  analysis  of  AlAs(l  1  1)A  growth  pre¬ 
dicts  that  for  misorientation  angles  greater  than 
2.5°,  the  film  should  be  n-type  which  is  in  agree¬ 
ment  with  Yamamoto  et  al.  [10].  The  results  of 
Uppal  et  al.  [19]  for  Si  doping  of  (3  3  1)A  and 
(3  3  1)B  GaAs  can  be  explained  satisfactorily  using 
a  similar  analysis,  but,  this  is  omitted  due  to  space 
limitations. 

The  rules  presented  and  tested  here  are  empiri¬ 
cal,  but  based  on  physical  considerations.  These 
rules  dictate  the  site  occupation  only  and  do  not 
predict  if  the  dopant  is  shallow  or  deep.  These  rules 
are  general  and  are  expected  to  be  suitable  for 
II-YI  compounds  also.  Even  though  the  focus  of 
this  work  is  MBE  grown  thin  films,  these  rules  may 
also  apply  to  other  vapor-phase  techniques  such  as 
vapor-phase  transport  (VPT)  and  vapor-phase  epi¬ 
taxy  (VPE).  A  judicious  combination  of  thermo¬ 
dynamics  and  electronegativity  considerations  with 
the  heuristic  rules  of  this  work  is  expected  to  be 
a  powerful  tool  for  predicting  column  IV  dopant 
behavior  in  compound  semiconductors. 
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4.  Conclusion 

We  have  developed  heuristic  rules  for  column  IV 
doping  of  III-V  compounds  based  on  the  covalent 
radii  of  the  constituent  atoms,  crystallographic  ori¬ 
entation  of  the  surface  and  the  flux  ratio.  These 
rules  are  empirically  derived,  but  are  based  on 
physical  considerations.  We  have  applied  them  to 
several  experimental  reports  and  the  agreement  has 
been  excellent. 
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Abstract 

A  study  of  Si  spreading  in  ^-doped  InGaAs  grown  lattice  matched  on  InP  by  molecular  beam  epitaxy  is  reported.  The 
layers  were  designed  to  distinguish  between  thermal  diffusion  and  surface  segregation  as  mechanisms  for  migration  of  the 
dopant  atoms.  Comparison  of  Shubnikov-de  Haas  data  with  self-consistent  calculations  shows  that  spreading  occurs  by 
surface  segregation  at  substrate  temperatures  in  the  range  470~520°C  and  Si  densities  of  ^  4.0  x  10^^  cm“^;  thermal 
diffusion  is  found  to  be  negligible.  A  near  ideal  (5-doping  profile  can  be  maintained  if  a  5-doped  layer  is  capped  with  as 
little  as  3  monolayers  of  InGaAs  grown  at  <  470°C  before  subsequent  material  is  deposited  at  higher  temperatures,  up  to 
-  520°C. 


1.  Introduction 

Shubnikov-de  Haas  (SdH)  measurements  and 
self-consistent  calculations  (SCC)  have  been  used  to 
estimate  the  extent  of  Si  migration  in  GaAs 
doped  structures  grown  by  molecular  beam  epitaxy 
(MBE)  [1].  The  measured  electron  densities 
Hi  (i  =  0, 1, 2,  3,...)  in  the  occupied  subbands  and  the 
subband  density  ratio  ni  =  o/ni=  1  are  compared  with 
values  predicted  by  SCC  in  which  the  dopant  pro¬ 
file  width  wsi  is  treated  as  a  variable  parameter  to 
achieve  a  fit  between  theory  and  experiment.  The 
combination  of  SdH  and  SCC  can  provide  a 
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comprehensive  description  of  the  electrical  proper¬ 
ties  of  the  two-dimensional  system  including  the 
individual  subband  densities,  the  subband  mobili¬ 
ties  as  well  as  the  dopant  spreading.  Alternative 
methods  aimed  at  assessing  the  confinement  of 
impurity  atoms  used  for  ^-doping  include 
capacitance-voltage  (C-F)  profiling  of  the  free  car¬ 
riers  originating  from  the  impurities  [2]  and  direct 
measurement  of  the  dopant  concentration  versus 
depth  distribution  by  secondary  ion  mass  spectro¬ 
metry  (SIMS)  [3]. 

The  combination  of  SdH  measurements  and 
SCC  was  used  in  previous  studies  of  Si  (5-doped 
InGaAs  [4]  grown  lattice  matched  on  InP  in  pref¬ 
erence  to  C-V  profiling  which  is  limited  by  the 
generally  low  Schottky  barrier  height  of  metals  on 
this  ternary  material.  The  inferred  Si  spreading  was 
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Wsi  40  monolayers  (ML)  for  a  growth  temper¬ 
ature  Ts  of  ~  520''C  and  with  Si  areal  densities 
Nsi  <  4.0  X  10^^  cm“^.  When  the  ^-layer  was  de¬ 
posited  at  Ts  ^  470°C  and  covered  by  20  ML  of 
undoped  material  at  the  same  substrate  temper¬ 
ature,  a  near  ideal  ^-doping  profile  was  created 
despite  the  subsequent  growth  of  a  0.5  pm  thick 
InGaAs  cap  layer  at  Ts  ~  520°C.  These  studies 
provide  indirect  evidence  that  the  main  mechanism 
causing  the  Si  spreading  away  from  the  original 
doping  plane  at  Ts  ^  520°C  is  surface  segregation. 
The  validity  of  combining  SdH  measurements  with 
self-consistent  calculations  was  confirmed  by  inten¬ 
tionally  confining  the  Si  donors  to  a  thin  slab  of 
known  thickness,  grown  at  <  470°C  to  eliminate 
spreading.  The  correspondence  between  the  SdH 
and  see  results  in  this  case  was  excellent  when 
a  uniform  distribution  of  the  dopants  with  width 
Wsi  equal  to  the  physical  thickness  of  the  slab  was 
assumed. 

In  this  paper,  Ino.53Gao.47As  epitaxial  layers 
^-doped  with  Si  and  grown  using  novel  procedures 
to  separate  the  effects  of  dopant  redistribution  by 
thermal  diffusion  and  surface  segregation  are  de¬ 
scribed.  It  is  shown  that  spreading  occurs  by  sur¬ 
face  segregation  and  that  thermal  diffusion  of  Si  is 
negligible  under  the  MBE  growth  conditions  inves¬ 
tigated.  Spreading  can  be  eliminated  by  capping  the 
Si  atoms  with  as  little  as  3  monolayers  of  InGaAs 
grown  at  470''C,  before  raising  Ts  to  complete 
the  deposition  of  the  remainder  of  the  structure  at 
the  optimum  temperature  for  InGaAs,  around 
520X. 


2.  Experimental  procedures 

2.1.  MBE  growth 

The  set  of  InGaAs  ^-doped  structures  shown  in 
Fig.  1  was  grown  on  semi-insulating  Fe-InP(l  0  0) 
substrates  in  a  Varian  3"  Modular  Gen  II  MBE 
system  fitted  with  an  arsenic  cracker  [5].  An  As  2 
flux  of  ~  1.9  X  10^^  molecules  cm"^  s“^  was  used 
and  the  Ga  and  In  fluxes  were  determined  by 
RHEED  intensity  oscillations  to  ensure  the  correct 
ratio  for  lattice  matching  to  InP  and  an  InGaAs 
growth  rate  of  1.0  pm/h.  The  InGaAs  surface  was 
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Fig.  1.  Schematic  diagrams  of  the  set  of  samples  used  for  the 
study  reported  here:  (a)  #B603;  (b)  #B684;  (c)  #B685;  (d) 
#B737.  The  growth  cycle  for  #B713  was  similar  to  that  for 
#B685,  except  that  growth  was  interrupted  for  15  mm  at 
--  520°C  after  the  ^-doping  and  before  was  lowered  to 
~  450°C  for  the  deposition  of  the  0.5  pm  thick  cap  layer.  Sam¬ 
ples  #B603,  #B684  and  #B685  have  areal  Si  densities  of 
~  3.0x  10^^  cm  The  Si  sheet  densities  of  #B713and  #B737 
are  ~  2.5  x  10^^  cm“^  and  ~  1.0  x  10^^  cm"^,  respectively. 


exposed  to  the  Asa  flux  throughout  the  growth  of 
the  structures,  including  the  interrupts  for  the  de¬ 
position  of  the  Si  ^-layers  and  during  the  time 
required  to  lower  and  raise  Tg.  Substrate  temper¬ 
atures  were  measured  with  an  optical  pyrometer. 
Additional  information  on  the  growth  conditions 
was  deduced  from  the  surface  reconstructions 
which  changed  from  a  (1x3)  at  Tg  ^  470"’C, 
through  to  a  (2  X  3)  for  470°C  ^  Tg  <  500°C  and 
a  (2  X  4)  for  Tg  ^  50ff'C,  all  referred  to  the  [1  1  0] 
azimuth.  The  Si  furnace  temperature  was  calibrated 
against  both  low  magnetic  field  Hall  and  high  mag¬ 
netic  field  SdH  measurements  of  the  free  electron 
density  in  a  large  number  of  uniformly  doped  GaAs 
and  lattice-matched  InGaAs  layers. 

The  five  samples  discussed  here  are  identified 
by  the  numbers  #B603,  #B684,  #B685,  #B713 
and  #B737.  They  form  part  of  a  larger  series  of 
InGaAs  layers  3-  and  slab-doped  with  Si  covering 
growth  temperatures  in  the  range  420-525°C 
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and  areal  Si  densities  of  <  1  x  10^^  cm  ^  to 
-  1  X  [6].  Layer  #B603  (see  Fig.  la) 

was  (5-doped  with  Si  to  a  nominal  sheet  density  of 
3.0  X  10^^  cm" ^  and  grown  entirely  at  ^  520°C, 
including  the  interrupt  for  ^-doping.  This  sample 
provided  a  reference  for  the  extent  of  Si  migration 
in  InGaAs  grown  under  optimum  conditions.  The 
pair  of  layers  #B684  and  #B713,  with  nominal 
(5-doping  concentrations  of  3.0  and  2.5  x  10^^  cm“^, 
respectively,  were  grown  with  the  following 
substrate  temperature  cycles  to  separate  Si  spread¬ 
ing  towards  the  substrate  from  that  migrating  in 
the  growth  direction; 

#B684  (Fig.  lb):  0.5  pm  of  un-InGaAs  and  3- 
doping  at  ~  520°C;  a  pause  of  300  s  to  lower  to 
~  470°C;  growth  of  a  further  0.5  pm  of  un-InGaAs 
at  T,  ^  470°C. 

#B713:  0.5  pm  of  un-InGaAs  and  (5-doping  at 
~  520°C;  a  15  min  growth  interrupt  with  the  sub¬ 
strate  at  ^  520°C;  a  pause  of  300  s  to  lower  to 
~  470°C;  the  growth  of  a  final  0.5  pm  of  un-In- 
GaAs  at  ~  470°C. 

The  only  intentional  change  to  the  growth  cycles 
of  #B684and  #B7 13  was  the  inclusion  in  #B713 
of  a  15  min  growth  interrupt  at  520°C  after  the 
^-doping.  For  #B685,  the  temperature  sequence 
applied  to  the  growth  of  #B684  was  reversed 
(Fig.  Ic); 

#B685:  0.5  pm  of  un-InGaAs  and  ^-doping  at 
~  470°C;  a  pause  of  300  s  to  raise  to  ~  520°C; 
growth  of  a  further  0.5  pm  of  un-InGaAs  at 
T,  ^  520°C. 

The  key  differences  to  note  are  that  for  #  B684, 
growth  of  the  0.5  pm  thick  cap  over  the  Si  ^-doped 
layer  was  initiated  at  a  relatively  “low”  temper¬ 
ature,  whereas  for  #B685  the  wafer  temperature 
was  “high”  at  the  comparable  stage  of  the  cycle. 

The  final  structure  in  the  set,  #B737 
(Nsi  =  1.0  X  10^^  cm"^),  was  grown  with  the  aim  of 
confirming  that  spreading  is  dominated  by  surface 
segregation  with  essentially  no  component  arising 
from  thermal  diffusion.  The  growth  cycle  for 
#B737  was  as  follows  (Fig.  Id); 

0.5  pm  of  un-InGaAs  at  520°C;  a  300  s  pause  to 
lower  Tg  to  ~  450''C;  ^-doping  and  growth  of 
3  ML  of  un-InGaAs  at  ~  450°C;  a  further  300  s 
pause  to  raise  to  ~  520°C  followed  by  the  depo¬ 
sition  of  0.5  pm  of  un-InGaAs  at  this  temperature. 


2.2.  Quantum  transport  measurements 

SdH  measurements  were  performed  in  the  dark 
on  Hall  bars  defined  either  by  optical  or  electron 
beam  lithography  with  a  3  :  1  length  to  width  ratio. 
The  magnetoresistance  data  were  numerically  dif¬ 
ferentiated,  expressed  in  reciprocal  magnetic  field 
and  frequency  analysed  by  fast  Fourier  transform 
(FFT)  techniques.  The  electron  subband  densities 

(z  =  0,  1,  2,  3,-  •  ■)  are  related  to  the  frequencies 
Vj  (in  T)  of  the  SdH  oscillations  by  the  expression 
Hi  —  leVijh  assuming  unresolved  spin-splitting, 
where  e  is  the  electronic  charge  and  h  is  Planck’s 
constant.  For  the  same  Si  dopant  density,  narrower 
doping  profiles  lead  to  higher  subband  density  ra¬ 
tios  =  1  and  lower  mobilities  for  the  electrons 

occupying  the  z  =  0  energy  state  due  to  the  in¬ 
creased  physical  proximity  of  the  wave  functions  to 
the  Si  donors.  Consequently,  in  order  to  resolve  the 
1.2  K  SdH  oscillations  corresponding  to  the  z  =  0 
subband  within  the  13  T  upper  limit  of  our  super¬ 
conducting  magnet,  the  Si  (5-doping  densities  were 
restricted  to  a  maximum  of  ^  4.0  x  10^^  cm”^. 


3.  Results  and  discussion 

The  total  densities  of  electrons  in  all  occupied 
subbands  Yji  and  the  subband  density  ratios 
ni=o/ni=i  from  the  Shubnikov-de  Haas  measure¬ 
ments  and  the  self-consistent  calculations  are 
summarised  in  Table  1.  Layer  #B603  was  grown 
entirely  at  520°C  with  an  intended  Si  doping  density 
of  3.0  X  10^^  cm"^  to  provide  a  reference  for  the 
extent  of  spreading  at  the  optimum  InGaAs  growth 
temperature.  Four  occupied  subbands  are  observed 
in  the  FFT  amplitude  spectrum  of  this  sample  with 
a  total  carrier  density  =  3.14  x  10^^  cm"^  and 
a  subband  density  ratio  ni=olni=i  =  2.160.  The  Si 
spreading  estimated  from  SCC  assuming  a  uniform 
distribution  of  the  Si  atoms  is  ~  35  ML.  Thermal 
diffusion  would  cause  Si  donors  to  migrate  from 
the  original  doping  plane  both  towards  the  sub¬ 
strate  and  in  the  growth  direction  to  form  a  sym¬ 
metrical  profile.  For  surface  segregation  only,  an 
asymmetric  profile  resulting  from  Si  migration  in 
the  growth  direction  is  expected. 
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Table  1 

Summary  of  the  total  densities  of  electrons  in  all  occupied  subbands  and  the  subband  density  ratios  Hf=o/«(=i  from  the 
Shubnikov-de  Haas  measurements  with  the  corresponding  values  predicted  by  self-consistent  calculations;  in  the  SCC,  a  uniform 
distribution  of  Si  atoms  over  a  thickness  wsi  is  assumed,  and  Wsi  is  used  as  a  fitting  parameter 


Sample  no. 

Nominal  Si 
density 

(X  lO^^cm"^) 

Hi  from  SdH 
( X  10^^  cm"^) 

n/=o/«i  =  i  from 
SdH 

Yi  froi^ 

SCC(xl0'2 

cm"^) 

froni 

SCC 

Estimated  spreading 
(ML) 

B603 

3.0 

3.14 

2.160 

3.14 

2.158 

35 

B684 

3.0 

3.45 

2.662 

3.44 

2.623 

2 

B685 

3.0 

3.12 

1.905 

3.21 

1.907 

45 

B713 

2.5 

2.24 

2.642 

2.30 

2.644 

2 

B737 

1.0 

0.93 

3.046 

1.00 

3.042 

2 

The  growth  cycle  for  layer  #B684  allowed  Si 
spreading  towards  the  substrate  to  be  differentiated 
from  that  in  the  growth  direction.  Since  spreading 
is  eliminated  by  growth  at  ^  470°C  [4],  any 
migration  which  occurred  in  #B684  must  have 
been  by  thermal  diffusion  into  the  substrate  during 
the  time  of  ~  16  s  for  (5-doping  at  ~  520°C  and  the 
subsequent  300  s  growth  interrupt  to  decrease  to 
^  470°C.  None  could  have  taken  place  during  the 
deposition  of  the  0.5  pm  thick  cap  layer  at 
--  470°C.  The  FFT  amplitude  spectrum  for 
#  B684  is  shown  in  Fig.  2  together  with  that  of 
#B685  for  comparison.  The  tighter  confinement  of 
the  Si  atoms  in  #B684  compared  with  #B685 
where  the  cap  layer  was  deposited  directly  on  to  the 
dopants  at  ~  520°C  is  confirmed  by  the  higher 
frequency  of  its  i  =  0  peak  (no(B684)  >  no(B685)), 
a  shift  of  the  i  ^  1  peaks  to  lower  frequencies  and 
an  increase  in  the  ni^ol^i=\  ratio.  The  estimated 
spreading  is  ~  2  ML  in  #  B684  and  ~  45  ML  in 
#B685.  Strictly,  any  thermal  diffusion  which  might 
have  occurred  during  the  growth  of  a  0.5  pm  thick 
cap  layer  at  ~  520°C  was  not  completely 
mimicked  in  sample  #B684.  A  further  sample, 
#B713  was  grown  with  a  15  min  interrupt  (equiva¬ 
lent  to  the  growth  of  0.25  pm  of  InGaAs  at 
1,0  pm/h)  with  the  substrate  at  520°C  before  the 
final  0.5  pm  of  un-InGaAs  was  deposited  at 
~  470°C.  Comparison  of  the  SdH  and  SCC  data 
suggests  that  near  ideal  (5-doping  was  again 
achieved  with  an  inferred  spreading  of  2  ML. 

The  results  for  #B684  and  #B713  show  that 
diffusion  of  Si  in  InGaAs  at  temperatures  around 


Fig.  2.  FFT  amplitude  spectra  for  #B684  and  #B685.  The 
tighter  confinement  of  the  Si  atoms  in  #B684  compared  with 
#  B685  is  evident  from  the  higher  frequency  of  its  i  =  0  peak 
(no{B684)  >  no(B685))  and  a  shift  to  lower  frequencies  of  the 
i  ^  1  peaks.  The  estimated  spreading  is  ~  2  ML  in  #  B684  and 
~45ML  in  #B685. 


520°C  is  negligible.  Significant  spreading  of  Si  in 
InGaAs  away  from  the  ^-doped  plane  only  takes 
place  when  the  (5-layer  is  covered  with  additional 
material  and  the  wafer  temperature  exceeds 
--  470°C  (layers  #  B603  and  #  B685).  This  is  com¬ 
pelling  evidence  for  surface  segregation. 
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The  final  layer  in  the  set,  #B737,  was  grown  to 
demonstrate  that  the  redistribution  of  Si  atoms  is 
indeed  dominated  by  surface  segregation.  If  Si  had 
managed  to  penetrate  through  only  3  ML  of  In- 
GaAs  grown  at  ~  450°C  to  a  significant  extent, 
then  substantial  spreading  would  have  occured 
subsequently  via  surface  segregation  once  the  tem¬ 
perature  had  been  raised  to  ~  520°C  and  the 
growth  of  the  0.5  pm  cap  layer  had  been  initiated. 
The  SdH  and  SCC  data  for  #  B737  are  summarised 
in  Table  1;  spreading  of  the  Si  atoms  away  from  the 
original  doping  plane  is  ^  2  ML,  showing  that 
thermal  diffusion  is  absent  and  no  significant  redis¬ 
tribution  by  surface  segregation  has  taken  place. 

4.  Conclusions 

It  has  been  shown  that  surface  segregation  causes 
significant  migration  of  Si  (5-doping  in  InGaAs 
grown  by  solid  source  MBE  at  temperatures 
around  520°C.  Spreading  is  eliminated  for  growth 
at  ^  470°C  and  diffusion  is  also  negligible  at  tem¬ 
peratures  up  to  ~  520°C.  Near-ideal  Si  ^-doping 
within  InGaAs  has  been  demonstrated  simply  by 
capping  the  dopants  with  a  3  ML  thick  layer  of 
undoped  material  grown  at  <  470°C.  Further  ma¬ 
terial  can  then  be  grown  at  the  optimum  temper¬ 
ature  around  520°C  without  the  risk  of  smearing 
the  dopant  profile.  We  believe  that  this  procedure 
can  be  used  to  advantage  in  optimising  both  the  Si 
dopant  profile  and  the  electrical  characteristics  of 
InAlAs-InGaAs  HEMT  structures  for  shallow  and 
high  frequency  devices. 

Further  work  is  required  to  determine  if  the 
model  of  kinetically  limited  surface  segregation 


which  accounts  for  the  behaviour  of  Si  in  GaAs 
[7,  8]  is  applicable  to  Si  in  InGaAs,  Also,  the  real 
distributions  of  Si  atoms  which  result  from  growth 
at  high  temperatures  need  to  be  more  accurately 
represented  by  asymmetric  rather  than  uniform 
profiles  in  the  self-consistent  calculations. 
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Abstract 

Silicon  layers,  embedded  in  GaAs  extending  from  a  low  <5-doping  concentration  up  to  6  monolayers  (ML),  were  grown 
at  500X,  and  in  a  ^-doped  region  at  580  and  630°C.  The  structures  were  mainly  characterised  by  Hall  effect 
measurements  and  secondary  ion  mass  spectroscopy.  For  doping  concentrations  below  2  x  10^^  cm  the  majority  of 
the  carriers  were  trapped.  At  4  ML  thickness,  a  relaxation  of  the  Si-layer  was  detected  which  resulted  in  enhanced 
diffusion.  Further,  an  assessment  of  diffusion  as  a  function  of  growth  temperature  and  doping  concentration  is  made. 
Finally,  a  model  is  proposed  to  assess  the  minimum  diffusion  as  a  function  of  growth  temperature. 


1.  Introduction 

Delta-doping  provides  the  ultimate  doping  pro¬ 
file.  This  facilitates  the  construction  of  the  smallest 
possible  devices  which  in  turn  means  a  decreased 
power  consumption  and  a  maximised  device  opera¬ 
tion  speed.  In  high  electron  mobility  transistors 
(HEMT),  this  brings  advantages  like  increased 
breakdown  voltage  [1],  increased  free  carrier  con¬ 
centration  in  the  conducting  channel  [1]  and  a  de¬ 
creased  gate-to-channel  distance,  resulting  in  an 
increased  transconductance  [2].  Delta-doping  su¬ 
perlattices  could  also  have  a  future  application  in 
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light  emitting  devices  and  light  modulators  [2,  3]. 
These  applications  of  (5-doping  make  it  interesting 
to  investigate  its  limitations.  One  limit  for  the  spa¬ 
tial  extensions  of  the  quasi  two-dimensional  elec¬ 
tron  gas  (2-DEG)  is  the  real  distribution  of  silicon 
atoms  from  the  doping  layer.  Another  limitation  is 
the  maximum  obtainable  free  carrier  concentra¬ 
tion.  At  <5-doping,  maximum  free  carrier  concen¬ 
tration  is  in  the  range  of  (5-10)  x  10^^  cm"^  for 
growth  temperature  Tg  =  500°C  and  increases  with 
temperature  [4-6],  probably  due  to  the  increased 
spread  of  the  silicon  atoms.  Furthermore,  it  has 
been  found  that  high  doping  concentrations  in 
combination  with  high  growth  temperatures  result 
in  an  excess  migration  of  Si-atoms  towards  the 
surface  as  compared  to  the  other  direction.  This 
results  in  an  asymmetric  (5-doping  peak  [7-9]. 
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In  this  work  we  primarily  report  Hall  effect  and 
secondary-ion  mass-spectroscopy  (SIMS)  measure¬ 
ments  on  silicon  (5-doped  GaAs  structures  from  the 
10^^  cm"^  range  up  to  the  monolayer  (ML)  region 
at  500°C  and  in  the  (5-doping  region  at  Tg  =  580 
and  630°C.  In  an  attempt  to  describe  the  spread  of 
the  silicon  atoms  from  the  plane,  we  consider 
a  mechanism  where  a  certain  percentage,  /  of  the 
Si-atoms  are  transported  into  the  next  GaAs-layer, 


2.  Experimental  procedure 

The  structures  were  grown  with  a  solid  arsenic 
source  in  a  Varian  GEN  II  MBE  system  on  semi- 
insulating  (1  0  0)GaAs  substrates.  First,  the  GaAs- 
bufifer  layer  was  grown  at  580'’C.  During  the  last 
6  min  of  the  buffer  layer  growth,  the  growth  tem¬ 
perature  was  gradually  changed  to  the  temperature 
used  during  the  ^-doping  deposition.  The  silicon 
atoms  were  deposited  from  the  dopant  cell.  After 
the  silicon  deposition  the  100  nm  thick  GaAs  cap 
layer  was  grown  at  the  same  temperature  as  the 
silicon  layer.  Our  motivation  for  choosing  these 
temperatures  was  to  supplement  earlier  measure¬ 
ments  at  other  temperatures.  The  structures  were 
grown  well  inside  the  As-stabilised  region,  with 
a  V/III  flux  ratio  of  ~  60  at  Tg  =  630°C,  and 
~20  for  the  other  growth  temperatures.  The 
silicon  dopant  source  was  calibrated  by  Hall 
effect  measurements  and  an  electrochemical 
capacitance-voltage  profiler.  The  electrical  charac¬ 
teristics  were  studied  by  Hall  effect  and  the  distri¬ 
bution  by  SIMS. 


3.  Results 

At  a  doping  concentration  of  N2d=1-4x 
10^^  cm~^  and  Tg  ^  500°C,  we  were  not  able  to 
detect  free  carriers  since  the  sample  was  too  highly 
resistant.  Furthermore,  samples  doped  at  iV2D 
1  X  10^^  cm"^  gave  a  reduced  relative  carrier  con¬ 
centration  as  shown  in  Fig.  1.  This  is  attributable 
to  the  fact  that  the  shallow  potential  at  low 
doping  concentrations  is  easily  emptied  by  internal 
electric  fields  due  to  the  depletion  close  to 


Number  of  MLs 


Fig.  1.  Free  carrier  concentration  and  electron  mobility  (inset) 
as  a  function  of  the  silicon  doping  concentration.  A  maximum  is 
reached  at  (5-10)  x  10^^  cm“^.  The  electron  mobility  decreases 
when  the  doping  concentration  is  increased  above  1  x  10^^  cm"“. 
After  1  ML  thickness,  the  mobility  falls  faster  until  the  samples 
become  a  highly  resistant  due  to  a  relaxation  at  4  ML. 


the  sample  surface.  After  have  been  swept  away,  the 
electrons  are  trapped  by  surface  states  and  deep 
levels.  The  maximum  measured  free  carrier  con¬ 
centration  was  limited  to  5  x  10^^  cm"^  at  Tg  = 
SOO'^C,  arguably  due  to  the  incorporation  of  Si 
on  As  sites  (autocompensation),  donor-acceptor 
pairs  (Si-Si  pair  formation),  formation  of  Si-accep¬ 
tor  centres  (Si-X  centres)  and  formation  of  deep 
acceptor  centres  (DX-centres)  [9-11].  With  further 
coverage,  the  carrier  concentration  dropped  some¬ 
what  but  stayed  fairly  constant  up  to  2  ML,  where 
the  structures  started  to  become  degraded:  electron 
mobility  decreased  when  we  increased  doping  con¬ 
centration  in  the  sub-ML  range.  At  2  ML,  the 
mobility  started  to  decrease  much  more  quickly, 
probably  due  to  a  degradation  of  the  structures. 
The  films  up  to  3  ML  of  Si  were  strained  and 
provided  a  streaky  reflection  high  electron  energy 
diffraction  (RHEED)  pattern.  The  relaxation  oc¬ 
curred  between  3  and  4  monolayers,  as  indicated  by 
the  fact  that  the  (RHEED)  pattern  became  spotty. 
At  4  ML,  the  sample  was  too  highly  resistant  to 
obtain  any  conduction  in  the  Hall  effect  measure¬ 
ments  which  is  due  to  relaxation  of  the  structure. 
Further  indications  of  relaxation  are  provided  by 
cross  sectional  transmission  electron  microscopy 
(XTEM)  and  X-ray  diffraction  (XRD)  [13].  Relax¬ 
ation  giving  a  high  defect  density  with  reduced 
crystal  quality  in  the  cap  layer  results  in  an 


236 


J.V.  Thordson  et  al  /  Journal  of  Crystal  Growth  175/176  (1997)  234-237 


Fig.  2.  Secondary  ion  mass  spectra  of  the  silicon  content  as 
a  function  of  the  sample  depth,  (a)  Significant  difference  between 
the  3  and  4  ML  Si  layer  thickness  due  to  a  relaxation  of  the 
structure  in  the  4  ML  case,  (b)  Difference  in  the  peak  size  is  seen 
though  the  FWHM,  75  A,  is  still  the  same  for  the  both 
samples,  (c)  The  broadening  of  the  silicon  peak  as  a  function  of 
the  doping  concentration  at  high  temperatures  is  illustrated.  The 
broadening  in  the  growth  direction  is  much  more  pronounced  in 
the  high  doping  case. 


enhanced  diffusion  of  Si  atoms  into  the  sur¬ 
rounding  layers,  illustrated  in  Fig.  2a.  The 
lattice  relaxation  at  4  ML  thickness  of  silicon 
is  in  accordance  with  calculated  critical  layer 
thickness  using  atomistic  Monte  Carlo  calculations 
[15]. 

Analysis  by  SIMS  provided  a  clear  dependence 
of  the  Si-layer  peak  width  with  the  growth  temper¬ 
ature.  For  Tg  =  580°C,  the  full^  width  at  half 
maximum  (FWHM)  was  72-88  A  for  a  doping 
concentration  in  the  range  of  lx  10  ^^-1  x 
10^^  cm“^  where  we  could  not  see  any  systematic 
dependence  of  Si-migration  as  a  function  of  doping 
concentration  seen  in  Fig.  2b.  We  can  see  in 
Fig.  2c  that  at  Tg  =  630°C,  the  broadening  is 
explicitly  dependent  on  the  doping  concentration. 
At  the  low  doping  concentration,  a  FWHM 
of  ~75A  is  obtained  instead  of  nearly  200  A 
for  layers  above  the  solubility  limit,  as  in  our  case, 

=  6  X  10^^  cm"^. 


Growth  temperature  (°C) 


Fig.  3.  The  SIMS  FWHM  layer  thickness  is  given  as  a  function 
of  growth  temperature.  Growth  at  400®C  gives  an  almost  ideal 
layer  [12].  The  layer  thickness  also  depends  on  doping  concen¬ 
tration,  particularly  at  higher  growth  temperatures  [5].  Here  the 
lower  points  represent  low  doping  concentration  (low 
10^^  cm”^)  and  upper  points  (high  10^^  cm"^).  The  continuous 
line  is  a  result  from  our  model  assuming  a  fraction  of  Si  atom 
migrate  into  the  next  GaAs  atomic  plane.  The  broken  line  is  the 
model  plus  40  A,  taking  the  SIMS  broadening  into  account,  (o) 
[5];  (•)  [12];  (A)  [14]. 


4.  Discussion 

Fig.  3  shows  the  silicon  distribution  thickness 
(FWHM)  as  a  function  of  growth  temperature.  It 
illustrates  our  results  and  a  set  of  measurements 
from  references.  As  noted  by  Kohler  et  al.  [5],  there 
is  a  strong  relation  between  the  silicon  distribution 
and  both  the  growth  temperature  and  doping  con¬ 
centration,  especially  for  high  temperatures.  The 
lowest  concentration  (low  lO^^cm"^)  gives  the 
smallest  spread  and  the  highest  doping  concentra¬ 
tion  (low  lO^'^cm"^)  above  the  solubility  limit 
gives  the  largest  spread.  The  continuous  line  repre¬ 
sents  our  model,  described  later.  The  line  is  ad¬ 
justed  to  coincide  with  one  monolayer  thickness  at 
400°C  [4].  The  broken  line  shows  the  model  plus 
40  A  to  account  for  the  SIMS  broadening.  For 
Tg  <  600°C,  the  FWHM  is  so  small  that 
a  broadening  contribution  of  the  SIMS  technique 
becomes  significant. 

If  a  fraction,/,  of  the  atoms  in  the  ^-doped  plane 
migrate  into  the  next  neighbouring  atomic  plane, 
there  will  be  a  spatial  distribution  of  Si-atoms  as 
a  result.  Then  the  number  of  atoms  in  the  plane  i,  is 

iV,  =  i/Wo(l-/)  (1) 

assuming  there  are  Nq  atoms  in  the  initial  doping 
plane.  The  value  of  i,  where  the  number  of  atoms 
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Growth  temperature  C^C) 


Fig.  4.  The  two  lines  in  figure  are  the  calculated  values  given  by 
ot  =  9  (lower)  and  13  (upper).  The  inset  shows  the  calculated 
FWHM  with  growth  temperature  and  the  constant  a  as  para¬ 
meters.  The  horizontal  marks  represent  the  experimental 
FWHM-values  at  the  indicated  temperatures. 


has  decreased  to  50%,  is  given  by  i  =  In  (0.5)/ln / 
and  the  corresponding  thickness  is  t  =  2i5.65/2, 
given  the  atomic  migration  is  symmetric.  There  will 
be  a  declining  concentration  of  the  Si-atoms  away 
from  the  doping  plane  which  follows  an  exponen¬ 
tial  function  as  a  relation  to  the  growth  temper¬ 
ature.  Thus,  the  value  of  /  is  a  function  of 
temperature  T,  namely  /=  1  —  exp  [^(T)].  Since 
we  normalised  the  migration  to  400°C,  where  there 
is  no  observable  increase  of  the  thickness  of  the 
^-plane  [4].  We  can  write  for  Tg  >  400°C, 


g{T)  =  a 


T-400 

673~' 


(2) 


Here  a  is  a  coefficient  which  determines  the  fraction 
of  the  diffusion  and  the  only  constant  describing 
how  fast  the  migration  will  take  place.  In  Fig.  3  the 
solid  line  is  represented  by  a  =  10.  In  Fig.  4  results 
and  graphs  from  two  different  a-values  are  present¬ 
ed.  The  inset,  used  as  a  guide  for  searching  the 
appropriate  a-values,  shows  the  FWHM  depend¬ 
ence  as  a  function  of  the  a-values,  corresponding  to 
measurements  for  Tg  >  As  shown  in  the 

figure,  the  smaller  diffusion  at  a  low  concentration 
is  given  by  a  ^9,  indicating  a  lower  limit  of  ~60  A 
in  the  range  590-650°C  for  the  low  doping  concen¬ 


trations,  [Si]  ~  (1  —  4)  X  10^^  cm"^,  while 
the  upper  values  from  concentrations  in  high 
10^^  cm“^  range  correspond  to  a  ^  12. 

5.  Summary 

At  doping  concentrations  below  1  x  lO^^cm”^ 
the  carrier  concentration  measured  is  lower  than 
expected  and  a  relaxation  is  seen  between  3  and 
4  ML.  The  silicon  spread  into  GaAs  is  studied,  and 
a  model  which  fits  diffusion  as  a  function  of  temper¬ 
ature  and  growth  temperature  is  demonstrated 
where  we  assume  that  a  fraction  of  the  amount  of 
silicon  diffuses  into  the  next  GaAs  layer. 
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Abstract 

Although  the  Al^.Ga(i  -  .^)As  alloy  system  has  been  extensively  investigated,  there  are  still  considerable  uncertainties  in 
measuring  the  value  of  x.  Here  a  new  AU.Ga(i-:,)As  calibration  structure,  grown  by  molecular  beam  epitaxy,  has  been 
used  to  establish  unambiguous  alloy  compositions.  Such  ‘standard’  Al^Ga^-^jAs  layers  were  measured  by  high- 
resolution  X-ray  diffraction,  photoluminescence,  and  Raman  spectroscopy  to  determine  the  compositional  variations  of 
the  measured  physical  parameters.  The  formulae  provided  give  a  reliable  calibration  base  for  other  characterization 
tools.  A  detailed  analysis  of  the  X-ray  results  shows  that  Vegard’s  law  does  not  hold  for  the  variation  of  the  A^Ga^  „^)As 
lattice  constant  with  x. 


PACS:  61.10.  -  i;  62.20.Fe;  68.35.Dv;  68.55.Bd;  78.30  -j;  78.55.  -  m;  78.55.Cr 


Keywords:  AlGaAs;  GasAs;  Composition;  MBE;  X-ray  diffraction;  PL;  Raman  spectroscopy 


1.  Introduction 

Of  all  the  semiconductor  materials  used  in  the 
electronics  industry,  the  Al^^Gad-^cAs-GaAs  alloy 
system  is  arguably  second  only  to  silicon  in  terms  of 
its  scientific  and  technological  importance.  As  the 
properties  of  Al^^Ga^.^^-jAs  strongly  depend  on  its 
aluminum  content,  it  is  not  surprising  that  much 
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effort  has  been  put  into  establishing  reliable  ways  of 
measuring  it.  Of  all  the  characterization  tools  avail¬ 
able,  high-resolution  X-ray  diffraction  (HRXRD), 
photoluminescence  (PL),  and  Raman  spectroscopy 
have  proved  to  be  the  most  popular  due  to  their 
non-destructive  character.  HRXRD  and  PL  are 
particularly  useful  when  very  high  compositional 
resolution  is  needed.  However,  among  the  multi¬ 
tude  of  equations  proposed  over  the  last  20  years  to 
relate  observed  peak  positions  to  the  aluminum 
content  of  the  layer,  many  are  mutually  inconsist¬ 
ent.  The  increasing  technological  importance  of 
Al;cGa(i_;c)As  has  spurred  renewed  activity  in  the 
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area.  In  spite  of  this  effort,  the  divergence  between 
different  measurements  has  actually  widened.  The 
scatter  of  proposed  AlAs  material  parameters 
needed  for  HRXRD  interpretation  is  presently  such 
[1-6]  that  the  same  layer  can  be  assessed  as  having 
either  30%  or  34%  of  aluminum  content  depending 
on  the  individual  choice  of  parameters.  In  the  con¬ 
text  of  molecular  beam  epitaxy  (MBE)  such  scatter 
is  unacceptable,  since,  if  used  as  a  feedback  in 
growth  calibration,  it  can  in  some  cases  lead  to 
an  error  in  the  AlAs  growth  rate  approaching  20%. 
In  a  more  general  context  this  uncertainty  causes 
serious  problems  in  establishing  an  effective  device 
development  loop:  design  growth  ->  fabrica¬ 
tion  ^  testing  ^  design,  particularly  when  some  or 
all  of  the  stages  are  contracted  out. 

The  composition  calibration  and  measurement 
scheme  described  in  the  present  paper  aims  at  pro¬ 
viding  a  much  needed  common  platform  for  both 
growers  and  users  of  epitaxial  Al;cGra(i  -x)As  layers. 
A  specially  designed  Al^cGad-^As  calibration 
structure,  grown  by  MBE,  has  been  used  to  estab¬ 
lish  unambiguous  alloy  compositions.  Such  ‘stan¬ 
dard’  Al;,Ga(i_^)As  layers  were  measured  by 
HRXRD,  PL,  and  Raman  spectroscopy  to  deter¬ 
mine  the  compositional  variations  of  the  measured 
physical  parameters.  The  structure  design  relies  on 
the  well  established,  yet  unique,  combination  of 
three  features  of  solid  source  MBE  growth  of 
Al;cGa(i_;c)As,  namely  (i)  excellent  crystalline  qual¬ 
ity  of  layers,  (ii)  excellent  layer  stoichiometry  and 
(iii)  unity  sticking  coefficient  for  both  Ga  and  AI  in 
the  entire  composition  range  [7].  We  have  ensured 
(i)-(iii)  simultaneously  by  growing  Alj,Ga(i  _^)As 
layers  at  590°C,  with  2.8-3.2  A/s  growth  rates 
and  with  an  As2  overpressure  only  slightly  higher 
than  the  minimum  necessary  to  sustain  As-stabil¬ 
ized  reconstruction  over  the  entire  layer  surface. 
Satisfying  (ii)  and  (iii)  means  that  the  Al^Ga^  -^^jAs 
composition  x  is  accurately  given  by  x  =  <Z>ai/ 
(^Ai  +  ^Ga)^  where  ^ai  and  (Poa  are  the  Al  and  Ga 
fluxes  at  the  given  location  on  the  wafer,  respective¬ 
ly.  The  excellent  crystalline  quality  of  GaAs  and 
AlAs  (i),  along  with  (ii)  and  (iii),  allows  ^ai  and 
to  be  calculated  accurately  from  the  local 
growth  rates  of  GaAs  and  AlAs  layers  embedded  in 
the  same  structure  as  the  Al^Ga(i  _;c)As  layer.  With 
this  approach,  only  one  factor  may  cause  an  error 


in  the  calculated  composition  of  Al^^Gad -;c)As, 
namely  the  possible  deviation  of  (Pai  and  (Poa 
their  actual  values  during  the  growth  of  the 
Al.,Ga(i_;c)As  layer.  This  can  be  due  to  either  poor 
flux  stability  or  flux  transients  on  opening  the  Ga 
or  Al  shutter  to  initiate  GaAs  or  AlAs  growth.  The 
flux  stability  in  our  system  over  the  time  needed  to 
grow  the  structures  used  here  is  better  than  IVo 
with  a  systematic  drift  due  to  the  cell  charge  de¬ 
pletion  of  less  than  0.3%  (decrease  of  flux  for  Ga 
and  increase  for  Al).  The  design  of  the  effusion  cells 
and  their  placement  with  respect  to  their  shutters 
[8]  gives  flux  transients  on  opening  the  Ga  and  Al 
shutters  of  less  than  1.5%.  The  design  of  the  calib¬ 
ration  structures  was  such  that  the  influence  of 
these  relatively  small  shutter  transients  on  the  mea¬ 
sured  growth  rates  was  practically  eliminated.  The 
structures  consisted  of  a  10  000  A  GaAs  layer  with 
10  equally  spaced  10  A  AlAs  X-ray  marker  layers, 
followed  by  a  2  pm  thick  Al^Ga^-xAs  layer,  and 
then  a  4000  A  AlAs  layer  with  20  equally  spaced 
10  A  Al^Ga(i  -^)As  X-ray  marker  layers.  The  struc¬ 
tures  were  grown  on  a  2000  A  GaAs  buffer  and 
capped  with  a  50  A  GaAs  layer.  The  thicknesses  are 
quoted  for  the  wafer  center.  The  periodic  nature  of 
the  bottom  and  top  layers  used  for  sampling  the 
GaAs  and  AlAs  growth  rates  allowed  the  growth 
rates  and  the  corresponding  atomic  fluxes  to  be 
measured  locally,  with  a  relative  accuracy  of  better 
than  0.1%,  using  HRXRD.  As  the  Al^Ga(i_;c)As 
layers  under  investigation  were  sandwiched  be¬ 
tween  such  GaAs  and  AlAs  ‘rulers’,  their  local  X- 
ray  signatures  were  measured  at  the  same  time  as 
the  local  Ga  and  Al  fluxes  used  to  calculate  the 
Al;,Ga(i_;f)As  composition.  Since  the  stability  of 
the  Ga  and  Al  fluxes  throughout  the  growth  of  the 
structure  is  crucial  in  this  approach,  we  have  per¬ 
formed  high-precision  SIMS  measurements  [8]  of 
the  structures  studied.  These  measurements  con¬ 
firmed  that  the  Ga  and  Al  fluxes  were  stable  within 
the  accuracy  of  the  measurement  (better  than  1%), 
giving  an  estimate  of  the  maximum  error  for  the 
derived  local  Al  compositions  of  ±  0.0015.  Three 
structures  with  such  an  ‘internal’  composition  stan¬ 
dard  were  grown  for  the  purpose  of  the  present 
study.  Two  of  these  were  grown  without  substrate 
rotation  and  provided  continuous  Al,:Ga(i  _:c)As 
compositional  ranges  of  0.28-0.40  and  0.60-0.72,  as 
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well  as  GaAs  and  AlAs  signatures  in  X-ray,  PL 
and  Raman  experiments.  One  reference  layer 
(x  =  0. 1 54)  and  a  number  of  supplementary 
Al.^.Ga(i-;c)As,  GaAs  and  AlAs  layers  were  grown 
on  rotating  substrates.  Full  details  of  the  X-ray,  PL 
and  Raman  measurements  and  their  analysis 
are  given  elsewhere  [8].  Below  we  present  the  sum¬ 
mary  of  our  results  for  these  three  experimental 
techniques. 


2.  High  resolution  X-ray  diffraction 

The  X-ray  rocking  curves  were  acquired  with 
a  Philips  Materials  Research  Diffractometer  in 
the  five-crystal  configuration  using  a  four-crystal 
Ge(2  2  0)  monochromator  and  Cu-Kai  radiation. 
All  rocking  curves  discussed  in  the  present  paper 
were  obtained  at  293  K  with  the  (4  0  0)  symmetrical 
reflection. 

Shown  in  Fig.  1  is  the  compositional  dependence 
of  the  angular  splitting  A0  between  the  Bragg  peaks 
for  the  Al,.,Ga(i  -x)As  layer  and  the  GaAs  substrate 
measured  in  our  experiments.  The  observed  de¬ 
pendence  can  be  described  very  well  with  a  phe¬ 
nomenological  second-order  polynomial: 

Ad(x)  =  420x  —  46.5x^  arcsec, 


Aluminum  fraction  (x) 


Fig.  1.  AlAs- GaAs  peak  splitting,  A0,  versus  aluminum  frac¬ 
tion,  x.  The  inset  shows  the  difference  in  peak  splitting  between 
the  non-linear  least-squares  fit  to  the  data  and  the  linear  relation. 


with  an  R-factor  of  0.99998  (least-squares  algo¬ 
rithm  fit).  Note  the  very  small  scatter  of  the  experi¬ 
mental  points  as  illustrated  by  the  R-factor  being 
very  close  to  one.  All  experimental  points  shown 
come  from  MBE  layers  grown  on  (1  0  0)  GaAs 
semi-insulating  (SI)  vertical  gradient  freeze  (VGF) 
substrates.  We  find  that  undoped  GaAs  MBE 
layers  are  lattice-matched  to  this  type  of  substrate 
within  0.000022  A.  Thus  for  a  thick  Al;cGa(i_;c)As 
layer  (thicker  than  about  1.5  pm)  A0  ->•  0  for  x  ^  0. 
This  is  not  the  case  for  similar  layers  grown  on 
n^  VGF  substrates  where  we  find  A0  5-6  arcsec 
with  X  0  .  The  complete  analysis  of  our  X-ray 
results  using  a  second-order  approximation  for  A^ 
[9]  along  with  acaAs  =  5.65338  A  for  SI  VGF  GaAs 
substrates  [10],  and  experimental  values  of  the 
Poisson  ratios  for  GaAs,  Vq^as  =  0.311  [4,  6,  11], 
and  AlAs,  Vaias  =  0.325,^  gives  the  following  ex¬ 
pressions  for  the  compositional  dependence  of  the 
unstrained  Al^Ga(i  lattice  constant  aAiGaAs(A:), 
and  Poisson  ratio  VAiGaAs(^): 

^AiGaAs(^)  =  5.65338  -h  9.29  x  10"  ^  ~  0.134x^)  A, 

VAlGaAs(^)  =  0-311  -b0.014x. 

The  small  quadratic  term  in  the  expression 
for  aAiGaAs(^)  demonstrates  that  Vegard's  law  does 
not  hold  for  the  Al^Ga^i-xyAs  material  system. 
The  above  expression  gives  an  AlAs  free  lattice 
parameter  of  5.66143  A  at  293  K,  or  a  value 
of  1.424x10"^  for  the  free  lattice  parameter 
mismatch  between  semi-insulating  GaAs  and 
AlAs,  in  good  agreement  with  the  powder  diffrac- 
tometry  data  [13,  14]  and  recent  measurements 
performed  on  epitaxial  AlAs  layers  [2].  However, 
in  the  case  of  commercially  available  X-ray  rock¬ 
ing  curve  simulation  software,  Vegard’s  law  is 
assumed  in  calculating  the  layer  strain  from 
the  supplied  layer  composition.  We  find  that 
correct  lattice  distortions  (and  corresponding 
rocking  curves)  are  calculated  with  such  programs, 
provided  a  different  set  of  material  parameters 
is  chosen  for  AlAs,  namely  aXws  —  5.66273  A 


^  As  three  independent  recent  evaluations  of  the  AlAs  Poisson 
ratio  are  available  we  choose  its  average  value  of  0.325 
(0.322  ±  0.005  [2];  0.324  ±  0.004  [1];  0.328  ±  0.004  [12])  which 
lies  within  the  error  bars  quoted  in  all  three  reports. 
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and  Vaias  =  0.255.^  It  should  be  stressed  that  the 
latter  set  has  only  a  ‘virtual’  character,  serving  as 
a  convenient  intermediate  stage  connecting  the 
layer  composition  x  with  the  vertical  lattice  mismatch 
between  GaAs  and  Al^Ga(i  -x)As.  When  simula¬ 
ting  rocking  curves  for  the  epitaxial  layers  grown 
on  GaAs  substrates  mismatched  with  respect  to  the 
undoped  MBE  GaAs,  a  ‘new’  GaAs  substrate  ma¬ 
terial  entry  with  the  appropriate  lattice  parameters 
should  be  made  in  the  program’s  library.  Also,  in 
order  to  avoid  large  errors  in  the  layer  composi¬ 
tion,  great  care  must  be  taken  when  interpreting 
rocking  curves  from  doped  layers  or  layers  grown 
in  conditions  that  do  not  guarantee  stoichiometry. 
As  pointed  out  in  previous  studies,  many  other 
precautions  have  to  be  taken  to  ensure  a  correct 
interpretation  of  rocking  curves.  These  include  (i) 
using  full  dynamical  simulations  for  layers  thinner 
than  1  pm  [15],  aluminum  compositions  lower 
than  about  0.1,  or  multilayer  structures;  (ii)  incor¬ 
porating  into  the  simulation  an  accurate  value  of 
the  surface  off-cut  or  collecting  two  rocking  curves 
for  azimuthal  angle  (j)  =  0°  and  (j)  =  180°  [4,  6];  (iii) 
making  sure  that  the  layer  is  fully  strained  or  sup¬ 
plementing  the  (0  0  4)  symmetric  rocking  curve 
with  a  complete  set  of  (3  3  5)  asymmetric  rocking 
curves  [2, 12];  (iv)  making  sure  that  the  parameters 
used  are  corrected  for  the  measurement  temper¬ 
ature  (GaAs  and  AlAs  lattice  constants  can  be 
corrected  by  using  published  temperature  coeffi¬ 
cients  of  their  respective  lattice  parameters  [13]). 


3.  Low-temperature  PL 

Photoluminescence  measurements  were  done  us¬ 
ing  a  grating  spectrometer  with  a  0.2  meV  energy 
resolution  equipped  with  a  liquid  N2-cooled  CCD 
camera.  The  samples  were  mounted  stress-free  on 
the  cold  finger  of  the  cryostat  and  kept  at 
r  =  (8  ±  1)  K.  Very  low  excitation  power  densities. 


^  These  values  were  calculated  using  the  popular  tangential 
approximation  to  connect  the  measured  A9  with  the  perpen¬ 
dicular  strain  in  the  layer  [4,  6,  9].  If  the  more  accurate  second- 
order  approximation  [9]  is  used,  the  same  value  of  the  AlAs 
lattice  parameter  is  obtained  with  a  somewhat  higher  value  of 
0.256  for  the  Poisson  ratio. 


from  0.01  to  10  W/cm^,  were  used  for  all  measure¬ 
ments.  For  the  optical  measurements  (PL  and 
Raman)  we  use  the  structures  described  earlier 
along  with  their  accurate  compositional  maps  es¬ 
tablished  during  the  HRXRD  measurements.  As  in 
previous  studies  [16-20]  we  measured  the  depend¬ 
ence  of  the  donor-bound  exciton  (D°,  X)  transition 
energy  on  the  layer  composition  x.  We  find  a  purely 
linear  variation  of  this  energy  for  both  direct, 
X  <  0.38  (40  experimental  points,  R-factor  of  0.9998), 
and  indirect,  x  >  0.40  (46  experimental  points,  R- 
factor  0.9995)  band-gap  compositional  ranges: 

=  f'515  -h  1.403x  eV  for  xg  {0,0.38}, 
Fm°,x)(^)  =  1.949  +  0.250x  -h  3^  eV 

for  XG  {0.40,1} . 

The  Sj)  parameter  in  the  second  equation  indi¬ 
cates  that  in  this  case  many  components  may  con¬ 
tribute  to  the  (D°,  X)  transition  [8].  These 
components  most  likely  originate  from  the  per¬ 
turbation  of  the  exciton  binding  energy  by  the 
short-range  potential  of  the  particular  type  of  de¬ 
fect  to  which  the  exciton  is  bound  (the  so-called 
chemical  shifts).  The  value  of  (5d  can  be  as  large  as 
20  meV,  depending  on  the  defect  type.  The  presence 
of  such  a  correction  makes  layer  composition  de¬ 
termination  difficult  for  the  case  of  indirect  band 
gap  Al^Ga(i  -x)As,  unless  the  defect  responsible  for 
the  transition  has  been  identified. 

A  number  of  precautions  must  be  taken  before 
a  reliable  layer  composition  can  be  deduced  from 
the  low-temperature  PL  spectrum,  such  as  avoiding 
strain  due  to  the  sample  mounting  on  the  cold  stage 
or  avoiding  excessively  high  laser  pumping  power. 
Also,  the  technique  is  accurate  only  when  the  do¬ 
nor-bound  exciton  transition  can  be  identified  pos¬ 
itively  in  the  spectrum.  This  is  the  case  only  for 
high-quality  undoped  Al^Ga^-^jAs  layers,  where 
the  (D°,  X)  transition  gives  the  narrowest  line  at  the 
high-energy  end  of  the  PL  spectrum. 


4.  Raman  spectroscopy 

The  Raman  scattering  experiments  were  carried 
out  at  a  temperature  of  295  K  in  a  quasi-backscat- 
tering  geometry  [21]  with  the  incident  light  at  an 
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angle  of  77.7°  from  the  normal  to  the  sample  sur¬ 
face.  The  spectra  were  excited  with  300  mW  of 
530.9  nm  krypton  laser  light.  The  scattered  light 
was  analyzed  with  a  Spex  14018  double  mono¬ 
chromator  under  computer  control  and  detected 
with  a  cooled  RCA  31034A  photomultiplier.  The 
spectral  resolution  was  1.2  cm" ^  in  all  of  the 
measurements.  The  incident  light  was  polarized  in 
the  scattering  plane  while  the  scattered  light  was 
recorded  without  polarization  analysis.  The  fre¬ 
quencies  of  the  Raman  peaks  were  found  to  high 
accuracy  using  a  computer  search  algorithm  [22] 
and  each  spectrum  was  frequency-calibrated  with 
respect  to  three  reference  points  that  covered  the 
complete  scan  [the  laser  ‘zero’  position,  the  GaAs 
longitudinal  optic  (LO)  phonon  peak,  and  AlAs  LO 
phonon  peak]. 

As  in  previous  studies  [23,  24],  we  measured  the 
dependence  of  the  frequencies  of  GaAs-like  and 
AlAs-like  LO  phonon  modes  in  AljcGa(i_x)As  on 
the  layer  composition  x.  The  Raman  data  versus  Al 
fraction  (total  of  80  experimental  points)  are  well 
represented  by  polynomial  expressions.  For  the 
GaAs-like  mode,  a  best  fit  (R-factor  of  0.9998)  was 
obtained  with 

(x)  =  290.2  -  36.7x  cm"  ^ 

For  the  AlAs-like  mode,  the  best  least-squares  fit 
(R-factor  of  0.9995)  was  obtained  with 

colo^®  (x)  =  364.7  +  46.7x  —  9.4x^  cm”  ^ . 

It  is  clear  from  the  relatively  small  slopes  of  the 
measured  dependencies,  and  the  fact  that  it  is  diffi¬ 
cult  to  normally  maintain  Raman  spectrometer  cal¬ 
ibrations  to  better  than  ±0.4cm“\  that  the 
compositional  accuracy  which  can  be  obtained 
with  this  method  is  +  0.01  at  best.  Although  the 
accuracy  is  worse  than  that  expected  from  properly 
carried  out  X-ray  measurements  or  low-temper¬ 
ature  PL,  the  technique  is  more  robust  as  there  is 
less  possibility  for  misinterpretation  of  the  data. 
Also,  this  technique,  unlike  X-ray  or  PL,  can  be 
used  to  derive  compositions  of  very  thin  layers  (less 
than  3  nm  in  thickness),  without  the  need  for  signif¬ 
icant  corrections  [25]. 


5.  Conclusions 

We  have  performed  compositional  studies  of 
Al;,Ga(i-x)As  using  HRXRD,  low- temperature  PL 
and  Raman  spectroscopy.  The  method  of  composi¬ 
tional  calibration  chosen  relies  only  on  the  linearity 
of  time  and  space  measurements.  In  this  way,  pos¬ 
sible  errors  in  empirical  or  theoretical  parameters 
and  correction  factors,  and  uncertainties  in  the 
instrument  calibration,  are  eliminated.  This  reliable 
measurement  of  the  layer  composition,  along  with 
the  very  low  scatter  in  the  experimental  points  for 
all  of  the  techniques  used,  gives  the  most  accurate 
compositional  dependences  available  to  date. 

The  formulae  provided  should  give  a  reliable 
calibration  base  for  other  important  characteriza¬ 
tion  tools,  such  as  SIMS  or  ellipsometry.  They 
should  also  allow  many  existing  discrepancies  in 
Al,cGa(i„x)As  characterization,  processing  and 
modeling  -  all  of  which  rely  on  knowing  the  correct 
Al,cGa(i_;c)As  composition  -  to  be  reconciled. 
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Abstract 

The  use  of  an  atomic  absorption  flux  monitor  for  measuring  desorbing  gallium  and  indium  atoms  during  MBE  is 
demonstrated.  Several  short  InAs  layers  of  known  thickness  were  grown  on  a  GaAs  substrate.  By  desorbing  these  layers 
in  a  controlled  substrate  temperature  ramping  cycle,  a  calibration  between  the  atomic  absorption  signal  and  desorption 
rate  was  determined.  This  calibration  was  then  used  to  measure  the  desorption  of  excess  indium  that  segregates  to  the 
surface  during  the  growth  of  InGaAs  for  a  range  of  In  compositions.  The  atomic  absorption  signals  were  also  measured 
for  growth  of  GaAs  and  InGaAs  at  elevated  substrate  temperatures  where  the  cation  sticking  coefficients  are  less  than 
unity. 


1.  Introduction 

Atomic  absorption  spectroscopy  has  recently 
been  developed  into  a  reliable  and  accurate  in-situ 
monitor  for  measuring  atomic  beam  fluxes  of  group 
III  elements  during  MBE  [1-3].  We  have  de¬ 
veloped  an  atomic  absorption  optical-based  flux 
monitor  (OFM)  capable  of  measuring  growth  rates 
accurately  with  a  precision  as  high  as  0.005  ml/s.  By 
using  the  OFM  signal  for  feedback  control  to  oper¬ 
ate  the  molecular  beam  shutters,  we  have  achieved 
layer  thickness  control  of  better  than  1%.  This 
sensitivity  allows  us  not  only  to  monitor  and  con- 
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trol  growth  accurately,  but  also  to  observe  desor¬ 
bing  fluxes  of  atoms  from  a  heated  substrate.  In  this 
paper  we  demonstrate  in-situ  monitoring  of  ther¬ 
mal  desorption  of  indium  and  gallium  atoms  from 
a  GaAs  substrate. 

Recently,  line-of-sight  mass  spectrometry  has 
been  used  to  perform  temperature-programmed  de¬ 
sorption  (TPD)  analysis  of  surface-segregated  in¬ 
dium  from  InGaAs  [4].  This  involves  raising  the 
substrate  temperature  after  the  growth  of  InGaAs 
which  causes  the  excess  surface  indium  to  flash  off. 
We  have  been  able  to  perform  TPD  analysis  using 
atomic  absorption  as  an  alternative  to  mass  spec¬ 
trometry.  The  desorption  rate  can  be  quantified  by 
evaporating  thin  InAs  films  and  correlating  the 
thickness  with  the  integrated  atomic  absorption 
signal.  We  have  measured  the  surface-segregated 
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indium  population  this  way  for  several  indium 
compositions. 

We  have  also  studied  the  growth  of  GaAs  and 
InGaAs  at  high  substrate  temperatures  where  the 
sticking  coefficient  is  less  than  unity.  To  monitor 
growth  under  these  conditions,  we  need  to  under¬ 
stand  better  how  the  atomic  absorption  signal  cha¬ 
nges  as  the  sticking  coefficient  drops.  We  have 
investigated  the  extent  of  this  change  by  measuring 
absorption  during  growth  at  elevated  substrate 
temperatures.  We  were  also  able  to  extract  energy 
barriers  for  desorption  from  these  measurements. 

2.  Experimental  procedure 

A  more  detailed  description  of  the  apparatus  is 
given  elsewhere  [2].  The  optical  flux  monitor 
(OFM)  uses  atomic  emission  lines  from  Al,  Ga,  and 
In  hollow  cathode  lamps.  The  light  from  each  of  the 
three  lamps  is  mechanically  chopped  at  a  different 
frequency  and  combined  into  a  single  beam  using 
a  trifurcating  fiber  bundle.  This  beam  is  then  split 
into  a  reference  beam  and  a  probe  beam,  each 
coupled  into  an  optical  fiber.  The  probe  beam 
passes  through  the  growth  chamber  above  the  sub¬ 
strate  and  is  then  reflected  back  by  a  pair  of  flat 
mirrors.  The  returning  probe  beam  is  collected  by 
another  optical  fiber  which  carries  the  beam  to  the 
signal  detector.  This  dual  pass  configuration  in¬ 
creases  the  measured  absorption  signal  for  a  given 
flux.  The  signal  is  measured  using  a  PMT  and 
lock-in  amplifiers.  Another  PMT  measures  the  ref¬ 
erence  beam,  which  does  not  pass  through  the 
chamber,  to  account  for  lamp  intensity  drifts. 
A  Macintosh  Quadra  840AV  computer  is  used  for 
data  acquisition. 

The  samples  were  grown  on  2"'  (1  0  0)  semi-insu- 
lating  GaAs  substrates  in  a  Varian  Gen  II  MBE 
system.  For  the  GaAs  grown  at  elevated  substrate 
temperatures,  a  3"  wafer  was  used.  The  As2  pres¬ 
sure  was  approximately  6.5xl0”^Torr  through¬ 
out  the  experiments.  Substrate  temperature  was 
measured  using  an  optical  pyrometer.  The  substra¬ 
te  was  rotated  at  20  rpm. 

During  growth,  material  is  deposited  on  the 
ring-shaped  region  of  the  substrate  holder  sur¬ 
rounding  the  wafer.  Upon  heating,  any  material 


that  desorbs  from  this  ring  would  cause  errors  in 
the  measured  signal.  To  avoid  this  source  of  error, 
we  used  an  EPI  Uniblock  with  a  stack  of  four 
ring-shaped  molybdenum  plates  behind  the  front 
spring  plate.  These  rings  thermally  insulated  the 
front  surface  of  the  substrate  holder,  keeping  tem¬ 
peratures  below  the  range  where  significant  desorp¬ 
tion  occurs.  By  comparing  the  difference  in  the 
measurements  performed  with  and  without  the  in¬ 
sulating  rings,  we  verified  that  there  was  no  signifi¬ 
cant  desorption  from  the  front  of  the  insulated 
substrate  holder. 


3.  Results  and  discussion 

To  calibrate  the  signal  for  growth,  RHEED  oscil¬ 
lations  and  atomic  absorption  were  measured  si¬ 
multaneously.  This  calibration  is  not  accurate  for 
desorbing  atoms,  however,  since  the  atoms  leave 
the  substrate  in  all  directions,  instead  of  in  a  nearly 
collimated  beam.  This  creates  a  lower  density  of 
atoms  and  decreased  atomic  absorption  when  ob¬ 
serving  an  outgoing  flux  instead  of  an  incident  flux. 
To  calibrate  the  atomic  absorption  signal  for  desor¬ 
bing  atoms,  InAs  layers  of  a  known  thickness  were 
desorbed  by  ramping  the  substrate  through  a  con¬ 
trolled  temperature  cycle.  The  integrated  absorp¬ 
tion  signal  was  then  correlated  with  the  total 
amount  of  InAs  desorbed,  assuming  that  the  de¬ 
sorption  rate  is  linearly  proportional  to  atomic 
absorption.  For  small  absorption  values,  a  straight 
line  is  a  very  close  approximation  to  the  actual 
curve.  Fig.  1  shows  a  typical  desorption  signal 
along  with  the  substrate  temperature  ramping 
cycle.  The  calibration  curve  derived  from  measur¬ 
ing  many  of  these  peaks  is  shown  in  Fig.  2.  Fitting 
these  data  with  a  straight  line  through  the  origin 
gives  a  desorption  rate  in  monolayers/second  of 
^desorption  =  (20.8)y,  whore  y  is  the  atomic  absorp¬ 
tion.  A  desorbing  flux  absorbs  only  about  17%  of 
the  light  of  an  equivalent  incident  flux  during 
growth. 

To  observe  indium  segregation,  InGaAs  layers  of 
several  different  compositions  were  grown  at  a  sub¬ 
strate  temperature  of  524  ±  2''C.  The  layers  were 
30-40  monolayers  thick  so  that  the  surface-seg¬ 
regating  indium  reached  a  steady-state  value.  GaAs 
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Fig.  1.  Absorption  signal  during  growth  and  desorption  of  1.5 
monolayers  of  InAs  on  GaAs.  During  growth,  the  absorption  is 
about  6%  which  falls  off  scale  on  this  plot.  Substrate  temper¬ 
ature  as  measured  by  optical  pyrometry  is  also  plotted.  The 
small  ripple  in  the  substrate  temperature  measurement  is  due  to 
the  substrate  rotation  of  20  rpm. 


Fig.  2.  Integrated  indium  desorption  peak  intensity  vs.  depo¬ 
sited  InAs  thickness.  These  data  are  used  as  a  calibration 
between  atomic  absorption  and  desorption  rate. 

buffer  layers  500  A  thick  were  grown  between  each 
of  the  InGaAs  layers.  After  the  growth  of  each 
InGaAs  layer,  the  excess  indium  that  segregates 
to  the  growing  surface  was  desorbed  using  the  same 
temperature  ramping  cycle  that  was  used  in  the 
above  calibration.  Integrating  the  desorption  peak 
gave  the  total  desorbed  indium  for  each  compo¬ 
sition.  These  data  are  shown  in  Fig.  3. 

At  an  indium  composition  of  x  =  0.22  we  mea¬ 
sured  a  floating  indium  layer  of  1.6  ML  at  524°C. 
This  agrees  closely  with  previously  measured 


Fig.  3.  Desorbed  surface-segregated  indium  vs.  composition 
X  for  In;,Ga(i  .^:^)As. 

values  of  1.4  ML  [5]  at  520°C  for  x  =  0.23  and 
1.6  ML  [4]  at  530°C  for  x  =  0.22. 

The  segregation  ratio  R  can  be  calculated  from 
the  data  in  Fig.  3.  The  monolayer  thickness  of  the 
surface-floating  InAs  6iJn)  after  n  monolayers  of 
growth,  where  Xq  is  the  nominal  indium  compo¬ 
sition  is  [5] 

=  xoi^(l  -  R^il  -  R).  (1) 

For  large  n,  the  segregation  ratio  R  is 

R  =  GiMlixo  +  K(n))  ■  (2) 

We  have  measured  a  composition-dependent  segre¬ 
gation  ratio  at  524°C  that  ranges  from  0.83  to  0.89 
between  x  =  0.05  and  0.26.  This  is  within  the  range 
of  previously  measured  values  [5-1 1]  which  range 
from  about  0.7-0.9.  Discrepancies  among  measure¬ 
ments  could  be  due  to  many  factors  including  sub¬ 
strate  temperature  and  composition  uncertainties. 
There  are  also  probably  variations  due  to  the  differ¬ 
ent  measurement  techniques.  It  is  not  clear,  for 
example,  if  the  desorbed  indium  during  TPD  in¬ 
cludes  only  the  surface  InAs  or  if  some  In  from  the 
top  one  or  two  monolayers  also  diffuses  to  the 
surface  and  desorbs. 

Another  set  of  experiments  was  done  to  observe 
GaAs  and  InGaAs  growth  at  elevated  substrate 
temperatures  where  the  sticking  coefficients  are  less 
than  unity.  During  growth,  we  cannot  separa¬ 
tely  observe  incident  and  desorbing  atomic  fluxes. 
Both  fluxes  contribute  to  the  observed  atomic 
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absorption.  We  can  still,  however,  extract  meaning¬ 
ful  information  about  the  sticking  coefficients  by 
either  measuring  RHEED  and  absorption  simulta¬ 
neously  or  by  assuming  a  constant  output  flux  from 
the  effusion  cell. 

RHEED  intensity  oscillations  and  atomic  ab¬ 
sorption  were  measured  simultaneously  during  the 
growth  of  GaAs  over  a  range  of  substrate  temper¬ 
atures.  The  substrate  was  not  rotated  during  this 
growth  so  that  RHEED  oscillations  could  be  mea¬ 
sured.  At  higher  substrate  temperatures,  there  are 
two  sources  of  error  in  calculating  the  growth  rate 
from  the  atomic  absorption.  As  the  substrate  tem¬ 
perature  is  raised,  some  of  the  atoms  re-evaporate, 
reducing  the  growth  rate  for  a  given  incident  flux. 
Additionally,  the  re-evaporating  atoms  increase  the 
density  of  atoms  in  front  of  the  substrate,  raising 
the  absorption.  Fig,  4a  shows  a  plot  of  the  real 
growth  rate  (measured  by  RHEED)  divided  by  the 
calculated  growth  rate  (calculated  from  atomic  ab¬ 
sorption)  over  a  range  of  substrate  temperatures. 
Raising  the  substrate  temperature  to  640°C  creates 
an  error  of  about  1%  in  the  calculated  GaAs 
growth  rate  using  the  OFM.  At  typical  growth 
temperatures  (between  580  and  600°C)  the  error 
due  to  re-evaporating  Ga  atoms  is  negligible. 

Fig.  4b  shows  an  Arrhenius  plot  of  these  data. 
From  the  slope  we  calculated  an  activation  energy 
for  desorption  of  3.3  +  0.3  eV.  We  do  not  know  the 
correlation  between  desorbing  Ga  flux  and  atomic 
absorption,  but  the  energy  barrier  we  calculated  is 
insensititive  to  the  absolute  desorption  rate.  Our 
measurement  agrees  closely  with  the  3.4  eV  cal¬ 
culated  by  Heckingbottom  [12]  for  growth  under 
As-stabilized  surfaces  and  falls  within  the  range  of 
previously  reported  [13-19]  experimental  values 
(2.9-4.8  eV). 

To  observe  indium  sticking  coefficients  of  less 
than  unity,  Ino.21Gao.79As  was  grown  on  a  2" 
GaAs(l  0  0)  wafer  at  several  substrate  temperatures 
between  520  and  710°C.  The  composition  (x  = 
0.21)  and  growth  rate  (1.23  ml/s)  of  the  InGaAs 
was  assumed  to  be  constant  throughout  the  experi¬ 
ment.  The  indium  atomic  absorption  vs.  substrate 
temperature  is  plotted  in  Fig.  5.  At  about  680''C  the 
atomic  absorption  signal  seems  to  level  off,  indicat¬ 
ing  that  all  of  the  indium  is  re-evaporating  from 
the  substrate.  We  can  estimate  the  correla- 
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Fig.  4.  (a)  Actual  growth  rate  as  measured  by  RHEED  divided 
by  growth  rate  as  calculated  from  atomic  absorption.  When  Ga 
reevaporation  occurs,  the  growth  rate  decreases  and  the  atomic 
absorption  increases,  (b)  Arrhenius  plot  of  re-evaporation  rate 
used  to  determine  desorption  activation  energy. 

tion  between  atomic  absorption  and  desorption 
rate  from  these  data  by  subtracting  the  absorption 
signal  under  unity  sticking  coefficient  from  the  ab¬ 
sorption  signal  where  all  of  the  indium  is  re-evapor¬ 
ating.  We  assume  that  growth  rate  and  desorption 
rate  are  both  linear  with  atomic  absorption.  Under 
unity  sticking  coefficient,  the  In  growth  rate  is  mea¬ 
sured  to  be  0.264  ml/s.  We  assume  that  the  cell 
output  is  constant  so  this  value  is  also  the  max¬ 
imum  desorption  rate  of  indium  from  the  substrate 
at  high  temperatures.  The  desorption  rate  cal¬ 
culated  this  way  is,  r^esorption  =  (20.2)^.  This  agrees 
closely  with  the  slope  of  20.8  previously  calculated 
from  integrating  InAs  desorption  peaks. 

The  energy  barrier  for  indium  desorption  from 
InGaAs  should  depend  upon  the  indium  compo¬ 
sition.  As  the  substrate  temperature  is  raised,  the 
composition  changes  and  we  do  not  see  ideal 
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Fig.  5.  (a)  Indium  atomic  absorption  during  growth  of 
Ino.21Gao.79As  at  1.23  ml/s.  Above  about  680°C  the  absorption 
signal  saturates,  indicating  that  all  of  the  indium  is  re-evaporat¬ 
ing.  (b)  Arrhenius  plot  of  re-evaporation  rate  of  indium.  Slope 
indicates  an  energy  barrier  of  2.7  eV. 

Arrhenius  behavior.  Over  this  entire  temperature 
and  composition  range,  the  desorption  activation 
energy  is  2.7  eV  (Fig.  5b).  This  falls  within  the  range 
of  previous  measurements  [13, 19-23]  and  is  slight¬ 
ly  greater  than  the  2.5  eV  value  [24]  measured  for 
the  enthalpy  of  sublimation  of  indium. 


4.  Conclusion 

We  have  demonstrated  the  use  of  an  atomic 
absorption  flux  monitor  for  measuring  desorbing 
Ga  and  In  fluxes  from  a  substrate  in  an  MBE 
chamber.  Although  the  absorption  signal  is  lower 
for  a  desorbing  flux  than  for  an  incident  flux,  the 
signal-to-noise  ratio  of  the  OFM  is  high  enough  to 
measure  desorption  of  less  than  a  single  monolayer 
of  InAs  during  about  45  s. 


By  monitoring  desorbing  fluxes,  we  have  been 
able  to  measure  surface-segregated  indium  using 
TPD  analysis.  We  have  also  observed  re-evapor¬ 
ation  of  In  and  Ga  during  growth  at  high  substrate 
temperatures.  Future  work  will  include  a  study  of 
Al,  Ga,  and  In  segregation  and  re-evaporation  dur¬ 
ing  the  growth  of  the  quaternary  alloy,  AlGalnAs, 
at  high  growth  temperatures.  This  material  is  cur¬ 
rently  being  investigated  for  use  in  diode  lasers. 
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Abstract 

Diffuse  reflectance  spectroscopy  (DRS)  is  used  for  in  situ  measurements  of  temperature  transient  and  temperature  drift 
during  MBE  growth  of  AlAs/GaAs  and  InGaAs/GaAs  layered  structures.  The  experimental  results  are  compared 
together  with  pyrometric  interferometry  (PI)  measurement  taken  concurrently.  Our  results  show  that  DRS  is  a  viable 
method  for  in  situ  real-time  monitoring  of  both  substrate  temperature  and  layer  thickness. 

Keywords:  Diffused  reflectance  spectroscopy;  In  situ  measurement;  Temperature;  Layer  thickness 


1.  Introduction 

In  situ  temperature  and  layer  thickness  measure¬ 
ments  have  always  been  integral  parts  of  molecular 
beam  epitaxy  (MBE)  technology  development.  Ac¬ 
curate  monitoring  of  growth  temperature  is  essen¬ 
tial  during  MBE  growth  because  the  quality  of 
epitaxial  layers,  growth  rates  and  alloy  composi¬ 
tion  are  all  dependent  on  growth  temperature.  The 
use  of  diffuse  reflectance  spectroscopy  (DRS)  for  in 
situ  temperature  monitoring  has  been  well  estab¬ 
lished  for  GaAs  substrate  [1],  More  recently,  the 
method  has  been  used  for  feedback  control  of  GaAs 
growth  at  growth  temperature  between  500  and 
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600°C  [2],  However,  nearly  all  previous  DRS  ex¬ 
periments  were  focused  on  temperature  measure¬ 
ment  and  were  carried  out  on  homoepitaxial  GaAs 
growth. 

In  the  present  work,  we  explore  DRS  for  (i) 
determination  of  Knudsen  cell  induced  substrate 
heating  over  a  wide  temperature  range  between  200 
and  600° C,  (ii)  simultaneous  measurements  of 
temperature  drift  and  layer  thickness  during  the 
growth  of  AlAs/GaAs  layered  structures,  and 
(iii)  the  monitoring  of  surface  morphology  of 
Ino.isGao.szAs  on  GaAs  sample. 

2.  Experiment  method 

DRS  measurement  relies  on  nonspecular  scat¬ 
tering  of  a  spectroscopic  probing  light  from  the 
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(detected  light) 


semi¬ 
incident  opaque  transparent  transparent 


(a) 


substrate 


Fig.  1.  The  schematic  of  (a)  the  physical  principle,  (b)  the  equi¬ 
valent  folded  structure  transmission  model,  and  (c)  the  measure¬ 
ment  geometry  in  Varian  Gen  II MBE  system.  The  optical  paths 
of  incident,  specular  reflected  and  diffused  reflected  light  at  the 
opaque,  transparent  and  semi-transparent  wavelengths  are  illus¬ 
trated  in  part  (a). 


backside  of  the  sample.  In  the  present  work,  the 
scattering  is  provided  by  the  backside  of  a  single- 
polished  GaAs  wafer.  The  physical  process  and  the 
equivalent  transmission  model  (a  folded  structure) 
are  shown  in  Fig.  la  and  Fig.  lb,  respectively.  The 
working  principle  is  very  similar  to  that  of  the 
optical  transmission  measurement  [3-6]  but  with 
two  notable  differences:  (i)  both  the  incident  and  the 
detection  ports  are  located  outside  the  chamber  in 
front  of  the  sample  (at  nonspecular  angles),  and 
consequently  alleviate  the  technical  difficulties  of 
installing  a  light  source  at  the  backside  of  the  sub¬ 
strate,  and  (ii)  the  detected  probing  light  passes 


through  the  sample  twice  with  a  slight  difference  in 
path  length.  The  measured  DRS  signal  over  the 
entire  spectrum  yields  useful  information  on  the 
sample  temperature,  layer  thickness  and  surface 
morphology.  From  the  cutoff  wavelength  (also 
known  as  knee  wavelength,  ^tnee)  of  the  DRS  signal 
(Fig.  la),  the  band  gap  (Urbach  edge)  can  be  deter¬ 
mined,  from  which  the  substrate  temperature  (Ts)  is 
inferred  [1].  As  a  temperature  sensor  using  active 
light  source,  DRS  has  two  major  advantages  over 
pyrometry:  (i)  it  is  capable  of  measuring  much 
lower  substrate  temperature,  and  (ii)  the  measured 
data  is  unaffected  by  the  background  radiation  in 
the  growth  chamber  (such  as  the  heated  Knudsen 
cells  in  MBE).  The  DRS  signal  at  the  opaque 
wavelength  is  enhanced  by  the  surface  scattering  of 
the  sample  and  is  therefore  sensitive  to  the  sample 
morphology.  The  DRS  signal  at  the  transparent 
wavelength,  on  the  other  hand,  is  sensitive  to  op¬ 
tical  interference  arising  from  layered  structure, 
and  can  be  used  for  real-time  thickness  and  growth 
rate  monitoring.  However,  the  same  optical  inter¬ 
ference  effect  also  shifts  Aknee  ^nd  causes  undesir¬ 
able  oscillations  in  the  temperature  readout  during 
the  growth  of  layered  structures.  This  complicates 
the  measurement  of  true  temperature  change  in  the 
sample. 

All  growths  are  conducted  in  a  Varian  Gen  II 
MBE  system  and  the  measurement  geometry  is 
shown  in  Fig.  Ic.  All  samples  used  in  this  work 
consist  of  single-polished  quarter  of  2  in  semi-insu¬ 
lating  GaAs  wafers.  All  wafers  are  indium-soldered 
to  a  2  in  molybdenum  block.  A  commercial  DRS 
system  manufactured  by  Thermionics  Laboratory 
(model  DRS- 1000)  is  used  for  the  measurement. 
The  DRS  measured  temperature  is  displayed  in 
real-time  after  numerical  processing  of  the  spectro¬ 
scopic  data  at  the  end  of  each  scan  (1060-1255  nm). 
The  raw  spectroscopic  data  for  each  scan  is  stored 
in  a  separate  data  file  in  an  IBM  PC.  For  the 
Varian  Gen  II  MBE  system,  the  DRS  measured 
temperature  exhibits  negligible  dependency  on  the 
relative  positions  between  the  incidence  and  detec¬ 
tion  port.  In  some  cases,  in  situ  narrow-band  PI 
(Am  =  1048  nm,  A2  =  60  nm)  is  also  employed  for 
simultaneous  monitoring.  A  detailed  description  of 
the  experimental  setup  for  the  PI  apparatus  can  be 
found  in  Ref.  [7].  All  measurements  were  taken 
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without  sample  rotation  in  order  to  minimize  un¬ 
even  scattering  from  the  sample  block  and  the 
GaAs  backside  surface  which  has  an  anisotropic 
texture.  Rotating  the  sample  at  10-15  rpm  causes 
an  apparent  fluctuation  of  DRS  temperature  of 
5°C.  This  problem,  however,  is  not  intrinsic  to  the 
measurement  technique  itself  Using  a  backside  dif¬ 
fuser  on  double-polished  2-in  GaAs  wafers,  fluctu¬ 
ation  of  DRS  temperature  less  than  TC  has  been 
achieved  for  growth  temperatures  between  200  and 
300°C  [8]. 


3.  Results  and  discussion 

3.1.  Knudsen  cell  induced  temperature  transient 
measurement 

We  have  used  DRS  for  in  situ  measurement  of 
temperature  transient  arising  from  shutter  opening 
of  Ga  and  Si  Knudsen  cells  at  various  T^.  Substrate 
heating  induced  by  Knudsen  cells  has  been  ob¬ 
served  previously  from  optical  transmission  [6],  PI 
[9, 10],  and  DRS  [1]  measurements,  but  has  not 
been  systematically  characterized  over  a  wide  tem¬ 
perature  range.  The  results  are  shown  in  Fig.  2a 
and  Fig.  2b.  It  can  be  seen  that  the  temperature 
transient  of  Knudsen  cell  induced  substrate  heating 
becomes  more  significant  at  lowered  Tg.  We  have 
also  noticed  that  the  time  constants  associated  with 
the  temperature  transient  become  longer  at  lower 
temperature.  The  result  is  important  for  reproduc¬ 
ible  growth  of  low  temperature  (LT)  GaAs  and 
AlGaAs  layers,  where  the  exact  growth  temper¬ 
ature  is  difficult  to  determine  accurately  and  repro- 
ducibly.  We  have  also  measured  the  double  crystal 
X-ray  diffraction  (DCXRD)  of  the  as-grown  LT 
GaAs  0,75-1  pm)  prepared  at  substrate  temper¬ 
atures  between  200  and  300^C  and  the  results  are 
shown  in  Fig.  2c.  The  X-ray  diffraction  peak  asso¬ 
ciated  with  LT  GaAs  layer  appeared  only  at  growth 
temperatures  below  270°C.  To  our  knowledge,  this 
is  the  first  time  such  a  transition  temperature  has 
been  identified.  Given  the  fact  that  the  stoichio¬ 
metry  of  LT  GaAs  (and  possible  other  III-V  layers) 
is  extremely  sensitive  to  growth  temperature, 
our  results  highlight  the  influence  of  Knudsen 
cell  induced  thermal  loading  on  the  structural 
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Fig.  2.  Knudsen  cell  induced  temperature  and  microstructural 
changes  of  LT  GaAs  layers  versus  growth  temperature:  (a)  rise  in 
temperature  caused  by  the  opening  of  the  Si  and  Ga  Knudsen 
cells  for  both  In-soldered  and  In-free  samples;  (b)  typical  DRS 
measured  temperature  transient  following  the  opening  of  Si  and 
Ga  shutters;  and  (c)  X-ray  diffraction  of  LT  GaAs  layers  versus 
growth  temperature. 


properties  of  more  complicated  LT  III-V  layers 
such  as  GaA/AlGaAs  superlattices,  where  switch¬ 
ing  of  shutters  are  required. 

3.2.  Temperature  drift  of  AlAs/GaAs  layered 
structure 

The  growth  of  GaAs/AlAs  on  GaAs  layered  struc¬ 
tures  are  also  simultaneously  monitored  using 
DRS  and  PL  The  results  are  shown  in  Fig.  3.  The 
initial  rise  in  (label  A  of  Fig.  3b)  is  attributed  to 
the  radiative  heating  of  the  sample  following  the 


Y.  Li  et  al.  j  Journal  of  Crystal  Growth  1751176  (1997)  250-255 


253 


Fig.  3.  Simultaneous  measurements  of  PI  (part  (a))  and  DRS 
temperature  (part  (b))  of  thick  GaAs/AlAs  layered  structure 
grown  on  GaAs  substrate  under  constant  thermocouple  feed¬ 
back  control.  The  emissivity  induced  temperature  drift  is  clearly 
evident.  While  the  PI  signal  settles  at  a  constant  value  after 
1.5  |im  of  GaAs  growth,  the  DRS  measured  temperature  con¬ 
tinues  to  oscillate.  This  is  due  to  optical  interference  of  the  DRS 
signal  near  the  knee  wavelength. 


Opening  of  the  Al  Knudsen  cell.  The  subsequent 
drift  of  substrate  temperature  during  the  growth  of 
AlAs  (decreasing  TJ  and  the  GaAs  overlayer  (in¬ 
creasing  Ts)  is  caused  by  the  change  of  sample 
emissivity.  Such  temperature  drift  has  also  been 
noticed  from  previous  PI  measurements  [9,  10].  It 
should  be  noted  that  the  emissivity  induced  sub¬ 
strate  temperature  drift  occurs  even  as  the  ther¬ 
mocouple  reading  remains  constant.  However,  the 
DRS  monitored  temperature  is  hampered  by  the 
optical  interference  of  the  layered  structures.  Refer¬ 
ring  to  Fig.  3,  as  the  thickness  of  the  GaAs  over¬ 
layer  exceeds  1.5  pm,  the  oscillatory  PI  signal 
settles  at  a  steady-state  value.  The  DRS  temper¬ 


ature,  on  the  other  hand,  exhibits  a  continuous 
quasi-periodic  oscillation.  Since  PI  probes  the  ther¬ 
mal  radiation  from  the  surface  of  the  sample,  op¬ 
tical  interference  vanishes  when  the  thickness  of 
GaAs  overlayer  exceeds  the  absorption  length  at 
the  PI  monitoring  wavelength  (estimated  1  pm 
for  of  1048  nm).  The  constant  PI  signal  in 
Fig.  3a  is  indicative  that  has  reached  a  steady- 
state  value.  In  contrast,  since  the  DRS  signal  trans¬ 
verse  through  the  entire  sample,  optical  interfer¬ 
ence  near  ^k^ee  not  attenuate  with  GaAs 

thickness.  This  results  in  an  apparent  temperature 
oscillation  having  a  spatial  period  ~ /-knee/^K^kneeX 
where  u(>^.knee)  is  the  refractive  index  of  the  growing 
layer  at  iknee-  Using  a  recently  developed  DRS 
spectrum  simulator  (based  on  the  transmission 
model  shown  in  Fig.  lb)  we  have  confirmed  that 
the  temperature  oscillation  is  indeed  caused  by  the 
optical  interference  effect  [11].  Work  is  underway 
to  quantify  the  amplitude  of  such  temperature  os¬ 
cillations.  For  accurate  monitoring  of  the  actual 
temperature  of  a  layered  structure,  it  is  important 
to  develop  a  modified  temperature  extraction  algo¬ 
rithm  which  can  properly  account  for  the  interfer¬ 
ence  effect. 

3.3.  Interference  of  DRS  signal  in  transparent 
wavelength 

We  have  also  examined  the  evolution  of  the  DRS 
signal  versus  time  at  fixed  wavelength  in  the  semi¬ 
transparent  and  transparent  wavelength  region 
from  the  time  evolution  of  the  DRS  spectrum.  The 
results  are  shown  in  Fig.  4a  and  Fig.  4b.  These 
plots  were  retrieved  from  stored  spectroscopic 
data  files  and  therefore  are  not  displayed  in  real 
time.  At  both  semi-transparent  and  transparent 
wavelengths,  a  clear  oscillation  of  the  DRS  signal 
versus  time  is  observed.  The  signal  oscillates  with 
a  spatial  period  [XJ2n{Xfj)  cos  0,  where  6  is  the 
angle  of  the  effective  optical  path  relative  to  the 
substrate  normal.  With  proper  modification  of  the 
data  acquisition  and  storage  procedure,  such  oscil¬ 
lating  signal  can  be  used  for  real-time  thickness  and 
growth  rate  monitoring  of  the  growth  process 
[12, 13].  A  closer  examination  of  the  DRS  signal  at 
X  =  llSOnm  shows  a  steady  increase  in  the  DC 
component  during  the  growth  of  AlAs,  followed  by 
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Fig.  4.  Plot  of  DRS  spectrum  versus  growth  time  for  an 
GaAs/AlAs  on  GaAs  layered  structure.  Part  (b)  highlights  the 
DRS  signal  versus  time  at  a  fixed  transparent  wavelength.  Such 
interference  oscillation  can  be  utilized  for  real-time  layer  thick¬ 
ness  and  growth  rate  monitoring.  The  asymmetrical  envelope  of 
DRS  signal  at  1150nm  reflects  the  change  of  sample  temper¬ 
ature. 
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a  decrease  of  the  DC  component  during  the  growth 
of  the  GaAs  layer  (dashed  line  in  Fig.  4b).  This  can 
be  explained  by  a  steady  decrease  and  increase  of 
Ts  which  occurred  during  the  growth  of  AlAs  and 
GaAs  layers,  respectively.  As  the  temperature  is 
decreased,  /Iknee  shifts  towards  shorter  wavelength, 
and  consequently  results  in  higher  DRS  signal  at 
wavelengths  in  the  semi-transparent  region.  At  the 
transparent  wavelength  of  1200  and  1250  nm,  the 
envelope  of  the  DRS  signals  exhibits  a  symmetrical 
attenuation  during  the  growth  of  the  GaAs  layer. 
This  phenomenon  cannot  be  explained  by  the  ab¬ 


sorption  of  the  GaAs  layer.  We  suspect  this  to  be 
caused  by  a  loss  of  coherency  of  the  probing  light  in 
the  layered  structure  due  to  (i)  a  finite  spread  of 
wave  vector  at  the  incident  and  detection  ports,  (ii) 
the  slight  difference  in  the  optical  path  of  the  folded 
structure,  and  (iii)  nonuniformity  of  the  layer  thick¬ 
ness.  The  phenomenon  is  presently  studied  using 
the  DRS  spectrum  simulator. 

3.4.  Surface  scattering  of  InGaAsjGaAs  layers 

The  evolution  of  DRS  spectrum  for 
Ino.i8Gao.82As/GaAs  sample  and  the  correspond¬ 
ing  monitored  temperature  are  shown  in  Fig.  5. 
Enhanced  absorption  at  longer  wavelength  due  to 
epitaxial  Ino.i8Gao.82As  is  clearly  evident  (see 
Fig.  5a).  Except  for  the  initial  rise  due  to  Knudsen 
cell  heating,  the  substrate  temperature  changes 
only  slightly  (variation  <2.5°C)  during  the  entire 
growth  process  (see  Fig,  5b).  The  result  contradicts 
earlier  reports  on  the  growth  of  narrow-bandgap 
material  on  wide  bandgap  substrate  where  signifi¬ 
cant  increase  of  substrate  temperature  has  been 
measured  from  optical  transmission  measurement 
on  In-free  samples  [4].  The  discrepancy  relates  to 
the  method  in  which  the  sample  is  mounted.  For 
In-soldered  sample,  heat  transfer  to  the  sample 
remains  unchanged  when  a  narrower  bandgap  ma¬ 
terial  is  deposited.  The  only  driving  force  for  tem¬ 
perature  drift  originates  from  change  of  sample 
emissivity  following  the  growth  of  Ino.i8Gao.82As 
layer.  In  contrast  to  AlAs  on  GaAs  layer  growth, 
the  initial  lowering  of  emissivity  due  to  optical 
interference  effect  is  partially  balanced  by  increased 
radiation  bandwidth  from  the  Ino.i8Gao.82As  layer 
which  has  narrower  bandgap  than  GaAs.  The  DRS 
signal  versus  time  at  the  opaque  wavelength 
(1050  nm)  shows  a  steady  increase  during  the 
growth  as  shown  in  Fig.  5c.  This  is  attributed 
to  enhanced  surface  scattering  of  the  relaxed 
Ino.i8Gao.82As  layer.  Post-growth  DCXRD  mea¬ 
surement  confirms  that  the  Ino.i8Gao.82As  layer  is 
indeed  fully  relaxed.  The  absence  of  a  clear  onset  of 
increased  DRS  signal  near  the  critical  thickness  is 
not  clear  at  the  moment  [14].  We  speculate  that  the 
sample  is  probably  not  oriented  in  a  position  for 
maximum  detection  of  cross-hatch  induced  surface 
scattering. 
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(a) 
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Fig.  5.  DRS  measurements  for  Ino.i8Gao,82As/GaAs  layered 
structure:  (a)  DRS  spectrum  versus  growth  time,  (b)  the  corre¬ 
sponding  DRS  measured  temperature  versus  growth  time,  and 
(c)  DRS  signal  at  opaque  wavelength  =  1050  nm)  versus 
growth  time.  The  increase  in  the  DRS  signal  at  =  1050  nm 
is  attributed  to  enhanced  surface  scattering  of  the  relaxed 
Ino.igGao.siAs  layer. 


4.  Conclusion 

We  reported  the  use  DRS  for  simultaneous  in 
situ  measurements  of  substrate  temperature,  layer 
thickness  and  surface  morphology  during  MBE 


growth  of  layered  GaAs/AlAs  and  InGaAs  on 
GaAs  structures.  The  results  show  that  with  proper 
modification  on  existing  data  acquisition  proced¬ 
ure,  DRS  has  the  potential  to  be  a  versatile  in  situ 
real  temperature  monitor  for  substrate  temper¬ 
ature,  layer  thickness  and  surface  morphology  dur¬ 
ing  the  epitaxy  process. 
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Abstract 

The  alloy  system  Ino.525(AUGai_  J0.475AS,  which  is  lattice-matched  to  InP,  covers  the  technologically  important 
wavelength  range  0.8-1.6  pm,  including  the  fiber  optic  communication  wavelengths  1.3  and  1.55  pm.  However,  growth  of 
these  alloys  on  InP  is  complicated  by  the  strong  dependence  of  the  lattice  constant  on  In  content,  and  would  be  improved 
by  a  convenient  in  situ  method  of  growth  monitoring.  We  consider  the  feasibility  of  extending  the  method  of  pyrometric 
interferometry  (PI),  whose  utility  is  already  established  for  Al;(Gai_:cAs/GaAs,  to  Ino.52Alo.48As,  Ino.53Gao.47As,  and 
general  Ino.525(Al:cGai- J0.475AS  growth  on  InP.  We  find  that  PI  provides  useful  information  about  changes  in  the 
growth  rate  and/or  composition.  The  method  works  best  for  high  A1  content  films  (e.g.  Ino.52Alo.48As)  due  to  the  larger 
band-gap,  and  requires  about  0.8  pm  or  thicker  film  growth  for  greatest  accuracy.  PI  sensitivity  is  shown  to  be  greater  to 
changes  in  the  In  flux  versus  the  A1  flux.  We  determined  the  effective  refractive  index  of  Ino.52Alo.48As  to  be  3.515  for 
substrate  temperature  500-550°C.  The  onset  of  In  desorption  as  the  substrate  temperature  is  increased  was  also  easily 
detected  by  PI. 


1.  Introduction 

Ino.525(AlxGai  -  J0.475AS  grown  on  InP  provides 
a  second  lattice-matched  alloy  system  which  is 
compatible  with  conventional  As-based  solid 
source  MBE,  in  addition  to  the  Al^Gai-^As/GaAs 
system.  Ino.525(AlxGai_^)o.475As  heterostructures 
have  several  advantages  over  Al^^Gai-^cAs/GaAs 
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for  electronic  and  photonic  applications,  including 
higher  mobilities,  larger  attainable  band  offset,  ab¬ 
sence  of  D-X  centers,  and  a  band-gap  range  which 
includes  the  technologically  important  1.3  and 
1.55  pm  wavelengths  [1].  However,  growth  is  com¬ 
plicated  by  the  strong  lattice  constant  composi¬ 
tional  dependence  of  In-containing  compounds. 
For  example,  reflection  high-energy  electron  dif¬ 
fraction  (RHEED)  intensity  oscillations  on  InP 
substrates  cannot  be  used  to  determine  simulta¬ 
neously  both  the  composition  and  the  growth  rate 
of  Iny(AlxGai_;c)i-yAs  grown  on  InP,  as  can  be 
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done  for  Al^^Gai-^^As  on  GaAs.  Instead,  composi¬ 
tional  and  growth  rate  calibrations  usually  require 
ex-situ  measurements  such  as  double-crystal  X-ray 
dilfraction  (DCXRD)  or  photoluminescence  (PL). 
The  increased  difficulty  in  optimizing  growth  para¬ 
meters  makes  some  means  of  in  situ  detection  of 
variations  in  growth  rate  and/or  composition  high¬ 
ly  desirable.  Pyrometric  interferometry  (PI)  has 
been  used  for  GaAs  and  Al^^Gai-^As  [2-4]  to 
monitor  growth  rate  and  composition  during 
growth.  In  this  article  we  investigate  the  applicabil¬ 
ity  of  PI  to  Ino.525(A^xGai  -  Jo.475  As. 

2.  Experimental  procedure 

All  epitaxial  growth  was  done  in  a  Varian  Gen  II 
solid  source  MBE  on  2  in  (10  0)  semi-insulating 
InP  substrates.  Growth  rates  were  ~  1  pm/h.  Sam¬ 
ples  were  mounted  using  In-free  holders,  and  a  sap¬ 
phire  backplate  was  used  to  minimize  phosphorous 
outgassing  from  the  back  of  the  InP  wafer.  Growth 
temperatures  were  in  the  range  500-550°C  except 
where  noted.  A  relatively  high  dimeric  arsenic  flux 
was  used  (AS2/III  BEP  ratio  ~  25:1),  again  to  min¬ 
imize  any  phosphorous  outgassing.  Hall  mobility 
measurements  indicated  reasonable  electrical  qual¬ 
ity  of  the  ternary  materials.  For  example,  a  Si- 
doped  Ino.52Alo.48As  film  grown  at  550°C  gave 

=  4.3  X  10^^  cm~^  and  pH  =  926cmVV*s  at 
297  K,  and  n  =  3.66  x  10^^  cm■^  Ph  =  981  cm^ 
V  ■  s  at  77  K.  The  lack  of  carrier  freeze-out  implies 
a  low  concentration  of  deep  levels,  and  in  fact 
the  Si  doping  efficiency  was  nearly  identical 
to  our  epitaxial  GaAs.  The  mobility  values 
compare  favorably  with  the  published  values 
[5,6]. 

Initially,  the  lattice-matched  Ino.53Gao.47As 
composition  was  calibrated  using  DCXRD 
measurement  of  thick  films.  The  In/Ga  flux  gauge 
sensitivity  factor  S  was  thus  determined,  and  sub¬ 
sequently  flux  ratios  were  used  for  [In]/[Ga]  cali¬ 
bration.  Careful  flux  gauge  measurements  were 
found  to  reproducibly  yield  the  lattice-matched 
condition  within  ~  0.5  at%  as  verified  by  ex-situ 
DCXRD,  as  long  as  S  was  known  to  3  significant 
figures.  The  Ino.53Gao.47As  growth  rate  was  esti¬ 
mated  from  RHEED  intensity  oscillations  for 


GaAs  growth  on  a  GaAs  substrate  by  correcting  for 
the  additional  group  III  flux  due  to  the  In  beam 
(the  same  Ga  flux  is  being  used  for  both  the  GaAs 
and  the  Ino.53Gao.47As  layers)  and  the  dilTerence  in 
unit  cell  volume: 

=  2.3553R(GaAs),  (1) 

where  a  is  the  lattice  constant  and  R  is  the  growth 
rate.  The  right-hand  side  applies  for  x  =  0.525  and 
a(x)  =  a(InP).  Unity  group  III  sticking  coefficients 
and  negligible  desorption  on  both  GaAs  and  InP 
substrates  is  assumed.  Notice  that  the  geometry 
correction  involves  the  unit  cell  volume  ratio.  This 
is  because  all  of  the  increase  in  the  volume  depo¬ 
sition  rate  must  be  taken  up  by  the  difference  in 
the  linear  growth  rate  R.  The  Al  flux  was  then 
calibrated  for  Ino.52Alo.48As  by  using  RHEED 
intensity  oscillations  to  obtain  equal  AlAs  and  GaAs 
growth  rates  on  a  GaAs  substrate.  The  Al  and  Ga 
fluxes  for  the  quaternary  Ino.525(AlxGai_-;c)o.475As 
were  similarly  calibrated  using  the  Al^^Gai-^^As 
and  GaAs  RHEED  growth  rates  to  determine  the 
Al;,Gai  _;,As  growth  rate  and  [Al]/[Ga]  ratio.  This 
procedure  of  combining  RHEED  on  a  sacrificial 
GaAs  piece  with  beam  flux  rationing  permits  in- 
situ  estimation  of  the  composition  and  growth  rate 
of  lattice-matched  Ino.525(AhGai_ J0.475AS  as¬ 
suming  only  a  priori  knowledge  of  the  In/Ga  flux 
sensitivity  factor,  thus  minimizing  the  need  for  ex- 
situ  DCXRD  or  PL  calibration  measurements.  The 
Ino.525(AlxGai_jc)o.475As  growth  rate  calculated 
from  RHEED  was  generally  found  to  agree  to 
3%  with  the  more  accurate  ex-situ  DCXRD 
measurements  described  next. 

To  determine  more  accurately  the  in-situ  esti¬ 
mated  growth  settings,  ex-situ  DCXRD  measure¬ 
ments  were  made  of  structures  containing 
both  thick  layers  and  superlattices.  Both 
Ino.525(Al;cGai -;,)o.475As/Ino.52Alo.48As  superlat¬ 
tices  and  Ino.525(AlxGai_ Jo.475As/GaAs  super¬ 
lattices  were  used  for  growth  rate  measurements. 
The  latter  structure  uses  very  thin  (  ~  0.8-1. 0  nm) 
GaAs  layers  and  thicker  ( ~  50  nm) 
Ino.525(AlxGai_;c)o.475As  layers.  We  corrected 
for  the  strain  reduction  of  the  GaAs  layer 
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thickness;  however,  due  to  the  overall 
Ino.525{AlxGai  _  Jo.475As/GaAs  thickness  ratio, 
this  amounted  to  less  than  a  0.25%  correction  in 
the  Ino.525(AlxGai_Jo.475As  growth  rate.  We 
found  the  strained  Ino.525{AlxGai_  Jo.475As/GaAs 
superlattices  to  be  preferable  because  of  greater 
X-ray  contrast  (6  periods  were  sufficient  to  obtain 
multiple  strong  satellite  peaks,  versus  25-30 
periods  needed  for  the  lattice  matched  super¬ 
lattice)  and  the  need  for  only  a  single  Al  and  Ga 
cell  each  (two  Al  cells  are  needed  to  grow  the 
Ino.525(Al;cGai  _ Jo.475As/Ino.52Alo.48As  structure 
if  X  >  0).  For  quaternary  layers,  we  also  used  PL 
to  verify  the  [Al]/[Ga]  ratio  using  published 
Ino.525(Al;cGai_  J0.475AS  calibration  data  [7,  8]. 

An  IRCON  narrow  bandwidth  (  ±  30  nm)  pyro¬ 
meter  with  a  center  wavelength  of  940  nm,  viewing 
the  substrate  at  normal  incidence,  was  used  to 
measure  both  the  substrate  surface  temperature 
and  the  PI  oscillations.  The  pyrometer  was  cal¬ 
ibrated  using  the  GaAs  arsenic  stabilized- to -gallium 
stabilized  surface  conversion  temperature  (585°C 
for  an  arsenic  background  pressure  <  1  x  10“^  Torr) 
[9],  An  absolute  temperature  error  is  expected  due 
to  the  difference  in  emissivity  between  GaAs  and 
InP  or  Ino.525(AlxGai  _^)o.475As,  but  the  difference 
is  shown  in  Section  3.3  to  be  no  more  than  a  few 
degrees  Celsius,  and  will  certainly  not  affect  the  PI 
oscillation  period.  PI  requires  growth  of  a  relatively 
thick  layer  (  >  0.5  pm)  which  is  sufficiently  trans¬ 
parent  at  the  pyrometer  wavelength  to  permit 
multiple  passes  of  radiation  at  the  pyrometer 
wavelength.  PI  yields  the  growth  rate  R  =  2/(2  Tn) 
where  X  =  0.94  pm  is  the  pyrometer  free-space 
wavelength,  T  is  the  measured  oscillation  period, 
and  n  is  the  effective  refractive  index  [3].  Converse¬ 
ly,  to  obtain  the  effective  refractive  index  the 
composition  and  growth  rate  must  be  known.  In 
this  study  we  quantitatively  determine  n  for 
ffio.52Alo.48As. 


3.  Experimental  results 

3.1.  Description  of  the  observed  PI  oscillations 

The  pyrometer  trace  from  a  typical 
ffio.52Alo,  48 As  PI  calibration  run  is  given  in  Fig.  1. 


Time  (seconds) 

Fig.  1.  Pyrometer  trace  for  a  typical  Ino.52Alo.48A^s  calibration 
run.  Region  A  is  prior  to  growth  initiation,  regions  B  and  E  are 
500  nm  Ino.53Gao.47As  layers,  regions  C  and  F  are  800  nm 
Ino.52Alo.48As  layers,  and  region  D  is  a  6-period  40  nm 
Ino.52Alo.48As/0.8  nm  GaAs  superlattice. 

The  structure  contains  two  thick  (800  nm) 
ffio.52Alo.48As  layers  for  measurement  of  PI  oscilla¬ 
tions  and  composition  by  DCXRD,  and  a  6  period 
ffio.52Alo.48As/GaAs  superlattice  for  the  deter¬ 
mination  of  growth  rate  by  DCXRD.  Several  gen¬ 
eral  observations  can  be  made.  Region  A,  which  is 
prior  to  the  initiation  of  growth,  shows  large  pyro¬ 
meter  fluctuations  during  substrate  rotation  due  to 
stray  radiation  from  the  open  arsenic  cell  [10]  and 
stray  substrate  heater  radiation.  The  indium-free 
holders  used  for  this  work  were  of  a  new,  modular 
design  [11],  and  do  not  include  the  usual  metal  foil 
around  the  edge  of  the  wafer.  As  a  result,  some 
heater  radiation  passes  through  the  sapphire  back- 
plate  around  the  perimeter  of  the  2  in  InP  wafer. 
The  noise  is  greater  than  is  usually  observed  when 
growing  on  GaAs,  [11]  because  the  lower  substrate 
temperature  greatly  reduces  the  surface  temper¬ 
ature  “signal”,  thereby  reducing  the  signal-to-noise 
ratio.  To  improve  the  situation,  we  grow  a  500  nm 
ffio.53Gao.47As  buffer  layer  (region  B).  This  deposi¬ 
tion  results  in  a  significant  rise  in  the  substrate 
temperature  as  measured  by  the  pyrometer,  due  to 
increased  absorption  of  substrate  heater  radiation 
by  the  lower  band-gap  material  [12, 13].  We  have 
found  ^500nm  ffio.53Gao.47As  is  adequate  to 
block  effectively  the  heater  radiation  escaping 
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through  the  exposed  areas  of  the  sapphire  back- 
plate.  Region  C,  which  is  the  first  thick  (800  nm) 
Ino.52Alo.48As  layer,  shows  a  greatly  reduced  noise 
level  due  to  the  effect  of  the  Ino.53Gao.47As  buffer, 
as  well  as  the  higher  surface  temperature.  An  addi¬ 
tional  benefit  of  the  Ino.53Gao.47As  buffer  is  stron¬ 
ger  Ino.52Alo.48As  PI  oscillations.  PI  oscillations 
measured  off  the  Ino.52Alo.48As/InP  interface  are 
rC  peak-to-valley  while  PI  oscillations  from 
the  Ino.52Alo.48As/Ino.53Gao.47As  interface  are 
~  2°C  peak-to-valley.  We  assume  the  improve¬ 
ment  results  from  a  larger  refractive  index  step  for 
the  latter  interface. 

Regions  C  and  F  are  800  nm  thick  Ino.52Alo.48As 
layers.  Strong  oscillations  are  observed  for  both 
layers.  The  second  Ino.52Alo.48As  layer  is  grown 
atop  a  second  500  nm  Ino.53Gao.47As  buffer.  No¬ 
tice  that  PI  oscillations  are  also  observed  in  the 
second  Ino.53Gao.47 As  buffer  layer  (region  E),  al¬ 
though  they  are  weaker  than  those  observed  in  the 
Ino.52Alo.48As  layers.  Both  the  Ino.52Alo.48As  and 
the  Ino.53Gao.47As  layer  pyrometer  traces  show 
an  overall  envelope  which  is  rising  in  the  case 
of  Ino.53Gao.47As  and  falling  in  the  case  of 
Ino.52Alo.48As.  This  correlates  with  what  has  been 
previously  observed  for  Al^^Gai-^cAs  [4],  namely 
that  growth  of  a  smaller  band-gap  material  on  top 
of  a  larger  band-gap  material  results  in  a  rising 
envelope,  while  growth  of  a  larger  band-gap  mate¬ 
rial  on  top  of  a  smaller  band-gap  material  results  in 
a  falling  envelope.  We  speculate  that  these  tran¬ 
sients  involve  real  surface  temperature  changes  due 
to  differences  in  layer  absorption  which  correlates 
with  band-gap,  although  the  observed  transients 
may  instead  be  due  to  differences  in  surface  emissiv- 
ity.  It  has  been  shown  previously  [4]  that  apparent 
surface  temperature  transients  make  accurate  PI 
rate  measurements  very  difficult.  While  both 
Ino.52Alo.48As  and  Ino.53Gao.47As  show  such  tran¬ 
sients,  the  larger  band-gap  of  Ino.52Alo.48As  makes 
the  oscillations  last  longer,  permitting  more  accu¬ 
rate  determination  of  the  oscillation  period. 

3.2.  Quantitative  PI  measurements  of  Ino,52^h.482^s 
films 

To  extract  an  effective  refractive  index,  we  need 
to  independently  determine  the  composition  and 


growth  rate.  We  obtain  these  values  from  DCXRD 
measurements  (and  PL  for  quaternary  com¬ 
pounds).  Fig.  2  shows  a  DCXRD  rocking  curve  of 
the  same  sample  as  shown  in  Fig.  1.  Two  features 
are  observed.  First,  the  presence  of  a  single  domi¬ 
nant  peak,  with  a  shoulder  at  smaller  (more 
negative)  angle  implies  that  the  lattice-matched 
composition  has  been  obtained  to  within  0.5  at% 
indium.  Second,  the  additional  peaks,  indicated  in 
Fig.  2  by  arrows,  are  the  satellite  peaks  resulting 
from  the  6  period  41.4  nm  Ino.52Alo.48As/0.8  nm 
GaAs  superlattice.  The  superlattice  period  is  ob¬ 
tained  from  these  satellite  peaks  using  the  Bragg 
equation,  and  this  period  combined  with  the  shut¬ 
ter  times  yields  the  growth  rate.  Averaging  3  similar 
runs  (6  Ino.52Alo.48As  layers  in  all)  gave  an  effective 
refractive  index  for  Ino.52Alo.48As  of  n  = 
3.515  +  1%.  In  the  case  of  Ino.53Gao.47As  the  re¬ 
fractive  index  was  found  to  be  3.836;  however,  be¬ 
tween  the  apparent  surface  temperature  rise  and 
the  strong  absorption-related  oscillation  damping 
for  Ino.53Gao.47As,  typically  only  two  usable  PI 
oscillation  periods  were  available  and  so  the  uncer¬ 
tainty  is  much  larger.  The  effective  refractive  index 
for  the  composition  Ino.525(Alo.38Gao.62)o.475As 
was  measured  to  be  3.738,  and  the  three  n(x)  values 
are  linear  within  the  experimental  error. 

We  next  considered  the  ability  of  PI  to  detect 
changes  in  the  growth  parameters.  Practically,  this 
will  usually  involve  an  error  in  one  of  the  group  III 


Arcseconds 


Fig.  2.  DCXRD  rocking  curve  for  the  same  sample  whose  pyro¬ 
meter  trace  is  shown  in  Fig.  1.  Superlattice  satellite  peaks  are 
denoted  by  arrows. 
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Table  1 

Sensitivity  of  PI  oscillations  to  a  2%  change  in  In  composition; 
the  percent  change  in  period  is  versus  the  x  =  0.52  composition 
for  that  growth  run 


Composition 

Period  (s) 

(%  change) 

Obtained  by 

0.50 

425.6  (2.9%) 

Al  flux  increased 

0.52 

438.0  (-) 

- 

0.54 

456.6  (4.2%) 

Al  flux  decreased 

0.50 

463.3  (4.6%) 

In  flux  decreased 

0.52 

443.1  (-) 

- 

0.54 

419.3  (5.7%) 

In  flux  increased 

fluxes,  which  will  produce  a  change  in  both  growth 
rate  and  composition.  A  change  in  the  composition 
will  in  turn  produce  a  change  in  the  refractive 
index.  Since  the  PI  period  is  proportional  to  \l{nR) 
where  n  is  the  refractive  index  and  R  is  the  growth 
rate,  it  is  possible  for  the  changes  in  n  and  R  to 
cancel  out.  To  investigate,  we  grew  lattice-matched 
Ino.52Alo.  48As  and  then  varied  the  composition  by 
±  2%,  as  verified  by  ex-situ  DCXRD.  We  did  this 
first  by  changing  the  Al  flux,  and  second  by  chang¬ 
ing  the  In  flux.  The  results  are  shown  in  Table  1. 
The  change  in  oscillation  period  due  to  a  2% 
change  in  composition  ranges  from  2.9  to  5.7%, 
which  is  easily  detectable  in  the  case  of  a  relatively 
thick  ( 0.8  pm  or  thicker)  layer.  We  observe  that 
PI  is  somewhat  more  sensitive  to  changes  in  the  In 
flux  versus  Al  flux  changes.  This  is  explained  by 
noting  that  the  refractive  index  of  In^Ali_^As 
increases  with  increasing  x  [14].  As  a  result,  an 
increase  in  the  In  flux  increases  both  n  and  R.  In 
contrast,  increasing  the  Al  flux  raises  R  but  lowers 
n.  Table  1  shows  that  in  this  case  the  change  in 
growth  rate  dominates.  We  conclude  that  PI  is 
sufficiently  accurate  to  detect  run-to-run  changes 
producing  a  2%  change  in  composition,  especially 
if  the  change  is  due  to  In  flux  variation. 

3.3.  Substrate  temperature  effects 


to  other  III-V  compounds  such  as  GaAs  and  InP. 
The  effective  emissivity  of  a  given  MBE  system  will 
also  depend  on  factors  such  as  the  viewport  trans¬ 
missivity.  Thus,  we  need  to  relate  the  measured 
pyrometer  temperature  to  the  actual  substrate 
temperature.  The  second  aspect  is  the  effect  of 
temperature  on  the  refractive  index.  Usually,  the 
temperature  dependence  of  the  refractive  index  is 
assumed  negligible  for  small  temperature  vari¬ 
ations  [3],  but  this  should  be  verified. 

To  examine  these  issues,  we  measured  the 
Ino.52Alo.48As  PI  period  as  a  function  of  substrate 
temperature.  The  data  are  shown  in  Fig.  3.  Below 
--  560°C  the  period  is  a  constant  within  the  experi¬ 
mental  error.  Above  560°C  the  period  begins  in¬ 
creasing  rapidly.  This  corresponds  to  the  onset  of 
In  desorption  and/or  reflection  from  the  hot  sur¬ 
face.  Fig.  3  confirms  two  salient  points.  First,  below 
the  onset  of  In  desorption  the  oscillation  period  is 
independent  of  temperature,  indicating  that  the  re¬ 
fractive  index  is  indeed  a  weak  function  of  temper¬ 
ature  between  500°C  and  550°C.  Second,  the  data 
confirm  that  the  temperature  of  Ino.52Alo.48As 
measured  by  pyrometry  is  fairly  accurate.  Litera¬ 
ture  values  for  the  onset  of  In  desorption  vary  from 
535°C  to  600°C  [15-18].  Thus,  the  measured  onset 
of  In  desorption  at  560°C  indicates  that  the  pyro¬ 
meter  temperature  is  within  30°C  of  the  actual 
surface  temperature,  when  using  an  effective 
emissivity  calibrated  for  GaAs.  In  practice,  it  is 


An  additional  issue  in  the  use  of  pyrometry  for 
growth  monitoring  is  the  effect  of  substrate  temper¬ 
ature.  There  are  two  aspects.  First,  the  emissivity  of 
Ino.525(AlxGai-Jo.475As  is  an  unknown  function 
of  composition,  although  it  is  expected  to  be  similar 


Pyrometer  Temperature  (°C) 

Fig.  3.  Measured  PI  oscillation  period  of  Ino.52Alo.48As  versus 
the  pyrometer  surface  temperature.  Pyrometer  temperature  (x- 
axis)  measured  with  the  Al  and  In  shutters  closed. 
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usually  desirable  to  grow  at  as  high  temperature  as 
possible  without  introducing  In  desorption  [15], 
and  so  a  measurement  such  as  shown  in  Fig.  3  will 
be  sufficient  to  establish  the  optimal  pyrometer 
growth  temperature,  regardless  of  any  difference 
between  the  actual  surface  temperature  and  the 
pyrometer  reading. 


4.  Conclusions 

We  have  found  that  PI  is  a  useful  in-situ  method 
for  Ino.525(Al^Gai_;,)o.47  5As  growth  monitoring. 
As  expected,  it  works  best  for  high  Al  content  films 
due  to  the  larger  band-gap,  and  a  layer  of  ~  0.8  pm 
or  thicker  must  be  grown  to  obtain  maximum  accu¬ 
racy.  An  Ino.53Gao.47As  buffer  layer  significantly 
improves  the  measurement  by  reducing  stray 
radiation  effects  and  increasing  the  PI  oscillation 
amplitude.  A  2%  change  in  Ino.52Alo.48As  com¬ 
position  due  to  group  III  cell  drift  was  easily  detect¬ 
able  by  PL  The  sensitivity  is  greatest  to  fluctuations 
in  the  In  flux,  for  which  the  changes  in  refractive 
index  and  growth  rate  are  cumulative.  As  a  result, 
PI  provides  a  sensitive  in-situ  tool  for  detecting  the 
onset  of  In  desorption  at  higher  surface  temper¬ 
atures.  The  technique  does  have  some  drawbacks, 
however.  Due  to  the  compositional  dependence  of 
the  refractive  index  it  is  difficult  to  translate  a  devi¬ 
ation  of  the  measured  PI  oscillation  period  into 
a  corresponding  change  in  growth  rate  and/or  com¬ 
position.  In  Fig.  3,  for  example,  it  is  clear  that  In 
desorption  begins  at  about  560"’C.  However,  it  is 
difficult  to  determine  quantitatively  the  extent  of  In 
desorption  above  this  threshold  temperature  from 
the  PI  data.  Additionally,  PI  cannot  measure  abso¬ 
lute  growth  rates  to  better  than  a  few  percent  due  to 
uncertainty  in  the  effective  refractive  index  and 
slight  variations  in  composition  about  the  lattice- 
matched  condition,  and  this  accuracy  level  will  be 
inadequate  for  many  applications.  We  conclude 
that  PI  is  most  useful  for  monitoring  drift  in  estab¬ 
lished  growth  conditions.  Used  in  this  mode,  know¬ 
ledge  of  the  refractive  index  is  unnecessary,  and  the 
main  source  of  error  is  the  accuracy  with  which  the 


oscillation  period  can  be  measured  (this  can  typi¬ 
cally  be  determined  to  within  a  few  seconds  or 
better). 
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Abstract 

In  this  work  we  will  present  results  of  experiments  using  optical  fiber  pyrometry  (OFF)  for  the  measurement  and 
control  of  temperature  in  MBE.  Examples  of  substrate  temperature  measurements  using  various  OFF  pyrometry  modes 
will  be  given  and  compared  to  standard  optical  pyrometry,  thermocouple  readout,  and  spectroscopic  ellipsometry  (SE)). 
In  another  example,  OFF  has  been  integrated  into  a  standard  MBE  effusion  cell.  The  OFF  measurement  is  considerably 
more  sensitive  than  the  usual  thermocouple  used  in  these  applications  and  can  give  reproducible  temperature  resolution 
of  ±  O.OUC  at  800°C.  This  cell  design  has  exhibited  long  term  stability  of  ±  0.02°C  when  cell  temperatures  are 
controlled  by  OFF.  This  is  about  an  order  of  magnitude  better  than  what  is  typically  available  using  thermocouples.  In 
addition,  because  the  OFF  is  measuring  light  from  the  crucible  it  does  not  depend  on  thermal  contact  to  an  insulator  as 
does  a  thermocouple.  We  will  present  data  showing  the  improved  time  response  possible  using  the  OFF  control,  in 
particular  short  term  flux  transient  response.  In  addition,  we  will  point  out  the  robustness  of  the  OFF  sensor  to  cell 
failure  modes  such  as  crucible  cracking  and  contamination. 

Keywords:  Molecular  beam  epitaxy;  Frocess  control;  Temperature  measurement;  Knudsen  (effusion)  cell 


1.  Introduction 

The  measurement  and  control  of  temperature  is 
very  important  in  the  practice  of  solid  source  MBE. 
Evaporation  rates  of  materials  from  Knudsen 
source  cells  are  very  temperature  sensitive  [1].  Us¬ 
ing,  for  example,  Honig’s  equations  and  data  for 
the  vapor  pressure  of  indium,  one  can  see  that 
a  change  in  temperature  of  the  In  melt  of  ±  0.5°C 
will  lead  to  a  change  in  vapor  pressure  (and  hence 
flux  on  the  substrate)  of  +  1  %.  This  change  can  be 
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very  important  when  attempting  to  grow  lattice- 
matched  films  such  as  InGaAs  or  InAlAs  on  InP 
substrates  where  composition  control  of  0.1%  are 
desired.  Control  of  source  cell  temperatures  to 
+  O.OUC  would  be  highly  desirable  in  these 
cases. 

The  measurement  of  substrate  temperatures  is  of 
great  importance  [2-4]  and  has  been  the  subject  of 
many  recent  papers.  For  some  materials  systems 
such  as  GaAs(0  0  1),  the  epitaxial  growth  window 
may  be  very  wide  and  substrate  temperature 
measurement  not  so  critical,  whereas  for  materials 
such  as  GaAs(l  1  1)B  [5]  and  InGaSb/InAs  [6,  7] 
the  growth  window  is  very  narrow.  A  variety  of 
techniques  have  been  developed  to  measure 


0022-0248/97/$  1 7.00  Copyright  ©  1997  Published  by  Elsevier  Science  B.V.  All  rights  reserved 
PII  80022-0248(96)00940-2 


K.G.  Eyink  et  al.  j  Journal  of  Crystal  Growth  175jl76  (1997)  262-266 


263 


substrate  temperatures  including  measurement  of 
the  substrate  bandgaps  by  various  transmission 
techniques  [8,9],  diffuse  reflectance  [10],  various 
forms  of  pyrometry  [11-14],  spectroscopic  ellip- 
sometry  [1 5-17],  etc.  In  a  number  of  these  cases  the 
technology  has  progressed  to  the  point  that  com¬ 
mercially  available  instruments  exist. 

In  the  current  work  we  present  data  on  the  use  of 
optical  fiber  pyrometry  (OFP)  for  the  measurement 
and  control  of  both  Knudsen  cell  and  substrate 
temperatures.  OFP  is  a  form  of  pyrometry  using 
a  light  pipe  or  lens  system  to  collect  light  from  the 
radiating  body.  The  light  collector  is  then  coupled 
to  a  fiber  optic  cable  which  carries  the  signal  to 
a  measurement  module.  The  advantages  of  this 
method  are  that  losses  through  fiber  optics  can  be 
very  small  and  thus  a  remote,  well-shielded,  and 
low-noise  detector  system  can  be  used.  Commer¬ 
cially  available  versions  of  this  technology  exist 
which  are  capable  of  temperature  sensitivities  of 
0,01°C  when  measuring  from  SOO-nOO^C.  By  con¬ 
trast,  MBE  systems  typically  use  Type  C  ther¬ 
mocouples  which  generate  approximately  18  mV  of 
output  at  1000°C.  Measurement  sensitivities  of 
O.Ol^C  would  then  require  a  voltage  measurement 
accurate  to  0.2  pV.  In  the  electrically  noisy  environ¬ 
ment  of  a  typical  MBE  where  SCR  power  supplies 
are  typically  used  as  heater  power  sources,  this 
represents  a  considerable  challenge.  The  OFP  tech¬ 
nique  by  contrast  is  essentially  immune  to  this 
electrical  interference. 


2.  Experimental  procedure 

The  experiments  described  in  this  work  were 
carried  out  in  two  MBE  machines:  a  Varian  Modu¬ 
lar  GEN  II  system  and  a  Fison  V80H  MKII  sys¬ 
tem.  The  GEN  II  system  is  primarily  used  for  the 
growth  of  antimony-containing  films.  The  Fison 
machine  is  used  primarily  for  the  growth  of  arsen¬ 
ides  and  was  fitted  with  a  variety  of  ports  for 
optical  sensors  including  sets  of  ports  at  close  to  the 
Brewster  angle  to  allow  for  such  measurements  as 
spectroscopic  ellipsometry  (SE)  on  sample  surfaces 
in  situ  to  the  growth  process.  The  OFP  module 
used  in  this  work  was  a  Model  100  instrument 
from  Luxtron  Corporation.  Pyrometric  and  SE 


measurements  were  made  though  heated,  strain- 
free  windows. 

Sample  preparations  for  both  GaAs  and  GaSb 
substrates  were  carried  out  using  standard  accepted 
techniques.  An  oxide  desorption  temperature  of 
585°C  for  GaAs  and  550°C  for  GaSb  was  used  as 
a  temperature  reference  point.  Oxide  desorption 
was  detected  by  RHEED  utilizing  a  KSA  300 
RHEED  data  detection  and  acquisition  system.  SE 
measurements  were  made  using  a  Woollam  M-44 
system  with  associated  software. 

3.  OFP-based  Knudsen  cell 

The  rationale  for  the  construction  of  an  optical 
sensor-based  Knudsen  cell  was  to  overcome  prob¬ 
lems  with  the  use  of  thermocouples  mentioned 
earlier.  In  addition  to  the  improved  sensitivity  and 
electromagnetic  noise  immunity  already  men¬ 
tioned,  the  use  of  the  light  pipe  with  the  OFP 
sensor  module  provides  a  high  degree  of  robust¬ 
ness.  The  sapphire  light  pipe  used  is  not  affected  by 
evaporants  present  in  the  system  and  unlike  ther¬ 
mocouples,  is  not  easily  broken.  In  the  event  of 
a  crucible  breakage  during  operation,  the  light  pipe 
can  be  rescued  either  by  chemical  cleaning  or  by 
mechanical  cleaning.  Finally,  in  the  design  dis¬ 
cussed  below,  it  is  not  necessary  to  remove  the 
thermocouple,  thus  a  redundant  cell  temperature 
measurement  capability  exists. 

The  cell  used  in  this  work  was  based  on  a  stan¬ 
dard  EPI  effusion  cell  design.  The  cell  was  re¬ 
mounted  on  a  standard  vacuum  flange  with  a 
multiport  adapter  that  allowed  insertion  of  a  light 
pipe.  The  light  pipe  accepts  photons  only  within  its 
numerical  aperture.  If  too  much  distance  exists 
between  the  light  pipe  and  crucible,  it  may  pick  up 
light  from  the  windings  of  the  effusion  cell  and  lead 
to  erroneous  readings,  hence  the  light  pipe  must  be 
in  close  proximity  to  the  crucible.  We  used  a  spac¬ 
ing  of  approximately  0.1". 

The  performance  of  the  OFP-controlled  cell  is 
shown  in  contrast  to  that  of  a  conventionally  ther¬ 
mocouple-controlled  cell  in  Fig.  la  and  Fig.  lb.  In 
the  OFP  controlled  experiments  the  cell  temper¬ 
ature  was  controlled  by  taking  the  output  from  the 
optical  signal  processing  module  and  feeding  this 
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Fig.  1.  Comparison  of  the  performance  of  an  In  MBE  effusion 
cell  whose  temperature  was  bumped  up  and  down  in  ~  5°C 
increments.  The  thermocouple,  light  pipe  and  thermocouple 
response  were  monitored  with  each  change  in  set-point.  The 
temperature  of  the  indium  cell  was  controlled  by  thermocouple 
(a)  versus.  OFP(b).  The  BEP  signal  was  seen  to  tracked  with  the 
stability  of  the  OPF  response. 


into  a  Eurotherm  905  temperature  control  module. 
This  was  done  in  order  to  retain  PID  control  of  the 
power  supply.  The  experiments  performed  in  this 
configuration  were  to  step  up  and  down  the  set 
point  temperature  of  an  In  cell  while  monitoring 
the  flux  BEP  (beam-equivalent  pressure,  from  a  flux 
gauge)  from  the  cell,  the  thermocouple  reading  and 


the  OFP  reading.  The  experiments  were  performed 
for  both  thermocouple  and  OFP  control. 

Fig.  la  shows  the  results  of  these  measurements 
for  the  case  where  the  thermocouple  is  controlling 
the  cell.  The  set  point  is  first  stepped  up  by  5°C  then 
down  by  two  5°C  increments.  The  results  of  this 
schedule  can  be  seen  in  the  top  panel  showing  the 
BEP  response.  It  is  observed  that  BEP  rises  rapidly 
due  to  the  stepped  5°C  increase  in  set  point,  then 
continues  a  slow  rise  for  approximately  10  or  more 
minutes.  Similarly  when  the  set  point  is  stepped 
down  there  is  a  rapid  decline  followed  by  a  slower 
drift.  This  behavior  may  be  due  to  the  fact  the 
thermocouple  measures  the  temperature  of  an  insu¬ 
lating  body  (PBN  crucible)  or  to  the  direct  heating 
of  the  thermocouple.  Faulty  PID  settings  are  prob¬ 
ably  not  the  cause  since  a  very  flat  and  stable 
thermocouple  reading  was  obtained  with  these  set¬ 
tings.  The  PID  values  used  in  the  experiments  were 
set  using  the  autotune  feature  of  the  Eurotherm  905 
controllers.  While  they  may  not  be  optimum,  they 
should  be  reasonably  good.  Interestingly,  the  OFP 
response  mirrors  very  closely  the  BEP  measure¬ 
ment.  This  is  probably  because  the  OFP,  as  we  will 
show  in  the  section  on  pyrometry,  looks  through 
the  PBN  crucible  and  is  directly  measuring  the 
temperature  of  the  cell  contents.  This,  of  course,  is 
the  most  desirable  method  of  controlling  the  flux 
from  an  effusion  cell. 

Reference  to  Fig.  lb  shows  the  contrast  when  the 
cell  is  controlled  by  the  OFP  sensor.  In  this  case  the 
response  to  the  step  function  increase  or  decrease  is 
followed  by  the  usual  small  over  or  undershoot 
followed  by  a  very  flat  response.  The  BEP  from  the 
cell  exactly  mirrors  this  behavior.  The  ther¬ 
mocouple  response,  on  the  other  hand,  shows 
long-term  drift  presumably  for  the  reasons  stated 
above.  Although  the  data  are  not  yet  quantitative, 
the  signal-to-noise  ratio  of  the  cell  temperature  and 
BEP  output  are  also  improved  with  the  OFP  con¬ 
trol  by  approximately  50-100%. 

4.  OFP  substrate  pyrometry 

OFP  pyrometry  is  similar  to  standard  pyrometry 
but  offers  several  advantages.  The  improved  sig- 
nal-to-noise  ratio  offers  the  possibility  to  trade  off 
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improved  temperature  resolution  (as  good  as 
O.OrC  under  optimum  conditions)  for  intensity 
(spot  size  being  measured).  In  our  case  an  optical 
telescope  was  used  which  accepted  radiation  from 
an  approximately  1  mm  diameter  spot  on  the  wafer 
and  focused  it  into  the  fiber  optic  cable.  Another 
advantage  of  the  OFP  pyrometry  is  in  the  signal 
processing  and  acquisition  areas.  The  model  used 
in  this  work  allows  for  setting  of  the  sensor  sensitiv¬ 
ity  factor  which  allows  for  calibration  at  a  known 
temperature.  In  addition,  although  not  used  in  this 
work,  it  also  allows  for  a  polynomial  fit  of  the 
emissivity  with  temperature  which  can  also  im¬ 
prove  measurement  accuracy  over  wide  ranges.  The 
model  used  in  this  work  allows  acquisition  of  radi¬ 
ation  in  three  different  wavelength  regions:  0.8, 
0.95  pm  and  a  low-temperature  detection  band  at 
0.8-1. 8  pm.  The  0.8  and  0.95  pm  detector  can  be 
used  individually  or  in  a  ratio  mode,  the  so-called 
two  color  pyrometry  mode.  The  ratio  method  has 
the  potential  to  overcome  problems  with  emissivity 
changes  and  with  coatings  on  windows  [19].  We 
have  found,  however,  that  this  two  color  pyrometer 
is  of  limited  usefulness  in  III-V  MBE  both  because 
the  minimum  measurable  temperature  is  >  600°C 
and  because  we  have  observed  a  very  slow  buildup 
of  coatings  even  on  our  heated  windows  that  can¬ 
not  be  removed  by  heating  as  high  as  600°C  (pre¬ 
sumably  GaAs)  that  appears  to  preferentially 
absorb  the  0.8  pm  wavelength.  This  deposit  does 
not  appear  to  affect  the  0.95  pm  wavelength 
measurement  appreciably. 

In  this  work  we  have  extended  the  work  of 
Maracas  et  al.  [17]  to  use  an  in  situ  spectroscopic 
ellipsometer  (SE)  to  serve  as  a  calibration  standard 
for  the  various  OFP  pyrometry  measurements.  In 
the  course  of  this  work  we  did  observe  some  signifi¬ 
cant  errors  in  the  SE  temperature  measurement  if 
an  incorrect  model  of  the  surface  was  used.  SE 
requires  a  database  of  spectra  [18]  from  known 
materials  as  a  function  of  precisely  determined  tem¬ 
peratures  as  well  as  a  precise  model  of  the  surface. 
Effects  due  to  surface  roughness,  presence  or  ab¬ 
sence  of  oxide  layers,  angle  of  incidence,  etc.  all 
must  be  accounted  for.  The  software  used  to  match 
SE  spectra  with  temperature  allows  the  match  to 
include  the  best  fit  of  all  these  variables  or  else 
allows  fixing  one  or  more  of  these  variables.  The 


statistics  portion  of  this  software  shows  a  strong 
correlation  with  angle  of  incidence.  Surface  void 
fraction  (essentially  surface  roughness)  also  has 
a  strong  effect  on  the  apparent  measured  temper¬ 
ature.  Variations  of  measured  temperatures  of  up 
to  20‘"C  could  be  calculated  depending  on  the 
model  to  be  fit.  In  this  work  we  did  not  move  the 
sample  once  aligned  and  hence  kept  the  angle  of 
incidence  fixed  as  well  as  possible.  This  practice 
led  to  much  more  consistent  results  with  typi¬ 
cally  90%  confidence  limits  of  ±  2-3°C  being 
calculated. 

The  desorption  temperature  of  the  oxide  from 
GaAs  surfaces  is  widely  accepted  as  585°C  and  the 
desorption  is  easily  detected  using  the  ellipsometric 
response.  This  gives  a  reference  point  to  compare  to 
the  SE  measurement.  In  making  this  measurement, 
however,  it  was  found  necessary  to  include  a  sub¬ 
stantial  surface  roughness  with  a  low  void  fraction 
for  the  oxide  desorbed  surface  before  growth.  This 
is  consistent  with  recent  AFM  observations  made 
by  Tomich  et  al.  [20]  on  oxide  desorbed  GaAs 
surfaces.  Following  growth  of  a  GaAs  buffer  layer 
the  surface  is  found  to  be  smooth  and  surface 
roughness  equivalent  of  several  monolayers  are 
used  to  fit  the  SE  data. 

The  comparisons  of  the  SE  with  the  OFP  pyro¬ 
meter  are  best  illustrated  with  samples  mounted  by 
In  bonding  to  a  Mo  holder.  This  is  because  the 
low-temperature  measurement  “sees”  through  the 
GaAs  to  the  heater  block  and  gives  erroneous 
measurements.  It  should  be  noted,  however,  that 
the  low-temperature  detector  can  be  used  on  InAs 
wafers  and  on  GaSb  substrates  above  about  200°C 
that  are  mounted  on  In  free  holders  as  the  1.8  pm 
radiation  is  above  the  band  gap  for  these  substrates 
and  will  not  see  the  heater  block.  We  should  also 
note  that  a  PBN  or  a  sapphire  diffuser  plate  used 
in  the  non-In  bonded  holder  does  not  block  the 
0.8-1. 8  radiation  used  by  the  low-temperature 
detector. 

Table  1  gives  a  summary  of  a  series  of  measure¬ 
ments  on  an  In  bonded  GaAs  wafer.  Temperatures 
were  set  using  the  non-contact  heater  block  ther¬ 
mocouple  (Tjc)  which  reads  considerably  higher 
than  the  actual  wafer  temperature.  Note  that  at 
Tqx  (the  point  at  which  oxide  begins  desorbing, 
~  585°)  considerable  surface  roughness  was  needed 
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Comparisons  of  temperature  measurements  made  by  spectroscopic  ellipsometry  (including  some  of  the  fitting  parameters  used)  with 
various  form  of  OFP  pyrometry  on  GaAs  wafers;  various  surface  conditions  of  the  GaAs  wafer  in  the  MBE  system  are  indicated 
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598 

69.718 

<575 

598 

69.701 

595  +  5 

634 

69.701 

<575 

614 

69.701 

- 

- 

582 

Oxide  desorption  begins 

608 

Complete  oxide  removal 

580 

After  anneal 

591 

After  1  pm  growth 

626 

Temperature  check 

609 

Temperature  check 

479 

Temperature  check 

to  fit  the  SE  data.  The  Tlt  (low-temperature 
detector)  and  To. 95  (detection  at  0.95  iim)  mea¬ 
surements  are  in  reasonable  agreement  at 
Tox  while  the  Tq.s  is  out  of  range.  After  complete 
removal  of  the  oxide  layer,  the  Tse  ht  still  show 
considerable  surface  roughness.  For  the  same 
Trc  the  Tse  now  reads  585°  some  7°  higher  than 
before  while  the  T0.95  and  Tlt  are  essentially  the 
same.  Following  growth  of  about  1  pm  of  a  GaAs 
smoothing  layer,  the  Tse  now  reads  about  590° 
while  the  T0.95  and  Tlt  read  nearly  the  same  as 
before.  Other  data  points  in  Table  1  show  the  lin¬ 
earity  of  the  measured  temperatures  by  the  various 
methods. 


5.  Conclusions 

OFP  can  be  a  useful  adjunct  as  a  temperature 
measurement  tool  in  solid  source  MBE.  Its  use  in 
controlling  the  temperatures  of  effusion  cells  shows 
great  promise.  Its  use  in  OFP  pyrometry  also 
shows  some  promise  particularly  if  careful  temper¬ 
ature  calibrations  are  made  to  program  emissivity 
as  a  function  of  temperature  for  particular  samples. 
SE  is  useful  for  temperature  measurements  as  well 
but  care  must  be  taken  when  fitting  the  data.  SE 
also  requires  an  appropriate  data  base  for  the  ma¬ 
terials  systems  of  interest,  but  unfortunately  such 
data  is  not  available  for  a  number  of  systems  of 
interest. 
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Abstract 

A  new  method  to  measure  the  substrate  temperature  suitable  for  low-temperature  growth  MBE  is  presented,  which 
utilizes  photoluminescence  from  the  substrate.  Single  optical  fiber  is  used  both  to  supply  the  excitation  light  from  a  laser 
to  the  substrate  and  also  to  gather  the  photoluminescence  light  from  the  substrate.  An  UHV  flange  with  optical  fiber 
feedthrough  is  used,  which  is  bakable  to  a  temperature  150°C  and  shows  a  negligible  amount  of  vacuum  leakage 
measured  at  a  vacuum  of  1  x  10“^  torn  In  the  experiment  a  GaAs-AlAs  MQW  wafer  was  used  for  the  substrate  because 
of  its  narrow  PL  spectral  width.  Differences  in  substrate  temperature  between  a  large  wafer  and  a  small  wafer  and 
between  before  and  after  starting  the  growth  were  measured  by  this  method. 


1.  Introduction 

In  conventional  MBE,  the  substrate  temperature 
is  measured  by  a  thermocouple  and/or  by  a  pyro¬ 
meter,  both  of  which  are  inaccurate  because  the 
thermocouple  is  not  in  touch  with  the  substrate  nor 
with  the  Mo  block,  and  because  the  pyrometer 
suffers  from  the  ambient  light  such  as  room  light 
and  a  light  from  an  ionization  gauge,  thereby  mak¬ 
ing  it  very  difficult  to  measure  accurately  a  low 
substrate  temperature  necessary  for  the  low-tem¬ 
perature  MBE  growth  (20()~300°C).  Lee  et  al.  [1] 
reported  another  method  using  an  infra-red  spec¬ 
troscopic  technique  to  measure  the  temperature 
dependence  of  the  band  gap  energy  or  the  refractive 
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index  of  the  substrate.  Both  transmission  and  re¬ 
flection  modes  of  the  measurement  were  proposed, 
which  are  free  from  any  adjustable  parameters  such 
as  emissivity  and  unaffected  by  window  absorption 
or  coating.  The  transmission  mode  is  suitable  for 
a  non-In-bonded,  radiatively  heated  substrate, 
thereby  the  substrate  heater  is  used  as  the  light 
source.  But  any  change  in  current  flowing  through 
the  heater  will  give  rise  to  a  change  in  the  black- 
body  radiation  spectrum  of  the  heater.  Ambient 
lights  such  as  filaments  of  the  RHEED  gun  and  the 
ionization  gauge  will  also  give  an  error  in  the  meas¬ 
ured  absorption  or  refractive  index  spectrum.  The 
reflection  mode  of  the  refractive  index  measure¬ 
ment  is  suitable  to  the  substrate  mounted  on  a  Mo 
block  with  or  without  In  solder.  But  two  viewing 
ports  facing  to  the  substrate  are  needed,  and  fur¬ 
thermore  the  refractive  index  is  not  well  known  at 
high  temperature.  An  example  of  the  measurement 
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showed  that  wavelength  change  corresponding  to 
a  temperature  change  by  100°C  was  comparable 
with  the  spectrum  broadening  of  a  transmission 
peak  [1].  Then,  Weilmeier  et  al.  [2]  developed  the 
diffused  reflectance  spectroscopy,  where  a  light  in¬ 
cident  on  a  specular  front  surface  of  the  substrate 
transmits  inside,  reflects  at  the  rear  diffuse  surface 
and  is  detected  at  an  angle  different  from  the  specu¬ 
lar  reflection  angle.  The  diffuse  reflectance  spec¬ 
trum  is  determined  by  the  band  gap  of  the  sub¬ 
strate,  which  is  temperature  sensitive.  This  method 
gives  the  substrate  temperature  very  accurately 
(  +  1.5°C).  However,  it  depends  not  only  on  the 
degree  of  roughness  of  the  rear  surface  but  also  on 
the  substrate  thickness  and  front  surface  roughness. 
This  method  also  requires  two  viewing  ports  [3-7]. 

In  this  paper,  a  new  method  is  presented,  which 
utilizes  photoluminescence  (PL)  from  the  substrate. 
The  measurement  is  based  on  a  simple  principle 
that  the  band  gap  energy  EjfT)  follows  the  relation¬ 
ship: 

£g(7)  =  EJf))  -  aTV(T  +  0), 

where  £g(0)  is  the  energy  gap  at  0  K,  and  a  and 
0  are  empirical  parameters  [8].  The  PL  measure¬ 
ment  system  is  not  unusual,  except  that  an  optical 
fiber  is  used  through  which  an  excitation  laser  light 
is  introduced  into  the  vacuum  chamber  and  inci¬ 
dent  on  the  substrate.  Photoluminescence  light  is 
also  gathered  into  this  fiber  and  supplied  to  the 


measuring  system  outside  vacuum.  An  UV  (ultra 
violet)  silica  fiber  with  core  diameter  as  large  as 
400  pm  is  used  to  gather  as  much  light  as  possible. 
A  specially  designed  UHV  flange  with  optical 
fiber  feedthrough  is  used  here,  which  exhibits  negli¬ 
gible  amount  of  vacuum  leakage  measured  at 
1  X  10"^  torr  by  a  quadrupole  mass  spectrometer 
(QMS).  In  the  experiment  a  GaAs/AlGaAs  multiple 
quantum  well  (MQW)  wafer  is  used  for  the  substra¬ 
te,  because  the  full-width  at  half-maximum 
(FWHM)  of  the  PL  spectrum  is  as  narrow  as  10  nm 
at  20°C,  which  is  only  i  the  wavelength  change 
corresponding  to  the  temperature  change  of  100°C. 

2.  Temperature  measurement  probe 

The  temperature  measurement  probe  used  here 
is  shown  in  Fig.  1.  It  is  composed  of  a  substrate 
wafer  mounted  on  a  molybdenum  block  and  an 
optical  fiber.  The  fiber  is  introduced  into  vacuum 
through  a  flange  and  is  movable  to  the  direction 
perpendicular  to  the  substrate  surface.  The  edge  of 
the  fiber  is  in  touch  with  the  substrate  surface  in 
order  to  gather  as  much  light  as  possible.  We  tried 
also  a  two  fiber  probe,  with  one  of  the  fibers  sup¬ 
plying  the  excitation  laser  light  and  the  other 
gathering  the  PL  light.  Although  this  probe  was 
a  simple  extension  of  the  conventional  PL  measure¬ 
ment  setup,  alignment  of  the  edges  of  two  fibers  was 


Fig.  1.  Temperature  measurement  probe  using  an  optical  fiber. 


Y.  Takahira,  H.  Okamoto  j  Journal  of  Oystal  Growth  1751176  (1997)  267-272 


269 


extremely  delicate  in  vacuum.  Thus,  we  used  the 
single  fiber  probe  in  this  experiment. 

An  UV  silica  fiber  (Sumitomo  MS-04,  step  index 
fiber)  is  used  here,  whose  core  diameter  is  as 
large  as  400  pm  and  optical  transmission  coefficient 
is  more  than  99  %/m  over  the  wavelength 
range  330-1200  nm.  It  is  bakable  upto  260^C. 
Plastic  coating  was  removed  near  the  edge  of  the 
fiber. 


3.  UHV  flange  with  optical  fiber  feedthrough 

Fig.  2  shows  an  UHV  flange  with  an  optical  fiber 
feedthrough.  Hermetic  sealing  is  realized  both  by 
epoxy  resin  between  the  fiber  and  a  ferrule,  and  by 
an  o-ring  between  the  ferrule  and  the  flange.  In  the 
leakage  test  using  He  gas,  no  signal  was  detected  by 
QMS  under  a  vacuum  of  1  x  10”^  torn  It  is  bak¬ 
able  nominally  up  to  ISO'^C,  and  in  our  experi¬ 
ment  the  background  pressure  was  less  than 
5  X  10“^  torr  during  baking  at  200°C. 


4.  PL  measurement  setup  outside  vacuum 

The  conventional  PL  measuring  setup  must  be 
modified  in  order  to  introduce  both  the  excitation 
laser  light  and  the  PL  light  into  a  single  optical 
fiber.  This  is  realized  by  using  a  half  mirror  as 
shown  in  Fig.  3.  However,  the  following  two  prob¬ 
lems  arise  because  the  excitation  laser  light  reflec¬ 
ted  at  the  substrate  surface  takes  the  same  optical 
path  as  the  PL  light  from  the  substrate  and  the 
intensity  is  much  higher  in  the  former  than  in  the 
latter.  Both  of  these  problems  may  set  the  detection 
limit  of  the  measurement  system.  One  is  that  an 
optical  low-pass  filter  which  cuts  down  the  excita¬ 
tion  light  emits  photoluminescence  in  the  relevant 
spectral  range.  In  order  to  reduce  this  photo¬ 
luminescence,  the  position  of  the  filter  must  be 
changed  from  the  usual  one  (just  in  front  of  the 
input  slit  of  the  monochrometer)  to  nearby  the 
condenser  lens  as  shown  in  Fig.  3.  The  other  is  the 
Raman  scattered  Stokes  line  of  the  excitation  laser 
light  passing  through  the  optical  fiber.  Its  peak 


Fig.  2.  UHV  flange  with  optical  fiber  feedthrough. 
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Fig.  3.  photoluminescence  measurement  system  using  a  single  optical  fiber. 


wavelength  depends  on  the  laser  wavelength,  and 
its  intensity  depends  on  the  length  of  the  fiber. 
Although  the  Raman  scattered  light  could  not  be 
reduced  to  a  negligible  level  in  the  experiment  here, 
subtracting  it  from  the  measured  spectrum  gave  the 
desired  PL  spectrum  from  the  substrate. 

Since  the  PL  peak  from  the  substrate  becomes 
weak  and  broad  at  high  temperature  as  described 
later,  reduction  of  the  noise  level  of  the  measure¬ 
ment  system  is  very  important.  To  realize  this, 
a  high  sensitivity  photomultiplier  tube  (Hama¬ 
matsu  R636-10)  and  a  photon  counter  (Hamamatsu 
C5410)  are  used. 


5.  Substrate 

As  a  substrate  whose  surface  temperature  is  to  be 
measured,  two  GaAs-based  MQW  wafers  are 
used  here.  MQW-1  consists  of  100  periods  of 
GaAs(8.0  nm)-Alo.3Gao.7As(10  nm),  whose  PL 
peak  wavelength  is  810  nm  at  room  temperature 
(RT).  MQW-2  consists  of  100  periods  of 
GaAs(7.0  nm)-AlAs(7.0  nm),  whose  PL  peak 
wavelength  is  790  nm  at  RT.  Fig.  4  shows  the  tem¬ 
perature  dependence  of  the  PL  peak  wavelength. 
Solid  and  broken  lines  are  the  Varshni’s  empirical 
ones.  Experimental  data  here  deviates  from  the 
Varshni’s  line  at  a  temperature  higher  than  250°C. 


Fig.  4.  Temperature  dependence  of  PL  peak  wavelength  of 
MQW  wafers.  The  solid  and  broken  lines  are  Varshni’s  empiri¬ 
cal  curves. 


This  is  partly  due  to  the  reduction  in  splitting 
between  the  heavy-hole  peak  and  the  light-hole 
peak  at  high  temperature.  Although  the  MQW-1  is 
larger  in  PL  intensity  at  RT  by  a  factor  of  3  or  more 
than  the  MQW-2,  reduction  in  the  intensity  and 
increase  in  the  spectrum  width  at  high  temperature 
are  more  drastic  in  the  MQW-1  than  in  the 
MQW-2.  This  is  due  to  the  difference  in  the  barrier 
height.  Therefore,  the  latter  is  used  hereafter  as 
a  reference  wafer.  Its  PL  spectrum  at  different  tem¬ 
peratures  is  shown  in  Fig.  5. 
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Fig.  5.  Temperature  dependence  of  PL  spectrum  of  GaAs-AlAs 
MQW  wafer. 


6.  Actual  temperature  measurement 

In  the  conventional  MBE,  the  substrate  temper¬ 
ature  is  controlled  by  keeping  constant  the  temper¬ 
ature  of  the  thermocouple  located  behind  the  Mo 
block  (thermocouple  temperature,  hereafter).  Even 
so,  the  real  surface  temperature  differs  in  each  run  if 
the  size  of  the  substrate  differs.  Furthermore,  the 
surface  temperature  may  change  after  starting  the 
growth  because  the  Mo  block  surface  which  was 
not  covered  with  substrates  becomes  covered  with 
Ga  and  As  molecular  beam  adsorption,  which  cha¬ 
nges  the  surface  emissivity  [1].  We  measured  these 
temperature  differences  by  applying  the  present  PL 
temperature  measurement  method. 

Fig,  6  shows  three  PL  spectra.  Curve  (a)  is 
a  spectrum  from  the  small  reference  wafer  on 
a  clean  Mo  block  when  the  thermocouple  temper¬ 
ature  was  kept  at  a  temperature  which  corresponds 
to  a  surface  temperature  at  255°C.  Curve  (b)  shows 
a  spectrum  of  the  reference  wafer  in  the  case  where 
additional  three  GaAs  wafers  1x1  cm^  square 
were  mounted  on  the  same  Mo  block.  Curve  (c) 
shows  a  spectrum  of  the  reference  wafer,  where  only 
this  wafer  was  on  the  same  Mo  block  but  its  surface 
was  covered  with  Ga  and  As  adsorption  due  to 
a  1  pm  thick  GaAs  MBE  growth.  All  three  spectra 
were  obtained  under  the  same  thermocouple  tem¬ 


Wavelength  (nm)  (c)  with  small  substrate  after  growth 

Fig.  6.  Photoluminescence  spectrum  variation  in  three  cases 
(a)-(c)  shown  in  the  inset,  when  the  thermocouple  temperature  is 
kept  constant. 

perature.  The  result  shows  that  the  actual  surface 
temperature  in  the  case  (b)  and  (c)  is  lower  by  25°C 
as  compared  to  the  case  (a). 

7.  Conclusion 

A  new  measurement  method  of  MBE  substrate 
temperature  was  presented,  in  which  an  optical 
fiber  probe  is  used  to  measure  the  photolumines¬ 
cence  peak  wavelength,  which  is  temperature  de¬ 
pendent,  of  the  reference  wafer  mounted  along  with 
the  substrate.  Mainly  due  to  the  flexibility  and 
thinness  of  the  optical  fiber,  only  one  UHV  port  is 
required  in  this  method.  This  method  does  not  rely 
on  the  measurement  of  PL  intensity  but  on  PL 
wavelength,  so  that  it  is  essentially  free  from  win¬ 
dow  absorption  or  fiber  coating.  It  can  also  be  used 
in  real  time  during  growth  because  the  PL 
wavelength  from  the  reference  wafer  is  not  affected 
by  the  overlayer,  although  PL  intensity  may  be 
decreased.  This  method  is  essentially  a  non-contact 
method,  and  even  if  the  optical  fiber  probe  is  in 
contact  with  the  substrate,  temperature  distur¬ 
bance  is  not  serious  because  of  the  small  thermal 
conductivity  of  the  silica  fiber.  If  the  reference  wafer 
is  mounted  at  the  center  of  a  Mo  Block,  this 
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method  can  be  used  during  rotation  of  the  substra¬ 
te.  As  a  reference  substrate,  GaAs-AlAs  MQW  was 
used  in  the  experiment.  The  surface  temperature 
was  measured  up  to  310°C.  The  maximum  measur¬ 
able  temperature  is  limited  by  reduction  in  PL 
intensity  and  increase  in  its  FWHM  of  the  substra¬ 
te.  This  limitation  will  be  overcome  if  other  MQW 
wafer  of  wide  band  gap  material  such  as  In- 
GaP~InGaAlP  or  GaN-AlGaN  is  used.  In  the 
forthcoming  paper,  this  temperature  measurement 
method  will  be  applied  to  the  low-temperature 
MBE  growth,  where  the  quality  of  the  grown  film 
delicately  depends  on  the  growth  temperature. 
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Abstract 

A  model  for  the  temperature-dependent  shape  of  the  absorption  edge  in  GaAs  is  used  to  determine  the  effect  of 
substrate  thickness,  back  surface  texture,  and  deposited  dielectric  films,  on  the  temperature  measurement  accuracy,  for 
both  transmission  and  diffuse  reflectance  geometries  of  optical  band-gap  thermometry.  A  5%  change  in  substrate 
thickness,  a  20%  change  in  light  scattering  at  the  back  of  the  substrate,  or  a  40%  change  in  the  residual  absorption  below 
the  band  edge  all  cause  temperature  errors  of  about  rC.  Band-gap  thermometry  is  also  sensitive  to  thin  film  interference 
during  the  growth  of  wide  band-gap  layers,  which  can  cause  the  apparent  temperature  to  oscillate.  An  algorithm  is 
presented  that  uses  the  width  of  the  knee  in  the  spectrum  to  correct  temperature  errors  caused  by  interference  oscillations. 
This  algorithm  is  suitable  for  real-time  applications  as  the  information  needed  to  correct  the  knee  position  is  obtained 
from  the  spectrum  itself.  The  correction  procedure  is  tested  on  data  taken  during  growth  of  AlGaAs  on  GaAs.  The 
interference  oscillations  in  the  deposited  thin  film  reduced  apparent  temperature  oscillations  from  about  1.5  C  at  570  C 
to  about  0.7°C  (RMS). 


1.  Introduction 

Substrate  temperature  is  a  critical  parameter  in 
determining  the  quality  and  composition  of  depos¬ 
ited  layers  in  molecular  beam  epitaxy  (MBE).  Con¬ 
tact  between  the  substrate  and  a  temperature 
sensor  is  not  practical  or  desirable  because  the 
sensor  would  cause  perturbations  in  temperature 
or  contamination  of  the  substrate.  Recently,  several 
optical  methods  that  infer  substrate  temperature 
from  the  band-gap  of  the  substrate  material  have 
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been  developed.  The  two  common  implementa¬ 
tions  of  optical  band-gap  thermometry  are  diffuse 
reflectance  spectroscopy  (DRS)  [1-3]  and  trans¬ 
mission  spectroscopy  [4,  5].  In  these  methods  the 
temperature  of  the  substrate  is  inferred  from  the 
band-gap  of  the  substrate  material. 

To  determine  the  temperature  accurately  a  spec¬ 
tral  signature  is  needed  that  can  be  related  to  the 
band-gap  and  hence  to  the  temperature.  The  point 
of  inflection  in  the  transmission  spectra  has  been 
proposed  as  such  a  signature  [5].  For  maximum 
accuracy  it  is  desirable  to  measure  as  close  to  the 
band-gap  as  possible  because  the  absorption  below 
the  band-gap  is  more  sensitive  to  material  quality 
and  doping  density  [6]. 
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The  diffuse  reflectance  increases  sharply  in  the 
wavelength  region  close  to  the  band-gap  as  shown  in 
Fig.  1.  Two  asymptotic  lines  are  depicted  in  Fig.  1: 
Line  1  determined  by  linear  extrapolation  through 
the  background  at  short  wavelengths  and  Line  2, 
determined  by  linear  extrapolation  through  the  data 
points  closest  to  the  steepest  part  of  the  spectrum. 
The  intersection  of  these  two  lines  defines  the 
wavelength  of  the  bend  in  the  spectrum  which  will 
henceforth  be  defined  as  the  “knee”  of  the  spectrum. 

The  knee  region  of  the  diffuse  reflectance  spec¬ 
trum  for  GaAs  can  be  fit  by  the  following  function: 


y  =  yo  +  -  4)  + 


1  +  exp 


U-\)Y 


(1) 


In  Eq.  (1)  yo  +  —  2^)  is  the  linear  background 

asymptote,  Line  1,  with  slope  mi,  mi  +  m2  is  the 
slope  of  the  asymptote.  Line  2,  and  the  parameter 
2a  determines  how  sharply  the  spectrum  is  bent  at 
the  knee.  Eq.  (1)  characterizes  the  onset  of  trans¬ 
parency  of  the  substrate  with  two  parameters  that 
are  independent  of  the  absolute  intensity  of  the 
optical  signal  namely  the  position  of  the  knee,  2k, 
which  is  related  to  the  band-gap  energy  of  the 
substrate  material  and  the  width  of  the  knee,  2a, 
which  is  related  to  the  width  of  the  absorption  edge 
of  the  substrate. 


Wavelength  (nm) 

Fig.  1.  Illustration  of  a  fit  of  an  asymptotic  function  to  the  knee 
region  of  the  diffuse  reflection  spectrum,  showing  the  position  of 
the  knee  in  the  spectrum. 


2.  Sensitivity  to  substrate  properties 

The  positions  of  the  point  of  inflection  and  the 
knee  are  critical  points  in  the  spectrum  that  are 
related  to  temperature  and  are  given  by  the  max- 
imums  in  the  first  and  second  derivatives  of  the 
spectrum.  In  the  following  analysis,  we  will  con¬ 
sider  the  path  of  various  light  rays  in  the  geometri¬ 
cal  optics  limit.  Each  ray  will  have  an  unique 
transmission  spectrum  and  hence  an  unique  energy 
at  each  critical  point  depending  on  its  path  length 
in  the  substrate.  The  fundamental  ray  has  the  high¬ 
est  intensity  while  the  intensity  of  each  subsequent 
ray  decreases  with  each  additional  reflection  inside 
the  substrate.  The  total  spectrum  is  given  by  the 
sum  of  the  spectra  of  the  individual  rays.  In  this 
analysis,  the  position  of  a  critical  point  in  the  total 
spectrum  is  written  in  terms  of  the  position  of  the 
critical  point  of  the  fundamental  ray  plus  a  correc¬ 
tion  term.  This  correction  term  describes  the  difler- 
ence  between  the  position  of  the  critical  points  of 
the  total  spectrum  and  the  spectrum  of  the  funda¬ 
mental  ray. 

The  diffuse  reflection  of  light  scattered  at  the 
back  of  the  substrate  [7]  is 

DRS  =/e(l  -  Rf  exp(  -  2a(f)[l  +  +  ' '  •]• 

(2) 

The  power  series  in  ys  represents  the  fraction  of 
light  scattered  from  the  textured  back  surface  that 
survives  to  scatter  again: 

ys  =/eR^  exp(  -  Tad)  +  (1  -f^)  exp[  -  2doc{l  +  y)]. 

(3) 

Eq.  (3)  is  derived  from  a  model  used  to  describe 
scattering  and  light  trapping  inside  textured  sub¬ 
strates  [7],  where  y  is  the  scattering  parameter  that 
describes  the  width  of  the  angular  distribution  of 
light  scattered  from  the  textured  back  surface  of  the 
substrate.  The  half-width  at  half-maximum  of  the 
distribution  is  about  61°yjy.  A  polished  surface  will 
have  y  equal  to  zero  and  for  an  ideal  Lambertian 
scatterer  y  will  be  one.  /g  is  the  fraction  of  light 
scattered  inside  the  escape  cone  of  the  substrate. 
For  a  polished  surface /g  is  one  and  the  power  series 
in  ys  is  the  contribution  of  the  higher-order  rays  to 
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the  reflectance  of  a  semitransparent  slab;  d  is 
the  substrate  thickness  and  a  is  the  absorption 
coefficient. 

To  determine  the  positions  of  the  knee  and  the 
point  of  inflection  of  the  spectrum,  relative  to  the 
band-gap,  the  following  analysis  is  done.  The  spec¬ 
tral  dependence  of  an  exponential  term  in  Eq.  (2)  is 
described  by  /  =  exp(  —  x);  where  x  =  aad  is  a  di¬ 
mensionless  variable,  and  a  is  the  total  path  length 
of  the  ray  inside  the  substrate  in  units  of  the  sub¬ 
strate  thickness.  The  point  of  inflection  and  the 
knee  of  the  spectrum  of  an  individual  ray  (or  each 
term  in  Eq.  (2))  are  given  by  the  zero  crossings  of 
the  second  and  third  derivatives  off,  respectively. 
The  spectral  dependence  of  the  absorption  coeffic¬ 
ient,  and  hence  x,  is  exponential  for  direct  band-gap 
semiconductors  such  as  GaAs  [6].  To  better  repres¬ 
ent  the  absorption  characteristics  of  GaAs  a  con¬ 
stant  absorption  term  ao{T)  is  added.  This  term 
represents  the  slowly  varying  absorption  below  the 
band  edge  [6].  The  resulting  model  for  the  spectral 
dependence  of  absorption  is 

a(hv)  =  ctg 

Where  Eo{T)  is  the  width  of  the  absorption  edge 
(Urbach  parameter),  EJ.T)  is  the  optical  band-gap 
[6],  and  is  absorption  coefficient  at  the  band- 

gap. 

A  critical  point  at  energy  E^,  has  an  absorption 
coefficient  given  by  =  a(£c).  By  introducing  a  di¬ 
mensionless  parameter  =  aa^d  —  aocgd,  the  fol¬ 
lowing  relation  between  the  energy  of  the  critical 
point,  the  optical  bandgap,  and  the  Urbach  para¬ 
meter  is  obtained: 

E,{T)^E,(T)-Eo(.T)\n(^'j.  (5) 

flc  =  1  at  the  point  of  inflection  and  = 
(3  -I-  ■s/5)/2  =  2.62  at  the  knee.  The  absorption 
coefficient  at  the  critical  points  is  =  ajad  -h 
ao(T).  The  spectral  positions  of  the  inflection  point 
and  the  knee  for  each  ray  depend  on  the  bandgap 
energy,  the  band-gap  absorption  coefficient,  the 
Urbach  parameter,  and  the  total  path  length  of  the 
ray  inside  the  wafer.  The  critical  points  of  an 


individual  ray  are  independent  of  the  subedge 
absorption,  ao(T),  and  the  interface  reflectivity. 
Also,  the  knee  is  ln(2.62)Eo  =  0.96£o  closer  to  the 
bandgap  than  the  point  of  inflection,  for  both  trans¬ 
mittance  and  reflectance. 

The  positions  of  the  critical  points  are  assumed 
to  be  given  by  a  weighted  average  of  the  positions 
of  the  critical  points  of  individual  rays  [7].  The 
position  of  a  critical  point  of  the  total  spectrum  is 
given  by  the  position  of  the  critical  point  of  the 
fundamental  ray  plus  the  shift  —  /S.^Eq,  due  to  the 
contribution  of  the  higher-order  rays  to  the  overall 
spectrum.  The  correction  term  A^  depends  on  the 
scattering  parameter,  the  subedge  absorption,  the 
wafer  thickness,  and  the  wafer  reflectivity  [7]. 
The  temperature  dependence  of  the  positions  of  the 
critical  points  of  the  spectrum  are 


EfT)  =  EAT)  -  Eo{T) 


In 


aoCCgd 


+  A,(r) 


(6) 


where  ao  is  the  path  length  of  the  fundamental  ray 
in  units  of  substrate  thickness.  Since  ao  is  one  in 
transmission  and  two  in  reflection,  the  critical 
points  are  about  0.7£o  closer  to  the  band-gap  in 
transmission  measurements. 

Above  room  temperature  the  band-gap  and 
Urbach  parameter  are  linear  in  temperature  with 
slopes  Sg  and  So  [6],  in  which  case  the  temperature 
shift  associated  with  a  shift  in  the  critical  points  is 
approximately. 


_  J_“. 
kS,_ 


In(agJ) 


A£.. 


(7) 


The  temperature  error  associated  with  variations 
in  the  physical  characteristics  of  the  substrate  from 
those  of  the  calibration  substrate,  is  determined 
from  Eq.  (7),  where  the  temperature  error  for 
a  500  pm  thick  semi-insulating  GaAs  substrate,  is 
AT  =  -  1.8°C/meV  AE^,  The  temperature  error 
due  to  differences  in  the  physical  properties  of 
GaAs  substrates  from  those  of  a  500°C,  500  pm 
thick,  semi-insulating  GaAs  reference  substrate,  are 
given  in  Table  1.  The  back  surface  of  the  reference 
sample  has  a  scattering  parameter  of  0.1.  Eq  is 
11.0  me V  and  ao  is  3cm“^  for  semi-insulating 
GaAs  at  500°C  [6]. 


276 


S.R.  Johnson,  T.  Tied] e  j  Journal  of  Crystal  Growth  1751176  (1997)  273-280 


Table  1 

The  temperature  error  associated  with  variations  in  the  physical  properties  of  a  GaAs  substrate  from  those  of  a  500  pm  thick 
semi-insulating  GaAs  calibration  substrate  at  500°C  with  scattering  parameter  0.1;  for  semi-insulating  GaAs  at  500°C  the  Urbach 
parameter  is  11.0 meV  and  the  subedge  absorption  coefficient  is  3  cm" ^ 


Physical  characteristics 

Contribution  of  A^ 

Temperature  error 

Parameter 

Value 

Percentage  of  ATp 

Percentage  of  AT y, 

ATp  (°C) 

ATk  CQ 

d'ld 

0.2 

-22 

-  11 

-26 

-29 

d'ld 

1.05 

-36 

-  17 

0.71 

0.83 

a'olao 

y'ly 

0.5 

-58 

-25 

1 

oo 

-  11.0 

p 

bo 

100 

100 

-1.5 

-0.9 

y'ly 

0.1 

100 

100 

-9.6 

-5.2 

a'oloto 

R'/R 

1.5 

100 

100 

-2.2 

-1.2 

p 

bo 

100 

100 

-0.16 

-0.09 

The  first  two  columns  of  Table  1  give  the  ratio  of 
the  physical  characteristics  of  the  substrate  to  those 
of  the  reference  substrate.  Columns  three  and  four 
list  the  contributions  of  the  correction  parameter  to 
the  temperature  error  as  a  percentage  of  the  total 
error.  Columns  five  and  six  list  the  temperature 
error  caused  by  using  the  calibration  curve  for 
a  500  pm  thick  semi-insulating  GaAs  with  scatter¬ 
ing  parameter  0.1  to  determine  the  temperature  of 
the  substrate  in  question,  using  the  inflection  point 
and  knee,  respectively,  to  extract  temperature. 

The  first  line  of  Table  1  shows  that  the  apparent 
temperature  for  a  100  pm  substrate  is  26°C  cooler 
(at  the  inflection  point)  and  29'^C  cooler  (at  the 
knee),  than  the  real  temperature.  The  second  line 
shows  that  the  error  associated  with  a  5%  thickness 
variation,  leads  to  a  temperature  deviation  on  the 
order  of  the  sensitivity  of  the  technique.  The  third 
line  shows  the  effect  of  applying  a  calibration  curve 
for  reflection  measurements  to  transmission  data. 
Also  shown  in  Table  1  are  temperature  errors  for 
variations  in  the  back  surface  scattering  parameter 
with  yfy  =  0.8  (scattering  decreased  by  20%)  and 
for  y'ly  =  0.1  (scattering  decreased  10  x ).  These  re¬ 
sults  show  that  small  changes  in  the  scattering  at 
the  back  surface  cause  errors  on  the  order  of  the 
sensitivity  of  the  measurement  but  that  large  differ¬ 
ences  need  to  be  calibrated  for.  The  effect  of  in¬ 
creasing  the  wavelength  independent  absorption  in 
the  gap  is  also  shown.  This  could  be  caused  by 
additional  deep  level  impurities  in  the  substrate,  for 
example. 


During  growth  the  reflectivity  of  the  front  surface 
of  the  substrate  changes  if  the  composition  of  the 
epilayer  differs  from  the  substrate.  The  reflectivity 
change  shown  in  Table  1  is  for  a  case  where  the 
refractive  index  of  the  epilayer  is  3.0  compared  to 
3.5  for  the  substrate,  such  as  for  AlGaAs  on  GaAs. 
Variations  in  surface  reflectivity  have  a  negligible 
effect  on  the  inferred  temperature. 

Variations  in  the  spectral  response  of  the 
measurement  system,  by  window  coating  for 
example,  also  affect  the  position  of  the  critical 
points.  When  the  optical  throughput,  g,  has  slope 
//£s5  the  functional  form  of  the  spectra  are 


The  shift  in  the  critical  point  for  slope  IjE^  in  the 
optical  throughput,  to  first  order  in  is  given  by 

6E'c  =  6Jc^l  +  (^) 

where  =  2  dX  the  inflection  point  and  =  0.8  at 
the  knee.  The  inflection  point  is  2.4  times  more 
sensitive  than  the  knee  to  changes  in  the  slope  of 
the  optical  throughput.  Typically,  \Es\  ^  0.3  eV  for 
mirror/window  coating  during  growth  of  GaAs 
based  materials.  The  shifts  in  the  critical  points  of 
spectrum  due  to  variations  in  the  optical  through¬ 
put,  for  £s  =  —  0.33  eV,  result  in  a  temperature 
error  of  1.3°C  at  the  inflection  point  and  0.5°C  at 
the  knee,  for  the  substrate  in  Table  1. 
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3.  Correcting  for  spurious  shifts  in  the  position  of 
the  knee 


In  order  to  correct  the  knee  for  variations  in  the 
substrate,  we  need  to  relate  the  position  and  width 
of  the  knee  to  the  physical  properties  of  the  substra¬ 
te.  When  the  background  is  zero  Eq.  (1)  becomes 


y(hv)  =  In 


1  -1-  exp 


(10) 


Furthermore,  at  the  knee  y  =  —  2  In  2E^y'  where  y' 
is  the  derivative  of  the  asymptotic  function.  Writing 
the  total  spectrum  as  a  single  ray /  =  exp(  —  x)  with 
/'  =  —  x%  the  position  of  the  knee  of  the  total 
spectrum  is 


£,(T)  =  £,(r)-ln 


Okihv)  =  a, 


\  CL. 


Eo{T) 


Eo(T); 


exp[  -  Ae(T)]. 


(11) 


The  width  of  the  knee  is  related  to  the  Urbach 
parameter  by  equating  the  fitting  function  divided 
by  its  derivative  to  the  spectrum  divided  by  its 
derivative,  at  the  knee: 


21n  2£a  = 


]_ 

x' 


Eq 

ak(/2v) 


(12) 


Solving  Eq.  (12)  for  a]fhv)  and  substituting  this 
solution  into  Eq.  (11),  the  knee  of  the  total  spec¬ 
trum  is 


£,(T)  =  £,(£)  -  £o(r) 

The  position  of  the  knee  relative  to  the  knee  of  the 
fundamental  ray  is  now  written  in  terms  of  the 
width  of  the  knee,  E^.  The  shift  in  the  knee  from 
multiple  reflections  and  light  trapping  (AJ  and  the 
shift  in  the  knee  due  to  spectral  changes  in  the 
optical  throughput  (l/E^),  are  sensed  through  the 
width  of  the  knee.  This  is  explained  as  follows: 
when  the  position  of  the  knee  shifts  AE  toward 
lower  (higher)  energies,  due  to  changes  in  Ac  and 
l/£s,  the  position  of  the  inflection  point  shifts  about 
2A£  toward  lower  (higher)  energies,  causing  the 


width  of  the  knee  to  broaden  (narrow).  Therefore, 
the  width  of  the  knee  is  a  measure  of  spurious  shifts 
in  the  position  of  the  knee. 

The  position  of  the  knee,  £k;cai  and  the  width  of 
the  knee,  £a;cab  are  measured  as  a  function  of  tem¬ 
perature  for  a  given  substrate  in  a  calibration  run. 
The  position  of  the  knee,  £k  and  the  width  of  knee, 
for  a  different  substrate  of  the  same  material 
with  different  thickness  or  texture,  are  related  to  the 
calibration  values  (with  extended  subscript  “cal”)  as 
follows: 

r-  r  I  i-'  1  /  '^a;cal^0;cal^cal  \  /a  a\ 

Ek  =  £k;cal  +  Eo  In  - - — - -  .  (14) 

\  E^aod  } 


Eq.  (14)  corrects  for  the  shift  in  the  knee  due  to 
differences  between  the  substrate  in  question  and 
the  calibration  substrate.  These  differences  are  sub¬ 
strate  thickness,  light  trapping,  optical  throughput, 
and  the  path  length  of  the  fundamental  ray  (or 
measurement  configuration).  Variations  in  light 
trapping,  and  optical  throughput  are  sensed 
through  the  width  of  the  knee. 


4.  The  effect  of  thin  film  interference  during  MBE 
growth 

The  growth  of  wide  band-gap  material  such  as 
AlGaAs  on  a  smaller  bandgap  substrate  such  as 
GaAs,  produces  interference  oscillations  in  the 
transmitted  light.  For  reflection  measurements,  the 
fundamental  ray  passes  through  the  overlayer  two 
times,  once  in  each  direction.  Transmission  of  the 
fundamental  ray  through  the  overlayer  is  given  by 

T  (1  -  -  R2? 

^  (1  +  £,£2  +  2JR1R2  cos 

4nnidf  4Tcn[df 

3= — 7—=—; - hv,  (15) 

/  nc 

where  and  R2  are  the  reflectivities  of  the  vac- 
uum-epilayer  interface  and  the  epilayer-substrate 
interface,  respectively  and  tif  is  the  index  of  refrac¬ 
tion  of  the  overlayer. 

The  diffuse  reflectance  spectrum  from  a  substrate 
during  the  growth  of  a  wide  band-gap  overlayer  is 
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given  by  the  product  of  Ti  and  the  spectrum  from 
the  substrate  with  no  overlayer.  This  multiplicative 
term  is  analogous  to  the  optical  throughput  of  the 
system  (Eq.  (8)).  The  relationship  between  Ti,  the 
optical  throughput,  g,  and  the  slope  of  the  optical 
throughput  \/Es  is 

T,  ,  {l-RiR2f 

^  <'ri>'"(l  +  RiR2  +  2jRiR2COsdf 

^  1  —  4fRiR2  cos  5 ; 

E;  '  =  fi('  =  45'fRlR2  sin  5;  5'  =  (16) 

The  interface  reflectivities  are  Ri  =  rf  and  R2  =  rl 
with  i?2 


-  1. 
Uf  +  V 


An 


luf  +  An  luf 


An. 

=  :^  1  — 


(17) 


where  An  >  0  is  the  difference  in  the  indices  of  the 
overlayer  and  substrate. 

In  this  analysis  absorption  in  the  overlayer  is 
neglected  because  the  wide  band-gap  material  is 
transparent  in  the  wavelength  region  of  interest  and 
interference  effects  are  considered  only  for  the  fun¬ 
damental  ray.  This  approximation  is  valid  for 
wavelengths  around  the  onset  of  transparency  of 
the  substrate,  where  the  contribution  to  the  inten¬ 
sity  from  higher-order  rays  is  small.  The  interfer¬ 
ence  oscillations  cause  the  position  and  width  of  the 
knee  to  oscillate  with  an  amplitude  that  increases 
with  layer  thickness.  An  expression  for  the  oscilla¬ 
tion  in  the  width  of  the  knee  is  derived  from 
Eq.  (11),  Eq.  (12),  and  Eq.  (16),  and  shown  below: 


u  I 1 

he 

EoXi  exp(A,) 


a^(21n  2)hcl  1  + 


^ jiff  sin  S  ), 

£o^k(l  +Ac) 
ac{2\n  2)hc 


(18) 


The  amplitude  of  the  oscillations  increase  with 
the  Urbach  parameter,  and  the  difference  in  the 
index  of  refraction  between  the  overlayer  and  the 
substrate. 

The  oscillations  in  the  width  of  the  knee  are 
observed  during  growth  of  a  4.2  pm  thick 
Alo.5Gao.5As  layer  on  a  450  pm  thick  semi-insulat¬ 
ing  GaAs  substrate  with  a  polished  back  surface, 
rotated  at  0.5  Hz  during  growth.  Variations  in  the 
layer  thickness  cause  phase  variations  across  the 
substrate  which  reduce  the  effects  of  thin  film  inter¬ 
ference.  The  substrate  heater  is  operated  at  con¬ 
stant  power  to  maintain  constant  temperature.  The 
knee  region  of  the  diffuse  reflectance  spectrum  is  fit 
to  Eq.  (1)  at  intervals  of  about  1  min.  The  width  of 
the  knee,  2^,  is  shown  in  Fig.  2  as  a  function  of  layer 
thickness.  The  solid  line  in  Fig.  2  is  a  fit  of  Eq.  (18) 
to  the  data.  The  following  parameter  values  are 
obtained  from  this  fit: 

I,  =  3.62  +  0.02  nm,  A^  =  0.080, 

A  =  0.1733  ±  0.0001  pm,  =>  Hf  =  3.32, 

2n[ 

^T^asEojRi^J  1  -  =  0.026  ±  0.002  pm"  ^ 

he  \  2n{  J 

=^An  =  0.26.  (19) 

From  these  values  Ri  =  0.288,  R2  =  0.0014, 
and  Hg  =  3.58.  The  average  substrate  temperature 
during  growth  is  567.3°C  (2^  =  1150.4  nm). 

The  inferred  index  for  AlGaAs  at  567°C  and 
1.15  pm  is  3.32.  This  suggests  the  A1  content  is  44% 
[8],  which  is  close  to  the  50  +  2%  concentration 
determined  from  the  growth  rates  given  by 
measurements  of  layer  thickness  using  a  scanning 
electron  microscope.  The  index  of  refraction  for  the 
GaAs  substrate  at  567°C  and  1.15  pm  is 
3.58  +  0.05,  where  the  uncertainty  is  a  combination 
of  the  standard  error  [9]  determined  from  the  fit 
(0.02)  and  the  uncertainty  in  the  growth  rate  calib¬ 
ration  (0.04).  This  value  of  the  index  of  refraction 
for  the  GaAs  substrate  is  close  to  the  expected  value 
of  3.68  for  GaAs  at  579°C  [8].  The  experimental 
value  of  Ac  =  0.080  is  in  agreement  with  0.070  given 
by  the  model. 
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Fig.  2.  Oscillations  in  the  width  of  the  knee  during  the  growth 
of  Alo.sGao.sAs  on  GaAs  (dashed  line). 


The  position  and  the  width  of  the  knee,  during 
the  growth  of  AlGaAs  on  GaAs,  are  compared  in 
Fig.  3.  As  predicted,  the  position  and  the  width  of 
the  knee  oscillate  in  phase.  The  position  of  the  knee 
also  exhibits  longer  period  fluctuations  due  to  tem¬ 
perature  drift  in  the  substrate. 

The  data  shown  in  Fig.  3  is  used  to  determine  the 
effectiveness  of  the  algorithm  given  in  Eq.  (14), 
where  spurious  shifts  in  the  knee  are  sensed  by  the 


width  of  the  knee  and  corrected  for.  In  this  case 
the  correction  is  in  terms  of  wavelength,  where 
the  corrected  position  of  the  knee  is  iteratively 
given  by 


4£o  U/tf 

he 


(20) 


/Ik  and  /la  are  the  experimentally  measured  position 
and  width  of  the  knee,  and  Eq  =  11.5  meV  at 
[6].  The  temperatures  given  by  the  measured  posi¬ 
tion  of  the  knee  (dashed  line)  and  corrected  position 
of  the  knee  (solid  line),  are  shown  in  Fig.  4.  Also 
shown,  is  a  smooth  fit  to  the  position  of  knee 
(broken  line),  which  is  assumed  to  represent  the 
true  temperature  of  the  substrate.  The  root  mean 
square  (RMS)  temperature  fluctuations  about  the 
true  temperature  are  1.5°C  for  the  measured  knee 
and  0.7°C  for  the  corrected  knee. 


5.  Conclusions 

A  mathematical  model  has  been  developed  for 
the  optical  transmission  spectrum  of  GaAs  in  the 
wavelength  region  near  the  “knee”  in  the  spectrum 
at  the  optical  band-gap.  In  this  model  the  temper¬ 
ature  is  given  to  first  approximation  by  the  position 


Fig.  3.  The  position  of  the  knee  (solid  line)  and  the  width  of  the  knee  (dashed  line)  during  the  growth  of  Alo.5Gao.5As  on  GaAs. 
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Fig.  4.  Substrate  temperature  given  by  the  position  of  the  measured  knee  (dashed  line),  the  position  of  the  corrected  knee  (solid  line),  and 
the  true  temperature  (broken  line),  during  the  growth  of  Alo.5Gao.5As  on  GaAs. 


of  the  knee,  while  the  width  of  the  knee  is  used  to 
correct  for  spurious  shifts  in  its  position  due  to  the 
differences  in  the  properties  of  the  substrate  or  the 
measurement  conditions  from  a  reference  config¬ 
uration.  This  model  is  used  in  optical  band-gap 
thermometry  to  correct  for  the  effects  of  variations 
in  the  substrate  thickness,  measurement  geometry, 
impurity  content,  back  surface  scattering,  changes 
in  optical  throughput  caused  by  window  coating 
and  interference  oscillations  due  to  a  deposited  film 
with  a  different  index  of  refraction.  We  show  that 
spurious  temperature  shifts  caused  by  thin  film 
interference  can  be  reduced  to  the  noise  level  of  the 
measurement  technique  during  the  growth  of  Al¬ 
GaAs  on  GaAs,  by  using  both  the  position  and  the 
width  of  the  knee  of  the  spectrum  to  determine  the 
temperature. 
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Abstract 

We  have  demonstrated  how  to  use  the  44  wavelength  ellipsometer  for  in-situ  closed-loop  feedback  control  of 
a  molecular  beam  epitaxy  in  order  to  grow  reproducible  AlAs/GaAs  Fabry-Perot  cavities.  Sample-to-sample  reproduci¬ 
bility  of  the  Fabry-Perot  cavity  mode  position  measured  using  normal  incident  reflection  was  better  than  0.2%  among 
six  samples  grown  at  different  times  and  different  growth  conditions.  This  shows  that  a  reproducible  control  of 
AlAs/GaAs  layer  thickness  is  achievable  using  the  44  wavelength  ellipsometer.  The  new  88  wavelength  ellipsometer 
includes  UV  wavelengths  from  2770  to  4150  A.  The  closed-loop  in-situ  control  of  Fabry-Perot  cavity  growth  will  be 
explained  and  the  results  from  the  two  types  of  ellipsometers  will  be  compared. 


1.  Introduction 

Epitaxial  growth  techniques  such  as  molecular 
beam  epitaxy  (MBE)  and  organometallic  chemical 
vapor  deposition  (OMCVD)  have  been  used  to 
achieve  heterostructure  devices  having  complicated 
multilayer  epitaxial  structures.  The  strength  of 
these  epitaxial  techniques  is  that  alloy  composition, 
thickness,  and  doping  concentration  can  be  repro¬ 
duced  on  thickness  scales  of  a  few  monolayers. 
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Application  of  these  techniques  can  be  used  in  the 
growth  of  devices  such  as  vertical  cavity  surface 
emitting  lasers  (VCSEL)  and  resonant  tunneling 
diodes  (RTD)  [1]. 

Performance  of  such  devices  are  affected  by 
the  epitaxial  layer  thickness  variation.  To  achieve 
reproducible  epitaxial  layer  thickness  control 
of  a  complicated  structure  such  as  a  VCSEL  is 
a  challenge  in  MBE  growth.  Several  different  tech¬ 
niques  such  as  reflection  mass  spectrometry  [2], 
desorption  mass  spectrometry  [3],  and  laser-in¬ 
duced  fluorescence  [4]  have  been  used  to  monitor 
group  III  or  group  V  desorption  from  the  substrate 
surface  during  the  growth  of  epitaxial  layers.  With 
proper  calibration,  the  real-time  desorption  flux 
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measurement  can  be  used  to  monitor  the  epitaxial 
layer  growth  rate  and  composition. 

Reflection  high-energy  electron  diffraction 
(RHEED)  is  now  a  standard  equipment  in  most 
MBE  chambers.  RHEED  oscillation  signal  analy¬ 
sis  is  the  most  popular  method  of  measuring 
epitaxial  layer  growth  rate  and,  consequently, 
determining  alloy  composition.  The  disadvantage 
of  the  RHEED  growth  rate  determination  is  that 
the  oscillation  signal  is  taken  without  sub¬ 
strate  rotation.  The  growth  rate  can  be  very 
different  when  the  substrate  is  rotating.  The 
other  disadvantage  of  RHEED  is  that  it  cannot 
account  for  the  flux  fluctuation  when  the  shutter 
is  opened.  Real-time  feedback  control  is  not  easy  to 
implement  using  the  techniques  mentioned  above. 

Ellipsometry  is  becoming  more  popular  ever 
since  the  work  by  Aspnes  in  the  late  1970s  [5].  The 
ellipsometry  technique  cannot  only  be  used  ex-situ 
to  measure  thickness  and  alloy  composition,  but 
can  also  be  used  in-situ  to  monitor  and  analyze 
data  in  real  time  for  real-time  feedback  control.  The 


ellipsometric  data  can  be  taken  while  the  substrate 
is  rotating  at  normal  speed.  This  is  an  advantage 
over  RHEED.  When  thickness  information  can 
be  measured  in  real  time  in  an  MBE  experiment, 
flux  fluctuation  does  not  affect  the  control  of 
each  epitaxial  layer’s  thickness.  Ellipsometry  is 
becoming  a  useful  technique  for  performing  in- 
situ  control  during  thin  film  growths  in  MBE 
experiments. 


2.  Experimental  procedure 

A  detailed  theory  of  ellipsometry  can  be  found  in 
Ref.  [6].  The  hardware  necessary  for  implementing 
in-situ  ellipsometric  control  of  a  MBE  system  is 
shown  in  Fig.  1.  The  growth  chamber  has  two  sets 
of  optical  ports  whose  axes  coincide  with  the  center 
of  the  wafer  at  angles  of  75°  and  60°.  The  75° 
optical  port  configuration  was  used  in  the  experi¬ 
ment  since  III-V  epitaxial  layers  were  grown. 


DCA  MBE  chamber 


Fig.  1.  Implementation  of  a  MWE  on  a  DCA  MBE  chamber. 
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The  choice  of  75°,  which  is  close  to  the  Brewster 
angle  of  III-V  material,  allows  the  ellipsometer  to 
obtain  the  maximum  sensitivity  in  monitoring  epi¬ 
taxial  layer  thickness  during  MBE  growth.  Both 
optical  ports  are  equipped  with  a  strain-free  Bro- 
mco  window  to  prevent  birefringence  effects  from 
being  introduced  into  the  optical  path.  Since  ar¬ 
senic  tends  to  stick  to  windows,  both  windows  must 
be  regularly  heated  to  300°C  in  order  to  desorb  the 
arsenic  coating  to  improve  ellipsometric  signal 
intensity. 

During  the  growth  of  epitaxial  layers,  substrate 
rotation  is  necessary  to  ensure  uniform  epitaxial 
layer  growth  on  the  substrate.  If  the  normal  direc¬ 
tion  to  the  substrate  surface  is  not  parallel  to  the 
axis  of  the  rotation,  the  reflected  SE  signal  intensity 
on  the  detector  will  not  be  stable.  Wobble  of  the 
substrate  surface  increases  the  error  of  the  analyzed 
ellipsometric  data.  This,  in  turn,  increases  the  un¬ 
certainty  of  analyzed  epitaxial  layer  thicknesses 
and  makes  it  more  difficult  to  control  layer  thick¬ 
ness  in  real  time  to  achieve  a  variation  of  less  than 
0.5%.  To  reduce  the  wobble  of  the  substrate  during 
rotation,  sections  of  the  three  stainless-steel  rods 
used  to  support  the  manipulator  were  cut  off  and 
replaced  with  piezo  crystals.  By  externally  adjust¬ 
ing  the  applied  negative  high  voltages,  the  length  of 
the  three  pizeo  crystals  can  be  changed  by  as  much 
as  200  pm.  Using  this  technique,  changes  in  the 
incident  angle  due  to  wobbling  of  the  substrate 
surface  can  be  reduced  from  a  typical  variation  of 
+0.2°  to  ±0.02°. 

The  multi-wavelength  ellipsometers  (MWE) 
(44  wavelengths  ranging  from  4150  to  7554  A 
and  88  wavelengths  ranging  from  2770  to  7650  A) 
by  J.A.  Woollam  Co.,  can  be  used  to  obtain 
44  or  88  wavelength  ellipsometric  data  at  the 
speed  of  20  data  points  per  second.  MWE  data 
is  analyzed  in  real  time  to  determine  epitaxial 
layer  thickness  during  epitaxial  layer  growth 
at  the  rate  of  1  data  point  every  3  s.  The  analyzed 
thickness  information  is  then  passed  to  the 
MBE  growth  eontrol  program.  The  growth  of 
a  complicated  quantum  device  structure  is  made 
feasible  by  determining  epitaxial  thicknesses 
during  the  thin  film  growth  so  that  the  MBE 
growth  control  program  can  control  the  shutter 
toggle  times. 


3.  Results 

Fabry-Perot  cavities  for  use  in  vertical  cavity 
surface  emitting  lasers  (VCSEL)  and  electro-optic 
modulators  were  grown  to  demonstrate  in-situ  real¬ 
time  MWE  thickness  control.  Such  structures  con¬ 
sist  of  a  one  wavelength  optical  cavity  between  two 
dielectric  mirrors.  This  particular  structure  was 
used  to  test  MWE  control  of  thick  epitaxial  layers 
because  the  position  of  the  FP  mode  is  very  sensi¬ 
tive  to  a  change  in  cavity  thickness.  Each  mirror 
consists  of  alternating  i  X  high  and  low  index  of 
refraction  layers,  known  as  distributed  Bragg  re¬ 
flectors  (DBR).  This  produces  mirrors  that  have 
a  high  reflectivity  at  a  selected  wavelength  band. 
High  reflectivity  is  an  indication  of  good  thickness 
control  in  the  DBR  layers. 

The  FP  cavity  designed  for  this  experiment  con¬ 
sisted  of  a  10  period  top  mirror  and  a  10.5  period 
bottom  mirror  having  AlAs/GaAs  thicknesses  of 
822.2  and  679.4  A,  respectively.  The  GaAs  IX  FP 
cavity,  nominally  2717.5  A,  was  designed  to  have 
an  FP  mode  at  970  nm. 

In  order  to  analyze  ellipsometric  data  collected 
from  MWE  during  epitaxial  layer  growth,  the  op¬ 
tical  constants  of  AlAs  and  GaAs  at  growth  tem¬ 
perature  (i.e.  600°C)  are  needed.  The  bulk  material 
optical  constants  of  GaAs  and  AlAs  [7]  at  growth 
temperature  were  obtained  from  our  previous  stud¬ 
ies  and  used  in  this  experiment  to  determine  layer 
thicknesses  in  real  time.  Another  important  issue  is 
that,  in  order  to  implement  real-time  control,  the 
time  required  to  obtain  growth  layer  thickness  in¬ 
formation  from  complicated  structures  like  DBRs 
had  to  be  reduced.  The  virtual  interface  model  [8] 
was  used  to  reduce  the  data  analysis  from  a  com¬ 
plicated  multi-phase  model  to  a  simple  two-phase 
model  (epitaxial  layer/virtual  substrate). 

Six  samples  of  IX  FP  cavities  were  grown  under 
the  control  of  the  44  wavelength  ellipsometer  in 
order  to  demonstrate  the  reproducibility  of  MWE 
thickness  control.  Samples  1-4  were  grown  over  the 
period  of  one  month  using  identical  Al  and  Ga  cell 
temperatures.  No  growth  rate  calibration  was  re¬ 
quired  before  the  growth  of  each  FP  cavity.  The 
variation  of  FP  modes  between  the  four  different 
samples  was  less  than  2.1  nm,  a  difference  of  less 
than  0.3%  in  a  IX  GaAs  cavity.  The  FP  mode 
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Fig.  2.  Calculated  normal  incidence  reflectance  curve  of 
a  970  nm  FP  cavity  (labeled  “Theory”)  superimposed  with  meas¬ 
ured  curves  showing  the  FP  modes  from  seven  different  samples. 


measured  at  the  edge  of  the  2  inch  wafers  had  a  blue 
shift  of  about  5  nm  compared  to  the  center  of  the 
wafers.  This  indicates  that  the  variation  in  layer 
thickness  uniformity  across  the  2  in  wafers  was 
about  0.5%. 

For  sample  5,  Al  and  Ga  cell  temperatures  were 
perturbed  during  the  growth  of  AlAs  and  GaAs 
layers.  Since  the  thickness  control  program  moni¬ 
tors  epitaxial  layer  thickness  information  in  real 
time,  we  did  not  expect  the  flux  fluctuation  to  affect 
epitaxial  layer  thickness  control.  This  is  confirmed 
as  shown  in  Fig.  2,  where  the  FP  mode  from 
sample  5  is  within  the  range  of  the  earlier  four 
samples.  This  indicates  that  calibrating  the  growth 
rate  before  the  growth  of  binary  epitaxial  layers  is 
not  necessary  in  MWE  thickness  control  experi¬ 
ments. 

Sample  6  was  grown  with  1  x  10^®  cm" ^  Si  dop¬ 
ing  in  all  the  epitaxial  layers.  Since  the  virtual 
interface  model  is  temperature-specific,  temper¬ 
ature  changes  during  the  epitaxial  layer  growth 
cannot  be  taken  into  account.  Also,  the  possible 
change  of  the  epitaxial  layer  optical  constants  due 
to  Si  doping  is  not  taken  into  account  in  data 
analysis.  Nonetheless,  the  difference  between 
sample  6  and  the  average  FP  mode  from  samples 
1-4  is  less  than  0.1%.  The  effect  of  surface  temper¬ 
ature  changes  due  to  Si  shutter  opening  and  Si 
doping  can  be  neglected  in  in-situ  DBR  thickness 
control  experiments. 


Fig.  3.  Dynamical  plot  of  41 50  A  in-situ  ellipsometric  data  from 
88  wavelength  ellipsometer. 


Sample  7  was  grown  under  the  control  of  the  new 
88  wavelength  ellipsometer  to  compare  it  with  the 
44  wavelength  ellipsometer.  The  dynamical  plot  of 
the  10.5  period  mirrors  and  thick  GaAs  FP  cavity 
from  the  4150  A  ellipsometric  data  is  shown  in 
Fig.  3.  The  periodic  behavior  of  the  dynamical  plot 
is  mainly  due  to  the  growth  of  optically  thick  GaAs 
layers.  This  is  also  a  strong  indication  that  the  AlAs 
and  GaAs  layers  were  consistently  reproduced. 
However,  the  FP  mode  from  the  88  wavelength 
ellipsometry  control  was  red-shifted  3  nm  com¬ 
pared  to  the  44  wavelength  ellipsometry  control,  as 
shown  in  Fig.  2.  The  source  of  the  difference  could 
be  the  low  signal  intensities  of  the  long  wavelengths 
from  the  88  wavelength  ellipsometer.  This,  in  turn, 
will  increasingly  deteriorate  the  precision  of  layer 
thickness  determinations  as  a  layer  grows  thicker. 
More  work  will  be  done  to  compare  the  44  and  88 
wavelength  ellipsometry  controls. 


4.  Conclusion 

Bulk  material  optical  constants  can  be  deter¬ 
mined  by  MWE.  These  constants  were  used  in  real 
time  to  control  the  thickness  of  epitaxial  layers 
used  in  Fabry-Perot  cavity  structures.  Reproduci¬ 
bility  of  the  FP  mode  position  was  better  than 
0.2%  among  four  different  samples  grown  at  differ¬ 
ent  times  when  controlled  by  the  44  wavelength 
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elliposmeter.  The  extended  UV  range  of  the  88 
wavelength  ellipsometer  should  give  better  com¬ 
position  determination  for  ternary  layer  FP  cavity 
modes  in  the  850  nm  range.  The  differences  in  FP 
cavity  modes  from  88  wavelength  ellipsometry  will 
be  studied  and  ternary  layer  thickness  control  will 
be  attemped  at  a  later  time.  Bulk  material  optical 
constants  can  be  used  in  closed-loop  feedback  con¬ 
trol  with  MWE  to  increase  the  reproducibility  of 
complex  multilayer  structures. 
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Abstract 

Two-dimensional  (2D)  nucleation  mode  growth  of  GaAs  molecular  beam  epitaxy  is  studied  in  detail  by  in-situ 
scanning  electron  microscopy.  It  is  shown  that  the  local  growth  mode  changes  from  2D  mode  to  one-dimensional  (ID) 
step  propagation  mode  under  a  critical  growth  condition  which  causes  mixing  of  2D  and  ID  growth.  The  mechanism  is 
discussed  in  terms  of  step  interval  homogeneization.  Various  intermediate  2D  growth  modes  between  pure  3D  and  ID 
growths  are  observed  depending  on  the  growth  condition.  A  3D/2D/1D  growth  mode  phase  diagram  is  obtained. 


1.  Introduction 

We  have  developed  in-situ  scanning  electron 
microscopy  (SEM)  of  GaAs  molecular  beam  epi¬ 
taxy  (MBE)  and  shown  that  the  actual  growth 
process  is  inhomogeneous  and  unsteady  compared 
to  the  simplified  and  ideal  growth  model  [1]:  For 
the  two-dimensional  (2D)  growth  mode,  conti¬ 
nuous  nucleation  was  observed  and  delayed 
nucleation  was  found  [2].  For  post-growth  anneal¬ 
ing,  competition  of  hole  growth  and  shrinkage 
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was  found  and  anisotropic  behavior  was  observed 

ra¬ 
in  the  present  study,  the  2D  nucleation  mode  is 
studied  in  detail.  We  show  that  the  local  growth 
mode  changes  from  2D  to  one-dimensional  (ID) 
step  propagation  growth  under  a  critical  growth 
condition  which  causes  mixing  of  2D  and  ID 
modes.  Change  of  step  interval  and  shape  takes 
place  simultaneously  and  is  responsible  for  the 
local  mode  change. 

There  have  been  no  reports  on  the  phase  dia¬ 
gram  of  3D  and  2D  growth  modes.  Various 
intermediate  2D  growth  modes  between  pure  3D 
and  ID  growths  are  observed  depending  on  the 
growth  condition.  A  3D/2D/1D  phase  diagram  is 
obtained. 
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2.  Experimental  procedure 

The  experiment  was  done  using  an  MBE-UHV 
SEM  hybrid  system.  An  ultrahigh  vacuum  scann¬ 
ing  electron  microscope  (SEM)  is  mounted  on  an 
MBE  system.  A  field  emission  electron  gun  of  the 
cold  cathode  type  is  on  top  of  the  sample  chamber, 
and  an  RHEED  screen  is  at  the  bottom  of  it. 
A  25  keV  electron  beam  was  used  both  for  SEM 
and  reflection  high-energy  electron  diffraction 
(RHEED)  measurements.  For  in-situ  SE  imaging, 
the  electron  beam  is  directed  downward  to  the 
sample  surface  at  a  glancing  angle  of  20-10°.  The 
Ga  and  AS4  fluxes  are  incident  upward  to  the 
sample  surface.  Scanning  images  are  produced  and 
stored  on  an  image  processor.  They  can  be  re¬ 
corded  on  videotapes.  RHEED  measurements  are 
done  separately  from  the  SE  imaging  at  a  grazing 
incidence  of  the  primary  electron  beam. 

Samples  8x8  mm^  in  size  were  cut  from  a  GaAs 
(0  0  1)  substrate  misoriented  0.2°  to  the  [1  1  0]  di¬ 
rection  which  had  nominal  interstep  spacing  of 
about  80  nm.  The  sample  was  mounted  using 
indium  soldering  on  a  silicon  substrate.  Sample 
heating  was  done  by  resistively  heating  the  silicon 
substrate  with  direct  current.  The  sample  temper¬ 
ature  was  monitored  with  an  infrared  pyrometer. 
A  smooth  surface  was  prepared  by  a  three-stage 
buffer  layer  growth.  The  2D  growths  were  per¬ 
formed  at  a  substrate  temperatures  of  around 
600°C  where  the  surface  exhibited  2x4  reconstruc¬ 
tion,  and  at  various  growth  rates,  for  example, 
1  ML  per  40  s.  High  temperature  and  low  rate  were 
employed  to  make  islands  big  enough  to  be  clearly 
observed.  SEM  observation  was  performed  with 
a  resolution  of  about  5  nm  and  an  observation  rate 
of  1  frame  per  80  s. 

3.  Results  and  discussion 

3.1.  2DI ID  mode  change 

Fig.  1  shows  an  example  of  morphology  change 
with  2D-1D  transition.  The  substrate  temperature 
was  610°C  and  the  growth  rate  was  about 
1  ML/50  s.  Surface  feature  at  the  beginning  of 
growth  is  shown  in  Fig.  la.  There  are  a  few  parallel 


dark  lines  on  the  upper  half  slightly  declining  to  the 
right.  They  are  the  monolayer  steps.  These  steps 
change  direction  downwards  in  the  middle. 
The  step  shape  was  curved  and  smooth  initially. 
The  terraces  bounded  by  these  steps  are  numbered 
for  clarity.  On  the  real  crystal  surface  the  local 
terrace  width  is  not  uniform  due  to  the  surface 
undulation. 

The  growth  was  started  when  the  electron  beam 
was  scanned  at  the  top  of  Fig.  la.  In  the  middle, 
white  small  features  appeared  on  the  terraces  as 
marked  by  the  arrows.  These  are  the  monolayer 
islands.  The  islands  were  formed  in  three  ways 
depending  on  the  local  terrace  width:  On  the  wide 
terraces  like  No.  7,  island  clusters  appeared  as 
marked  by  the  triple  arrows.  On  the  relatively  wide 
terraces  like  No.  2,  the  islands  were  formed  in  a  line 
along  the  step  as  marked  by  double  arrows.  On  the 
wide  areas  of  relatively  narrow  terraces,  the  iso¬ 
lated  island  appeared  as  marked  by  the  single  ar¬ 
rows.  In  this  figure,  about  20  islands  appeared  on 
5  terraces.  Nos.  2, 4, 6, 7  and  8,  among  ten.  Unfortu¬ 
nately,  the  2D  growth  cycle  was  not  so  clear  as 
compared  to  the  one  we  reported  previously  [3]. 
There  are  no  islands  on  the  narrow  terraces,  which 
shows  that  the  ID  step  propagation  growth  occurs 
there.  Therefore,  the  two  growth  modes  coexist 
under  a  critical  growth  condition,  as  previously 
shown  by  RHEED  measurements  [4]  and  observed 
by  SEM  [1].  This  is  due  to  an  inhomogeneity  of 
terrace  width  introduced  by  surface  undulation  and 
step  bunching  during  annealing  before  (and  after) 
growth  [5]. 

In  Fig.  lb  taken  80  s  after  Fig.  la,  the  steps  es¬ 
sentially  preserved  their  location  and  shape.  It  is 
similar  to  the  result  of  silicon  growth  on  (1  1  1) 
surface  where  the  step  shape  is  preserved  in  the  2D 
growth  mode  [6].  Most  islands  appeared  in  the 
middle  of  the  figure  which  suggests  that  the  island¬ 
ing  stage  of  the  growth  cycle  took  place  when  the 
electron  beam  was  scanned  there.  No  clusters  were 
observed  in  this  figure. 

In  Fig.  Ic,  the  clustering  of  islands  took  place 
on  Nos.  2,  3  and  7  terraces.  More  than  20  islands 
were  formed  on  6  terraces.  The  step  edges  became 
zigzag  apparently  due  to  the  coalescence  of  the 
islands  to  the  steps  as  an  example  marked  by  the 
black  arrow. 
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Fig.  1.  SEM  observation  of  morphology  change.  The  substrate  temperature  was  610°C  and  the  growth  rate  was  about  0.02  ML/s. 
(a)  beginning  of  growth,  (b)  1  min,  (c)  2  min,  (d)  3  min,  (e)  5  min,  (f)  6  min.  The  image  width  is  0.45  jim.  The  images  are  foreshortened 
by  a  factor  of  10  in  the  vertical  direction  due  to  the  grazing  incidence  of  the  electron  beam  at  10°  and  image  processing. 
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It  is  to  be  noted  that,  as  the  growth  proceeded, 
island  clustering  became  sparse  as  shown  in 
Fig.  Id.  At  the  same  time  the  step  shape  began  to 
change:  There  were  no  wide  terraces  except  No.  3 
and  a  new  terrace  appearing  on  the  right  side,  and 
the  steps  became  parallel  and  regular.  These  fea¬ 
tures  show  that  the  step  propagation  mode  became 
dominant. 

In  Fig.  le,  the  islands  were  formed  separately  in 
the  upper  and  lower  halves.  Therefore,  two  growth 
cycles  were  observed  during  one  scan.  About  16 
islands  were  formed  on  7  terraces.  Several  new 
terraces  (steps)  appeared  on  the  right  sides  (without 
numbers).  Though  the  apparent  island  number  is 
large,  net  number  per  cycle  per  terrace  was  decreas¬ 
ing.  Steps  became  more  parallel. 

Finally,  in  Fig.  If,  only  a  few  islands  nucleated 
on  the  terraces.  In  almost  all  terraces,  the  growth 
mode  changed  to  the  step  propagation.  The  step 
shape  is  macroscopically  straight  and  parallel  with 
small  zigzags. 

The  2D  to  ID  growth  mode  change  and  its  cause 
is  schematically  illustrated  in  Fig.  2.  The  step  inter¬ 
val  was  inhomogeneous  initially  (a)  but  regular  (c) 
and  parallel  later.  It  is  well  known  that  the  step 
bunching  occurs  during  annealing  before  growth, 
which  causes  step  interval  nonuniformity  as  ob¬ 
served  in  Fig.  la  [5].  2D  and  ID  growths  take 
place  on  wide  terraces  as  shown  in  (b),  which  is 
observed  in  the  present  experiment. 

On  the  other  hand,  the  step  propagation  growth 
causes  the  step  ordering  under  some  conditions  as 
illustrated  in  (c)  and  observed  here.  One  such  mech¬ 
anism  is  the  Schwoebel  effect  [7].  This  eliminated 
the  wide  terraces  beyond  the  critical  terrace  size  for 
2D  nucleation  as  illustrated  in  (d).  As  a  result  the 
local  growth  mode  changed  to  ID  step  propaga¬ 
tion.  The  typical  local  terrace  widths  with  and 
without  islands  was  estimated  from  the  figures  to 
be  80  and  40  nm,  respectively.  Thus,  the  growth 
was  done  under  the  critical  condition  for  the  terrace 
width  of  about  60  nm.  It  is  close  to  the  nominal 
terrace  width  of  80  nm  employed  here.  This  is  the 
reason  why  the  2D  to  ID  growth  mode  change 
occurred  here.  The  disagreement  of  the  observed 
critical  terrace  width  from  the  nominal  one  is  par¬ 
tially  due  to  the  grazing  incidence  of  the  electron 
beam. 
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Fig.  2.  A  model  for  mechanism  for  the  2D-1D  mode  change. 


3.2.  SDjlD/XD  growth  mode  phase  diagram 

As  shown  above,  the  exploration  of  2D  growth 
mode  should  lead  to  boundaries  to  ID  or  3D 
growth  mode.  There  have  been  no  reports,  how¬ 
ever,  on  the  phase  boundary  between  the  3D  and 
2D  growth  modes.  In  this  work  various  intermedi¬ 
ate  growth  modes  between  pure  3D  and  ID 
growths  were  observed  by  changing  the  growth 
condition  as  summarized  in  Fig.  3. 

As  for  the  boundary  between  2D  and  ID 
growths,  2D  to  ID  mode  change  is  marked  with  the 
crosses  in  Fig.  3.  This  corresponds  to  the  critical 
condition.  The  oblique  line  was  the  previous 
determination  using  STM  [8].  The  agreement  is 
acceptable. 

As  for  the  boundary  between  2D  and  3D  growth 
modes,  it  was  found  that  an  ideal  2D  (2  level) 
growth  is  hardly  observed,  but  the  tendency  to 
rough  growth  is  usually  observed.  For  example, 
a  2  level-3  level  change  occurs  in  a  few  layers 
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usually,  due  to  the  coexistence  of  monolayer-deep 
holes  and  islands.  As  the  growth  proceeds, 
the  growth  front  spreads  over  multi  levels  [9], 
but  the  number  of  layers  saturates  at  several  layers 
[10]  under  a  wide  variety  of  growth  condition 
as  an  example  of  SEM  observation  shown  in 
Fig.  Id  of  Ref.  [3].  They  are  shown  by  circles 
in  Fig.  3. 

In  an  extreme  case,  the  multi-level  growth  changes 
into  3D  growth,  probably  due  to  the  preferential 
nucleation  of  islands  on  islands  rather  than  on 


GaAs  (001)  0.2*  off  to  [110] 


Fig.  3.  3D/2D/1D  growth  mode  phase  diagram  with  various 
2D  growths  corresponding  to  RHEED  behaviors. 


the  terrace.  They  are  shown  by  the  squares  in 
Fig.  3. 

At  the  lower  temperatures  or  higher  growth 
rates,  though  the  formation  of  monolayer  2D  is¬ 
lands  was  observed  initially,  recovery  to  the 
smooth  surface  (i.e.,  the  growth  cycle)  was  hardly 
observed  and  the  surface  got  monotonically  rough 
as  an  example  shown  in  Fig.  4.  This  type  of  3D 
growth  is  marked  with  triangles  in  Fig.  3.  The 
boundary  between  3D  and  2D  growths  should  be 
drawn  on  the  squares.  In  the  present  study  the  line 
is  drawn  parallel  to  the  boundary  between  2D  and 
ID  for  simplicity.  Detailed  study  on  the  various  3D 
growths  will  be  reported  separately. 


4.  Summary 

In  summary,  the  2D  nucleation  mode  is  studied 
in  detail  by  in-situ  scanning  electron  microscopy. 
It  is  shown  that  the  local  growth  mode  changes 
from  2D  to  ID  step  propagation  growth  under 
a  critical  growth  condition  of  mixing  of  2D 
and  ID  growths.  A  growth  model  for  such  a 
mode  change  is  proposed.  Various  intermediate 
growth  modes  between  pure  3D  and  ID  growths 
were  observed  depending  on  the  growth  condition. 
A  3D/2D/1D  growth  mode  phase  diagram  is 
obtained. 


Fig.  4.  An  example  of  3D  growth.  The  substrate  temperature  was  540®C  and  the  growth  rate  was  about  0.05  ML/s. 
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Abstract 

We  have  used  in  situ  scanning  electron  microscopy  (SEM)  for  real-time  observation  of  migration  enhanced  epitaxy 
(MEE)  processes.  The  surface  morphology  developed  during  MEE  growth  is  either  monolayer  islands  or  monolayer 
holes  depending  on  the  amount  of  Ga  supply  per  growth  cycle.  When  island  coverage  is  low,  the  islands  disappear 
immediately  after  growth  terminates,  while  the  holes  remain  longer.  Resulting  surface  roughness  is  much  smaller  than  in 
molecular  beam  epitaxy  even  at  a  low  substrate  temperature.  The  present  observations  directly  confirm  enhancement  of 
surface  atom  migration  in  MEE. 


1.  Introduction 

Observing  atomic  level  epitaxial  processes  in  real 
time  leads  to  a  deeper  understanding  of  nucleation 
and  growth  kinetics.  We  have  demonstrated  the 
potential  and  usefulness  of  in  situ  scanning  electron 
microscopy  (SEM)  for  direct  imaging  of  molecular 
beam  epitaxy  (MBE)  processes  [1-4].  Secondary 
electron  (SE)  images  of  2D-island  nucleation  and 
coalescence  clearly  showed  the  layer-by-layer 
growth  in  real  space,  and  were  correlated  with 
the  reflection  high-energy  electron  diffraction 
(RHEED)  intensity  [4].  The  main  advantage  of  in 


*  Corresponding  author.  Fax:  4-  81  422  59  3695;  e-mail: 
homma@ilab.ntt.ca.jp. 

^  Present  address:  Waseda  University,  Okubo,  Shinjuku, 
Tokyo  169-50,  Japan. 


situ  SEM  is  that  it  can  monitor  growth  processes 
without  interruptions,  i.e.,  surface  quenching, 
which  is  still  necessary  for  scanning  tunneling 
microscopy  (STM)  for  III— V  compounds  epitaxy. 

In  this  paper,  we  apply  in  situ  SEM  to  character¬ 
ize  migration  enhanced  epitaxy  (MEE)  of  GaAs 
surfaces.  In  MEE,  the  surface  migration  of  Group- 
Ill  elements  is  enhanced  by  the  alternate  supply  of 
Group-III  and  Group-V  elements.  As  a  result, 
a  high-quality  epitaxial  layer  can  be  grown  at  tem¬ 
peratures  far  below  the  MBE  growth  temperature 
range  [5-7].  We  compare  the  morphologies  of 
GaAs(0  0  1)  surfaces  grown  by  MBE  and  MEE  at 
500°C  [8].  This  temperature  is  too  low  to  grow  high- 
quality  GaAs  epitaxial  layers  by  MBE,  but  high 
enough  for  MEE  growth.  Lower  temperatures  were 
not  chosen  because  the  surface  reconstruction  would 
change  to  c(4  x  4),  which  is  different  from  the  (2  x  4) 
reconstruction  normally  used  in  MBE  growth. 
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2.  Experimental  procedure 

In  situ  observations  were  performed  using  the 
ultrahigh  vacuum  SEM/MBE  system  reported  pre¬ 
viously  [1].  The  instrument  is  equipped  with  a  field 
emission  electron  gun  mounted  on  top  of  the 
sample  chamber,  in  which  gallium  and  arsenic  effu¬ 
sion  cells  are  installed.  The  electron  beam  energy 
was  25  keV,  with  a  beam  current  of  0. 1-0.3  nA.  For 
SEM  imaging,  the  sample  stage  was  tilted  15°  from 
the  horizontal  sample  position,  and  the  electron 
beam  was  directed  downward  to  the  surface  at 
a  glancing  angle  of  15°.  The  Ga  and  AS4  fluxes  were 
directed  upward  to  the  surface  at  31°. 

An  8  X  8  mm^  sample,  cut  from  a  GaAs(0  0  1) 
substrate  misoriented  0.2°  toward  the  (110)  plane, 
was  mounted  using  indium  soldering  on  a  silicon 
substrate.  The  sample  was  heated  by  resistively 
heating  the  silicon  substrate  with  direct  current.  Its 
temperature  was  monitored  with  an  infrared  pyro¬ 
meter.  After  a  buffer  layer  of  GaAs  was  grown  by 
MBE  at  580°C,  the  comparative  experiment  be¬ 
tween  MBE  and  MEE  was  performed  at  500°C.  In 
MEE  mode  growth,  the  Ga  and  As  shutters  were 
opened  alternately,  while  they  were  kept  open  dur¬ 
ing  MBE  growth.  The  AS4  pressure  was  about 
1  X  10“^  Torr  when  the  As  shutter  was  open.  It 
decreased  to  when  the  shutter  was  closed.  The 
growth  rate  of  GaAs  was  determined  from  the 
surface  morphology  oscillations  observed  by  SEM 
when  growing  at  a  temperature  of  580°C.  The 
growth  rate  was  typically  12-15  s  per  GaAs  mono- 
layer.  The  scanning  rate  for  SEM  imaging  was  80  s 
per  frame  with  an  effective  imaging  time  of  73  s. 
Thus,  growth  of  4-6  GaAs  layers  was  imaged  in  one 
micrograph  frame  during  growth.  It  should  be 
noted  that  time-dependent  morphology  variations 
were  superimposed  on  a  normal  SEM  micrograph 
when  the  surface  was  imaged  during  growth  or 
annealing. 

3,  Surface  morphology  in  MBE 

In  the  2D-island  nucleation  mode  of  MBE,  sur¬ 
face  roughness  develops  during  growth,  because  the 
nucleation-coalescence  cycle  does  not  occur  in  an 
ideal  manner  but  in  an  out-of-phase  one,  so  several 


levels  of  layers  coexist  [9].  Fig.  1  shows  the  surface 
morphology  during  MBE  growth  and  after  anneal¬ 
ing  for  two  different  substrate  temperatures.  At 
580°C,  which  is  a  normal  temperature  for  MBE,  the 
surface  morphology  oscillates  clearly  in  the  first 
three  cycles  as  a  result  of  nucleation  and  coales¬ 
cence  of  2D  islands  [image  (a)].  However,  the  sur¬ 
face  becomes  rough  due  to  accumulation  of  islands 
and  holes.  The  step  and  terrace  structure  on  the 
initial  surface  is  buried  in  these  multilayered  is¬ 
lands.  Nevertheless,  the  roughened  surface  easily 
recovers  its  initial  smoothness  after  post-growth 
annealing.  Image  (b)  is  a  5  min  annealed  surface 
after  growth  termination.  Steps  consisting  of  one 
GaAs  layer  (monolayer)  can  be  seen.  Islands  and 
holes  developed  during  growth  are  incorporated 
into  these  steps  and  disappear. 

On  the  other  hand,  at  lower  substrate  temper¬ 
ature,  500°C,  the  morphology  oscillation  cannot  be 
recognized  during  growth  as  shown  in  image  (c), 
because  surface  diffusion  is  too  low.  Small  Islands 
accumulate  monotonically.  Even  after  being  an¬ 
nealed  for  a  long  time  at  this  temperature,  the 
surface  did  not  recover  its  initial  smoothness.  Im¬ 
age  (d)  shows  the  surface  after  10-monolayer  (ML) 
growth  followed  by  an  8  min  annealing.  Small  is¬ 
lands  coalesced  to  form  30-100  nm  ones.  Further 
annealing  did  not  eliminate  the  islands.  It  was  ne¬ 
cessary  to  raise  the  substrate  temperature  to  550°C 
to  anneal  out  these  islands. 

Thus,  an  atomically  smooth  surface  is  hard  to 
grow  without  post-growth  annealing  when  the  2D- 
island  nucleation  growth  mode  occurs.  In  the  step 
propagation  growth  mode  (so  called  step-flow 
mode),  a  well-defined  step-terrace  structure  can  be 
obtained  during  growth,  but  it  requires  a  high  sub¬ 
strate  temperature  or  a  low  growth  rate. 

4.  Surface  morphology  in  MEE 

In  contrast  to  MBE,  a  fairly  smooth  surface  can 
be  obtained  even  at  a  low  substrate  temperature  of 
500°C  in  MEE.  In  Fig.  2,  the  surface  morphologies 
are  compared  between  the  initial  surface  (a),  and 
immediately  after  growth  of  10  layers  (b),  and  after 
annealing  for  100  s  (c).  The  initial  surface  shows 
monolayer  steps,  and  a  step  bunch  running  from 
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Fig.  1.  SE  images  of  MBE-grown  GaAs(0  0  1)  surface,  (a)  During  growth  at  580°C,  (b)  5  min  annealed  surface  at  580°C  after  MBE, 
(c)  during  growth  at  500"’C  and  (d)  8  min  annealed  surface  at  500°C  after  MBE. 


top  left  to  middle  right.  During  MEE  growth,  Ga 
and  As  were  supplied  alternately  in  amounts  cor¬ 
responding  to  1  ML.  For  one  cycle,  the  Ga  shutter 
was  opened  for  11.5  s  and  the  As  shutter  was 
opened  for  3.5  s.  Acquisition  of  image  (b)  started 
15  s  after  the  10  cycles  of  Ga  and  As  supply  (i.e., 
10-layer  growth.  SE  images  during  growth  are  pre¬ 
sented  in  Ref  [8]).  Bright  spots  are  islands  remain¬ 
ing  on  the  surface.  In  spite  of  the  existence  of  these 
islands,  monolayer  steps  almost  identical  to  the 
initial  surface  are  seen.  This  is  because  the  remain¬ 
ing  islands  are  only  a  monolayer  high,  and  their 


coverage  is  much  smaller  than  unity.  These  islands 
are  almost  annealed  out  in  the  next  image  (c)  taken 
100  s  after  growth  termination. 

These  results  indicate  that  the  surface  diffusion  is 
much  greater  in  MEE  than  in  MBE,  so  only  mono¬ 
layer-high  roughness  develops  during  growth.  The 
surface  diffusion  of  atoms  from  GaAs  islands  to 
steps  during  post-annealing  should  be  the  same  for 
both  MBE  and  MEE.  The  difference  in  recovery  of 
surface  smoothness  is  due  to  the  height  and  density 
of  islands;  as  discussed  in  the  previous  section,  a  high 
density  of  multilayered  islands  are  formed  in  MBE. 
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It  is  not  only  islands  but  also  holes  that  appear 
just  after  MEE  growth.  Fig.  3  shows  SE  images  of 
the  hole  type  morphology  observed  immediately 
after  a  10-layer  MEE  growth.  The  top  bright  region 
in  image  (a)  is  the  final  period  of  Ga  supply:  the  SE 
intensity  increases  with  Ga  coverage.  Because  of 
contrast  enhancement,  the  image  brightness  is 
saturated  in  this  area.  In  addition  to  some  bright 
islands  similar  to  those  in  Fig.  2,  dark  spots  are 
seen.  These  are  monolayer-deep  holes.  They  are 
clearer  in  the  next  scan  [image  (b)]  and  are  more 


resistant  to  elimination  than  islands.  This  is  easily 
understood:  eliminating  a  hole  requires  adatoms  to 
be  released  from  steps  and  to  diffuse  into  the  holes, 
while  eliminating  an  island  only  needs  adatoms  to 
be  released  from  the  island.  These  holes  remained 
for  at  least  5  min.  It  should,  however,  be  empha¬ 
sized  that  the  remaining  surface  roughness  is  only 
caused  by  these  monolayer-deep  holes. 

Whether  islands  or  holes  are  formed  depends  on 
the  amount  of  Ga  supply  in  each  cycle  relative  to 
the  number  of  surface  sites  in  a  monolayer.  Fig.  4 
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Fig.  4.  Surface  morphology  of  MEE-grown  GaAs  surface  for  different  duration  of  Ga  supply;  (a)  5  s,  (b)  6  s  and  (c)  7  s. 


shows  the  surface  morphology  immediately  after 
one  cycle  of  MEE  growth  for  different  Ga  supply 
periods.  The  bright  band  in  each  image  corres¬ 
ponds  to  the  Ga  supply  period.  Since  the  shutters 
were  controlled  manually,  after  several  cycles  of 
MEE  growth  the  error  in  the  shutter  opening  time 
could  accumulate.  Therefore,  the  surface  mor¬ 
phologies  after  just  one  cycle  of  growth  were  com¬ 
pared.  Image  (a)  is  for  short  Ga  supply.  Holes  can 
be  seen  on  the  surface.  Image  (b)  is  for  exact  supply; 
no  holes  or  islands  are  seen.  Image  (c)  shows  excess¬ 
ive  supply  causing  island  formation.  There  is  some 
time  delay  before  islands  or  holes  become  discern¬ 
ible.  This  delay  might  be  because  the  islands  are  too 
small  to  be  observed  by  SEM  just  after  the  first 
growth  cycle;  but  they  grow  to  a  macroscopic  size 
during  annealing.  Even  during  growth,  almost  no 
change  was  observed  in  the  first  two  cycles,  but  then 
islands  appeared  in  the  third  and  later  cycles  [8]. 

As  growth  proceeds,  island  coverage  increases  and 
the  size  of  islands  or  holes  expands  every  cycle.  This 
process  was  revealed  by  a  previous  RHEED  study: 
if  the  Ga  supply  was  not  equal  to  the  surface  site 
number  per  unit  area,  A/'s,  the  RHEED  intensity 
oscillation  showed  beat-like  modulation  [6].  The  beat 
frequency  varied  with  the  number  of  Ga  atoms  sup¬ 
plied  per  cycle,  Nq^.  Thus,  islands  or  holes  equivalent 
to  Noa  —  Ns,  were  formed  every  cycle  and  the  surface 
recovered  to  a  flat  layer  every  Ns,  /lA/’oa  -  ^sl  cycles. 

The  present  observations  confirm  by  means  of 
real-space  images  that  surface  migration  during 


growth  is  significantly  enhanced  in  MEE.  Ga  atoms 
supplied  each  cycle  never  stay  on  top  of  previously 
formed  islands  but  move  to  edges  of  islands  or  in 
between  them.  Thus  multilayer  islands  do  not  form, 
which  causes  the  MBE  surface  to  roughen. 


5.  Summary 

Scanning  electron  microscopy  was  used  for  in 
situ  observation  of  MBE-  and  MEE-grown  GaAs 
surfaces.  Secondary  electron  images  observed  in 
a  surface  sensitive  condition  clearly  showed  mor¬ 
phology  due  to  nucleation  and  growth  of  2D-is- 
lands.  At  500°C,  which  is  lower  than  the  normal 
MBE  growth  temperature,  a  smooth  surface  with 
monolayer  steps  was  obtained  immediately  after 
MEE  growth,  while  the  surface  was  roughened  by 
random  nucleation  in  MBE  growth.  On  the  MEE 
surface,  holes  or  islands  remained  when  the  Ga 
supply  was  not  equal  to  the  monolayer  coverage. 
However,  the  islands  or  holes  are  only  a  monolayer 
high  (deep),  and  never  develop  a  multilayered  struc¬ 
ture. 
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Abstract 

A  new  in  situ  technique  for  the  study  of  the  molecular  beam  epitaxy  (MBE)  growth  process  of  III-V  compounds  based 
on  the  chemical  modulation  of  the  surface  has  been  developed.  In  this  technique,  the  anisotropic  optical  reflectivity  is 
modulated  by  a  periodic  variation  of  the  surface  stoichiometry  induced  by  using  group  V  pulsed  molecular  beams.  Pulses 
are  produced  by  valved  pulsed  cells  for  group  V  elements  (As,  P,  Sb)  that  we  use  for  atomic  layer  molecular  beam  epitaxy 
(ALMBE)  growth.  The  substrate  is  maintained  at  sufficiently  high  temperature  in  order  to  obtain  rapid  desorption  of 
group  V  molecules  from  surface  during  flux  interruptions,  and  the  process  is  monitorized  by  reflection  high  energy 
electron  diffraction  (RHEED).  Linearly  polarized  light,  reflected  at  near  normal  incidence  by  the  sample,  is  collected 
independently  along  one  of  the  two  principal  axes  of  the  crystal,  [110]  and  [1  10].  This  technique  has  been  applied  to 
the  surfaces  of  epitaxial  (1  0  0)  layers  of  GaP,  GaAs,  GaSb,  InP,  InAs,  and  InSb  grown  by  MBE.  Spectra  in  the  1-3  eV 
range  show  well  defined  peaks  for  light  polarized  along  [1  1  0]  and  [1  1  0]  directions,  parallel  to  group  III  and  group 
V  dimers,  at  specific  energies  for  each  compound. 

PACS:  73.20.  -  r;  78.66.Fd 

Keywords:  In  situ;  Characterization;  Optical;  MBE 


L  Introduction 

Lot  of  work  in  optical  characterization  of  growth 
processes  during  epitaxial  growth  has  been  done  in 
the  last  two  years.  Reflectance  difference  spectro¬ 
scopy  (RDS)  [1,  2]  has  been  extensively  used  for  the 
in  situ  characterization  of  semiconductor  surfaces 
during  or  in  stopped  growth.  Surface  photo  absorp- 
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tion  (SPA)  [3]  has  been  also  used  for  characteriza¬ 
tion  during  molecular  beam  epitaxy  (MBE)  [4,  5] 
growth.  These  kind  of  measurements  usually  are 
spectroscopic,  but  they  also  have  been  done  at  fixed 
wavelengths,  using  laser  sources  at  photon  energies 
near  from  the  maximum  of  absorption  of  the  sur¬ 
face  group  III  dimers,  for  in  situ  control  of  growth 
processes  [6]  or  stoichiometry  [7,  8]. 

In  this  work,  we  report  an  in  situ  characteriza¬ 
tion  of  optical  anisotropies  in  the  near-normal- 
incidence  reflectance  spectra  for  two  sets  of 
semiconductor  compounds,  based  on  In  and  Ga: 
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GaP,  GaAs,  GaSb,  InP,  InAs  and  InSb.  For  this, 
we  have  developed  an  optical  technique  that 
measures  the  difference  in  the  normal  incidence 
reflectances  between  two  surface  coverage  states, 
one  that  corresponds  to  a  surface  covered  with 
group  V  element  and  the  other  corresponding  to 
a  surface  after  a  rapid  desorption  of  the  group 
V  element,  leaving  a  surface  nearly  group  III  ele¬ 
ment  stabilized.  In  this  way,  we  produced  a  chem¬ 
ical  modulation  of  the  surface  that  allow  us  to 
obtain  the  difference  between  the  reflectance 
spectra  for  light  polarized  along  one  specific  direc¬ 
tion,  usually  [1  1  0]  and  [1  T  0],  and  for  light  with 
energy  values  ranging  from  1  to  3  eV.  Finally, 
a  simple  calculation  based  on  the  determination  of 
the  transitions  in  a  schematic  molecule  with  a  ge¬ 
ometry  similar  to  that  of  the  dimers,  has  been  done, 
and  the  results  agree  well  with  the  general  behavior 
of  the  experimentally  observed  results. 

2.  Experimental  procedure 

The  experimental  setup  is  schematically  showed 
in  Fig.  1.  White  light  from  a  50  W  halogen  lamp  is 
focused  by  means  of  a  lens  and  a  plane  mirror  on 
the  substrate  placed  in  the  MBE  chamber,  at  near 
normal  incidence.  The  reflected  light  passes 
through  another  lens  and  a  quartz  Rochon  ana¬ 
lyzer,  being  detected  by  a  Si  or  GalnAs  p-i-n  photo- 
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Fig.  1.  Schematic  representation  of  the  experimental  setup  used. 


diode  in  photoconductive  mode  placed  at  the  plane 
of  the  exit  slit  of  a  0.22  m  monochromator.  The 
current  output  is  voltage  converted  and  routed  to 
a  DC  amplifier  and  the  signal  is  recorded  in  a  com¬ 
puter.  Successive  deposition  and  desorption  of  the 
group  V  element  is  obtained  by  means  of  pulsed 
valved  cells  for  the  group  V  elements  and  at  suifi- 
ciently  high  substrate  temperature  as  to  permit 
rapid  desorption  of  group  V  element  from  the  sur¬ 
face.  The  corresponding  surface  reconstruction 
changes  are  monitorized  by  reflection  high  energy 
electron  diffraction  (RHEED).  This  modulation  in 
the  surface  coverage  produces  a  change  AR  in  the 
intensity  of  the  reflected  light,  AR  =  Rm  —  Ry,  that 
is  represented  normalized  to  the  reflectivity  Rm, 
AR/R  =  Rin  —  R\/Rin  in  each  polarization,  [110] 
and  [1  T  0].  Since  the  recorded  signal  is  quite  noisy, 
this  process  is  repeated  (about  20  times  is  sufficient) 
and  the  signal  is  averaged  until  mean  quadratic 
standard  deviation  of  AR  is  lower  than  a  fixed  value 
(usually  5%). 

Fig.  2  shows  reflectance  versus  time  for  AS4 
pulses  over  GaAs  for  different  wavelengths  in  each 
azimuth.  The  beam  equivalent  pressure  (BEP)  of 
AS4  is  4  X  10"^  Torr  and  the  pulse  length  is  0.3  s, 
with  a  constant  substrate  temperature  of 
T,  =  556°C.  The  initial  stage  (As  OFF)  RHEED 
pattern  corresponds  to  a  (4  x  2)  Ga-stabilized  sur¬ 
face,  and  the  initial  level  of  reflected  light  intensity 
is  arbitrarily  fixed  as  Rca-  When  the  As  cell  is  open 
(As  ON),  the  intensity  of  reflected  light  decreases  to 
reach  Ras,  where  surface  saturation  with  As  is 
achieved.  A  clear  RHEED  change  is  observed, 
showing  a  (2x4)  diffraction  pattern  at  this  mo¬ 
ment.  The  As4  beam  is  then  interrupted  (As  OFF) 
and  desorption  of  As  from  surface  occurs.  The 
intensity  of  light  increases  exponentially  with  time 
until  the  initial  level  of  intensity  is  recovered,  and 
a  RHEED  (4x2)  pattern  is  observed  again.  We 
define  the  increment  in  the  reflectivity  caused  by  the 
change  in  the  coverage,  AR,  as  AR  =  Rca  —  Ras 
and  its  normalized  value,  AR/R,  as  AR/R  = 

^Ga  ~  ^As/^Ga- 

In  this  way,  spectra  in  the  energy  range  1-3  eV 
were  obtained  for  the  two  sets  of  compounds  in 
each  one  of  the  two  principal  azimuths,  [110]  and 
[1  T  0].  We  have  grown  epitaxial  buffer  layers  on 
(10  0)  oriented  GaP,  InP,  and  GaAs  substrates. 
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Aam  [110] 


Fig.  2.  Change  in  the  reflectivity  versus,  time  for  different  wavelengths  and  for  both  azimuths  measured  in  GaAs.  The  signal  for 
X  =  900  nm  in  the  [1  1  0]  azimuth  is  marked  with  the  defined  increment  in  the  reflectivity,  and  with  the  changes  in  the  reconstruction 
pattern  observed  during  the  measurement. 


Table  I 

Conditions  for  measurements 


Composition 

T.  m 

BEP  (Torr) 

fon-off  (s) 

RHEED  pattern  change 

GaP 

598 

2.5  X  10"^ 

0.5 

(2x4) 

(2x2) 

GaAs 

556 

4x10“^ 

0.3 

(4x2) 

(2x4) 

GaSb 

462 

1.7  X  10"® 

0.5 

(1x3) 

c(2  X  6) 

InP 

370 

2.5x10"® 

0.4 

(2x4) 

(2x1) 

InAs 

385 

1.8x10"® 

0.3 

(4x2) 

(2x4) 

InSb 

310 

1.8x10"® 

0.4 

(4x2) 

(1x3) 

Buffer  layers  were  sufficiently  thick  (  ~  1  |Lim)  so  as 
to  obtain  a  completely  relaxed  material.  We  have 
used  atomic  layer  molecular  beam  epitaxy 
(ALMBE)  [9]  in  the  last  100  ML  to  enhance  flat 
surface  morphology.  For  the  measurements,  pulses 
of  P2  for  GaP  and  InP,  AS4  for  GaAs  and  InAs,  and 
Sb4  for  GaSb  and  InSb  respectively,  were  used  by 
means  of  valved-pulsed  cells,  usually  employed  for 
ALMBE  growth.  We  have  observed  by  RHEED 
that  this  temperatures  provide  a  good  desorption 
rate  of  group  V  molecules  from  the  surface  and 
assure  the  good  quality  of  the  sample.  In  Table  1 


we  summarized  the  change  in  reconstruction  ob¬ 
served  by  RHEED  when  group  V  element  is  depos¬ 
ited  or  desorpted,  the  substrate  temperatures  used 
and  the  rest  of  measurement  conditions. 


3.  Results 

Fig.  3  shows  the  spectra  for  the  Ga-based  com¬ 
pounds,  in  which  well-defined  maxima  appear  in 
the  [11  0]  direction,  parallel  to  Ga  dimers  at 
~  2.2,  ~  1.8,  and  ~  1.2  eV  for  GaP,  GaAs,  and 
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Fig.  3.  Spectra  obtained  for  the  Ga-based  compounds.  Solid  Fig.  4.  Spectra  obtained  for  the  In-based  compounds.  Solid 

dots  are  for  [1  1  0]  azimuth  whereas  open  dots  are  for  [1  T  0].  dots  are  for  [1  1  0]  azimuth  whereas  open  dots  are  for  [1  T  0]. 

GaSb  respectively.  Our  technique  establishes  the  direction,  that  is  parallel  to  group  V  dimers,  the 

difference  of  reflectivity  between  two  surfaces,  one  signal  is  much  lower  than  in  the  [1  1  0]  direction, 

covered  by  group  III  element  and  the  other  covered  and  no  clear  features  have  been  found  except  for 

with  group  V  element,  respectively.  In  this  polariza-  GaSb,  at  an  energy  of  ~  1.4  eV.  This  peak  is  as- 

tion,  and  in  the  measured  spectral  range,  group  signed  to  a  transition  from  the  occupied  lone-pair 

V  element  terminated  surfaces  are  not  expected  to  band  to  the  unoccupied  Sb  dimer  band, 

have  abrupt  optical  features  [10].  For  these  rea-  Fig.  4  shows  the  spectra  measured  for  InP,  InAs 

sons,  we  assign  the  maxima  to  be  due  to  transitions  and  InSb.  Clear  peaks  in  the  [1  1  0]  direction  ap- 

between  occupied  Ga-dimer  bands  and  unoccupied  pear  at  ~  1.7  eV  for  InP,  ~  1.6  eV  for  InAs,  and 

dangling-bond  bands  at  characteristic  energies  in  ~  1.2  eV  for  InSb  all  related  with  In-dimer 
each  material.  In  the  case  of  GaAs,  the  energy  transitions.  Two  peaks  that  are  not  observed  for 

position  agrees  well  with  that  observed  by  Aspnes  InP,  appear  in  InAs  at  ~  2.0  eV  and  much  more 

et  al.  [11]  at  1.8  eV  and  assigned  to  an  optical  strongly  in  InSb  at  an  energy  of  ~  1.9  eV,  but  only 

transition  between  the  occupied  Ga-dimer  and  un-  those  at  lower  energies  must  be  related  to  In-dimer 

occupied  dangling-bond  bands  [10].  In  the  [1  T  0]  absorption,  according  to  the  behavior  of  these  kind 
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of  transitions  given  by  Harrison’s  rule  [12].  For  the 
[1  T  0]  direction,  clear  peaks  are  also  present, 
located  at  ~  2.2  eV  for  InP  and  InAs,  and  at 
1.6  eV  for  InSb.  Based  on  these  assignments,  we 
have  done  a  simple  calculation  using  a  tight-bind¬ 
ing  (TB)  model  with  interaction  up  to  the  first 


Fig.  5.  Schematic  representation  of  the  molecule  used  for  the 
calculation.  The  distance  between  anions  Dec  is  twice  the 
covalent  radii  of  the  atomic  element,  and  does  not  vary  with 
the  material.  The  distance  between  the  anion  and  the  cation 
is  Dca  =  ci^/4,  and  between  anions,  Daa  =  ciy/2/2,  where  a  is 
the  lattice  parameter  of  the  compound. 


neighbors  and  an  sp^s*  basis.  We  have  used  in  this 
calculation  a  schematic  dimer  molecule  with  a  ge¬ 
ometry  similar  to  the  surface  atomic  arrangement 
(see  Fig.  5).  The  TB  parameters  at  0  K  have  been 
taken  from  Refs.  [13, 14].  The  results  reproduce 
the  correct  tendency  experimentally  observed  for 
the  transitions  in  the  [1  1  0]  polarizing  directions 
of  the  Ga  and  In-based  compounds  measured. 
Fig.  6  shows  the  experimental  and  calculated  data 
for  the  energetic  position  of  the  transitions  for 
each  compound  and  on  each  direction  versus  the 
lattice  parameter  a.  For  InAs  and  InSb  we  have 
represented  only  the  lower  energy  positions  of  the 
experimental  peaks,  but  the  calculation  gives 
a  strong  probability  for  a  near  second  transition 
in  InAs  and  InSb  as  has  been  experimentally  ob¬ 
served.  The  fact  that  the  calculated  points  for 
the  Ga-based  compounds  show  higher  energies 
than  the  In-based  ones  is  probably  due  to  not- 
been  taking  into  account  the  temperatures  of  the 
measurements  in  the  calculations,  (from  150  to 


a)  Ga-based  compounds  [1 1 0]  c)  In-based  compounds  [110] 


Fig.  6.  The  energies  of  the  maxima  experimentally  obtained  and  the  tight-binding  calculated  values  as  a  function  of  the  lattice 
parameter  a.  (a)  and  (b)  are  for  the  Ga-based  compounds,  and  (c)  and  (d)  for  the  In-based  ones.  The  [110]  direction  is  for  the  group  III 
dimers  whereas  the  [1  T  0]  direction  is  for  the  group  V  dimers. 
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230°C  higher  for  the  Ga-based  compounds).  This 
simple  calculation  explains  also  the  decrease  in  the 
intensity  of  the  peaks  as  the  lattice  parameter  in¬ 
creases. 


4.  Conclusions 

We  have  observed  the  absorption  energies  of  the 
Ga  and  In  dimers  in  the  compounds  with  their 
combinations  with  P,  As  and  Sb,  by  means  of  a  new 
optical  in  situ  technique  based  on  the  chemical 
modulation  of  the  surface.  We  have  also  observed 
the  absorption  for  the  group  V  dimers  in  these 
compounds,  being  located  in  the  visible  and  near 
infra-red  range  of  energies.  Most  of  the  transitions 
in  these  compounds  have  not  been  observed  until 
now  and  in  the  case  of  GaAs  agrees  with  the  pre¬ 
vious  data.  Finally,  we  have  performed  a  simple 
tight-binding  computation  to  try  to  reproduce  the 
observed  energies  of  the  peaks  for  each  compound, 
and  the  results  are  in  good  agreement  with  the  data 
experimentally  observed. 
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Electronic  properties  of  monolayer  steps  on  GaAs 
(0  0  1)  surfaces  studied  by  scanning  tunneling  microscopy 
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Abstract 

The  electronic  properties  of  monolayer  steps  on  (2  x  4)/c(2  x  8)  reconstructed  GaAs  (0  0  1)  surfaces  are  studied  by 
ultrahigh-vacuum  scanning  tunneling  microscopy  (UHV-STM).  We  quantitatively  demonstrate  that  steps  play  the  role 
of  acceptor  arrays  by  applying  electron  counting  consideration  to  proposed  structure  models  for  monolayer  steps.  This 
suggestion  is  consistent  with  experimental  results  on  vicinal  GaAs  (0  0  1)  surfaces  measured  by  STM.  Energetical  stability 
of  the  proposed  monolayer  step  structures  is  theoretically  explained.  We  found  that  the  acceptors  at  the  steps  are 
equivalent  to  those  at  the  kinks.  We  confirmed  that  the  surface  states  responsible  for  surface  Fermi  level  pinning  are 
located  at  breaking  points  of  coherent  arrangement  of  semiconducting  (2  x  4)  unit  cells  on  GaAs  (0  0  1)  surfaces. 


1.  Introduction 

The  properties  of  (2  x  4)/c(2  x  8)  reconstructed 
GaAs  (0  0  1)  surfaces  are  important  because  these 
surfaces  are  widely  used  for  semiconductor  growth 
by  molecular  beam  epitaxy  (MBE).  On  the  surface, 
there  are  defects  in  coherent  arrangement  of  (2  x  4) 
unit  cells.  These  are  mainly  kinks  in  As  dimer  rows 
and  monolayer  steps.  At  the  kink,  the  As  dimer  row 
moves  over  one  As  atom  spacing  along  the  [1  1  0] 
direction.  Recently,  each  kink  in  the  As  dimer  rows 
has  been  reported  to  act  as  a  single-acceptor-type 
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trap  [1].  According  to  the  report,  they  form  to 
exactly  compensate  for  space  charges  in  the  surface 
depletion  region,  and  surface  Fermi  level  is  pinned 
at  midgap.  On  the  other  hand,  monolayer  steps 
have  been  reported  to  behave  as  acceptors  [2],  but 
the  relation  between  their  acceptor  nature  and  their 
precise  structures  is  still  unclear.  Detailed  investiga¬ 
tion  of  the  electronic  character  of  a  monolayer  step 
is  instructive  for  understanding  not  only  the  surface 
electronic  state  but  also  the  MBE  growth  mecha¬ 
nism.  In  this  paper,  we  studied  the  relation  between 
the  atomistic  structures  of  monolayer  steps  on 
GaAs  (0  0  1)  surfaces  and  their  electronic  proper¬ 
ties.  For  this  purpose,  we  have  proposed  their 
microscopic  structures.  We  have  also  applied  the 
electron  counting  model  to  UHV-STM  results  of 
kink  density  on  vicinal  Si-doped  GaAs  (0  0  1)  surfa¬ 
ces,  and  thus  we  have  shown  the  coincidence  be¬ 
tween  our  theoretical  suggestion  and  experimental 
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results  by  STM.  Since  the  electron  counting  model 
has  been  explained  in  Refs.  [3, 4],  we  will  not  repeat 
it  here. 


2.  Experimental  procedure 

Si-doped  n'^-GaAs  layers  were  grown  by  MBE 
on  GaAs  (0  0  1)  substrates  exactly  oriented  and 
misoriented  in  the  [1  1  1]A  direction  {A  direction) 
and  in  the  [1  1  1]B  direction  (B  direction).  Si  con¬ 
centrations  of  4x10^®  and  2xl0^^cm"^  were 
calibrated  by  secondary  ion  mass  spectrometry.  All 
doped  Si  atoms  in  the  depletion  layer  are  donors  at 
these  Si  concentrations,  and  the  surface  electron 
densities  are  the  same  as  those  for  kinks  on  exactly 
oriented  surfaces  [1].  After  the  growth,  the  surface 
was  protected  by  an  As  passivation  layer  and  trans¬ 
ferred  in  air  ambient  to  the  UHV-STM  system.  The 
passivation  layer  was  removed  by  annealing  at  tem¬ 
peratures  up  to  570°C  in  As  flux  to  obtain  a  satis¬ 
factory  (2  X  4)  structure  and  to  reproduce  a  (2  x  4) 
reconstructed  reflection  high-energy  electron  dif¬ 
fraction  (RHEED)  pattern.  Then,  the  sample  was 
quickly  cooled  down  to  room  temperature  main¬ 
taining  the  (2  X  4)  RHEED  pattern.  Kink  density 
measurement  by  STM  was  performed  at  a  bias 
voltage  of  —  3.5  V  and  a  tunneling  current  of 
0.06  nA. 


3.  Results  and  discussion 

Fig.  1  shows  STM  images  on  n^ -GaAs  surface  of 
substrates  misoriented  1°  in  the  A  direction  and  in 
the  B  direction,  respectively.  Si  concentration  in 
each  epitaxiaHayer  is  4  x  10^®  cm^^.  The  dark  lines 
along  the  [1  1  0]  direction  are  dimer  vacancy  rows, 
and  the  observed  (2  x  4)  unit  cell  is  Chadi’s  (2  x  4) 
pi  structure  [5].  The  kink  densities  are 
2.3  X  10^^  cm for  vicinal  surfaces  1°  off  in  the 
A  direction,  and  1.0  x  10^^  cm"^  for  vicinal  surfa¬ 
ces  1°  off  in  the  B  direction.  The  kink  density  of  the 
exactly  oriented  surface  is  6.3x  10^^cm“^  at  the 
same  Si  concentration,  and  this  value  is  higher  than 
those  of  vicinal  surfaces.  In  addition,  the  kink  den¬ 
sity  of  a  surface  misoriented  in  the  A  direction  is 
always  higher  than  that  of  a  surface  misoriented  in 


10  nm 


(b) 


kink 


\ 

dimer  vacancy  row 


Fig.  1.  STM  images  of  vicinal  GaAs  (0  0  1)  surfaces.  Each  area 
is  33  nm  x  33  nm.  Misorientation  is  1“  in  (a)  the  A  direction  and 
(b)  the  B  direction.  Dotted  lines  are  As  dimer  vacancy  rows  near 
the  kinks  in  As  dimer  rows. 
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the  B  direction  at  the  same  misorientation  angle. 
Other  experiments  reveal  that  larger  misorienta¬ 
tion  angle  induces  lower  kink  densities.  The  high- 
resolution  STM  images  at  both  an  A  step  and 
a  B  step  are  shown  in  Fig.  2.  The  atomistic  struc¬ 
ture  of  (2  X  4)  j52  unit  is  known  as  shown  in  the  inset 
in  Fig.  2,  and  each  boundary  of  the  (2  x  4)  unit  is 
resolved  in  the  figure.  Therefore,  by  maintaining 
relative  As  dimer  positions  between  layers  the  same 
as  those  in  the  unit,  we  can  determine  atomistic 
configurations  around  steps,  and  they  are  superim¬ 
posed  as  ball-and-stick  models  on  STM  images. 
Each  rectangule  drawn  with  broken  lines  indicates 
the  unit  structure  for  each  step.  There  is  no  differ¬ 
ence  between  the  A  step  unit  structures  in  the  (2  x  4) 
area  and  the  c{2  x  8)  area.  This  is  because  the  differ¬ 


ence  between  them  arises  from  parallel  shift  of 
(2  X  4)  unit  cells  along  A  steps.  On  the  other  hand, 
two  types  of  unit  structures,  type  I  and  type  II, 
appear  for  the  B  step  as  shown  in  Fig.  2b.  The  type 
is  determined  by  the  type  of  reconstruction  at  the 
B  step.  If  the  neighboring  areas  are  of  the  same 
reconstruction  area,  consisting  of  either  (2  x  4)  or 
c(2  X  8)  reconstruction,  the  unit  structure  is  only 
type  I.  However,  if  the  neighbors  are  different 
from  one  another,  namely,  one  is  (2  x  4)  and  the 
other  is  c(2  x  8),  both  type  I  and  type  II  coexist  at 
the  B  step. 

We  applied  electron  counting  model  to  the  pro¬ 
posed  step  structures.  In  Fig.  2,  since  the  A  step 
unit  structure  consists  of  2  As  dimers  and  2  Ga 
dangling  bonds,  the  unit  of  the  A  step  has  a 


(a)  (b) 

Fig.  2.  High-resolution  filled-state  STM  images  of  steps  with  structure  models  superimposed.  Each  area  is  4.4  nm  x  4.4  nm.  Broken 
squares  show  unit  structures  of  steps.  Misorientation  is  in  (a)  the  A  direction  and  (b)  the  B  direction.  Inset  is  the  structure  of  a  (2  x  4)  j?2 
unit  cell. 
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deficiency  of  0.5  electron  (Fig.  2a).  According  to  the 
same  consideration,  type  I  of  the  B  step  has  a  defi¬ 
ciency  of  3  electrons,  and  type  II  of  it  has  no 
deficiency  at  all  (Fig.  2b).  We  mostly  observed  the 
type  I  structure  at  the  B  step  through  our  STM 
observations.  Therefore,  we  can  predict  that  both 
A  and  B  steps  should  play  the  role  of  acceptor 
arrays.  Fig.  3a  shows  kink  density  as  a  function  of 
misorientation  of  the  substrate  in  the  A  direction. 
Horizontal  lines  L  and  H  indicate  the  densities  of 
surface  electrons  from  the  space-charge  regions  for 
corresponding  Si  concentrations.  The  estimated 
tendencies  from  the  former  electron  counting  con¬ 
sideration  for  each  Si  concentration  explain  the 
experimental  results  well.  Fig.  3b  shows  kink  den¬ 
sity  as  a  function  of  misorientation  of  substrates  in 
the  B  direction.  The  experimental  results  are  also 
consistent  with  the  suggestion  based  on  our  struc¬ 
ture  models,  if  space-charge  density  is  substantially 
higher  than  electron  trap  density  at  the  step  [6]. 
Moreover,  STM  measurement  on  surfaces  with 
step  bunching  found  that  the  acceptor-type 
trap  density  is  constant  for  any  area  on  the  same 
sample  surface,  and  it  does  not  depend  on  step 
density.  From  this  result,  we  found  two  electronic 
features.  The  first  is  that  acceptors  at  steps  are 
exactly  equivalent  to  those  at  kinks  in  As  dimer 
rows.  Theoretically,  we  expect  that  this  equality 
originates  from  the  situation  that  all  additional 
dangling  bonds  from  As  atoms  at  the  kinks  and  the 
steps  are  very  similar  to  each  other.  Zhang  and 
Zunger  calculated  energies  of  surface  structures  by 
assembling  each  block  of  one  or  two  atoms  with 
defined  energy  and  orbital  geometry,  resulting 
in  very  good  agreement  with  results  by  total 
energy  calculation  based  on  local  density  approxi¬ 
mation  [7].  This  suggests  that  electronic  states  of 
dangling  bonds  are  governed  by  geometrical  con¬ 
figuration  of  bonding  orbitals  with  neighboring 
atoms.  Since  all  As  atoms  with  dangling  bond  have 
three  bonding  orbitals  in  mostly  the  same  config¬ 
uration,  and  each  bond  is  crudely  directed  to  the 
neighboring  atoms  at  summits  of  a  tetrahedron, 
each  As  dangling  bond  should  have  a  mostly  equiv¬ 
alent  nature.  The  second  is  that  surface  acceptor 
density  is  dominated  by  electrons  from  space- 
charge  regions  depending  on  only  donor  concen¬ 
tration,  if  space-charge  density  is  sufficiently  higher 


Misorientation  of  substrate  in  [11 1]A  (degrees) 


(a) 


Misorientation  of  substrate  in  [1 1 1]B  (degrees) 

(b) 

Fig.  3.  Kink  densities  as  a  function  of  misorientation  of  substra¬ 
tes.  Misorientation  is  in  (a)  the  A  direction  ([1  1  1]/1)  and  (b)  the 
B  direction  ([1  1  IjJS).  Circles  are  experimental  results  by  STM, 
and  the  solid  and  the  broken  lines  are  estimated  results  assum¬ 
ing  the  monolayer  steps  are  acceptor-type  surface  traps.  L  and 
H  indicate  densities  of  electrons  from  space-charge  regions  of  Si 
concentration  4xl0^®cm“^  (Si :  Low)  and  2xl0’^cm“^ 
(Si ;  High),  respectively. 


than  step  density.  These  features  suggest  that  the 
surface  Fermi  level  pinning  is  governed  by  the 
surface  states  induced  by  defects  disturbing 
the  coherency  of  the  semiconducting  (2  x  4)  unit 
cell  arrangement  at  monolayer  steps  and  kinks  in 
As  dimer  rows. 
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We  will  mention  why  acceptor-type  step  struc¬ 
tures  are  mostly  observed  on  vicinal  n'^-GaAs 
(0  0  1)  surfaces.  Since  the  donor-type  surface  struc¬ 
ture  does  not  satisfy  the  electron  counting  model,  it 
is  unfavorable  intrinsically.  Forming  the  structure 
introduces  an  additional  donor  surface  state,  which 
contains  an  energetically  higher  electron  in  the 
antibonding  p-like  orbital  [8],  namely  the  partially 
occupied  dangling  bond  of  an  electropositive  ele¬ 
ment  (Ga).  This  electron  may  be  trapped  by  a  hole 
and  it  contributes  to  the  increase  of  the  Fermi  level. 
Thus,  donor  surface  structure  formation  is  expected 
to  increase  surface  chemical  potential  very  much. 
Additionally,  the  electron  was  originally  in  the 
bonding  sp^  hybrid  orbital  at  the  valence  band 
before  the  structure  formation.  This  means  that  the 
electron  trap  by  a  hole  is  electron  transition  be¬ 
tween  orbitals  at  the  valence  band,  and  energy  gain 
by  the  transition  may  not  decrease  surface  chemical 
potential  very  much.  Finally,  a  donor-type  surface 
structure  may  rather  increase  the  surface  chemical 
potential,  and  such  a  structure  may  scarcely  exist 
on  the  surface  unless  some  other  factor,  which 
contributes  energy  gain  very  much,  is  tied  up.  On 
the  other  hand,  the  acceptor-type  surface  structure 
again  does  not  satisfy  the  electron  counting  model, 
and  it  is  also  energetically  unfavorable.  Forming 
the  structure  introduces  additional  acceptor  surface 
state,  which  contains  an  energetically  lower  elec¬ 
tron  in  the  bonding  s-like  orbital  [8],  namely  a  par¬ 
tially  occupied  dangling  bond  of  an  electronegative 
element  (As).  Such  a  state  can  accommodate  elec¬ 
tron  from  the  conduction  band.  Thus,  if  electron 
trap  by  the  acceptor  state  decreases  the  total  sur¬ 
face  chemical  potential,  of  high  donor  concentra¬ 
tion  n-GaAs  for  example,  an  acceptor-type 
structure  can  exist  stably  on  the  surface.  This  has 
been  found  by  STM  observation  [1]  and  confirmed 
by  donor  concentration  dependence  of  surface  ac¬ 
ceptor-type  structure  density  on  exactly  oriented 
n'^-GaAs  (0  0  1)  surfaces  [9].  Pashley  et  al.  [10] 
followed  their  experiment  and  they  showed  that 
fundamental  surface  structures  are  semiconduct¬ 
ing-type  or  acceptor-type  with  no  evidence  of  do¬ 
nor-type  structure  formation  even  if  at  the  high 
hole  density  p-type  GaAs  (0  0  1)  surface.  These  ex¬ 
periments  support  our  experimental  results  and 
suggestions  on  vicinal  surfaces.  Furthermore,  our 


result  is  for  monolayer  steps  on  vicinal  surface  of 
n-type  GaAs,  but,  from  these  considerations,  unit 
step  structures  on  undoped  and  p-type  GaAs  surfa¬ 
ces  are  expected  to  be  the  same  as  those  we  pro¬ 
posed.  However,  if  the  total  energy  difference 
between  the  two  types  of  unit  structures  at  B  step  is 
small,  we  can  expect  a  difference  in  existing  ratio  of 
such  two  type  units  depending  on  Fermi  level  posi¬ 
tion. 


4.  Summary 

We  performed  UHV-STM  measurement  to  clar¬ 
ify  the  relation  between  the  atomistic  structures  of 
monolayer  steps  and  their  electronic  properties  on 
(2  X  4)/c(2  X  8)  reconstructed  vicinal  GaAs  (0  01) 
surfaces.  We  proposed  unit  structures  of  monolayer 
steps  based  on  STM  observation.  A  consideration 
of  these  proposed  structures  in  terms  of  the  electron 
counting  model  suggests  that  steps  play  the  role  of 
acceptor  arrays,  and  this  was  confirmed  by  UHV- 
STM  measurement.  Experimental  results  show  that 
acceptors  at  steps  are  equivalent  to  those  at  kinks 
in  As  dimer  rows,  and  this  is  consistent  with  theo¬ 
retical  suggestion.  We  found  that  the  number  of 
surface  acceptors  is  equal  to  the  number  of 
space-charge,  if  the  surface  electron  density  is  sub¬ 
stantially  higher  than  step  density.  It  was  confirmed 
that  surface  Fermi  level  pinning  is  a  result  of  elec¬ 
tron  capture  by  the  surface  acceptor  states  produc¬ 
ed  by  structures  which  disturb  the  coherency  of 
a  semiconducting  (2  x  4)  unit  cell  arrangement  at 
the  steps  and  the  kinks  in  As  dimer  rows.  Energeti¬ 
cal  stability  of  proposed  unit  structures  was  also 
discussed  and  STM  results  were  consistent  with 
theoretical  expectation. 
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Abstract 

The  Si  incorporation  on  GaAs  (0  0  1)  has  been  studied  in  real  time  by  reflection  high-energy  electron  diffraction 
(RHEED)  and  reflectance  anisotropy  spectroscopy  (RAS)  at  conditions  of  enhanced  adatom  mobility.  In  the  RAS 
spectra,  besides  resonances  due  to  As  and  Ga  dimers  on  the  GaAs  surface  also  features  due  to  Si  dimers  in  single  and 
double  layers  as  well  as  As  dimers  adsorbed  on  them  are  identified.  The  incorporation  process  is  very  complex  due  to 
Si-induced  As  desorption,  combined  incorporation  of  Si  and  As,  and  readsorption  of  As  on  (Si,  Ga).  At  conditions  of  high 
adatom  mobility  (low  AS4  pressure)  a  single  Si  layer  is  nearly  completed  before  Si  incorporation  in  a  second  layer  takes 
place,  whereas  for  reduced  adatom  mobility  (high  As^  pressure)  islanding  with  Si  incorporation  in  a  double  layer  is  found 
in  early  growth  stages. 

PACS:  68.35.Fx;  61.14.Hg;  78.66.Fd;  81.15.Hi 

Keywords:  Molecular  beam  epitaxy;  Gallium  arsenide;  Si-doping;  Si-on-GaAs;  Kineties  of  interface  formation;  Surface 
reconstruction;  Reflectance  anisotropy  spectroscopy;  Reflection  high-energy  electron  diffraction 


1.  Introduction 

The  incorporation  of  Si  on  GaAs(0  0  1)  during 
molecular  beam  epitaxy  has  attracted  considerable 
attention  in  view  of  its  importance  for  delta  (5) 
doping  [1]  and  as  the  first  step  of  Si  on  GaAs 
heteroepitaxy  [2].  Besides  reflection  high-energy 
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electron  diffraction  (RHEED)  as  an  established 
method  for  evaluating  the  structure  of  the  growing 
surface,  more  recently  reflectance  anisotropy  spec¬ 
troscopy  (RAS)  is  applied  for  monitoring  the  sub¬ 
monolayer  heteroepitaxial  growth  [3].  These 
studies  are  usually  performed  at  relatively  high  As 
coverages  used  in  conventional  5  doping. 
A  strength  of  RAS  is  the  capability  to  detect  chem¬ 
ical  bonding  [4].  Atomic  scale  resolution  scanning 
tunneling  microscopy  (STM)  has  also  been  used 
to  study  the  deposition  of  Si  under  low-  and 
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high-temperature  growth  conditions  [5-7].  In  view 
of  atomic  ordering  phenomena  the  incorporation 
at  conditions  of  enhanced  adatom  mobility  (high 
temperature,  low  As  coverage)  is  of  crucial  impor¬ 
tance.  Such  phenomena  are  observed  in  a  relatively 
narrow  substrate  temperature  range  at  a  given  AS4 
pressure  [8].  Due  to  complex  adsorption-desorp¬ 
tion  processes  it  is  difficult  to  quench  in  the  actual 
surface  configuration  for  STM  studies.  In  this 
work,  we  study  atomic  processes  during  Si  deposi¬ 
tion  at  enhanced  adatom  mobility  in  real  time  by 
combining  RHEED  and  RAS  to  detect  the  evolu¬ 
tion  of  long-  and  short-range-order,  respectively. 

2.  Experiment  procedure 

The  initial  surfaces  were  prepared  by  GaAs 
growth  on  2°  toward  (lll)Ga  misoriented 
GaAs  (0  0  1)  substrates  at  conditions  leading  to 
a  (2  X  4)  reconstruction  and  to  a  step  flow  growth 
mode  [8].  In  comparative  experiments  the  singular 
GaAs  (0  0  1)  surface  was  used  to  study  the  influence 
of  misorientation  steps  on  the  Si  incorporation.  To 
ensure  a  high  adatom  mobility  the  Si  was  deposited 
with  a  flux  of  about  10^  ^  atoms  cm  “  ^  s  “  Mn  pulses 
of  60  s  duration  and  180  s  interruption  (1  ML  cor¬ 
responds  to  90  min  deposition)  at  a  substrate 
temperature  of  590°C.  The  AS4  beam-equivalent  (BE) 
pressure  was  1  x  10“^  Torr.  Experiments  on  the  Si 
incorporation  at  reduced  adatom  mobility  were  per¬ 
formed  at  an  AS4  BE  pressure  of  5  x  10“^  Torr. 

Real-time  RHEED  measurements  were  per¬ 
formed  with  the  15  keV  electron  beam  in  the  [1  T  0] 
and  [1  1  0]  azimuth.  The  time  evolution  of  the 
specular  and  fractional-order  beams  was  analysed 
by  using  a  system  consisting  of  a  video  camera, 
video  recorder  and  image  processing  unit. 

For  RAS  measurements  a  system  based  on  the 
standard  design  by  Aspnes  [9]  was  used.  The 
monitored  signal  consisted  of  the  real  part  of  the 
reflectance  anisotropy: 

Ar/r  =  2(r[T  1  o]  “  ^[i  1  oiV^nr  1  o]  +  1  o])* 

RAS  spectra  were  measured  in  the  spectral  range 
from  1.6  to  5.3  eV.  To  determine  dynamic  changes 
in  the  As  surface  dimer  density  during  Si  deposition 
the  signal  at  2.6  eV  photon  energy  was  monitored. 


3.  Results  and  discussion 

3.7.  Low  adatom  mobility 

In  Fig.  1  we  show  RAS  spectra  for  pulsed  Si 
deposition  at  conditions  leading  to  low  (a)  and  high 
adatom  mobility  (b).  We  first  consider  the  case  of 
the  low  adatom  mobility  (Fig.  la)  which  is  closer  to 
conditions  of  conventional  5  doping.  The  spectrum 
of  the  initial  surface  (thin  solid  line)  is  dominated  by 
the  transition  at  2.6  eV  due  to  As  dimers  with 
[110]  bond  direction  and  corresponds  to  the 
(2  X  4)|3  reconstruction  [10].  During  the  deposition 
of  2.2  monolayers  (ML)  Si  the  whole  spectrum 
shifts  continuously  to  a  lower  level  and  a  clear 
minimum  at  2  eV  due  to  Ga  dimers  with  [110] 


Fig.  1.  RAS  spectra  taken  at  different  Si  coverages  for  pulsed  Si 
deposition  on  vicinal  GaAs(OOl)  at  590°C.  (a)  low  adatom 
mobility  at  Pbe(As4)  5  x  10“^  Torr;  and  (b)  high  adatom  mobility 
at  Pbe(As4)  1x10“^  Torr. 
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bonding  direction  [11, 12]  appears,  as  expected  for 
the  gradual  evolution  of  a  Ga-rich  surface.  How¬ 
ever,  the  clear  2.6  eV  peak  due  to  the  As  dimers 
persists  indicating  a  separation  into  As-  and  Ga- 
terminated  domains. 

In  a  more  complete  interpretation  of  the  spectra 
one  has  to  include,  besides  As  and  Ga  surface 
dimers,  also  other  atomic  configurations  due  to  the 
incorporated  Si  atoms.  Some  of  these  configura¬ 
tions  are  illustrated  in  Fig.  2.  Based  on  results  of 
a  recent  study  of  the  chemical  bonding  at  the  inter¬ 
face  between  Si  and  GaAs  by  synchrotron  radiation 
photoelectron  spectroscopy  [13],  we  expect  that  on 
As-rich  GaAs  the  Si  bonds  solely  to  As.  Since 
theoretical  treatment  regarding  RAS  spectra  for 
Si-on-GaAs  to  our  knowledge  is  still  missing,  in 
a  first  approach  we  have  to  compare  our  experi¬ 
mental  results  with  data  for  the  bare  Si  (0  0  1)  sur¬ 
face  and  for  the  Si  (0  0  1):  As  surface  [14,15]. 
Table  1  summarizes  the  known  energetic  positions 
of  RAS  features  related  to  As  and  Ga  dimers  on 
GaAs  (0  0  1),  Si  dimers  on  the  bare  Si  (0  0  1)  surface 
with  (2  X  1)  or  (1  X  2)  symmetry,  and  As  dimers  on 
the  Si(0  0  1) :  As  surface  with  (1  x  2)  or  (2  x  1)  sym¬ 
metry.  The  90°  rotation  between  (2  x  1)  and  (1x2) 
reconstructed  domains  corresponds  to  the 
transition  from  a  single  to  a  double  Si  layer. 

The  drop  in  the  high-energy  part  of  the  RAS 
spectrum  in  Fig.  la  can  be  explained  by  the  as¬ 
sumption  of  a  rather  rough,  anisotropic  morpho¬ 
logy.  Another  explanation  is  the  coexistence  of 
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Fig.  2.  Atomic  configurations  (a)  for  Si  incorporation  in 
a  trench  of  the  (2x4)13  reconstructed  surface,  (b-d)  during 
evolution  of  the  (3  x  2)  reconstruction,  (e)  for  As  adsorption 
on  the  (3  x  2)  structure  and  (f)  for  Si  incorporation  in  a  second 
layer. 


Table  1 


Assignment  of  RAS  features  to  atomic  surface  configurations  for  Si  deposition  on  GaAs(0  0  1) 

Configuration 

Energy  (eV) 

Feature 

Refs. 

Ga, 

1.8-2.1 

Dip 

[11,12] 

As,'(2  X  4) 

2.6 

Peak 

[11,12] 

Si2'(2  X  1) 

-3 

Dip 

[14, 15] 

^4 

Peak 

Sbtl  x2) 

~3 

Peak 

^4 

Dip 

As, :  Si  (2  X  1) 

~2.6 

Dip 

[15] 

-3.2 

Peak 

-3.8 

Dip 

> 

^c/> 

X 

-2.6 

Peak 

-3.2 

Dip 

-3.8 

Peak 
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Si(OOl):  As-(2xl)  and  Si  (0  0  1) :  As-(1  x  2)  do¬ 
mains  with  an  increasing  concentration  of  the  latter 
with  increasing  Si  coverage.  A  closer  inspection  of 
the  spectra  reveals  that,  in  accordance  with  this 
explanation,  at  a  photon  energy  of  --  3.2  eV  with 
increasing  Si  coverage  first  a  shoulder  appears 
which  changes  to  a  minimum  at  a  coverage  of 

2  ML  Si.  The  complementary  behaviour  is  ob¬ 
served  at  a  photon  energy  of  ^  3.8  eV  with  a 
change  from  a  minimum  to  a  maximum.  This  find¬ 
ing  indicates  that  islands  develop  and  locally  a  Si 
double  layer  is  formed  at  relatively  low  coverages. 

The  formation  of  an  island-like  Si  distribution  at 
low  adatom  mobility  becomes  evident  also  from 
the  RHEED  data.  As  shown  in  Fig.  3,  RHEED 
intensity  linescans  have  been  taken  between  the 
fundamental  RHEED  streaks  and  plotted  as 
a  function  of  time  or  Si  coverage.  Fig.  3d  presents 
the  plot  taken  in  the  [1  1  0]  azimuth  for  the  case  of 
low  adatom  mobility.  It  is  clearly  seen  that  the 
half-order  streak  due  to  the  (2  x  4)  reconstruction  of 
the  initial  surface  splits  into  asymmetric  third-order 
streaks.  The  splitting  gradually  increases  until  at 
a  coverage  >  1  ML  symmetric  third-order  streaks 
due  to  a  well-ordered  (3x1)  structure  appear.  This 
development  of  the  final  (3x1)  structure  via  an 
asymmetric  ‘3x1’  structure  has  been  discussed  by 
Fahy  et  al.  [16]  in  terms  of  a  superperiodicity 
generated  by  the  presence  of  a  new  type  of  domain 
in  an  otherwise  ordered  structure.  These  observa¬ 
tions  are  consistent  with  a  model  of  isolated  Si 
atoms  at  very  low  coverages.  At  higher  coverages  Si 
clusters  are  formed  whereby  a  Si  double  layer  can 
develop  in  an  early  growth  stage  and  As  dimers  are 
adsorbed  on  Si. 

3,2.  High  adatom  mobility 

The  Si  incorporation  mechanism  changes  drasti¬ 
cally  if  the  adatom  mobility  is  increased  by  reduc¬ 
ing  the  As4  pressure.  RHEED  intensity  linescan 
plots  taken  under  such  conditions  in  the  [1  1  0] 
and  [110]  azimuth,  respectively,  are  presented  in 
Fig.  3b  and  Fig.  3c.  The  sequence  of  the  recon¬ 
structions  with  increasing  Si  coverage  is  found  to 
be  (3  X  1),  (3  X  2),  (4  x  2),  and  an  asymmetric  ‘1x3’ 
structure.  The  latter  structure  is  derived  from  addi¬ 
tional  linescan  measurements  not  shown  in  Fig.  3. 


It  is  important  to  note  that  in  the  transition  range 
between  the  (3  x  2)  and  the  (4  x  2)  structures  both 
phases  coexist,  i.e.  separation  into  differently  recon¬ 
structed  domains  takes  place.  The  corresponding 
RAS  spectra  taken  during  Si  deposition  in  this 
experiment  with  increased  adatom  mobility  are 
shown  in  Fig.  lb.  The  spectrum  of  the  initial  sur¬ 
face  corresponds  now  to  a  (2  x  4)a  reconstruction 
[10].  It  shows  a  clear  peak  due  to  As  dimers  with 
[1 1 0]  bond  direction.  During  deposition  of 
0.3  ML  Si  the  whole  spectrum  shifts  to  a  lower  level 


Si  coverage  (ML) 


Fig.  3.  Intensity  linescans  across  the  RHEED  patterns  as  func¬ 
tion  of  the  Si  coverage  for  pulsed  Si  deposition  on  vicinal 
GaAs(OOl);  (a)  illustration  of  the  intensity  recording  along 
a  line  between  the  fundamental  streaks;  (b,  c)  plots  for  deposition 
at  high  adatom  mobility  in  the  [110]  and  [1  1  0]  azimuth, 
respectively;  and  (d)  plot  for  low  adatom  mobility  in  the  [110] 
azimuth.  Notice  the  coexistence  of  (3  x  2)  and  (4  x  2)  reconstruc¬ 
ted  domains  in  (c). 
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and  a  clear  minimum  at  ~  2  eV  due  to  Ga  dimers 
with  [110]  bond  direction  appears,  as  expected  for 
the  evolution  of  a  Ga-rich  surface.  As  in  the  case  of 
the  more  As-rich  initial  surface  considered  before, 
the  clear  peak  due  to  the  As  dimers  persists.  It 
disappears,  however,  at  coverages  >  0.6  ML.  This 
is  consistent  with  the  RHEED  results  (Fig.  3c) 
evidencing  a  clear  separation  into  differently  recon¬ 
structed  domains.  In  marked  contrast  to  the  experi¬ 
ment  with  low  Si  adatom  mobility,  for  coverages  of 
>  0.3  ML  Si  the  whole  spectrum  is  shifted  now 
again  to  a  higher  level  and  the  minimum  at  2  eV  is 
gradually  lost.  This  suggests  that  a  combined  incor¬ 
poration  of  Si  and  As  takes  place  and  results  in 
a  smoothed  surface  again.  Although  the  2.6  eV 
peak  degrades,  the  signal  at  this  photon  energy 
increases  up  to  coverages  of  ~  1  ML  Si  and  then 
decreases,  as  will  be  shown  later.  At  high  Si  cover¬ 
ages  the  interpretation  of  the  2.6  eV  peak  becomes 
complicated  due  the  dominating  peak  at  ~  4  eV. 
This  peak  is  caused  by  dominance  of  a  bare  single 
Si  layer  with  Si  dimers  in  [1  10]  direction. 

To  study  the  influence  of  misorientation  steps  on 
the  Si  incorporation  we  have  performed  real-time 
measurements  by  RHEED  and  RAS  for  deposition 
on  the  exactly  oriented  and  on  the  vicinal  (0  0  1) 
surface  (Fig.  4).  The  RAS  signal  recorded  at  2.6  eV 
photon  energy  is  most  strongly  affected  by  As  sur¬ 
face  dimers.  The  RHEED  intensities  of  the  specular 
beam  and  of  the  third-  and  half-order  beams  due  to 
the  (3  X  1)  or  (3  X  2)  structure  were  monitored.  Re¬ 
cordings  of  the  fractional-order  beams  reveal  that 
on  the  vicinal  surface  the  (3  x  2)  structure  appears 
at  lower  Si  coverages  and  evolves  faster  as  com¬ 
pared  to  the  singular  surface  [8].  This  is  also  reflec¬ 
ted  in  the  behaviour  of  the  specular  beam.  The 
rapid  change  in  the  specular  beam  RHEED  inten¬ 
sity  after  deposition  of  ~  0.1  ML  on  the  vicinal 
surface  (Fig.  4d)  is  typical  for  a  system  with  rapid 
changes  in  strain  and  structure.  This  behaviour  is 
quite  different  from  that  observed  for  the  singular 
surface  (Fig.  4c).  Therefore,  we  conclude  that  the 
phase  separation  into  metal-rich  and  As-rich  domains 
is  much  stronger  on  the  vicinal  surface  due  to  accu¬ 
mulation  of  Si  atoms  in  the  near-step-edge  region. 

From  the  RHEED  and  RAS  monitoring  includ¬ 
ing  the  RAS  spectra  we  can  deduce  a  Si  incorpora¬ 
tion  model.  The  model  has  to  start  from  the 


exactly  oriented  2“  towards  (1 1 1  )Ga 
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Si  coverage  (ML) 

Fig.  4.  (a,  b)  RAS  transients  and  (c,  d)  recordings  of  the  specular 
beam  RHEED  intensity  in  the  [T  1  0]  azimuth  for  Si  deposition 
on  vicinal  GaAs(0  0  1)  at  high  adatom  mobility. 

structure  of  the  intial  GaAs(0  0  1)  surface.  Recent 
STM  studies  [17]  have  revealed  that  at  conditions 
leading  to  a  (2  x  4)P  reconstruction  the  unit  mesh  of 
the  usually  observed  structure  contains  two  As 
dimers  on  top  and  a  third  As  dimer  one  monolayer 
lower  in  the  trench  (Fig.  2a).  On  such  a  surface  Si 
can  be  incorporated  into  the  trench  by  insertion 
into  the  As  dimer  bond.  From  Fig.  2a  it  can  be  seen 
that  thereby  As  atoms  marked  by  a  cross  can  be¬ 
come  undimerized  and  reevaporate.  On  the  other 
hand,  new  adsorption  sites  for  As  dimers  can  be 
created  if  Si  atoms  are  incorporated  on  two  adja¬ 
cent  Ga  sites  in  the  trench. 

In  the  following  we  concentrate  on  the  case  of 
high  adatom  mobility  with  a  (2  x  4)ot  reconstruction 
of  the  initial  surface.  This  structure  contains  second 
layer  Ga  atoms  in  the  missing  dimer  trench  [17]. 
Having  in  mind  that  Si  bonds  only  to  As  as  long  as 
the  surface  structure  is  As  stabilized,  which  requires 
a  combined  incorporation  of  As  and  Si  atoms, 
a  model  with  three  As  dimers  per  unit  mesh  is 
a  good  approximation  for  the  following  consider¬ 
ations.  During  Si  deposition  the  half-order  spots  in 
the  [11  0]  azimuth  appear  at  a  slightly  higher 
coverage  than  the  third-order  spots  in  the  [110] 
azimuth,  indicating  that  a  (3x1)  structure  is  the 
first  stage  in  the  development  of  the  (3  x  2)  recon¬ 
struction  (Fig.  3b  and  Fig.  3c).  As  shown  in  Fig.  2b 
the  ordered  attachment  of  Si  dimers  in  a  row  per¬ 
pendicular  to  the  dimer  axis  at  any  prefererred 
nucleation  site,  which  can  be  a  step,  leads  to 
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a  (3  X  1)  structure.  Thereby  the  As  atoms  marked  by 
a  cross  become  undimerized  and  probably  will 
reevaporate.  A  further  attachment  of  Si  dimers 
leads  to  a  (3  X  2)  symmetry  with  extended  dimer 
rows  (Fig.  2c).  The  reevaporation  of  undimerizesd 
As  atoms  exposes  a  row  of  Ga  atoms  that  dimerize. 
This  model  is  consistent  with  the  2  eV  minimum  in 
the  RAS  spectra  and  with  the  RAS-roughness  sig¬ 
nature.  It  provides  also  an  alternative  explanation 
for  the  Ga  enrichment  previously  observed  by 
Auger  electron  spectroscopy  during  Si  deposition 
[18]  that  has  been  attributed  to  a  Si-Ga  exchange 
reaction  [6].  The  reduction  of  the  As  dimer  density 
during  the  Si  supply  is  evident  from  the  decreasing 
2.6  eV  RAS  signal  (Fig.  4b).  The  pulsating  behav¬ 
iour  of  the  signal  reflects  an  ordering  process  with 
a  destruction  of  dimers  during  the  pulse  and  their 
partial  reformation  after  flux  interruption.  In  the 
ideal  case,  the  structure  considered  in  Fig.  2c  would 
be  completed  at  a  coverage  of  0.33  ML  which  is  in 
good  agreement  with  the  coverages  corresponding 
to  the  intensity  maxima  of  the  fractional-order 
RHEED  beams.  A  (3x2)  structure  can  be  main¬ 
tained  if  with  increasing  Si  coverage  Si  dimers  are 
incorporated  between  already  existing  dimer  rows 
(Fig.  2d).  This  requires  a  combined  incorporation 
of  Si  and  As  atoms.  Once,  however,  two  neighbour¬ 
ing  Si  dimers  are  created  As  atoms  can  condense  on 
them  as  dimers  (Fig.  2e)  and/or  a  second  Si  layer 
with  a  90°  rotation  of  the  dimer  axis  can  nucleate 
(Fig.  2f).  This  and  further  completion  of  missing  Si 
dimer  rows  leads  to  a  degradation  of  the  (3  x  2) 
reconstruction.  Since  the  2.6  eV  signal  is  sensitive 
not  only  to  As  dimers  on  top  of  Ga  but  also  on  top 
of  Si  (see  Table  1)  we  can  also  understand  the 
characteristic  changes  in  the  slope  of  the  RAS  tran¬ 
sients.  In  the  case  of  the  vicinal  surface  (Fig.  4b)  an 
increase  of  the  signal  is  observed  at  lower  coverage 
as  compared  to  the  singular  surface  (Fig.  4a).  This 
is  expected  for  preferential  Si  incorporation  at  step 
edges,  which  allows  the  formation  of  the  (3  x  2) 
structure  with  adjacent  Si  dimers  (Fig.  2d)  and  As 
dimers  on  top  of  them  (Fig.  2e)  in  an  earlier  growth 
stage.  After  completion  of  the  first  ML  Si  and 
beginning  Si  incorporation  in  a  second  layer  one 
expects  a  90°  rotation  of  the  As  dimers  in  the  top 
layer.  In  agreement  with  this  the  RAS  curve  changes 
the  sign  of  the  slope  at  a  coverage  of  ~  1  ML. 


4.  Conclusions 

We  have  demonstrated  that  the  atomic  processes 
during  incorporation  of  Si  atoms  on  the 
GaAs(OOl)  surface  can  be  studied  in  detail  by 
RHEED  and  RAS  in  real  time.  This  is  possible  due 
to  characteristic  changes  in  short-  and  long-range 
order.  The  RAS  spectra  show  resonances  not  only 
due  to  As  and  Ga  dimers  on  GaAs  (0  0  1)  but  also 
due  to  Si  dimers  and  As  dimers  on  top  of  Si.  The 
incorporation  mechanism  critically  depends  on  the 
As4  pressure  that  influences  the  adatom  mobility. 
At  high  As4  pressure  (low  adatom  mobility)  Si 
clustering  with  incorporation  into  two  layers  oc¬ 
curs  in  an  early  growth  stage.  The  pulsed  Si  supply 
at  low  As4  pressure  (high  adatom  mobility)  pro¬ 
motes  an  ordered  incorporation  with  a  high  com¬ 
pletion  of  the  first  Si  layer  before  the  second  Si  layer 
nucleates.  In  a  complex  desorption-adsorption 
process  the  Si  incorporation  induces  a  phase  separa¬ 
tion  into  As-rich  and  Ga-rich  domains  at  medium 
Si  coverages.  At  higher  coverages  a  readsorption  of 
As  takes  place.  These  processes  are  influenced  by 
misorientation  steps  of  the  vicinal  surface. 
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Abstract 

The  structure  of  AlSb  and  GaSb  (0  0  1)  surfaces  prepared  by  molecular  beam  epitaxy  has  been  studied  with  in-situ 
reflection  high-energy  electron  diffraction  and  scanning  tunneling  microscopy.  Under  fixed  Sb4  flux,  two  AlSb  recon¬ 
structions  are  observed  with  increasing  temperature  (and  decreasing  surface  Sb :  A1  coverage):  c{4  x  4),  as  observed  for 
InSb,  GaAs,  AlAs,  and  InAs,  and  (1x3).  In  contrast,  GaSb  reconstructions  observed  with  increasing  temperature  are: 
(2  X  5),  (1  X  5),  c(2  X  6),  and  (1x3).  Whereas  the  (1  x  5),  c(2  x  6),  and  (1x3)  surfaces  are  composed  primarily  of  Sb  dimer 
rows  on  top  of  an  Sb-terminated  surface,  the  (2  x  5)  surface  is  composed  of  Sb  dimer  rows  on  top  of  two  layers  of  Sb  (i.e. 
the  surface  is  terminated  by  three  Sb  layers).  We  speculate  that  GaSb  is  unique  in  forming  the  {n  x  5)  reconstructions  due 
to  its  excellent  lattice  match  with  trigonally  bonded  elemental  Sb. 


1.  Introduction 

There  is  an  extensive  effort  to  develop  novel 
high-speed  and  optoelectronic  devices  utilizing  the 
“6.1  A”  family  of  III-V  compound  semiconductors, 
InAs,  GaSb,  and  AlSb  [1,2].  Because  these  devices 
are  often  based  on  short-period  heterostructures, 
where  the  interfaces  constitute  a  significant  fraction 
of  the  total  heterostructure  volume,  the  structure 
and  stoichiometry  of  the  growth  surface  during 
interface  formation  is  expected  to  have  a  significant 
impact  on  the  ultimate  device  performance  [2].  The 
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Structure  of  the  growth  front  can  affect  the  abrupt¬ 
ness  of  a  heterointerface  in  a  number  of  ways.  For 
example,  the  surface  reconstructions  may  lead  to 
anisotropic  growth  morphologies,  thereby  causing 
roughness  at  the  heterointerface  [3, 4].  In  addition, 
the  III/V  stoichiometry  of  the  reconstruction  may 
lead  to  non-stoichiometric  interfaces  that  cannot  be 
compositionally  abrupt  [4,  5].  Hence,  the  develop¬ 
ment  of  smooth,  abrupt  interfaces  requires  a  funda¬ 
mental  understanding  of  the  structure  of  the 
III-V(0  0  1)  surface  reconstructions. 

Given  that  6.1  A-based  devices  are  generally 
grown  under  an  As-or  Sb-rich  flux,  the  V-termin- 
ated  reconstructions  are  the  most  important  to 
understand.  To  date,  the  most  intensively  studied  of 
the  6.1  A  compounds  has  been  InAs.  The  As- 
terminated  surface  reconstructions  of  InAs(0  0  1) 
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mimic  those  of  GaAs  [5-8],  with  As  dimer-based 
(2  X  4)  and  c(4  x  4)  reconstructions.  The  Sb-termin- 
ated  GaSb  surface  reconstructions  have  been  less 
studied,  although  they  are  reported  to  include  the 
Sb  dimer-based  “odd”  reconstructions,  (1x3), 
c(2  X  6),  (1  X  5),  and  (2  x  5),  as  observed  with  reflec¬ 
tion  high-energy  electron  diffraction  (RHEED) 
[5,  9-11].  It  has  been  proposed  that  the  (1  x  3)  and 
(2  X  5)  reconstructions  are  terminated  with 
If  and  2|  layers  of  Sb,  respectively,  on  a  (1  x  1)  Ga 
plane  [12,  13].  Unlike  In  As  and  GaSb,  the  struc¬ 
ture  of  AlSb(0  0  1)  has  received  little  attention.  To 
our  knowledge,  (1x3)  and  c(2  x  6)  [but  no  c(4  x  4) 
or  (n  x  5)]  reconstructions  have  been  reported,  and, 
as  yet,  no  structural  models  have  been  proposed 
[5, 10, 11,  14].  In  addition  to  the  technological  ap¬ 
plications  of  GaSb  and  AlSb,  these  materials  are  of 
interest  because  they  are  a  special  pair  of  III-V 
compounds  having  very  similar  lattice  constants 
(6.095  versus.  6.136  A)  but  differing  only  by  one 
element  (a  similar  relationship  exists  for  GaAs  and 
AlAs).  As  such,  they  provide  an  opportunity  to 
explore  the  role  of  elemental  properties  in  deter¬ 
mining  surface  reconstructions. 


2,  Experimental  procedure 

Experiments  were  carried  out  in  an  interconnec¬ 
ted,  multi-chamber  ultrahigh  vacuum  (UHV)  facil¬ 
ity  that  includes  a  III-V  semiconductor  molecular 
beam  epitaxy  (MBE)  chamber  equipped  with 
RHEED,  and  a  surface  analysis  chamber  equipped 
with  a  scanning  tunneling  microscope  (STM). 
RHEED  studies  were  performed  on  relaxed,  thick 
films  ( >  1  pm)  of  AlSb  and  GaSb  grown  on 
GaAs(OOl)  substrates  oriented  to  within  O.T  of 
(0  0  1).  Surface  reconstruction  transition  temper¬ 
atures  for  a  fixed  Sb4  flux  were  determined  by  either 
heating  or  cooling  the  substrate  in  5°C  increments 
through  the  transition  region  and  recording  the 
temperature  at  which  the  RHEED  pattern 
changed.  Substrate  temperatures  were  determined 
by  infrared  transmission  thermometry  and  are  be¬ 
lieved  to  be  accurate  to  10°C  [15].  STM  images  of 
AlSb  reconstructions  were  acquired  on  Si-doped 
(10^^  cm"^)  thick  films  grown  on  n'^-GaAs(0  0  1) 
substrates  at  550°C.  These  films  were  terminated 


with  10  nm  of  undoped  AlSb  grown  at  a  reduced 
rate  to  eliminate  Si  contamination  on  the  growth 
surface  and  produce  large  atomically  well-ordered 
terraces.  STM  images  of  GaSb  reconstructions 
were  acquired  on  undoped  films  grown  on  p^- 
GaSb(0  0 1)  substrates  at  500‘"C  with  frequent 
interrupts.  STM  samples  were  mounted  on  a  cus¬ 
tom-designed  sample  holder  that  mounts  onto  both 
a  standard  5  cm  diameter  MBE  sample  block  and 
the  stage  of  a  custom-modified  commercial  STM 
[16].  All  STM  images  are  displayed  in  gray  scale 
and  are  uncorrected  for  thermal  drift. 


3.  Results 

The  structural  transitions  between  various  Sb- 
rich  surface  reconstructions  as  observed  by 
RHEED  for  AlSb(0  0  1)  and  GaSb(0  0  1)  as  a  func¬ 
tion  of  Sb4  flux  and  substrate  temperature  are 
shown  in  Fig.  1.  Both  AlSb  and  GaSb  exhibit 
a  (1  X  3)  RHEED  pattern  at  high  substrate  temper¬ 
atures,  At  lower  temperatures,  however,  the  surface 
reconstructions  for  these  systems  differ.  We  find 
that  AlSb  transitions  to  a  c(4  x  4)  structure,  similar 


Fig.  1.  Substrate  reconstruction  transition  temperatures  for 
AlSb  and  GaSb  (0  0  1)  surfaces  as  a  function  of  incident  Sb4 
beam  equivalent  pressure  as  observed  with  RHEED.  The 
transitions  for  AlSb  are  indicated  by  triangles  and  those  for 
GaSb  by  circles.  The  lines  are  drawn  as  guide  to  the  eye. 
A  pressure  of  2.0  x  10“ ®  Torr  corresponds  to  an  Sb  deposition 
rate  of  1  layer  per  second. 


PM.  Thibado  e(  al.  j  Journcd  ofCtystal  Growth  1751176  (1997)  317-322 


319 


to  the  anion-terminated  (0  0  1)  surfaces  of  InSb, 
GaAs,  AlAs,  and  InAs.  Unlike  AlSb,  GaSb  under¬ 
goes  multiple  reconstruction  transitions  with  de¬ 
creasing  temperature:  first  from  (1x3)  to  c{2  x  6), 
then  to  (1  X  5),  and  finally  to  (2  x  5).  At  still  lower 
temperatures  and/or  higher  Sb  fluxes  (not  shown  in 
Fig.  1)  both  AlSb  and  GaSb  transition  to  three- 
dimensional,  elemental  Sb  growth. 

A  high-resolution  STM  image  of  an  AlSb(0  0  1)- 
(1  X  3)  surface  is  shown  in  Fig.  2a.  This  surface 
appears  to  have  a  structure  similar  to  what  we  and 


others  [12]  observe  for  GaSb(0  0  1)-(1  x  3).  The 
model  proposed  for  this  reconstruction  consists  of 
a  (1  X  1)  plane  of  Sb  with  rows  of  Sb  dimers  on  top, 
with  the  dimer  rows  spaced  3ao  apart  [ao  is  defined 
as  the  size  of  a  (1  x  1)  surface  unit  cell,  4.34  A  on 
AlSb].  The  total  Sb  surface  coverage  for  this  model 
is  if  layers  [12].  We  attribute  the  zigzag  nature  of 
the  rows  and  quasi-periodic  kinking  along  the  rows 
to  buckling-like  displacements  of  the  dimers,  which 
give  the  surface  a  more  complicated  structure  than 
apparent  from  the  observed  diffraction  patterns.  An 


Fig.  2.  Gray-scale  STM  images  of  AlSb  and  GaSb  (0  0  1)  surfaces;  (a)  AlSb(0  0  IHl  x  3),  empty  electronic  states  (3.0  V,  0.1  nA);  (b) 
AlSb(0  0  l)-c(4  x4),  filled  states  (2.6  V,  1  nA);  (c)  GaSb(0  0  1)-(1  x  5)/(2  x  5),  filled  states  (2.4  V,  0.1  nA);  a  region  with  local  c(2  x  10) 
symmetry  is  outlined;  (d)  GaSb(0  0  l)-(2  x  5),  filled  states  (0.4  V,  0.1  nA).  Primitive  unit  cells  are  indicated.  The  reconstructions  refer  to 
the  symmetry  observed  in  RHEED. 
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STM  image  of  a  well-ordered  AlSb(0  0  l)-c(4  x  4) 
surface  is  shown  in  Fig,  2b.  This  surface  consists  of 
a  brick-like  structure  similar  to  that  seen  on  both 
GaAs(0  0  l)-c(4  x  4)  and  InSb(0  0  l)-c(4  x  4)  [6, 17], 
This  reconstruction  has  been  shown  for  the  other 
surfaces  to  consist  of  a  (1  x  1)  plane  of  V-atoms  with 
rows  of  V-dimers  on  top;  every  fourth  dimer  is 
missing  along  each  row,  with  the  missing  dimers 
within  adjacent  rows  shifted  apart  (the  total 
V-atom  surface  coverage  is  1|  layers)  [6, 17], 

An  image  of  a  mixed  GaSb(0  0  1)-(1  x  5)  and  - 
(2  X  5)  reconstructed  surface  is  shown  in  Fig.  2c  (the 
reconstruction  notation  refers  to  the  symmetry  seen 
with  RHEED).  The  upper-central  region  of  this 
image  includes  a  brighter  patch  with  a 
(2  X  5)/c(2  X  10)  reconstruction,  whereas  the  rest  of 
the  image  shows  a  (1  x  5)  reconstruction.  Although 
pure  (1  X  5)  and  (2  x  5)  regions  were  more  typical, 
this  region  is  shown  because  it  allows  a  direct 
comparison  between  the  two  reconstructions.  Fo¬ 
cusing  on  the  (1  X  5)  region  first,  the  structure  con¬ 
sists  of  rows  spaced  apart.  Each  row  consists  of 
pairs  of  elements  spaced  apart,  with  each  element 
elongated  along  the  [1  1  0]  direction.  When  tunnel¬ 
ing  out  of  filled  states  closer  to  the  Fermi  level, 
a  weak  2ao  periodicity  is  observed  between  the  rows 
(not  shown).  This  2ao  periodicity  may  be  either 
aligned  or  staggered  from  row  to  row,  indicating 
that  the  “(1  x  5)”  surface  is  actually  a  mixed 
(2  X  5)/c(2  X  10)  reconstruction.  A  model  for  this 
surface  reconstruction  is  shown  in  Fig.  3a,  consist¬ 
ing  of  a  full  plane  of  Sb  with  two  adjacent  rows  of 
Sb  dimers  on  top.  Between  the  rows  are  rotated  Sb 
dimers  in  the  second  layer,  which  may  or  may  not 
be  aligned  across  the  rows  [18].  The  total  Sb  sur¬ 
face  coverage  is  if  layers.  (Note  that  this  structure 
is  a  simple  extension  of  that  proposed  for  the 
c(2  X  6)  reconstruction  [13],  which  consists  of  single 
Sb-dimer  rows  in  the  top  layer  separated  by  rotated 
second  layer  dimers.) 

The  (2  X  5)  structures  within  Fig.  2c  appear  topo¬ 
graphically  higher  than  the  (1  x  5),  suggesting  that 
there  are  additional  Sb  atoms  on  top.  In  addition, 
the  periodic  structures  within  the  (2  x  5)  rows  are 
elongated  at  right  angles  to  the  dimers  in  the  (1  x  5). 
These  features  are  most  simply  explained  by  an 
additional  layer  of  Sb-dimers  adsorbed  atop  the 
(1x5)  dimer  rows  [breaking  the  (lx  5)  dimer 
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Fig.  3.  Proposed  structural  models  for  GaSb  surface  recon¬ 
structions  observed  in  RHEED  as  (a)  (1  x  5),  and  (b)  (2  x  5).  The 
Sb  planes  are  assumed  to  be  separated  by  ^  1.5  A.  Note  that  the 
Sb  dimers  in  the  second  row  of  the  “(1  x  5)”  give  this  structure 
a  (2  X  5)  symmetry. 


bonds].  The  structure  of  the  (2  x  5)  reconstruction 
is  shown  more  clearly  in  Fig.  2d.  As  observed  in 
Fig.  2c,  there  are  rows  of  dimer  pairs  along  the 
[T  1  0]  direction,  with  each  pair  of  dimers  spaced 
luo  apart.  Under  the  tunneling  conditions  for  this 
image,  elongated  maxima  spaced  2ao  apart  between 
the  dominant  rows  are  clearly  visible,  shifted 
^  i  the  distance  between  the  maxima  on  the  main 
rows.  A  domain  wall-like  structure  produced  by 
rows  shifted  along  [110]  is  also  observed  in 
Fig.  2d.  Note  that  shifts  of  along  [1  1  0]  of  the 
maxima  on  both  the  dominant  rows  and  the  rows 
in  between  result  in  areas  with  local  c(2  x  10)  and 
(2  X  10)  symmetry. 

A  possible  structural  model  for  the  GaSb(0  01)- 
(2  X  5)  reconstruction  is  shown  in  Fig.  3b.  The 
model  is  a  simple  extension  of  the  (1x5),  consisting 
of  additional  Sb  dimers  on  top  of  the  Sb  atoms  that 
form  the  dimer  rows  of  the  (1  x  5)  structure,  making 
the  total  Sb  surface  coverage  2f  layers.  The  simple 
structural  differences  between  the  (lx  5)  and  the 
(2  X  5)  may  explain  why  the  (1  x  5)  exists  for  only 
a  narrow  temperature  window  (see  Fig.  1)  [9].  It  is 
interesting  to  note  that  both  of  these  reconstruc¬ 
tions  have  more  surface  valence  electrons  than 
surface  Sb  bonds,  in  violation  of  the  generally  accep¬ 
ted  “electron  counting”  model  for  III-V  surface 
reconstructions  [19]. 
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4.  Discussion 

A  different  structural  model  for  the  (2  x  5)  has 
been  previously  proposed  by  Sieger  et  al.  based  on 
RHEED  and  photoemission  results  [13].  Their 
model  differs  from  ours  in  two  respects.  First,  their 
model  consists  of  rows  of  three  dimers  in  the  top¬ 
most  plane,  a  structure  inconsistent  with  our  STM 
results.  Furthermore,  one  would  expect  multi-layer 
Sb  structures  to  be  trigonally  bonded  [20, 21]. 
Whereas  our  model  maintains  a  trigonally  bonded 
environment  for  the  top  two  planes  of  Sb,  the 
previously  proposed  model  only  has  the  very  top 
plane  of  Sb  atoms  trigonally  bonded.  The  second 
difference  between  the  two  models  is  that  their  top 
Sb  plane  is  bonded  to  a  full  plane  of  Sb,  whereas 
our  model  has  f  of  a  plane  of  Sb  as  indicated  by  the 
STM  images.  Hence,  our  models  differ  in  overall  Sb 
coverage:  the  previous  model  has  2|  layers  of  Sb, 
while  ours  has  only  2|  layers.  This  difference,  how¬ 
ever,  is  within  the  uncertainty  of  the  published 
photoemission  analysis  [22]. 

Beyond  understanding  the  details  of  the  atomic 
structure  of  these  reconstructions,  one  surprising 
observation  is  that  GaSb  does  not  form  the  c(4  x  4) 
reconstruction  common  to  all  other  Ill-Sb  and 
III-As  compounds.  We  believe  that  the  unique 
GaSb  surface  reconstructions  arise  from  a  competi¬ 
tion  between  adding  multiple  layers  of  Sb  to  the 
surface  and  the  stress  induced  by  the  lattice  mis¬ 
match  between  the  resulting  overlayers  and  the 
substrate.  The  principal  source  of  this  stress  is  ex¬ 
pected  to  be  the  surface  dimer  bonds.  For  a  single 
plane  of  Sb  on  a  Ga-terminated  GaSb(0  0  1)  sur¬ 
face,  an  Sb  dimer  would  result  in  the  top  Sb  atoms 
moving  from  their  (1x1)  positions  (4.3  A  apart)  to 
a  distance  closer  to  the  natural  Sb-Sb  bond  length 
(2,9  A),  a  30%  displacement.  However,  given  that 
the  lattice  parameter  of  trigonally  bonded  elemen¬ 
tal  Sb  (4.3083  A)  [21]  is  nearly  equal  to  the  size  of 
the  GaSb(0  0  1)  bulk-terminated  unit  cell  (4.3101  A, 
0.04%  larger),  the  strain  should  be  significantly 
reduced  by  forming  a  double  surface  layer  of  Sb, 
enabling  the  subsurface  layer  Sb  to  remain  in  bulk- 
terminated  GaSb-like  positions.  The  Sb  atoms 
within  each  surface  dimer  can  then  be  trigonally 
bonded  (to  two  atoms  in  the  second  layer  plus  the 
other  dimer  atom;  see  Fig.  3a)  in  a  configuration 


similar  to  that  of  elemental  Sb.  The  match  between 
these  Sb  structures  and  the  GaSb  substrate  should 
be  nearly  perfect  along  the  dimer  row  direction, 
resulting  in  dimer  rows  with  very  low  strain  along 
[T  1  0]  that  should  act  as  an  excellent  template  for 
another  layer  of  (rotated)  Sb  dimers  (Fig.  3b). 

We  speculate  that  AlSb(0  0  1)  does  not  form  the 
{n  X  5)  reconstructions  due  to  the  higher  stress  that 
continuous  dimer  rows  would  induce  on  this  sur¬ 
face.  AlSb  has  a  slightly  larger  lattice  mismatch 
with  bulk  Sb  (0.70%),  leading  to  more  strained 
surface  bonds.  Furthermore,  the  stress  associated 
with  these  strains  will  be  proportionately  greater 
because  AlSb  is  stiffer  than  GaSb  (for  the  same 
displacement,  it  takes  7%  more  energy  to  stretch 
Al-Sb  bonds  than  Ga-Sb  bonds)  [23].  This  stress 
may  be  reduced  by  periodically  removing  some  of 
the  Sb  dimers  along  each  row  and  allowing  for  local 
relaxation,  i.e.  forming  the  c(4  x  4)  structure  [24]. 

5.  Conclusions 

We  have  studied  the  structure  of  AlSb  and  GaSb 
(0  01)  surfaces  prepared  by  MBE  with  in  situ 
RHEED  and  STM.  Under  fixed  Sb4  flux,  two  AlSb 
reconstructions  are  observed  with  increasing  tem¬ 
perature  (and  decreasing  surface  Sb :  Al  coverage): 
c(4  X  4)  and  (1x3).  In  contrast,  four  different  GaSb 
reconstructions  are  observed:  (2  x  5),  (1  x  5), 

c(2  X  6),  and  (1x3).  Whereas  the  (lx  5),  c(2  x  6), 
and  (1x3)  surfaces  are  composed  primarily  of  Sb 
dimer  rows  on  top  of  an  Sb-terminated  surface,  the 
(2  X  5)  surface  is  composed  of  Sb  dimer  rows  on  top 
of  two  layers  of  Sb,  i.e.  it  is  terminated  by  three 
layers  of  Sb.  We  propose  that  GaSb  is  unique  in 
forming  the  {n  x  5)  reconstructions  due  to  its  excel¬ 
lent  lattice  match  with  trigonally  bonded  element¬ 
al  Sb  combined  with  its  lower  stiffness  compared 
with  AlSb. 
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Abstract 

Photoemission  oscillations  (PEO)  are  measured  during  the  growth  of  InAs/AlSb/GaSb  resonant  tunneling  diodes  on 
(0  0  1)  GaAs  and  (0  0  1)  InAs  substrates.  PEO  of  the  GaSb  well  are  unresolved  for  growth  on  GaAs  substrates  but  clearly 
observable  for  growth  on  InAs.  AlSb  barrier  oscillations  are  observable  on  either  substrate.  The  morphology  of  devices 
grown  on  GaAs  is  characterized  by  micron  scale  roughness  whereas  the  devices  grown  on  InAs  are  featureless  on  the 
same  scale.  Threading  dislocations  which  terminate  at  the  GaAs  surface  with  a  partial  step  are  believed  to  influence  the 
growth  mode  of  GaSb  but  not  AlSb  due  to  the  higher  mobility  of  Ga  in  this  system. 


1.  Introduction 

The  photoemission  oscillation  technique  (PEO) 
[1]  enables  monolayer  thickness  measurements 
from  a  rotating  substrate  if  the  depositing  layer 
grows  in  a  two-dimensional  (2D)  layer-by-layer 
growth  mode.  PEO  has  been  successfully  used  in 
situ  to  measure  the  barrier  thicknesses  of  resonant 
tunneling  devices  (RTDs)  grown  by  molecular 
beam  epitaxy  (MBE)  [2,  3].  In  particular,  we  have 
demonstrated  that  the  correlation  between  theoret¬ 
ically  predicted  and  experimentally  measured  peak 
current  densities  for  InAs/AlSb  RTD  structures  is 
higher  when  PEO  is  used  to  measure  the  barrier 
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thicknesses  than  when  these  thicknesses  are  esti¬ 
mated  using  dead  reckoning  alone  [3].  The  largest 
perturbation  of  run-to-run  device  characteristics 
for  the  InAs/AlSb  structure  can  usually  be  at¬ 
tributed  to  inadequate  control  of  barrier  thick¬ 
nesses;  however,  for  certain  device  configurations 
control  of  well  thickness  is  also  important.  In  par¬ 
ticular,  substituting  GaSb  for  InAs  as  the  RTD  well 
material  results  in  a  system  with  a  type  II  broken- 
gap  band  alignment  where  tunneling  involves 
coupling  between  the  InAs  conduction  and  GaSb 
valence-band  states  [4].  In  this  device,  it  is  desir¬ 
able  to  control  both  the  barrier  and  the  well 
thicknesses. 

In  this  paper  we  describe  the  measurement  of 
photoemission  oscillations  during  the  MBE  growth 
of  InAs/AlSb/GaSb  RTDs  on  both  (0  0  1)  GaAs 
(Afl/a  7%)  and  (0  0  1)  InAs  substrates.  We  have 
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correlated  the  oscillation  behavior  with  the  mea¬ 
surement  of  surface  morphology  of  the  devices  by 
atomic  force  microscopy  (AFM).  In  general,  GaSb 
oscillation  contrast  is  poor  when  the  device  is 
grown  on  GaAs  but  distinct  and  observable  when 
InAs  is  used  as  the  substrate.  AlSb  oscillations  are 
observable  on  either  substrate. 


2.  Experimental  procedure 

The  MBE  and  PEO  apparatus  have  been  de¬ 
scribed  in  detail  elsewhere  [2,  5].  Briefly,  the  ex¬ 
periments  were  performed  in  a  Fisons  V80  MBE 
apparatus.  A  mechanically  modulated  30  W 
deuterium  lamp  was  used  as  the  source  of  UV 
photons  for  PEO  and  was  focused  on  the  substrate 
at  nominally  normal  incidence  through  a  single 
element  lens.  Lock-in  detection  was  used  for  the 
photoemitted  electrons  which  were  collected  on 
a  stainless  steel  ring  concentric  with  the  optical  axis 
and  biased  at  +  300  V.  Atomic  force  microscopy 
measurements  were  performed  under  ambient 
conditions  using  a  Quesant  Instruments  QScope 
operating  in  contact  mode  with  a  silicon  nitride 
tip. 

The  InAs/AlSb/GaSb  device  structures  grown  on 
GaAs  and  InAs  are  shown  in  Fig,  1.  Photoemission 
was  monitored  only  during  the  growth  of  the  AlSb 
barriers  and  GaSb  well  associated  with  each  device. 
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Fig.  1.  Structure  of  the  InAs/AlSb/GaSb  RTD  on  (a)  GaAs; 
(b)  InAs. 


The  device  recipes  were  identical,  except  a  super¬ 
lattice  smoothing  layer  was  included  between  the 
substrate  and  the  InAs  buffer  layer  for  growth  on 
GaAs.  During  growth  of  the  barrier  and  well  re¬ 
gions,  represented  by  the  shaded  area  of  Fig.  1,  the 
growth  temperature  was  450°C,  and  the  AlSb  and 
GaSb  growth  rates  were  0,2  and  1.0  ml/s  respective¬ 
ly.  The  MBE  growth  recipe  included  a  30  s  Sb  soak 
prior  to  the  growth  of  AlSb  and  GaSb  layers  to 
smooth  the  surface  for  the  PEO  measurement.  The 
substrate  was  rotated  at  5  rpm. 


3.  Results  and  discussion 

A  comparison  of  the  PEO  from  a  GaSb  well 
measured  during  RTD  growth  on  GaAs  and  InAs 
substrates  is  shown  in  Fig.  2.  GaSb  well  oscillations 
were  weak  or  unresolved  when  the  device  structure 
was  grown  on  GaAs  substrates  (Fig.  2a)  but  dis¬ 
tinct  and  measurable  for  those  grown  on  InAs 
substrates  (Fig.  2b).  A  comparison  of  the  PEO  from 
an  AlSb  barrier  measured  during  the  RTD  growth 
on  GaAs  and  InAs  substrates  is  shown  in  Fig.  3.  In 
the  case  of  AlSb,  PEO  are  resolved  on  either  sub¬ 
strate,  with  the  oscillation  contrast  on  InAs  being 
arguably  superior. 

AFM  images  comparing  an  RTD  structure 
grown  on  GaAs  with  a  similar  structure  grown  on 
InAs  (as  per  Fig.  1)  are  shown  in  Fig,  4.  The  mor¬ 
phologies  of  the  two  surfaces  are  strikingly  differ¬ 
ent.  Despite  the  superlattice  smoothing  layer  the 
surface  of  the  device  grown  on  GaAs  is  character¬ 
ized  by  large-scale  roughness  on  the  order  of  a  mi¬ 
cron  feature  size.  By  comparison,  the  device  grown 
on  InAs  is  featureless  when  plotted  on  the  same 
scale.  Although  the  AFM  measurements  are  per¬ 
formed  on  the  top  contact  layer  of  the  complete 
device,  independent  AFM  measurements  of 
InAs  layers  grown  on  (0  0 1)  GaAs  substrates 
have  shown  that  this  large  scale  morphology 
develops  during  the  growth  of  the  InAs  buffer 
layer  [6]. 

It  is  clear  that  the  presence  of  large-scale  mor¬ 
phology  strongly  influences  the  growth  mode  of 
GaSb  under  our  conditions  but  has  a  much  smaller 
effect  on  the  growth  mode  of  AlSb.  We  propose 
that  the  large-scale  morphology  and  the  effect  on 


JJ.  Zinck,  D.K  Chow  /  Journal  of  Crystal  Growth  1751176  (1997)  323-327 


325 


Fig.  2.  PEO  measured  during  the  growth  of  a  GaSb  quantum 
well  of  an  InAs/AlSb/GaSb  RTD  on  (a)  (0  0  1)  GaAs;  (b)  (0  0  1) 
InAs.  Arrows  indicate  Ga  shutter  actuation. 

the  growth  mode  of  GaSb  are  related  to  the  pres¬ 
ence  of  dislocations  in  the  material  as  a  result  of  the 
large  lattice  mismatch  of  the  device  material  with 
the  substrate.  There  have  been  a  number  of  recent 
reports  in  the  literature  which  identify  unusual  sur¬ 
face  structure  with  the  highly  strained  growth  of 
GaSb  and  AlSb  on  GaAs  [7,  8].  Kyutt  et  al.  [9] 
have  shown  that  the  large  lattice  mismatch  between 
GaSb  and  GaAs  is  accommodated  by  threading 
dislocations  nucleating  at  the  heterointerface  and 
terminating  at  the  surface  with  a  mainly  screw 
orientation  and  hence  a  partial  step.  It  is  reason¬ 
able  to  assume  that  an  analogous  mechanism  for 
strain  accommodation  occurs  with  InAs  on  GaAs 
which  has  a  similar  lattice  mismatch.  Transmission 
electron  microscopy  measurements  have  shown 
that  threading  dislocations  are  present  at  a  density 
of  10®/cm^  in  our  devices  grown  on  GaAs.  The 
presence  of  dislocations  which  add  additional  step 
structure  to  the  surface  would  accelerate  the 
transition  to  step  flow  growth  for  the  more  mobile 


Time  (seconds) 


Fig.  3.  PEO  measured  during  the  growth  of  an  AlSb  barrier 
region  of  an  InAs/AlSb/GaSb  RTD  on  (a)  (0  0  1)  GaAs;  (b) 
(0  0  1)  InAs.  Arrows  indicate  Al  shutter  actuation. 

species  in  which  case  oscillations  would  not  be 
resolved.  This  interpretation  assumes  that  the  mo¬ 
bility  of  Ga  on  GaSb  will  be  higher  than  the  mobil¬ 
ity  of  Al  on  AlSb  because  of  the  difference  in  their 
respective  bond  strengths.  The  bond  strength  can 
be  approximately  represented  by  the  cohesive  en¬ 
ergy  which  is  reported  as  1.7  for  AlSb  and  1.5  for 
GaSb  [10].  In  the  case  of  the  near  lattice  matched 
growth  on  InAs  substrates,  dislocations  do  not 
form,  the  morphology  is  smooth,  and  2D  island 
nucleation  predominates  over  step  flow  as  the 
growth  mode  for  both  AlSb  and  GaSb  under  our 
growth  conditions. 

4.  Conclusions 

During  the  growth  of  InAs/AlSb/GaSb  RTD 
structures  on  (0  0  1)  GaAs  substrates  large-scale 
surface  morphology  develops,  in  contrast  to  the 
growth  of  RTDs  on  (0  0  1)  InAs  substrates  which 
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remain  relatively  smooth.  The  growth  mode  of 
GaSb  is  different  on  these  two  substrates  such  that 
GaSb  PEG  are  only  resolved  when  InAs  is  used  as 
the  substrate.  The  presence  of  threading  disloca¬ 
tions  which  terminate  in  a  partial  step  are  proposed 
as  the  cause  of  the  GaSb  growth  mode  change. 
AlSb  PEG  are  relatively  unaffected  by  the  choice  of 
substrate  suggesting  that  the  mobility  of  Ga  is 
greater  than  A1  under  our  conditions.  The  choice  of 
GaAs  versus  InAs  substrates  has  been  reported 
to  have  only  a  small  impact  on  (DC)  RTD 
current- voltage  characteristics  [11],  however, 
without  the  ability  to  control  device  layer  thick¬ 
nesses  in  situ,  the  achievable  precision  in  device 
performance  will  be  a  limiting  factor  in  high-speed 
circuit  design.  Understanding  the  development 
of  surface  morphology  is  critical  if  PEG  is  to 
be  applied  for  in  situ  control  of  quantum  device 
layers. 
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Abstract 

ZnSe  films  were  grown  on  GaAs  substrates  with  various  growth  conditions  by  molecular  beam  epitaxy  (MBE).  The 
optical  anisotropy  of  the  films  was  determined  by  reflectivity  difference  spectroscopy  (RDS)  during  and/or  after  growth. 
Comparison  of  the  in  situ  RDS  data  with  spectroscopic  ellipsometry  (SE)  data  suggests  that  RDS  could  be  utilized  to 
determine  film  thickness,  alloy  composition  and  temperature  during  growth.  The  RDS  spectra  were  also  compared  with 
results  from  transmission  electron  microscopy  (TEM),  X-ray  double-crystal  rocking  curve  (DCRC)  and  Hall  measure¬ 
ments.  Comparison  with  the  Hall  effect  showed  that  the  magnitude  of  the  optical  anisotropy  is  generally  larger  for  higher 
carrier  concentrations.  Comparison  with  TEM  results  and  the  full-width-at-half-maximum  measurements  by  DCRC 
reveals  that:  (i)  the  Ei  structure  arising  from  the  bulk  spatial  distribution  (BSD)  is  correlated  with  film  quality;  (ii)  the 
amplitude  of  the  interference  below  Eq  provides  a  measure  of  the  ZnSe/GaAs  interface  quality;  and  (hi)  the  large 
anisotropy  above  the  band  gap  is  correlated  with  surface  roughness. 

PACS:  78.20.Ci;  82.80.Ej;  61.16.Bg;  81.10.Bk 

Keywords:  RDS;  SE;  TEM;  MBE;  ZnSe 


1.  Introduction 

Reflectivity  difference  spectroscopy  (RDS)  has 
been  recognized  for  some  time  as  a  useful  diagnos¬ 
tic  tool  because  of  its  sensitivity  to  surface  atomic 
and  electronic  structure.  Much  work  has  been  car¬ 
ried  out  on  the  elemental  and  III-V  systems  [1-3], 
but  little  has  so  far  been  done  on  II-VI  systems  [4]. 
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ZnSe-based  alloys  have  received  attention  for  their 
potential  as  laser  diodes  in  the  blue-green  region  of 
the  spectrum  [5].  The  short  lifetime  of  the  laser 
diodes  has  been  ascribed  to  poor  interface  quality 
arising  from  stacking  faults,  and  to  high  dislocation 
densities.  Thus,  it  would  be  useful  to  find  a  method 
of  monitoring  the  interface  quality  and  subsequent 
growth  of  these  materials.  In  this  paper,  we  show 
that  RDS  could  be  used,  both  during  and  after 
growth,  to  assess  the  quality  of  typical  II-VI 
systems. 
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2.  Experimental  procedure 

ZnSe  films  were  grown  on  GaAs  substrates  by 
molecular  beam  epitaxy  under  various  growth  con¬ 
ditions,  as  described  elsewhere  [6].  The  major 
growth  variables  were  substrate  preparation, 
growth  temperature  and  cell  temperature.  The  op¬ 
tical  anisotropy  for  these  materials  was  determined 
by  ex  situ  and  in  situ  RDS.  The  setup  and  data 
deduction  procedures  have  been  reported  pre¬ 
viously  [7,  8].  The  setup  for  the  in  situ  RDS  was 
similar  to  that  used  for  the  ex  situ  RDS,  except  that 
optical  fibers  were  introduced  in  order  to  overcome 
the  constraints  imposed  by  the  available  space  and 
location  of  the  optical  windows  in  the  MBE  cham¬ 
ber.  For  the  (0  0  1)  surface,  the  maximum  optical 
anisotropy  was  obtained  from  the  reflectivity  differ¬ 
ence  Ar/ro  0  1  =  (^0  1  1  -  ^0  I  i)Ao  o  i,  with  the  po¬ 
larization  direction  of  the  probing  beam  parallel  to 
the  sample  [0  0  1]  direction,  where  the  subscripts 
refer  to  the  crystal  orientation.  Experimental  errors 
due  to  imperfection  of  the  optical  components, 
misalignment  and  electronic  noise  were  further 
reduced  by  calculating  the  average 

(1) 

'■/av  Arool  roioj 


3.  Results  and  discussion 

Many  samples  were  characterized  in  this  study, 
but  we  concentrate  our  attention  here  on  six  repre¬ 
sentative  films  which,  for  convenience,  are  labeled 
A  to  F.  Fig.  1  shows  the  RDS  data  for  Sample  A, 
and  the  inset  shows  the  optical  dielectric  function  of 
ZnSe  obtained  from  SE  [9].  Comparison  shows 
that  the  structure  in  the  lineshape  of  the  RDS  data 
is  related  to  the  critical  point  structure  at  Eq, 
Eq  +  Ao,  Ej  and  Ei  +  Aj.  These  features  are  pres¬ 
ent  in  most  samples  although  their  magnitude  va¬ 
ries  from  one  film  to  another.  The  RDS  data  also 
show  an  interference  pattern  below  the  band  gap 
with  the  same  period  as  the  structure  in  the  SE  data 
due  to  the  Fabry-Perot  effect  in  the  film/substrate 
structure.  The  interference  pattern  as  in  the  RDS 
data  provides  the  information  on  thickness  in  sim¬ 
ilar  fashion  to  the  interference  pattern  in  the  SE 


Fig.  1.  RDS  data  for  Sample  A  obtained  using  Eq.  (1).  Inset 
shows  the  optical  dielectric  function  of  ZnSe.  Comparison  shows 
that  the  RDS  lineshape  is  similar  to  bulk  optical  dielectric 
function  with  critical  point  structures  exaggerated. 

data.  Fig.  2  demonstrates  this  capability  of  in  situ 
RDS  for  determining  film  thickness.  This  spectrum 
was  taken  at  a  wavelength  of  600  nm  during  growth 
and  shows  the  periodic  change  in  Ar/r  with  thick¬ 
ness.  The  simple  formula  Ad  =  2/2n  for  the  peak- 
to-peak  distance  can  be  applied  to  obtain  the 
growth  rate,  where  d,  2,  and  n  are  the  thickness, 
wavelength  and  refractive  index,  respectively.  The 
value  of  n  was  obtained  from  the  measured  optical 
properties  of  ZnSe  [9].  The  accuracy  of  the  thick¬ 
ness  measurement  depends  primarily  on  the  accu¬ 
racy  of  the  value  used  for  n,  and  could  be  improved 
through  calibration.  The  peak-to-peak  amplitude 
decreases  as  the  thickness  increases,  presumably 
due  to  a  very  small  absorptivity  below  the  bandgap. 

Fig.  3  compares  the  RDS  data  from  Sample 
A  with  those  from  Sample  B.  For  clarity,  only  the 
real  part  is  shown.  The  difference  is  rather  drastic. 
The  RDS  data  for  Sample  A  show  much  larger 
anisotropy  over  the  whole  energy  range  above 
Eq  than  those  from  Sample  B.  However,  the  deriva¬ 
tive  structure  in  the  Ej  region  is  persistent  in  both 
data.  The  derivative  structure  in  the  Eq  region  is 
even  stronger  for  Sample  B  than  that  for  Sample  A. 
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Fig.  2.  In  situ  RDS  signal  at  fixed  wavelength,  600  nm,  as 
a  function  of  time. 


Fig.  3.  Comparison  of  the  real  part  of  RDS  for  Sample  A  with 
that  for  Sample  B.  The  schematic  diagram  in  inset  shows  the 
method  of  calculating  BSD  contribution. 


The  corresponding  SE  data  do  not  show  such 
a  large  change.  The  drastic  change  in  the  RDS  data 
clearly  indicates  that  the  RDS  data  depend  more 
strongly  than  SE  data  on  the  sample  quality.  As 
discussed  below,  the  RDS  data  are  more  sensitive 
to  the  surface  morphology  and  interface  quality 
determined  by  TEM,  and  the  film  mosaicity  deter¬ 
mined  by  the  FWHM  from  DCRC. 

The  RDS  lineshape  is  similar  to  the  bulk  optical 
dielectric  function,  but  with  the  real  and  imaginary 
parts  interchanged  and  with  the  critical-point 
structure  exaggerated,  as  shown  in  Fig.  1.  The  dif¬ 
ference  were  ascribed  to  three  major  contributions 
[10]:  the  surface  local  field  (SLF),  the  bulk  spatial 
distribution  (BSD),  and  the  surface  roughness  (SR). 
Previously,  we  adopted  a  fitting  procedure  in  order 
to  determine  each  contribution,  using  the  SE  data 
as  a  basis  [8].  However,  in  this  work,  another 
approach  was  used  to  separate  out  these  three 
contributions  to  the  RDS  data.  For  simplicity,  only 
the  real  part  of  the  RDS  data  was  analyzed.  The 
reason  was  that  the  linewidth  of  the  BSD  lineshape, 
as  calculated  from  the  SE  data,  is  smaller  than  that 
of  the  RDS  data,  and  also  because  the  peak  posi¬ 
tion  of  the  BSD  lineshape  is  more  persistent  than 
those  observed  in  the  RDS  data.  This  made  it 
rather  difficult  to  obtain  a  consistent  result  for  the 
strength  of  the  BSD  contribution  by  fitting.  There¬ 
fore,  we  chose  to  calculate  the  area  of  the  BSD 
contribution  around  the  Ej  region,  as  depicted  in 
the  inset  in  Fig.  3.  The  SLF  lineshape  calculated 
from  the  SE  data  did  not  vary  much,  since  the  bulk 
dielectric  function  did  not  change  much  from  one 
sample  to  another.  On  the  other  hand,  the  RDS 
data  showed  a  large  variation.  Extracting  the  SLF 
contribution  from  the  data  and  deducing  the  SR 
contribution  in  a  consistent  way  was  thus  not 
simple.  Moreover,  it  has  been  pointed  out  that 
large  optical  anisotropy  values  are  primarily  corre¬ 
lated  with  the  surface  roughness  propagated  from 
the  strains  in  heteroepitaxial  materials  [11].  Thus, 
instead  of  separating  the  SLF  and  SR  contributions 
and  comparing  them  with  other  results,  we  cal¬ 
culated  the  average  of  the  optical  anisotropy  be¬ 
tween  1.5  and  6  eV,  as  presented  in  Table  1.  The 
amplitude  of  the  interference  (AI)  around  2  eV 
is  also  recorded  in  Table  1.  From  the  nature  of 
the  RDS  signal,  this  amplitude  is  reduced  by 
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Table  1 

Summary  of  experimental  results  for  selected  samples;  the  RHEED  pattern  at  the  growth  start  is  designated  by  two-dimensional  (2D)  or 
three-dimensional  (3D)  growth;  N  is  given  in  units  of  cm  "  parameters  obtained  from  RDS  data  are  explained  in  the  text:  the  amplitude 
of  the  interference  (AI),  BSD  contribution  in  meV  and  average  value  of  optical  anisotropy  (AOA);  (-)  means  that  measurement  was 
performed,  but  the  particular  quantity  was  not  determined 


Sample  RHEED 
(at  start) 

N 

TEM 

RDS 

d 

(nm) 

FWHM 

(arcsec) 

Surface 

Interface 

AI 

BSD 

(meV) 

AOA 

A 

2D 

10'® 

pp  8  nm 

Smooth  and  flat 

0.013 

0.725 

0.0122 

1233 

234 

B 

2D 

10'® 

pp  1.3  nm 

Rougher  than  Sample  A 

0.006 

0.754 

-  0.0009 

1098 

218 

C 

2D 

10'6 

Relatively  flat 

Smooth  and  flat 

0.005 

0.000 

0.0016 

2825 

144 

D 

2D 

10'^ 

pp  3  nm 

Relatively  flat 

0.004 

1.178 

0.0019 

3385 

156 

E 

3D 

10'® 

pp  2  nm 

Rough 

0.015 

1.502 

0.0035 

643 

F 

3D 

pp  2  nm 

Rougher  than  Sample  A 

0.006 

0.568 

0.0022 

751 

- 
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absorption  below  Eo  and  is  enhanced  by  a  large 
difference  in  the  reflectivity  at  the  interface.  The 
contribution  from  the  front  surface  is  expected  to 
be  negligible  based  on  the  report  that  refractive 
index  differences  below  the  gap  are  on  the  order  of 
10"'  [12]. 

Table  1  summarizes  results  from  the  six  selected 
representative  samples.  The  table  lists  the  growth 
quality  at  the  start  as  determined  by  RHEED,  the 
doping  concentration  (N)  from  Hall  measurement, 
TEM  results  at  the  surface  and  interface,  RDS 
results,  the  thickness  (d)  and  the  FWHM  from 
DCRC.  The  TEM  results  summarize  the  average 
peak-to-peak  amplitude  for  the  surface  and  inter¬ 
face  roughness.  The  BSD  contribution  around  the 
El  region  is  related  to  other  physical  parameters 
such  as  the  FWHM  from  DCRC,  d,  N  and  the 


TEM  results.  If  d  and  N  for  two  samples  are  in 
a  similar  range,  the  BSD  contribution  around  the 
El  region  is  larger  for  the  sample  whose  structural 
quality  appears  better  from  the  FWHM  of  the 
DCRC  and  the  TEM  results.  For  example,  the 
thickness  and  the  FWHM  for  Sample  A  are  slightly 
larger  than  that  for  Sample  B,  indicating  that  the 
structural  quality  of  Sample  B  is  slightly  better  than 
that  of  Sample  A.  This  is  also  reflected  in  the  BSD 
contribution  in  that  the  BSD  contribution  of 
Sample  B  is  slightly  larger  than  that  of  Sample  A. 
The  BSD  contribution  is  also  sensitive  to  the  dop¬ 
ing  concentration.  Samples  C  and  D  have  similar 
structural  quality  in  view  of  the  FWHM  of  DCRC, 
but  the  BSD  contribution  of  sample  C  is  below  the 
sensitivity  limit,  since  its  doping  concentration  is 
much  less  than  that  of  sample  D.  The  AI  of  Sample 
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A  is  larger  than  that  of  Sample  B,  and  the  TEM 
results  show  that  the  interface  of  Sample  A  is 
smoother  than  that  of  Sample  B.  This  trend  is  also 
shown  in  Samples  E  and  F.  Thus,  we  believe  that 
the  value  for  AI  could  be  related  to  the  interface 
roughness.  The  micrographs  in  Fig.  4  compare  the 
interface  of  Sample  B  with  that  of  Sample  A.  Both 
show  good  quality  layers  without  visible  misfit  dis¬ 
locations,  but  the  interface  of  Sample  B  is  slightly 
rougher  than  that  of  Sample  A.  The  average  of  the 
optical  anisotropy  (AOA)  is  larger  for  the  sample 
with  the  rougher  surface.  For  example,  the  large 
value  of  AOA  for  Sample  A  is  due  to  the  rough 
surface  as  shown  by  Fig.  5,  whereas  the  TEM  result 
for  Sample  B  shows  a  very  smooth  surface.  Another 
example  is  the  comparison  of  E  with  F.  Because 
these  layers  are  thin,  the  DCRC  were  not  strong 
enough  to  determine  the  corresponding  FWFTM. 
On  the  other  hand,  the  BSD  contributions  for  both 
samples  showed  that  Sample  E  had  better  struc¬ 
tural  quality  than  Sample  F,  as  also  confirmed  by 
the  TEM  results. 


4.  Conclusions 

We  have  found  that  reflectivity  difference  spec¬ 
troscopy  as  applied  to  the  ZnSe/GaAs  system  was 
useful  in  deducing  important  physical  parameters 
such  as  thickness  and  alloy  composition,  and  for 
determining  the  surface,  film  and  interface  quality. 
A  simple  method  was  developed  for  analyzing  the 
RDS  to  generate  parameters  which  are  valuable  for 
comparison  and  correlation  with  the  results  of 
other  types  of  sample  probe.  A  complete  analysis  of 


the  RDS  data  is  in  progress  and  will  be  published 
elsewhere. 
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Abstract 

A  RHEED  system  has  been  developed  that  allows  real-time  monitoring  of  RHEED  information  throughout 
a  multilayer  growth  run  with  rotation.  The  machine  vision  system  consists  of  high-speed  image  capture  hardware 
coupled  with  digital  signal  processing  software  that  allows  the  real-time  extraction/analysis  of  the  RHEED  intensity  and 
width  signals  from  the  noise  induced  by  substrate  rotation.  This  system  has  been  used  to  investigate  the  oxide  desorption 
process  on  GaAs  substrates,  along  with  the  specular  spot  intensity  and  width  variation  during  the  growth  of  a  set  of 
InGaAs/AlGaAs  single  quantum  well  structures  with  systematically  varied  process  parameters.  A  strong  correlation  of 
the  specular  spot  intensity  with  growth  parameters  has  been  observed.  It  is  also  shown  that  the  observed  specular  spot 
intensity  can  be  used  to  predict  the  quality  of  the  InGaAs  quantum  well  structures. 


1.  Introduction 

The  reflection  high  energy  electron  diffraction 
(RHEED)  technique  has  been  widely  applied  to  the 
study  of  molecular  beam  epitaxy  growth  kinetics. 
RHEED  oscillations  at  the  onset  of  growth  have 
been  used  to  both  measure  growth  rates,  and  accu¬ 
rately  determine  alloy  compositions  and  surface 
diffusion  lengths  [1].  The  dynamics  of  the  intensity 
oscillations  have  been  recently  employed  to  grow 
closely  lattice-matched  ternary  alloys  [2].  Not  only 
have  the  dynamics  of  the  specular  spot  intensity 
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been  used  to  obtain  information  about  the  growth 
kinetics  but  the  profile  of  the  specular  beam  has 
also  been  used  to  determine  surface  correlation 
lengths  during  the  growth  process  [3].  One  limita¬ 
tion  of  the  RHEED  technique  is  that,  to  date,  it  has 
been  almost  exclusively  applied  to  non-rotating 
substrates  due  extrinsic  effects  such  as  substrate 
wobble,  and  intrinsic  effects  due  to  the  complex 
variation  of  the  specular  spot  intensity  with  azi¬ 
muthal  angle  [4].  Thus,  it  has  had  limited  applica¬ 
tion  in  real-time  monitoring/control  and  the  study 
of  surface  kinetics  during  growth  of  realistic  device 
structures  which  are  usually  grown  with  rotation. 
Several  approaches  have  been  undertaken  to  allow 
the  measurement  of  RHEED  oscillations  on 
rotating  substrates  during  the  initial  stages 
of  growth.  These  include:  rotating  at  high  speed 
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(  >  100  rpm)  [5],  specular  spot  tracking  coupled 
with  Fourier  transform  techniques  [6,  7],  and  real 
time  layer  counting  using  digital  signal  processing 
techniques  [7]. 

To  date,  little  has  been  done  to  utilize  RHEED 
for  monitoring  the  material  surface  throughout  the 
growth  of  an  entire  complex  multilayer  structure.  It 
is  important  to  study  realistic  structures  due  to 
coupling  between  the  layers  in  such  a  multilayer 
structure.  In  the  present  work,  a  RHEED  acquisi¬ 
tion  and  analysis  system  has  been  developed  that 
allows  real-time  monitoring  and  analysis  of 
RHEED  images  throughout  extended  multilayer 
MBE  growth  runs  in  which  the  sample  is  rotated  at 
standard  rotation  rates  (  ~  10  rpm). 

As  an  initial  application  of  this  system,  it  was 
used  to  monitor  and  analyze  the  RHEED  data 
from  a  set  of  16  InGaAs/AlGaAs  single-quantum 
well  structures  for  which  the  growth  parameters 
were  systematically  varied. 

2.  Experimental  details 

The  structure  investigated  in  the  present  work 
consisted  of  a  0.1  pm  GaAs  interface  layer,  a  0.5  pm 
AlGaAs  buffer  layer  followed  by  a  75  A  InGaAs 
quantum  well,  which  was  capped  by  a  0.25  pm 
AlGaAs  cap  layer.  All  samples  in  this  study  were 
grown  in  a  solid  source  Varian  Gen  II  MBE  system 
using  solid  AS4  as  the  arsenic  species.  Samples  were 
grown  on  ^  of  a  2  in  semi-insulating  GaAs  wafer 
that  was  etched  in  5:1:1  H2SO4  :  H2O  :  H2O2 
before  being  indium  mounted  on  a  standard  mol¬ 
ybdenum  sample  holder.  The  following  factors 
were  varied  for  the  sixteen  trial  runs:  oxide  removal 
temperature  from  580°C  to  650°C,  oxide  removal 
time  from  30  to  300  s,  AlGaAs  growth  temperature 
from  580°C  to  630°C,  InGaAs  growth  temperature 
from  480°C  to  520^C,  interface  interrupt  time  from 
30  to  90  s  and  arsenic  cell  temperature  from  325°C 
to  340°C  (1  X  10"^  to  2  X  10“^  Torr).  It  is  impor¬ 
tant  to  note  that  the  RHEED  pattern,  as  viewed  by 
the  MBE  operator,  indicated  complete  oxide  re¬ 
moval  for  all  the  sixteen  experiments. 

The  RHEED  system  consists  of  a  10  kV  electron 
gun  with  the  image  captured  with  a  video  camera 
and  digitized  on  a  PCI  high  speed  video  capture 


card.  The  capture  card  acts  as  a  PCI  bus  master 
and  transfers  the  image  array  at  very  high  speed 
directly  to  linearly  mapped  video  display  memory 
on  a  VGA  video  display  card,  also  on  the  PCI 
bus.This  configuration  allows  the  transfer  of  a  large 
amount  of  video  data,  about  a  one  fourth  of 
a  megabyte  for  a  standard  NTSC  image,  without 
using  any  primary  processor  overhead,  thereby 
eliminating  a  data  transfer  bottleneck  that  has  his¬ 
torically  prevented  real  time  image  analysis.  Once 
in  system  memory,  the  image  is  then  manipulated 
by  the  primary  CPU  while  the  next  video  frame  is 
being  digitized  and  stored. 

To  compensate  for  beam  movement  due  to  sub¬ 
strate  wobble  and  other  factors,  the  position  of  the 
centroid  of  each  beam  is  tracked  so  that  the 
measurement  algorithm  is  always  fixed  on  the 
beam.  This  tracking  involves  segmenting  the  image 
in  order  to  separate  beam  pixels  from  background 
pixels  in  the  vicinity  of  the  last  known  position  of 
the  beam,  and  computing  the  row  and  column 
centroids  of  the  connected  portion  of  the  non¬ 
background  binary  image  at  this  last  known  posi¬ 
tion.  The  last  known  position  is  then  updated,  and 
passed  to  the  measurement  routines. 

One  complication  in  discriminating  between  the 
spot  and  the  background  is  that  the  overall  inten¬ 
sity  changes  by  a  factor  of  two  or  more  over  the 
entire  multilayer  growth  run.  Thus,  a  fixed  thresh¬ 
old  value  for  determining  the  cutoff  between  the 
brighter  diffracted/reflected  beams  and  the  darker 
background  is  not  a  viable  approach.  The  thresh¬ 
old  intensity  must  be  updated  periodically  using 
a  local  intensity  histogram  to  account  for  the  rela¬ 
tive  change  in  intensity  with  time.  Fortunately,  the 
rate  of  change  in  intensity  is  slow  compared  to  the 
image  sampling  rate.  Thus,  the  cutoff  threshold  can 
be  held  constant  for  a  number  of  sampling  periods 
before  being  updated.  This  is  crucial  to  obtain 
rapid  processing  of  the  images. 

The  measured  intensity  of  each  spot  being 
tracked  is  a  normalized  integral  of  the  individual 
pixel  brightness  levels  over  a  user  selected  area 
centered  at  the  centroid  of  the  spot.  The  area  is 
a  parallelogram  with  one  set  of  sides  aligned  nor¬ 
mal  to  the  RHEED  shadow  edge  and  the  other  set 
of  sides  aligned  with  the  vertical  columns  of  the 
image.  This  geometry  is  chosen  to  allow  selection  of 
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a  single  spot/streak  from  a  group  of  closely  spaced 
spots  while  maximizing  the  area  of  integration 
without  overlapping  an  adjacent  spot. 

Not  only  have  the  intensities  of  the  beams  been 
measured,  but  the  widths  of  the  beams  were  also 
determined.  A  narrower,  more  focused  beam,  indi¬ 
cates  a  large  surface  correlation  length  and  a  more 
uniform  surface,  while  a  less  focused,  wider  beam 
corresponds  to  a  more  disordered  surface  with 
smaller  surface  correlation  length.  The  width  of 
a  beam  is  measured  by  maximizing  a  cost  function 
that  favors  a  sharp  gradient  in  intensity  and  a  short 
distance  from  the  center  of  the  spot.  The  cost  func¬ 
tion  is  evaluated  along  a  line  passing  through  the 
center  of  the  spot  and  parallel  with  the  shadow 
edge.  A  technique  such  as  that  used  by  Collins  et  al. 
[6]  in  which  a  constant  threshold  is  used  to  detect 
the  edge  of  the  spot  is  only  applicable  if  the  relative 
intensity  of  the  whole  image  does  not  change  signif¬ 
icantly.  In  the  case  of  monitoring  over  the  whole 
duration  of  the  growth  run,  however,  the  maximum 
and  minimum  intensities  of  the  spots  vary  dramati¬ 
cally.  During  the  growth  of  the  GaAs  buffer  the 
diffuse  background  intensity  is  actually  higher  than 
the  specular  spot  intensity  during  the  AlGaAs 
layer,  Thus,  it  is  impossible  to  define  a  single  con¬ 
stant  threshold  value  that  will  discriminate  the 
specular  spot  from  the  background  throughout 
such  multilayer  structures. 

A  cost  function  technique  was  used  instead  of 
standard  edge  detection  methods  because  in  many 
cases  the  spots  did  not  have  a  large  enough  bright¬ 
ness  gradient  to  allow  use  of  standard  techniques 
[8,  9].  The  cost  function  approach  gives  essentially 
the  same  results  for  sharp  edges  as  the  standard 
techniques,  but  for  spots  with  a  less  steep  gradient, 
this  cost  function  approach  gives  a  spot  width 
equivalent  to  one  which  a  human  operator  would 
choose.  The  full  width  at  half  maximum  (FWHM) 
approach  also  fails  to  give  consistently  reasonable 
estimates  of  spot  width,  because  in  many  instances 
the  background  intensity  is  so  large  and  varied  over 
the  image  that  the  FWHM  technique  gives  a  spot 
width  many  times  bigger  than  the  actual  width. 

The  specular  spot  intensity  and  widths  were  mea¬ 
sured  at  10  Hz  and  then  passed  in  real  time  through 
a  tenth  order  Butterworth  digital  lowpass  filter 
with  a  half  power  point  of  0.1  Hz  to  remove 


changes  in  intensity  due  to  factors  such  as  rotation 
and  wobble  [10]. 

3.  Results  and  discussion 

The  specular  spot  intensity  as  a  function  of  time 
for  a  complete  MBE  growth  run  consisting  of  an 
AlGaAs  buffer  layer  and  a  single  InGaAs  quantum 
well  before  any  filtering  is  done  is  shown  in  Fig.  1. 
In  this  particular  structure,  the  oxide  was  desorbed 
at  650°C  for  300  s,  the  AlGaAs  buffer  layer  was 
grown  at  630°C,  the  InGaAs  single  quantum  well 
was  grown  at  a  substrate  temperature  of  520°C, 
and  an  interrupt  time  of  90  s  was  used  at  each  side 
of  the  quantum  well.  As  can  be  seen,  there  is  very 
little  useful  information  readily  available,  because 
of  the  noise  that  is  induced  by  the  substrate  rotation. 
However,  the  same  data  shows  many  significant 
features  after  low  pass  filtering,  as  shown  in  Fig.  2. 

It  was  found  that  the  relative  difference  in  inten¬ 
sity  between  the  specular  spot  and  the  diffusely 
scattered  background  is  a  good  indication  of  the 
state  of  oxide  desorption.  Initially,  when  the  oxide 
is  largely  intact,  there  is  little,  if  any,  diffraction.  The 
majority  of  the  illumination  in  the  image  is  from 
diffuse  scattering  off  the  rough  oxide  surface.  As  the 
oxide  desorbs,  exposing  the  crystal  lattice  structure 


Time  (min) 


Fig.  1.  Specular  spot  intensity  during  a  1  h  MBE  run  while 
rotating  the  substrate  at  10  rpm. 
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Fig.  2.  Specular  spot  intensity  during  a  1  h  MBE  after  being 
passed  through  a  low-pass  digital  filter. 


Time  (min) 

Fig.  3.  Specular  spot  width  during  the  growth  of  the  single- 
quantum  well. 


to  the  electron  beam,  the  familiar  pattern  of  peri¬ 
odic  spots  and  streaks  emerges,  with  the  spots  and 
streaks  getting  progressively  brighter  as  desorption 
progresses.  Simultaneously  the  diffusely  scattered 
background  gets  progressively  dimmer.  Thus,  the 
peak  intensity  goes  up  while  the  background  inten¬ 
sity  goes  down.  Of  great  importance  is  the  fact  that 
there  is  a  dramatic  increase  in  the  difference  in  these 
two  intensities  at  the  point  where  desorption  is 
completed. 

This  difference  between  peak  and  background 
intensities  represents  a  measurement  of  the  extent 
of  desorption,  and  thus  provides  a  means  of  accu¬ 
rately  determining  when  desorption  has  occurred. 
This,  in  turn,  leads  to  shorter  desorption  cycles.  In 
the  standard  approach,  the  substrate  temperature 
is  raised  until  the  point  where  a  bright  and  sharp 
RHEED  pattern  is  observed,  and,  due  to  the  sub¬ 
jective  nature  of  the  interpretation,  this  point  may 
be  significantly  beyond  the  point  at  which  desorp¬ 
tion  has  actually  completed.  The  information  avail¬ 
able  from  the  real  time  machine  vision  system  can 
reduce  this  ambiguity  by  providing  a  quantitative 
measure  of  desorption.  The  information  can  also 
prevent  the  desorption  cycle  from  being  cut  short 
before  desorption  is  complete.  Thus,  the  impact  of 
the  real  time  machine  vision  is  to  shorten  the  de¬ 
sorption  cycle,  while  producing  more  reliable  re¬ 
sults. 


The  width  of  the  specular  spot  vs.  time  around 
the  growth  of  the  InGaAs  quantum  well  is  plotted 
in  Fig.  3.  It  can  be  seen  that  during  the  first  growth 
interrupt,  the  beam  becomes  narrower  as  the  sur¬ 
face  recovers  to  a  smoother  state.  During  the 
growth  of  the  quantum  well,  the  RHEED  pattern 
change  from  narrow  streaks  to  wider  spots  is  a  sign 
of  strain  relaxation,  indicated  by  the  increase  in  the 
specular  spot  width.  The  width  then  decreases  as 
the  specular  beam  gets  sharp  and  narrow  again 
with  the  surface  smoothing  associated  with  the 
second  growth  interrupt.  This  quantitative  real 
time  measure  of  the  quality  of  the  surface  is  a  useful 
feedback  tool  for  MBE  growth. 

Fig.  4  is  a  plot  of  specular  spot  intensity  during 
the  growth  of  the  InGaAs  quantum  well.  The  quali¬ 
tative  shape  of  this  filtered  signal  is  consistent 
through  all  sixteen  growth  runs.  It  shows  the  recov¬ 
ery  of  the  specular  spot  intensity  during  the  periods 
of  growth  interruption  as  well  as  its  variation  dur¬ 
ing  the  growth  of  the  quantum  well  while  being 
rotated.  The  highest  value  of  the  specular  spot 
intensity  during  the  growth  of  the  InGaAs  quan¬ 
tum  well,  abbreviated  as  QWH  (shown  in  Fig.  4) 
has  been  fit  to  a  linear  model,  with  the  growth 
parameters  as  the  independent  variables.  A  number 
of  the  growth  parameters  were  found  to  be  statist¬ 
ically  significant  within  a  95%  confidence  interval. 
QWH  as  a  function  of  the  substrate  temperature 
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during  the  quantum  well  growth  and  the  arsenic 
cell  set  point  is  plotted  in  Fig.  5.  As  can  be  seen  the 
specular  spot  intensity  is  a  strong  function  of  both 
parameters.  In  this  case  the  brightest  specular  spot 
was  obtained  for  a  substrate  temperature  of  450°C 


Fig.  4.  Specular  spot  intensity  during  the  growth  of  the  single¬ 
quantum  well. 


and  an  arsenic  set  point  of  340°C.  This  is  in  agree¬ 
ment  with  previous  reports  on  the  growth  of  high 
quality  InGaAs  by  MBE  [11]. 

Not  only  is  there  a  strong  correlation  between 
the  input  growth  parameters  and  the  specular  spot 
intensity  during  the  quantum  well  growth,  there  are 
strong  correlations  between  the  low  temperature 
photoluminescence  and  the  specular  spot  intensity, 
as  shown  in  Fig.  6.  The  inverse  of  the  specular  spot 
intensity  (QWH)  is  plotted  during  the  quantum 
well  growth  together  with  the  FWHM  of  the  In¬ 
GaAs  photoluminescence.  These  can  be  easily 
understood  when  one  considers  that  the  specular 
spot  intensity  is  a  measure  of  the  surface  roughness. 
Thus,  when  the  interfaces  are  the  smoothest  the 
photoluminescence  is  the  narrowest. 

4.  Summary 

In  summary,  a  machine  vision  system  has  been 
demonstrated  that  allows  the  quantitative  real-time 
measurement  of  RHEED  characteristics  through¬ 
out  the  growth  of  multilayer  device  structures  while 
rotating  the  substrate.  A  strong  correlation  of 
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Arsenic  Cell  SetPoint  325  440  Substrate  Temperature 

Fig.  5.  Specular  spot  intensity  before  the  growth  of  the  InGaAs  single-quantum  well  as  a  function  of  the  substrate  temperature  and 
arsenic  flux 
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Fig.  6.  Correlation  between  the  specular  spot  intensity  and  the 
InGaAs  SQW  photoluminescence  FWHM. 

specular  spot  intensity  during  rotation  with  the 
growth  parameters  has  been  observed,  for  the  first 
time.  The  specular  spot  has  been  correlated  both 
with  the  growth  parameters  and  with  the  low  tem¬ 
perature  photoluminescence  spectra  of  the  InGaAs 
quantum-well.  Thus,  this  technique  shows  strong 
promise  for  real-time  monitoring  and  control  of 
advanced  multilayer  device  structures  grown  by 
molecular  beam  epitaxy. 
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Abstract 

Epitaxial  CoSi2/n-Si(l  1  1)  interfaces  have  been  studied  by  in-situ  ballistic-electron-emission  microscopy  (BEEM)  at 
77  K.  The  scattering  of  hot  electrons  by  individual  misfit  dislocations  and  point  defects  leads  to  significant  contrast  in  the 
BEEM  images,  proving  that  interfacial  defects  of  atomic  dimensions  can  be  probed  by  BEEM.  The  Schottky  barrier 
height  is  not  measurably  affected  by  these  defects.  When  present,  grains  of  a  metastable  CoSi2  phase  with  a  defect-CsCl 
structure  do,  however,  lower  the  barrier  appreciably. 


1.  Introduction 

The  invention  of  ballistic-electron-emission 
microscopy  (BEEM)  by  Kaiser  and  Bell  [1]  has 
made  it  possible  to  study  electric  transport  across 
interfaces  with  a  spatial  resolution  unattainable 
before.  In  BEEM  the  tip  of  a  scanning  tunneling 
microscope  (STM)  acts  as  the  emitter  injecting  hot 
charge  carriers  into  a  metallic  base.  The  base  layer 
is  kept  thin,  typically  <  10  nm,  in  order  to  allow 
a  fraction  of  the  injected  current  1^  to  enter  the 
semiconducting  collector  where  it  is  measured  as 
the  BEEM  or  collector  current,  1^.  The  configura¬ 
tion  resembles  thus  the  one  of  a  point  contact 
transistor  with  the  exception  that  here  the  emitter 
can  be  moved  across  the  sample  just  as  in  the  usual 
STM  operation.  In  the  simplest  case  the  metal  base 
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is  deposited  directly  onto  a  uniform  semiconductor, 
such  that  the  injected  carriers  just  have  to  sur¬ 
mount  the  Schottky  barrier  at  the  metal-semicon¬ 
ductor  (m-s)  interface  in  order  to  contribute  to  the 
collector  current.  More  complicated  heterostruc¬ 
tures  have  been  studied  by  BEEM  as  well,  however, 
such  as  resonant  tunneling  diodes  [2],  metal-insu¬ 
lator-semiconductor  (MIS)  [3]  and  MOS  struc¬ 
tures  [4]. 

Even  though  BEEM  was  designed  to  be  a  tech¬ 
nique  for  studying  buried  interfaces,  surface  effects 
may  contribute  significantly  to  the  variation  of  the 
collector  current  [5],  such  that  operation  in  UHV 
is  mandatory  in  order  to  attain  the  highest  possible 
spatial  resolution.  Here  we  shall  focus  on  epitaxial 
CoSi2/Si(l  1  1)  heterostructures  fabricated  by 
MBE.  Misfit  dislocations  are  shown  to  affect  hot 
electron  transport  by  leading  to  elastic  scattering. 
They  do  not  lead  to  a  measurable  change  of  the 
Schottky  barrier  height  at  the  m-s  interface.  Barrier 
fluctuations  do  occur,  however,  when  there  are 
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regions  in  which  the  crystal  structure  of  the  silicide 
deviates  from  the  usual  CaF2  type.  It  has  been 
shown  recently  that  under  certain  conditions  CoSi2 
may  indeed  assume  a  defected  CsCl  structure  with 
vacancies  on  the  cation  sublattice  [6,  7]. 

2.  Experimental  results  and  discussion 

All  CoSi2  films  were  grown  by  standard  MBE 
procedures  [8, 9]  on  heavily  As  doped 
(<0.004  Q  cm)  3  in  Si  substrates,  after  depositing 
first  an  undoped  Si  buffer  layer  with  a  thickness  of 
typically  300  nm.  Before  growing  the  base  for  the 
BEEM  measurements,  the  wafer  was  flipped  and 
a  thick  (>  10  nm)  CoSi2  layer  was  deposited  on  its 
back  side,  serving  as  an  ohmic  collector  contact. 
The  base  thickness  was  chosen  to  be  in  the  range 
2-4  nm  in  order  to  ensure  ballistic  electrons  to 
reach  the  interface  [10].  In  the  case  ofCoSi2/Si(l  1 1) 
films  of  this  thickness  can  be  grown  coherently  or 


partially  relaxed.  In  order  to  avoid  the  (2  x  1)  sur¬ 
face  reconstruction  present  on  strained  films  [11] 
the  number  of  dislocations  was  maximized  for  the 
BEEM  studies  by  adjusting  the  growth  procedure 
accordingly.  All  BEEM  experiments  were  carried 
out  at  77  K,  in  a  low-temperature  STM  situated  in 
a  UHV  chamber  attached  to  the  MBE  system. 

2. 1.  Scattering  by  dislocations  and  point  defects 

The  defect  structure  at  CoSi2/Si(l  1  1)  interfaces 
has  been  studied  extensively  by  transmission  elec¬ 
tron  microscopy  (TEM)  [12].  The  main  defects  of 
films  annealed  above  500°C  are  partial  dislocations 
with  Burgers  vectors  b  =  ia(^\  1  2>  associated  with 
interfacial  steps.  In  topographic  STM  images  these 
dislocations  appear  as  faint  surface  corrugations 
resulting  from  their  strain  field  (Fig.  la).  The  simul¬ 
taneously  acquired  BEEM  image,  taken  at  a  tun¬ 
neling  voltage  of  Ft  =  —  1.4  V  and  a  tunneling 
current  of  f  =  20  nA,  is  displayed  in  Fig.  lb.  It  is 


Fig.  1.  (a)  Topographic  STM  image  obtained  on  a  3.2  nm  thick  CoSi2  film  on  Si(l  1  1).  The  height  of  the  dislocation  induced 
corrugation  is  0.06  nm.  (b)  BEEM  image  acquired  simultaneously  with  the  topography.  The  gray  scale  ranges  from  0  to  160  p A. 
Tunneling  parameters  were:  V^=  —  1.4  V,  =  20  nA.  S  and  P  are  surface  and  interface  point  defects,  respectively 
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evident  that  the  contrast  in  the  BEEM  image  is  far 
more  pronounced  than  the  topographic  contrast, 
the  collector  current  being  enhanced  by  as  much  as 
40%  above  the  dislocation.  In  addition,  the  BEEM 
current  exhibits  the  same  kind  of  increase  at  certain 
point-like  features  which  are  not  associated  with 
surface  defects,  as  can  be  seen  by  comparing  with 
the  topography  image  (Fig.  la).  It  follows  also  from 
Fig.  1  that  the  dislocation  appears  much  narrower 
in  the  BEEM  image  than  in  the  topography  image. 
This  could  be  corroborated  by  taking  cross-sec¬ 
tions  perpendicular  to  the  dislocation  line  [13]. 
The  smallest  FWHM  of  a  dislocation  ever  observed 
in  a  BEEM  image  was  ~0.8  nm,  whereas  in  the 
topography  it  amounts  to  twice  the  film  thickness 
in  accordance  with  an  elastic  continuum  model 
[1 1].  The  width  of  the  point-like  features  in  Fig.  lb 
is  of  the  same  order  of  magnitude  as  the  one  of  the 
dislocation. 

Let  us  now  discuss  the  origin  of  the  BEEM 
contrast  visible  in  Fig.  lb.  As  outlined  in  the  Intro¬ 
duction,  the  nonuniformities  of  the  BEEM  current 
can  be  caused  either  by  variations  of  the  Schottky 
barrier  height  or  by  scattering  processes.  The  bar¬ 
rier  height  follows  immediately  from  the  variation 
of  the  collector  current  Ic  with  the  tunneling  volt¬ 
age  V^  (ballistic-electron-emission  spectroscopy  or 
BEES).  The  Schottky  barrier  height  at  the 
CoSi2/Si(l  1  1)  interface  was  found  to  be 
=  0.66  +  0.03  eV  both  in  the  vicinity  of  a  dislo¬ 
cation  as  well  as  far  away  from  it,  as  long  as  the 
silicide  has  its  normal  fluorite  structure  everywhere. 
The  contrast  variations  observed  on  a  scale  of 
nanometers  must  hence  be  due  to  elastic  scattering 
at  dislocation  cores  and  at  point  defects.  It  has  to  be 
kept  in  mind  that  the  angular  distribution  of  the 
tunneling  electrons  is  strongly  forward  focused, 
which  should  lead  to  low  transmission  across  a  per¬ 
fect  CoSi2/Si(l  1  1)  interface.  The  reason  for  this  is 
indicated  in  Fig.  2  showing  a  projection  of  the 
constant  energy  surfaces  of  Si  onto  the  interface 
Brillouin  zone.  Whereas  hot  electrons  with  a  small 
parallel  momentum  k||  are  primarily  reflected  back 
into  the  metal,  this  is  no  longer  true  if  they  undergo 
a  scattering  event,  yielding  the  necessary  large  ky. 
While  it  is  certain  that  the  bright  spots  in  Fig.  lb 
are  due  to  scattering  at  point  defects,  the 
exact  location  of  these  cannot  be  determined 


Fig.  2.  Pictorial  A:-space  representation  of  a  scattering  process 
allowing  a  hot  electron  to  enter  the  oflf-centered  conduction 
band  minima  at  the  CoSi^/Skl  1  1)  interface. 


experimentally  at  present.  On  the  other  hand,  the 
dislocation  line,  which  is  known  to  lie  at  the  inter¬ 
face,  has  an  internal  structure  looking  very  much 
like  a  linear  chain  of  similar  point  defects.  It  is  likely 
therefore  that  the  isolated  spots  are  of  the  same 
kind.  Of  course,  the  point  defects  could  also  be 
trapped  by  the  strain  field  of  the  dislocation.  One 
argument  in  favour  of  interfacial  point  defects 
might  be  the  electrical  resistivity  which  was  found 
to  rise  due  to  interfacial  scattering  only  in  films 
below  '^5nm  [14].  The  ability  to  observe  single 
point  defects  by  BEEM  depends  very  much  on  the 
structure  and  quality  of  the  surface.  Not  only  do 
surface  defects  give  rise  to  contrast  variations  of  the 
same  size  (Fig.  lb).  Surface  reconstructions  were 
found  to  modify  the  tunneling  distribution  locally, 
again  leading  to  large  contrast  changes  and  there¬ 
fore  masking  any  scattering  effects  taking  place  at 
the  interface  [5, 15].  On  the  other  hand,  variations 
of  the  Schottky  barrier  height  are  affected  much 
less  by  these  surface  scattering  effects. 

2.2.  Variations  of  the  Schottky  barrier  height 

As  pointed  out  above,  the  Schottky  barrier  at 
the  interface  between  CoSi2  with  the  fluorite  struc¬ 
ture  and  Si(l  1  1)  was  found  to  be  unaffected  by  the 
commonly  observed  misfit  dislocations  of  type 
b  =  ^a<l  1  2>.  In  the  past  few  years  it  has  become 
increasingly  evident,  however,  that,  apart  from  its 
bulk  stable  fluorite  structure,  CoSi2  can  assume 
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Other  crystal  structures  which  are  stabilized  by  epi¬ 
taxy  [6,  7, 16].  The  growth  of  CoSi2  usually  in¬ 
volves  an  annealing  step  typically  at  600°C,  which 
improves  its  electrical  properties  [8].  The  anneal 
also  causes  most  of  the  material  to  transform  to  the 
bulk  stable  phase.  Grains  of  the  defect-CsCl  phase 
have,  however,  been  observed  in  some  films  even 
after  such  an  annealing  [7].  A  detailed  account  of 


this  phase  transition  between  epitaxially  stabilized 
and  bulk  stable  CoSi2  phases  will  be  given  else¬ 
where  [17].  Here  we  just  discuss  the  BEEM  results 
obtained  on  a  film  known  from  high-resolution 
transmission  electron  microscopy  (HRTEM)  to 
contain  CsCl  grains.  The  topography  and  corre¬ 
sponding  BEEM  image  of  such  a  film  are  shown  in 
Fig.  3a  and  Fig.  3b,  respectively.  In  the  middle  of 


Fig.  3.  (a)  Topographic  STM  image  of  a  2.4  nm  thick  CoSi,  film  on  Si(l  1  1),  containing  grains  of  the  epitaxially  stabilized  defected 
CsCl  phase  in  addition  to  the  bulk  stable  CaF2  phase,  (b)  Simultaneously  acquired  BEEM  image.  Tunneling  parameters  were: 
=  -  2  V,  /,  =  5  nA. 
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the  topography  image  a  large  terrace  can  be  seen 
(region  2)  in  which  the  BEEM  current  is  nearly 
uniform.  In  a  few  nearly  circular  patches  it  is  larger, 
however,  by  more  than  a  factor  of  two  (regions  1,  3). 
From  spatially  resolved  BEES  spectra  it  follows 
that  the  barrier  height  in  region  2  is  close  to  the 
normal  value  for  this  interface  (0.66  ±  0.03  eV)  (see 
Fig.  4).  In  the  analysis  we  assumed  a  square  law  for 
the  collector  current  according  to  Ref.  [18].  In 
regions  1  and  3  the  barrier  is  lowered  to  0.4  and 
0.5  eV,  respectively.  It  is  not  possible  to  prove  di¬ 
rectly  that  the  regions  with  a  lower  Schottky  bar¬ 
rier  really  consist  of  material  with  a  different  crystal 
structure.  We  consider  it  to  be  very  likely,  however, 
that  the  CsCl  grains  found  by  cross-section 
HRTEM  do  correspond  to  those  regions,  since  they 
could  never  be  found  in  any  of  the  samples  exhibi¬ 
ting  a  uniform  barrier. 

The  regions  with  a  low  barrier  are  large  enough 
in  order  to  analyse  the  I-V  curves  obtained  on 
macroscopic  diodes  by  the  parallel  conduction 
model  [19].  The  temperature  dependence  of  the 
saturation  current  density  (not  shown)  revealed 


Fig.  4.  (a)  BEES  spectra  taken  in  the  regions  labeled  1-3  in  Fig. 
3.  (b)  Determination  of  the  barrier  height  from  the  square  root 
of  the  BEEM  current. 


a  lowering  of  the  Schottky  barrier  height  to 
=  0.43  ±  0.03  eV  in  11  %  of  the  active  diode 
area,  in  good  agreement  with  the  BEEM  experi¬ 
ments. 


3.  Conclusions 

In-situ  BEEM  experiments  carried  out  at  77  K 
on  epitaxial  CoSi2/n-Si(l  1  1)  films  have  shown 
that  the  Schottky  barrier  height  at  this  interface 
remains  uniform  as  long  as  the  CoSi2  crystallizes 
with  the  bulk  stable  fluorite  structure.  In  contrast, 
lower  barriers  are  found  in  films  containing  grains 
of  a  metastable  phase  with  the  CsCl  structure,  char¬ 
acterized  by  random  vacancies  on  the  cation  sites. 
The  hot  electron  current  across  the  silicide/Si  inter¬ 
face  exhibits  large  spatial  variations  even  when  the 
Schottky  barrier  is  completely  uniform.  In  the  case 
of  defect-free,  unreconstructed  surfaces  these  vari¬ 
ations  are  entirely  due  to  elastic  scattering  at  dislo¬ 
cation  cores  and  point  defects.  In  favourable  cases 
a  spatial  resolution  below  1  nm  has  been  attained, 
allowing  isolated  point  defects  to  be  imaged. 
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Abstract 

Using  an  integrated  fabrication  facility  consisting  of  molecular  beam  epitaxial  growth  chambers,  a  Ga'^  focused  ion 
beam  lithography  system  and  an  ultra-high  vacuum  scanning  tunnelling  microscope,  we  have  studied,  in  situ,  the 
interaction  of  high  energy  Ga'^  ions  with  the  GaAs(l  0  0)  surface.  The  ion  beam  dose  was  such  that  significant  sputtering 
did  not  occur,  but  surface  state  changes  were  induced  as  observed  with  scanning  tunnelling  spectroscopy.  We  spatially 
identified  electron  traps  induced  in  the  surface  state  band  gap  as  a  result  of  ion  beam  irradiation,  and  also  observed 
variations  in  their  concentration  in  the  ion  beam  profile.  Nanometre  scale  regions  were  observed  where  monolayer 
sputtering  had  occurred,  with  the  exposed  layer  taking  on  a  c{4  x  4)  surface  reconstruction,  as  opposed  to  the  (2  x  4) 
surface  reconstruction  of  the  un-irradiated  surface. 

PACS:  61.72. Vv;  61.16.Ch;  81.15.Hi;  81.05.Ea 

Keywords:  Ion  beam  implantation;  Scanning  tunnelling  microscopy;  Scanning  tunnelling  spectroscopy;  Electron  traps; 
Focused  ion  beam;  Molecular  beam  epitaxy;  GaAs 


Focused  ion  beams  (FIB)  have  extensive  applica¬ 
tions  in  III-V  semiconductor  device  fabrication 
[1].  Of  particular  interest  is  the  maskless  process  in 
\vhich  Ga"^  ions  are  implanted  at  high  energy  in 
order  to  damage  thin  doped  GaAs  layers  [2].  This 
technique  is  well  established  and  has  been  utilised 
during  a  molecular  beam  epitaxial  (MBE)  growth 
interruption  to  produce  three-dimensionally  pat¬ 
terned  devices.  For  example,  high  electron  mobility 
transistors  have  been  fabricated  where  implanted 
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regions  of  the  backgate  become  highly  resistive  for 
areal  doses  >  10^^  ionscm”^  [3]. 

When  an  ion  impinges  on  a  surface  its  energy  is 
dissipated  through  nuclear  and  electronic  colli¬ 
sions.  The  results  of  nuclear  collisions  are  target 
atom  recoil,  defect  production  and  broken  bonds. 
To  determine  the  mechanism  responsible  for  ren¬ 
dering  a  semiconductor  insulating,  free  carrier  con¬ 
centration  measurements  have  previously  been 
performed  on  irradiated  samples  [4].  These  experi¬ 
ments  showed  that  compensating  acceptors  were 
introduced  as  a  result  of  ion  beam  irradiation  and  it 
has  been  suggested  that  these  acceptors  could  be 
attributed  to  the  formation  of  Ga  antisite  defects 
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(GaAs).  The  measurements  also  show  that  n-type 
GaAs  can  be  rendered  non-conducting  with 
doses  less  than  the  initial  sheet  doping  level, 
suggesting  that  recoil  atoms  are  involved  in  the 
process.  Further  studies,  performed  with  deep 
level  transient  spectroscopy  (DLTS)  and  C-V  pro¬ 
filing,  identified  two  electron  traps  induced  in  the 
band  gap,  situated  0.31  eV  and  0.52  eV  below 
the  conduction  band,  as  a  result  of  Ga^  FIB 
irradiation  [2,  5]. 

Previous  scanning  tunnelling  microscopy  (STM) 
studies  of  ion  interactions  with  a  GaAs  surface  have 
concentrated  on  physical  damage  to  the  crystal 
structure  [6].  However,  the  interaction  of  the  im¬ 
pinging  ion  with  the  surface  will  also  produce  elec¬ 
trical  and  chemical  changes.  In  this  paper,  we  use 
STM  and  scanning  tunnelling  spectroscopy  (STS) 
to  characterise  the  irradiated  surface  and  the  spa¬ 
tial  range  of  the  induced  damage.  FIB  irradiation  is 
carried  out  at  a  sufficiently  low  dose  that  significant 
surface  sputtering  does  not  occur.  The  observed 
features  are,  therefore,  more  localised  and  elec¬ 
tronic  in  nature. 

The  samples  described  in  this  paper  were  grown 
in  a  vacuum  generator  V80H  molecular  beam  epi¬ 
taxy  (MBE)  system  on  commercial,  nominally  flat, 
epi-ready  GaAs(l  0  0)  substrates.  The  wafers  were 
initially  thermally  outgassed  for  1  h  at  450'"C  in 
a  preparation  chamber  prior  to  being  further  out- 
gassed  in  the  growth  chamber  under  an  As  over¬ 
pressure  for  20  min  at  620°C,  as  measured  with  an 
optical  pyrometer.  A  1.0  pm  layer  of  Si-doped 
GaAs  was  then  grown  on  the  substrate  at 
a  growth  temperature  of  600°C,  to  give  a  nominal 
carrier  concentration  of  10^®  cm The  wafer  was 
next  transferred  in  situ  to  the  FIB  chamber  and 
irradiated  with  a  variably  spaced  line  pattern  using 
30  keV  Ga^  ions  at  a  nominal  line  dose  of  1  x  10^ 
ions  cm  The  beam  was  oriented  normal  to  the 
surface  and  the  full  width  half  maximum  spot  size 
was  approximately  200  nm.  Wafers  were  finally 
transferred  in  situ  to  the  ultra  high  vacuum  scann¬ 
ing  tunnelling  microscope  (UHVSTM).  As  all  in 
situ  transfers  were  performed  under  a  vacuum  of 
<  10“^°  mbar,  atomic  resolution  was  observed  on 
all  wafers,  indicating  that  no  significant  surface 
contamination  occurred  during  implantation  and 
transfer.  Typical  STM  tunnelling  conditions  were 


a  constant  current  of  0.1  nA  with  sample  biases 
ranging  from  -t-  1  to  +  2Y. 

STM  topographic  images  of  the  surface  typically 
exhibit  faint  image  contrast  outlining  the  irradiated 
lines,  for  example,  Fig.  la  shows  the  ends  of  a  series 
of  FIB  lines.  Note  that  there  is  insignificant  surface 
sputtering  as  the  island  mound  morphology,  typi¬ 
cal  of  the  GaAs(l  0  0)  surface,  is  preserved.  Smaller 
scale  images  (Fig.  lb)  indeed  show  that  there  is  no 
significant  damage  to  the  terrace  and  step  edge 
morphology  in  regions  irradiated  by  the  ion  beam. 
Fig.  lb  does  show  that  if  there  is  any  Ga  cluster 
formation,  it  occurs  along  the  edge  of  the  ion  beam 
implanted  region.  A  corresponding  ‘current’  image 
(a  measure  of  the  error  signal  in  the  STM  feedback 
loop  between  the  measured  current  and  the  asking 
current)  also  shows  contrast  (Fig.  Ic),  indicative  of 
the  change  in  surface  states  induced  by  the  imping¬ 
ing  ions.  As  the  contrast  in  Fig.  Ic  is  much  greater 
than  that  in  Fig.  la,  it  appears  that  ion  implanta¬ 
tion  changes  the  surface  and/or  near  surface  elec¬ 
tronic  structure  rather  than  causing  significant 
surface  damage. 

To  investigate  further  the  irradiated  surface,  cur¬ 
rent  imaging  tunnelling  spectroscopy  (CITS)  [7] 
was  performed  at  sample  voltages  between  —  2  V 
and  4-  2  V.  For  this  technique,  the  feedback  loop  is 
disabled  at  each  imaging  point  during  the  acquisi¬ 
tion  of  a  topographic  image.  This  keeps  the  tip- 
sample  separation  constant,  and  the  current  is  mea¬ 
sured  for  various  applied  biases.  Spatial  images  of 
the  electronic  structure  are  therefore  obtained  for 
particular  energies  and  the  tip  can  be  offset  for  each 
applied  voltage  to  ensure  an  adequate  dynamic 
range  in  the  image. 

Fig.  2  shows  a  series  of  CITS  images  for  sample 
biases  between  +  250  mV  and  -h  2  V,  so  electrons 
are  tunnelling  into  empty  surface  states.  Highly 
localised  features  are  observed  within  the  ion  im¬ 
planted  region,  however,  as  mentioned  previously, 
the  corresponding  topographic  image  showed  no 
significant  disruption  of  the  surface  morphology. 
The  most  important  aspect  of  these  images  is  that 
tunnelling  occurs  within  the  surface  state  bandgap 
when  the  sample  is  biased  at  -t-  250  mV  and 
-h  500  mV  (Fig.  2a  and  Fig.  2b,  respectively).  This 
increase  in  current  signal  in  the  exposed  region 
is  signified  by  bright  localised  features;  while 
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Fig.  1 .  (a)  A  3.5  |.im  x  3.5  [im  topographic  image  of  a  series  of  ion  beam  lines  oriented  in  the  [0  1  1]  direction.  Typical  GaAs  (1  0  0)  island 
mound  morphology  is  observed  elongated  in  the  [0  1  T]  direction,  (b)  A  600  nm  x  600  nm  topographic  image  showing  the  preservation 
of  the  step  and  terrace  morphology  in  the  irradiated  regions.  The  ion  beam  has  been  scanned  from  top  left  to  bottom  right  of  the  image, 
(c)  Corresponding  current  image  for  Fig.  la  (refer  to  text  for  details). 


tunnelling  does  not  occur  for  these  low  biases  in  the 
un-irradiated  region  where  the  only  contrast  is  due 
to  small  signal  electronic  noise.  These  results  im¬ 
mediately  suggest  that  electrically  active  defects 
have  been  induced  in  the  bandgap  by  ion  beam 
irradiation.  The  features  are  bright  which  is  indica¬ 


tive  of  acceptor  states  below  the  conduction  band 
that  are  being  tunnelled  into.  Hence  electron  traps 
are  associated  with  these  induced  defects.  We  do 
not  believe  the  features  are  due  to  metallic  clusters 
formed  by  the  Ga^  ion  beam  as  they  do  not  appear 
in  CITS  scans  taken  below  ~  -h  200  mV,  and  there 
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Fig.  2.  CITS  scans  with  sample  biases  of  (a)  250  mV,  (b)  500  mV,  (c)  1500  mV  and  (d)  2000  mV.  Scan  area  is  700  nm  x  500  nm.  The 
irradiated  line  is  vertical  in  the  image.  The  tip  has  been  retracted  from  the  surface  by  5  A  for  each  1-V  measurement. 


is  a  bandgap  observed  in  I-V  curves  taken  above 
the  features,  as  described  below.  Note  that  repeat- 
ing  the  CITS  scans  reproduced  exactly  the  position 
and  concentration  of  the  defect  states.  CITS  images 
taken  with  negative  sample  biases  show  no  signifi¬ 
cant  contrast,  suggesting  that  there  are  no  full 
states  from  which  tunnelling  can  occur. 

The  spread  of  electrically  active  defects  away 
from  the  beam  is  particularly  detrimental  for  sub¬ 
micron  lithographic  writing.  We  have  noticed  that 
electrically  active  defect  sites  are  induced  up  to 
300  nm  from  either  side  of  the  ion  beam  line.  The 
diameter  of  the  bright  features  observed  in  the 
irradiated  regions  is  ~  45  A,  which  is  several  (2  x  4) 
unit  cells  in  size.  The  large  size  of  the  feature  could 
be  due  to  numerous  defect  states  caused  by  a  single 
ion  impact.  It  is  unlikely  to  be  due  to  a  convolution 


of  the  STM  tip  apex,  as  several  different  tips  pro¬ 
duced  the  same  result.  Analysis  of  the  number  of 
features  yields  a  concentration  of  approximately 
2  X  10^  cm”  ^  which  is  almost  an  order  of  magni¬ 
tude  less  than  the  implanted  dose  of  1  x  10®  cm”b 
This  discrepancy  is  almost  certainly  due  to  ion 
beam  channelling,  which  is  even  more  significant  if 
we  consider  that  some  damage  is  induced  by  recoil 
atoms. 

The  variation  in  grey  levels  associated  with  the 
features  observed  in  the  CITS  images  indicates  that 
the  STM  is  observing  states  that  lie  at  and  below 
the  first  monolayer  of  the  surface.  This  impression 
is  reinforced  by  the  fact  that  the  concentration  of 
features  increases  with  applied  bias.  This  confirms 
our  view  that  contrast  observed  in  the  CITS 
images  is  not  due  to  disruption  of  the  surface  lattice 
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Structure.  Rather,  we  are  observing  electrically  ac¬ 
tive  defects  in  the  top  few  monolayers  of  the  surface. 

Information  regarding  the  beam  profile  can  be 
obtained  from  the  spatial  images  of  Figs.  1  and  2. 
The  width  of  the  electrically  active  region  observed 
in  Fig.  2  roughly  corresponds  to  the  FIB  spot  size 
( --  200  nm).  The  ion  distribution  in  the  beam  is 
expected  to  follow  a  Gaussian  function,  and  a  tail 
off  in  the  concentration  of  defect  sites  can  be  seen 
on  the  edges  of  the  profile,  although  it  is  difficult  to 
determine  its  exact  form. 

Atomic  scale  images  were  performed  both  on 
and  off  the  ion  beam  irradiated  regions  of  the 
surface.  For  the  un-irradiated  surface,  the  recon¬ 
struction  is  (2  X  4)  which  is  expected  for  GaAs(l  0  0) 
grown  at  these  temperatures.  However,  where  the 
surface  has  been  irradiated  (Fig.  3)  there  exists  re¬ 
gions  of  both  (2  X  4)  and  c(4  x  4)  reconstructions. 
The  c(4  X  4)  reconstruction  has  previously  been  ob¬ 
served  when  a  (2x4)  reconstructed  surface  was 
slowly  cooled  to  300°C  under  As  overpressure  be¬ 
fore  the  sample  was  quenched  [8].  We  are  able, 
though,  to  quench  our  samples  rapidly  enough 
from  growth  temperature  that  the  (2  x  4)  recon¬ 
struction  is  reliably  reproduced.  Line  profiles  per¬ 
formed  on  Fig.  3  show  that  the  c(4  x  4)  regions  lies 
~1.5A  below  the  (2x4)  reconstruction.  This 
monolayer  difference  suggests  that  localised  sput¬ 
tering  has  occurred,  however  the  sputtering  yield  is 
too  high  for  single  ion  impacts,  which  is  typically 
up  to  10  atoms  per  ion.  The  exposed  regions  could 
be  due  to  vacancies  coalescing  on  the  surface.  The 
creation  of  the  c(4  x  4)  reconstruction  is  possibly 
due  to  localised  heating  as  a  result  of  thermal  spikes 
in  the  crystal  lattice  produced  by  ion  collisions, 
although  their  lifetime  is  quite  short  ( '^  10"^^  s). 

To  characterise  the  traps  observed  in  the  CITS 
scans  more  closely,  differential  I-V  curves  were 
performed  on  the  electrically  active  defects  ob¬ 
served  in  the  CITS  images,  using  a  lock-in  amplifier 
technique  [9].  An  average  of  the  spectra  is  shown  in 
Fig.  4,  with  the  un-irradiated  surface  spectrum  in¬ 
cluded  for  comparison.  As  expected  the  spectrum  of 
the  un-irradiated  surface  (Fig.  4a)  shows  no  con¬ 
ductance  within  the  surface  state  band  gap.  The 
band  gap  is  approximately  1.4  eV  and  the  Fermi 
level  is  pinned  approximately  mid-gap,  which  is 
typical  for  the  n'*’  GaAs(lOO)  surface  [10].  The 


Fig.  3.  A  lOOnmx  lOOnm  scan  on  an  irradiated  area  of  the 
surface  containing  regions  of  both  the  (2  x  4)  and  c(4  x  4)  surface 
reconstructions. 


Sample  bias  voltage  (mV) 


Fig.  4.  (a)  Conductance  spectrum  performed  on  an  un-irra- 
diated  part  of  the  surface  showing  the  surface  state  band  gap  and 
(b)  the  conductance  spectrum  performed  on  the  electrically  ac¬ 
tive  defect  sites  observed  in  the  CITS  images  of  Fig.  2. 


tunnelling  spectra  performed  on  the  irradiated  re¬ 
gions  of  the  surface  (Fig.  4b)  show  a  broad  band  of 
states  lying  below  the  conduction  band  edge. 
Again,  the  band  gap  is  approximately  1.4  eV  with 
the  Fermi  level  pinned  mid  gap.  The  CITS  results 
for  Fig.  2a  and  Fig.  2b  show  that  electrons  are 
tunnelling  into  these  states,  and  so  are  acceptor¬ 
like.  It  also  appears  in  the  spectrum  that  a  small 


SJ.  Brown  et  a!,  j  Journal  of  Crystal  Growth  175 j 176  (1997)  346-351 


351 


band  of  donor-like  states  exists  above  the  valence 
band.  These  states  do  not  appear  in  the  CITS  scans 
performed  at  a  negative  bias,  possibly  because  they 
are  highly  localised  and  not  distributed  like  the 
defect  induced  acceptor  states. 

In  this  work,  we  have  successfully  used  the  STM 
to  image  ion  beam  irradiated  surfaces.  This  sug¬ 
gests  a  new  route  to  three  dimensional  nanostruc¬ 
ture  fabrication.  Already  we  have  used  an  MBE 
growth  interruption  to  allow  a  buried  conducting 
layer  to  be  patterned  to  a  resolution  of  1  pm  [11]. 
This  work  could  be  extended  by  using  the  STM  to 
perform  nanometre  scale  lithography  in  combina¬ 
tion  with  implanted  ion  beam  features. 

In  conclusion,  we  have  characterised  the  surface 
electronic  and  structural  changes  induced  by  high 
energy  ion  beam  irradiation.  Surface  sputtering 
does  not  occur  at  relatively  low  doses,  however 
electrically  active  defects  are  created,  producing 
electron  traps  within  the  surface  state  band  gap. 
Spatial  characteristics  of  the  beam  profile  show 
that  extended  defects  are  created  more  than  a  beam 
width  from  the  FIB  line.  Localised  sputtering  ef¬ 
fects  were  observed  as  a  result  of  ion  beam  impacts. 

The  authors  are  very  grateful  to  Mark  Welland 
of  the  University  of  Cambridge  and  Ian  Wilson  of 
The  Chinese  University  of  Hong  Kong  for  valuable 
discussions.  SJB  also  wishes  to  acknowledge  the 
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Abstract 

Advances  in  the  design  of  heterojunction  devices  have  placed  stringent  demands  on  the  epitaxial  material  technologies 
required  to  fabricate  these  structures.  The  increased  demand  for  more  stringent  tolerance  and  complex  device  structures 
have  resulted  in  a  situation  where  acceptable  growth  yields  will  be  realized  only  if  epitaxial  growth  is  directly  monitored 
and  controlled  in  real  time.  We  report  the  growth  of  980-  and  850-nm  vertical  cavity  surface  emitting  lasers  (VCSEL’s)  by 
gas-source  molecular  beam  epitaxy  (GSMBE),  in  which  the  pyrometric  interferometry  technique  is  used  for  in  situ 
monitoring  and  feedback  control  of  layer  thickness  to  obtain  the  highly  reproducible  distributed  Bragg  reflectors  (DBR) 
for  VCSEL  structures.  This  technique  uses  an  optical  pyrometer  to  measure  emissivity  oscillations  of  the  growing 
epi-layer  surface.  The  growing  layer  thickness  can  then  be  related  to  the  emissivity  oscillation  signals.  When  the  layer 
reaches  the  desired  thickness,  the  growth  of  the  subsequent  layer  is  initiated.  By  making  layer  thickness  measurements 
and  control  in  real-time  throughout  the  entire  growth  cycle  of  the  structure,  the  Fabry-Perot  resonance  at  the  desired 
wavelength  is  reproducibly  obtained.  The  run-to-run  variation  of  the  Fabry-Perot  wavelength  of  VCSEL  structures  is 
<  ±  0.4%.  Using  this  technique,  the  group  III  fluxes  can  also  be  calibrated  and  corrected  for  flux  drifts,  thus  we  are  able 
to  control  the  gain  peak  of  the  active  region  with  a  run-to-run  variation  of  less  than  0.3%.  Surface  emitting  laser  diodes 
were  fabricated  and  operated  CW  at  room  temperature.  CW  threshold  currents  of  3  and  5  mA  are  measured  at  room 
temperature  for  980-  and  850-nm  lasers,  respectively.  Output  powers  higher  than  25  mW  for  980-nm  and  12  mW  for 
850-nm  devices  are  obtained. 


1.  Introduction 

Vertical-cavity  surface-emitting  lasers  (VCSEL’s) 
are  of  great  interest  for  applications  in  optical  com¬ 
munication,  optical  interconnects,  and  optical  sig¬ 
nal  processing  [1-5].  After  more  than  15  years  of 
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development,  the  VCSEL’s  have  recently  entered 
the  early  stages  of  volume  production  and  have 
become  a  commercial  and  manufacturing  reality. 
The  VCSEL  is  a  unique  class  of  surface  emitting 
lasers  consisting  of  two  distributed  Bragg  reflectors 
(DBR)  sandwiching  an  active  region.  A  typical 
VCSEL  structure  consists  of  more  than  100  quar¬ 
ter-wave  mirror  layers  and  requires  a  relatively 
long  period  of  time,  6-10  h,  to  grow  this  structure. 
For  the  device  to  perform  properly,  the  thickness 
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and  alloy  composition  of  all  these  layers  have  to  be 
precisely  controlled  to  less  than  1  %  variation  [6], 
in  order  to  place  the  Fabry-Perot  resonance  at  the 
exact  wavelength  for  lasing.  Furthermore,  the 
standing  wave  peak  has  to  be  placed  on  a  very 
small  gain  region  of  240  A  and  the  material  gain 
has  to  match  with  Fabry-Perot  wavelength.  To 
maintain  stable  growth  rate  through  such  a  long 
period  of  time,  and  to  reduce  the  growth  rate  tran¬ 
sients  to  less  than  1  %  during  the  repetitive  switch¬ 
ing  of  constituents  for  the  mirror  stacks  make  the 
growth  task  rather  difficult.  In  this  paper,  we  pres¬ 
ent  a  simple  in  situ  monitoring  and  control  tech¬ 
nique  of  using  single  narrow-band  pyrometric 
interferometric  measurements  for  the  growth  of 
highly  reproducible  980-  and  850-nm  VCSEL 
wafers. 


2.  Experiment  procedure 

The  epitaxial  layers  used  in  the  present  study 
were  grown  in  a  modified  Varian  Modular  Gen  II 
MBE  chamber.  Besides  the  standard  high  temper¬ 
ature  effusion  cells  for  providing  group  III  sources 
of  Al,  Ga  and  In,  it  is  also  equipped  with  a  high 
temperature  (  ~  975°C)  hydride  cracker  for  intro¬ 
ducing  AsHs  for  providing  arsenic  source  and 
a  low  temperature  (  ~  1 50°C)  gas  injector  for  intro¬ 
ducing  p-type  gaseous  dopant  source  of  carbon 
tetra  bromide  (CBr4).  The  n-type  dopant  used  in 
this  study  is  Si  produced  by  elemental  Si  in  a  high- 
temperature  effusion  cell. 

The  activation  energy  and  the  change  of  surface 
area  of  the  melt  due  to  depletion  of  the  source 
material  of  the  group  III  sources  were  periodically 
calibrated.  This  will  ensure  the  precision  pre-setting 
of  the  source  temperatures  for  obtaining  targeted 
values  of  growth  rate  and  alloy  composition  in  the 
daily  growth  operation.  The  information  is  also 
useful  for  adjusting  source  temperatures  to  com¬ 
pensate  for  long  term  source  drifts. 

The  dual-filament  cells  fitted  with  a  125  cc 
straight-walled  crucible  and  a  conical  crucible  in¬ 
sert  are  used  for  Ga  and  In  sources.  It  provides 
excellent  thickness  uniformity,  low  shutter-activa¬ 
tion  related  flux  transients,  low  defect  densities  and 


small  source  depletion  effects.  The  dual-filament 
cells  fitted  with  a  60  cc  conical  crucible  is  used  for 
Al  source.  The  Al  cell  is  placed  in  a  recessed  posi¬ 
tion,  where  it  is  less  sensitive  to  changes  in  the 
radiative  shielding  provided  by  the  shutter,  thus 
minimizing  flux  transient. 

The  980-nm  VCSEL’s  are  bottom  emitting  struc¬ 
tures  typically  consisting  of  19.5  pairs  of  n-type  2/4 
AlAs/GaAs  Bragg  mirror  on  the  output  face  and  15 
pairs  of  p-type  AlAs/GaAs  metal  hybrid  Bragg  mir¬ 
rors  on  the  high  reflectivity  side.  The  one-2  cavity 
consists  of  two  60  A  InGaAs  quantum  wells  (QW’s) 
with  100  A  GaAs  barriers  and  1000  A  thick 
Alo.3Gao.7As  on  each  side  of  the  active  region.  The 
850-nm  VCSEL’s  are  top  emitting  structures  with 
32.5  pairs  of  2/4  n-AlAs/Alo.aGao.sAs  Bragg  mir¬ 
rors  on  the  high  reflectivity  side  and  22  pairs  of 
p-AlAs/Alo.2Gao.8As  Bragg  mirrors  on  the  output 
face.  The  one-2  cavity  consists  of  three  80  A  GaAs 
quantum  wells  with  100  A  Alo.3Gao.7As  barriers 
and  840  A  thick  of  Alo.5Gao.5As  on  each  side  of  the 
active  region.  The  interface  between  GaAs  and 
AlAs  for  980-nm  DBR  or  AlGaAs  and  AlAs  for 
850-nm  DBR  is  digitally  graded  in  8  steps  using 
a  chirped  short  period  superlattice.  The  GaAs/AlAs 
and  AlGaAs/AlAs  DBR  stacks  are  uniformly 
doped  to  1  X  lO^^cm”^  except  at  the  graded  inter¬ 
face  which  is  doped  to  5  x  10^^  cm“^.  A  contact 
layer  of  p-type  GaAs  doped  to  2xl0^^cm“^  is 
added  to  provide  non-alloyed  ohmic  contact  for 
both  980-  and  850-nm  structures.  The  growths  were 
performed  at  520‘"C  for  980-nm  VCSEL’s 
and  630°C  for  850-nm  VCSEL’s,  measured  by  an 
IR  pyrometer,  with  a  growth  rate  of  0.86  pm/h 
for  AlAs,  1.25  pm/h  for  Alo.2Gao.8As  and  1  pm/h 
for  GaAs.  The  VCSEL  structures  were  grown  on  an 
indium-free  mounted  2”  diameter  (10  0)  n"^ 
GaAs  substrate  with  a  typical  rotation  rate  of 
25  rpm. 

We  use  the  interferometric  technique  for  in  situ 
monitoring  and  feedback  control  of  layer  thickness 
to  obtain  highly  reproducible  VCSEL  structures. 
This  technique  uses  an  optical  pyrometer  to 
measure  the  periodic  modulation  in  emitted  light 
intensity  of  the  growing  epi-layer  surface.  This  peri¬ 
odic  modulation  is  due  to  changes  in  interference 
between  light  reflected  from  the  top  and  bottom  of 
the  epilayer  as  the  epilayer  thickness  changes.  The 
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growing  layer  thickness  can  then  be  related  to  oscil¬ 
lation  signal  based  on  the  model  [7,  8]: 

Ej  = 

Po+l  Pi(i- 

(1) 

where  rij  is  a  complex  refractive  index  constant; 
the  individual  wavelength  within  the  pass-band  of 
the  pyrometer;  Vy  the  reflection  coeflicient  at  the 
interface  between  the  vacuum  and  the  growing 
layer  and  Vj+i  is  the  effective  Fresnel  coeflicient  of 
the  underlying  structure.  Pi  is  a  constant  related  to 
the  substrate  temperature  and  the  signal  conver¬ 
sion  factor  of  the  instrument  at  wavelength  /I,-,  Pq  is 
a  constant  related  to  a  DC  signal  drift  due  to  the 
apparent  surface  temperature  variation  caused  by 
the  background  stray  light  such  as  opening  and 
closing  of  high  temperature  effusion  cells. 

By  monitoring  the  end-point  intensity  and  phase 
of  the  signal  one  can  only  determine  the  optical 
thickness  of  the  growing  layer,  but  not  the  alloy 
composition.  For  monitoring  and  controlling  the 
alloy  composition  we  incorporated  the  amplitude 
monitoring  [8]  into  the  thickness  monitoring  tech¬ 
nique,  the  precision  control  of  both  thickness  and 
the  alloy  composition  of  AlGaAs  layers  can  then  be 
achieved. 

The  VCSEL  structure  data  along  with  the 
growth  conditions  were  then  used  to  calculate  the 
emissivity  signal  using  Eq.  (1)  in  the  wavelength 
range  of  0.92-0.96  pm.  The  simulated  signals  were 
then  used  as  reference  data  during  the  actual 
growth  run  for  in  situ  thickness  monitoring  and 
feedback  control. 

An  IRCON  Modline  Plus  V-series  infrared  pyro¬ 
meter  was  used  to  monitor  emitted  radiation  in 
a  narrow  range  of  wavelengths  (0.92-0.96  pm)  from 
the  heated  surface  of  the  substrates  through 
a  heated  viewport  assembly  [9].  The  signal  is  then 
fed  into  a  HP  382  computer  for  data  acquisition 
and  analysis  in  real-time.  These  measurements  were 
performed  with  continuous  substrate  rotation  and 
without  any  growth  interruption.  The  pyrometer 
signal  monitored  during  the  growth  of  each  layer 
was  compared,  in  real-time,  with  the  theoretical 
simulation  data.  Through  a  real-time  computation 


Vj  +  rj+ 1  exp( -i4nnjdj/Ai)  ^ 
1  +  r/  rj+ 1  exp( -i4nnjdj/Ai) 


algorithm,  any  deviation  of  the  growth  rate  in  the 
actual  growth  was  then  compensated  by  adjusting 
the  closing  time  of  the  related  group  III  source 
shutter,  and  the  deviation  of  the  alloy  composition 
was  compensated  by  adjusting  the  related  source 
temperature,  so  the  target  layer  thickness  and  alloy 
composition  can  be  achieved. 

The  reflectivity  measurements  of  the  VCSEL  wa¬ 
fers  were  made  with  a  computer  controlled  spec¬ 
trometer  (SPEX  220M)  and  dual  beam  lock-in 
detection.  The  white  light  source  is  a  tungsten  lamp 
and  the  spectrometer  selects  the  light  from  600  to 
1 100  nm  at  2  nm  increments.  The  signal  is  nor¬ 
malized  to  a  gold  reference. 


3.  Results  and  discussions 

As  the  activation  energy  and  the  rate  of  change  of 
source  melt  are  well  calibrated,  we  are  able  to 
pre-set  the  cell  temperatures,  based  on  the  previous 
day’s  data,  to  obtain  desired  growth  rate  and  alloy 
composition  accurately  for  daily  operation  as 
shown  in  Fig,  1.  The  data  shown  is  the  values  for 
both  GaAs  growth  rate  and  AlGaAs  alloy  composi¬ 
tion  obtained  daily  using  the  pyrometric  inter¬ 
ferometry  technique  in  a  span  of  6  months  between 
source  recharges.  The  daily  target  value  for  GaAs  is 
1  pm/h,  and  the  average  values  for  6  months  is 
1.0025  pm/h  with  a  variation  of  ±  0.012  pm/h.  The 
average  daily  increase  in  setpoint  temperature  to 
maintain  1  pm/h  growth  rate  is  0.2°C/d.  The 
target  value  for  AlGaAs  composition  is  0.30  and 
the  average  value  obtained  is  0.294  +  0.012.  The 
average  daily  increase  in  A1  setpoint  temperature  to 
maintain  x  =  0.30  is  ~  0,5°C/d. 

Although  before  each  VCSEL  growth  run, 
a  growth  rate  calibration  [10,  11]  was  done  to 
obtain  the  desired  growth  rates  for  both  GaAs  and 
AlAs,  the  reflectivity  measurements  of  the  980-nm 
VCSEL  wafers  grown  without  the  feedback  control 
show  that  the  center  of  the  reflectivity  stop  band 
varied  from  run  to  run,  variations  as  much  as 
50  nm  have  been  observed,  presumably  due  to  flux 
instability  during  the  growth.  By  making  layer 
thickness  measurements  and  control  in  real¬ 
time  throughout  the  entire  growth  cycle  of  the 
structure,  the  Fabry-Perot  resonance  at  the  desired 
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Fig.  1.  (a)  The  daily  pre-set  temperature  of  Ga  cell  and  the  growth  rate  of  GaAs  grown  and  (b)  the  daily  pre-set  temperature  of  A1  cell 
and  the  alloy  composition  of  AlGaAs  grown. 


wavelength  is  reproducibly  obtained.  The  reflectiv¬ 
ity  measurements  (Fig.  2a)  show  for  ten  980-nm 
VCSEL  wafers  grown  in  a  span  of  more  than 
6  months  with  an  identical  structure,  15  pairs  of 
p-type  DBR  and  21.5  pairs  of  n-type  DBR  stacks, 
have  an  average  Fabry-Perot  resonance 
wavelength  of  982  nm  and  a  variation  of  ±  0.22%. 
Even  with  different  number  pairs  of  DBR  and  ac¬ 
tive  region,  the  980-nm  VCSEL  wafers  have  an 


average  Fabry-Perot  resonance  wavelength 
centered  at  981  nm  with  a  run-to-run  reproducibil¬ 
ity  of  +  0.37%  (Fig.  2b)  and  850-nm  VCSEL  wa¬ 
fers  have  an  average  Fabry-Perot  resonance 
frequency  centered  at  851  nm  with  a  run-to-run 
reproducibility  of  +  0.38%  (Fig.  3). 

The  gain  peak  is  mainly  determined  by  the  alloy 
composition  and  thickness  of  the  QW’s.  The  thick¬ 
ness  of  the  QW’s  are  so  thin  that  the  growth  time  is 
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too  short  to  be  monitored  and  controlled  using  the 
current  technique.  However,  with  the  in  situ 
monitoring  and  control  technique,  the  growth  rates 
are  well-calibrated  during  the  growth  of  n-type 
DBR  prior  to  the  growth  of  QW’s.  Therefore,  we 
are  able  to  accurately  control  the  QW  structures 
and  thus  the  gain  peaks  to  less  than  ±  0.5%  vari¬ 
ations  of  974.5  +  2.4  nm  (Fig.  4)  and  848.3  + 
3.2  nm  (Fig.  3)  for  980-nm  and  850-nm  VCSEL 
wafers,  respectively. 

The  gain  media  material  qualities,  InGaAs/GaAs 
QW’s  for  980-nm  and  GaAs/AlGaAs  QW’s  for 
850-nm  VCSEL’s,  were  evaluated  with  the  thre¬ 
shold  current  density  of  the  broad  area  edge  emit¬ 
ting  lasers  fabricated  from  the  VCSEL  wafers.  In 
a  conventional  VCSEL  structure,  undoped  epi- 
layers  are  used  in  the  active  region  containing 
QW’s.  The  typical  threshold  current  density  of  our 
undoped  InGaAs/GaAs  QW’s  is  <100  A/cm^ 
QW,  and  as  low  as  46  A/cm^QW  has  been  ob¬ 
tained.  These  values  are  comparable  to  the  best 
reported  value  for  the  980-nm  lasers  [12].  For  850- 
nm  lasers  with  Al-containing  QW’s,  however,  the 
undoped  active  region  yields  relatively  high  thre¬ 
shold  current,  typically  >  300  A/cm^/QW.  We  have 
found  that  by  incorporating  a  controlled  amount  of 
carbon,  ~  3  x  lO^’^  cm“^  as  a  p-type  dopant  in  the 
active  region  the  threshold  current  density  was 
drastically  reduced  to  ~  140  A/cm^QW  [13]. 


1000 


£ 

3  900 

tb 

c: 

'a5 

800 


700 

2321  2323  2325  2362  2368  2370 

Run  No. 

Fig.  3.  The  Fabry-Perot  resonance  wavelength  and  gain  peak  of  850-nm  VCSEL  wafers  grown  with  in  situ  feedback  control. 
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Fig.  4.  The  gain  peak  of  980-nm  VCSEL  wafers  grown  with  and  without  in  situ  feedback  control. 


The  VCSEL  diodes  were  fabricated  using  a  four 
level  mask  and  proton  isolation.  After  fabrication, 
the  devices  were  mounted  on  a  Cu  heat  sink.  For 
980-nm  VCSEL,  the  CW  threshold  current  of 
3.0  mA  was  measured  at  room  temperature  for 
a  24  pm  diameter  laser.  The  turn-on  voltage  as  low 
as  1.39  V  was  measured  which  is  only  0.27  V  above 
the  InGaAs  bandgap.  The  series  resistance  of  the 
device  is  20  Q.  Output  powers  higher  than  25  mW 
are  obtained  from  24  pm  diameter  lasers.  These 
devices  had  an  external  quantum  efficiency  higher 
than  26%.  The  15-pm  diameter  850  VCSEL’s  have 
a  low  threshold  current  of  around  5  mA  at  a  thre¬ 
shold  voltage  of  1.7  V  and  a  series  resistance  of 
~  35  Q.  Output  powers  higher  than  12  mw  with  an 
external  differential  efficiency  higher  than  32%  are 
obtained. 

Since  our  thickness  monitoring  and  control  tech¬ 
nique  is  carried  out  on  a  continuously  rotating 
wafer,  the  uniformity  of  the  VCSEL  structure  is 
excellent.  As  shown  in  Fig.  5,  the  variation  of  the 
Fabry-Perot  wavelength  across  a  2-inch  wafer  is 
only  +  2  nm.  Note  that,  this  0.2%  uniformity  vari¬ 
ation  is  due  to  the  variations  of  both  thickness  and 
composition  across  the  2"  wafer  of  those  more  than 
1000  epilayers  which  constitute  the  VCSEL  struc¬ 
ture.  Fig.  6a  and  Fig.  6b  show  the  histograms  of 
threshold-voltage  and  threshold-current  distribu¬ 
tions  for  a  980-nm  VCSEL  fabricated  on  a  2-in 


Fig.  5.  Uniformity  of  the  Fabry-Perot  resonance  wavelength 
for  a  2"  980-nm  VCSEL  wafer. 


wafer.  The  average  threshold  voltage  is  1.482  V 
with  a  standard  deviation  of  0.034  V,  and  the  aver¬ 
age  threshold  current  is  3.99  mA  with  a  standard 
deviation  of  0.51  mA. 


4.  Conclusions 

In  summary,  we  have  demonstrated  that  using 
the  pyrometric  interferometry  technique  for  in  situ 
thickness  monitoring  and  feedback  control,  of 
highly  reproducible  VCSEL  structures  can  be 
grown  by  GSMBE.  The  reproducibility  of  the 
VCSEL  structures  with  a  variation  of  the 
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Ith  (mA) 


Fig.  6.  (a)  The  histogram  of  the  threshold  voltages  and  (b) 
the  currents  of  29  devices  tested  across  a  2"  980-nm  VCSEL 
wafer. 


Fabry-Perot  wavelength  of  ±  0,4%  have  been 
grown  using  this  technique.  Using  this  technique, 
the  group  III  fluxes  can  also  be  calibrated  and 
corrected  for  flux  drifts,  thus  we  are  able  to  control 


the  gain  peak  of  the  active  region  with  a  run-to-run 
variation  of  less  than  0.3%.  Surface  emitting  laser 
diodes  were  fabricated  and  operated  CW  at  room 
temperature.  CW  threshold  currents  of  3  and  5  mA 
are  measured  at  room  temperature  for  980-  and 
850-nm  lasers,  respectively.  Output  powers  higher 
than  25  mW  for  980-nm  and  12  mW  for  850-nm 
devices  are  obtained. 
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Abstract 

We  investigated  the  optimum  growth  conditions  for  fabrication  of  a  high-reflective  distributed  Bragg  reflector  (DBR) 
with  extremely  flat  heterointerfaces  on  (4  1  1)A  GaAs  substrates  by  molecular  beam  epitaxy  (MBE).  A  high-reflective 
DBR  consisting  of  AlAs/GaAs  was  successfully  fabricated  under  the  investigated  optimum  conditions  of  580°C  with 
V/III  (As4/Ga)  ratio  of  ~  8.  Using  this  high-reflective  DBR,  we  succeeded  for  the  first  time  in  the  optically  pumped  pulse 
operation  of  InGaAs  vertical-cavity  surface-emitting  lasers  (VCSELs)  at  room  temperature  on  (4  1  1)A  GaAs  substrates 
with  improved  threshold  characteristics  compared  to  conventional  (10  0)  GaAs  substrates. 

PACE:  42.55.Px;  42.55.Sa 

Keywords:  MBE;  (4  1  1)A  GaAs  substrates;  VCSEL;  Pulsed  operation;  Room-temperature  operation 


1.  Introduction 

Fabrication  of  atomically  flat  heterointerfaces  is 
essential  to  achieve  high  performance  of  quantum 
devices  such  as  resonant  tunnel  devices,  optical 
modulators,  surface-emitting  lasers  (VCSELs)  and 
so  on.  Recently,  molecular  beam  epitaxial  (MBE) 
growth  on  (4  1  1)A  GaAs  substrates  has  been  clari- 
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fled  to  provide  extremely  flat  interfaces  in  Al- 
GaAs/GaAs  quantum  wells  (QWs)  [1,  2].  That  is, 
Alo.3Gao.7As/GaAs  QWs  grown  on  the  (4  1  1)A 
GaAs  substrates  show  very  narrow  photolumine¬ 
scence  (PL)  lines  at  4.2  K  [1]  and  have  extremely 
high  uniformity  of  well  thickness  over  a  macro¬ 
scopic  region  [2].  Such  a  flat  interface  is  suitable  for 
fabrication  of  a  highly-reflective  distributed  Bragg 
reflector  (DBR)  used  as  the  resonator  mirror  of 
VCSELs  [3-5].  Moreover,  the  VCSELs  on  non- 
(10  0)  surfaces  are  now  attracting  much  attention 
both  from  the  view  points  of  device  applications 
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and  scientific  interests,  since  it  can  be  expected  not 
only  to  reduce  the  threshold  of  lasing  action  but 
also  make  it  possible  to  control  the  polarization. 

In  this  paper,  we  report  on  successful  MBE 
growth  of  AlGaAs/GaAs  QWs  with  extremely  flat 
heterointerfaces  for  fabrication  of  VCSELs  on 
(4  1  1)A  GaAs  substrates.  We  also  report,  for  the 
first  time,  on  room-temperature,  pulsed  operation 
of  VCSELs  on  (4  1  1)A  GaAs  substrates  fabricated 
under  the  investigated  optimum  growth  conditions, 
whose  threshold  characteristics  are  better  than  on 
conventional  GaAs(l  0  0)  substrates. 

Because  the  reflectivity  of  the  DBR  consisting  of 
AlAs/GaAs  multilayers  is  dominated  by  the  flatness 
of  heterointerfaces  between  GaAs  and  AlAs  as  well 
as  their  uniformity,  as  the  first  step  of  fabrication  of 
VCSELs  on  (4  1  1)A  GaAs  substrates,  the  optimum 
growth  condition,  especially  the  growth  temper¬ 
ature  and  V/III  (As4/Ga)  ratio  to  achieve  extremely 
flat  heterointerfaces,  was  investigated  using  photo¬ 
luminescence  (PL)  measurements  of  Alo.3Gao.7As/ 
GaAs  quantum  wells  (QWs)  grown  on  (4  1  1)A 
GaAs  substrates. 

The  VCSEL  used  in  our  experiments  was  de¬ 
signed  to  emit  approximately  980  nm  light  at  room 
temperature.  The  980  nm  VCSEL  is  attracting  wide 
attention  for  the  possibility  of  realizing  visible 
lasers  in  the  450-550  nm  wavelength  range  in  com¬ 
bination  with  second-harmonic  generation  (SHG) 
devices  [6,7],  The  InGaAs/GaAs  strained  QWs 
were,  therefore,  chosen  as  the  active  region  for  our 
VCSEL.  It  is  also  expected  for  InGaAs/GaAs  QWs 
that  the  threshold  of  lasing  action  can  be  reduced 
due  to  the  strain  effect. 


2,  Experimental  procedure 

Samples  for  PL  measurements  were  prepared  as 
follows.  After  the  (4  1  1)A  GaAs  substrate  was 
etched  by  the  conventional  method  on  the  (1  0  0) 
GaAs  substrates,  the  substrate  was  introduced  into 
a  growth  chamber  of  a  VG  Semicon  80H  MBE 
system.  After  the  growth  of  a  buffer  layer 
consisting  of  a  3000  A  GaAs  and  GaAs(200  A)/ 
Alo.3Gao.7As(200  A)  superlattice  with  10  periods, 
AlGaAs/GaAs  QWs  with  various  well  widths 
(30,40,55,75  and  100  A)  separated  by  500  A-thick 


layers  were  grown.  The  AlAs/GaAs  superlattice 
was  grown  to  examine  the  growth  rate  of  GaAs  and 
the  composition  of  aluminum  in  AlGaAs  by  X-ray 
analysis.  Growth  temperature  was  varied  from 
520°C  to  670°C  and  V/III  ratio  was  changed  be¬ 
tween  2  and  10.  Typical  growth  rates  of  GaAs  and 
AlAs  were  0.7  and  0.3  pm/h,  respectively.  PL 
measurements  were  performed  at  7  K  using  an  Ar"^ 
laser  (488  nm)  as  an  excitation  source  with  excita¬ 
tion  power  of  2  mW. 

The  detailed  VCSEL  structure  grown  on  the 
(4 1  1)A  undoped  GaAs  substrate  is  shown  in 
Fig.  1,  It  consists  of  three  65  A  Ino.iGao.sAs  quan¬ 
tum  wells  with  1343  A  GaAs  barrier  layers  as  active 
regions  sandwiched  by  two  AlAs/GaAs  DBR  (2A- 
cavity).  The  layer  thicknesses  in  the  AlAs/GaAs 
DBR  were  designed  to  be  one-quarter  wavelength 
of  the  room-temperature  exciton  peak  (980  nm)  of 
the  cavity,  and  they  were  nominally  undoped.  In- 
GaAs  single  QWs  on  (4  1  1)A  GaAs  substrates  with 
different  well  widths  (20-100  A)  were  grown  in  ad¬ 
vance  by  fixing  the  indium  composition  at  20%  at 
the  growth  temperature  of  520°C.  It  was  confirmed 
that  the  photoluminescence  peak  from  the  InGaAs 
QW  with  well  width  of  65  A  on  (4  1  1)A  GaAs 
substrates  was  around  980  nm  at  room  temper¬ 
ature,  and  its  peak  intensity  and  full-width  at  half¬ 
maximum  (FWHM)  are  improved  in  comparison 
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Fig.  1.  Layer  structure  used  for  vertical-cavity  surface-emitting 
laser  (VCSEL)  grown  on  (4  1  1)A  GaAs  substrate. 
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to  QWs  having  the  same  structure  on  conventional 
(1  0  0)  substrates,  as  shown  in  Fig.  2a. 

After  a  3000  A  buffer  layer  of  GaAs  was  grown, 
a  20-period  bottom  DBR  of  alternating  layers  of 
AlAs  (830  A)  and  GaAs  (696  A)  was  grown  under 
the  optimum  growth  conditions  for  Alo.3Gao.7As/ 
GaAs  QWs  on  (4  1  1)A  GaAs  substrates,  that  is,  the 
growth  temperature  was  580*^0  and  V/III  ratio  was 
~  8.  Following  the  bottom  DBR,  the  2/i-cavity 
consisting  of  a  series  of  three  65  A  Ino.2Gao.8As 
active  regions  separated  by  1343  A  GaAs  barrier 
layers  was  grown.  During  22-cavity  fabrication,  the 
growth  temperature  was  kept  at  520^C  to  prevent 
indium  desorption  and/or  segregation.  Finally, 
a  19-period  top  DBR  identical  to  the  bottom  mir¬ 
ror  was  grown.  The  layer  thicknesses  were  calib¬ 


rated  by  X-ray  diffraction  on  reference  samples 
prior  to  growth. 

The  characterization  of  VCSEL  was  performed 
in  the  800-1200  nm  range  by  conventional  reflec¬ 
tion  spectrum  measurement  and  optical  pumping 
at  room  temperature.  Optical  pumping  of  the 
VCSEL  was  carried  out  using  a  Styril  9M  pulse  dye 
laser  as  the  excitation  source  pumped  by  a  cavity- 
dumped  mode-locked  YLF  laser  at  the  repetition 
rate  of  75.4  MHz.  The  sample  was  excited  through 
the  DBR  with  5  ps  laser  pulses  at  860  nm.  The 
excitation  pulse  laser  was  focused  on  a  spot  with 
a  diameter  of  about  20  pm  and  the  average  excita¬ 
tion  power  was  varied  from  10  to  100  mW  (  =  exci¬ 
tation  power  density  from  8.4  to  84  MW/cm^) 
using  ND  filters.  The  luminescence  was  spectrally 
dispersed  in  a  spectrometer  and  either  detected  in 
a  time-resolved  or  integration  mode  at  955  nm. 
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Fig.  2.  Photoluminescence  spectra  from  (a)  Ino.iGao.gAs/GaAs 
QWs  with  =  90,65,45,30  and  20  A  grown  at  520"C  on 
(4 1  1)A  GaAs  substrates.  The  V/III  ratio  was  ~  8.  (b) 
Alo.3Gao.7As/GaAs/  QWs  with  Lw  =  100,75,55,40  and  30  A 
grown  at  a  temperature  between  520°C  and  670°C  on  (4  1  1)A 
GaAs  substrates.  The  V/III  ratio  was  ~  8. 


3.  Results  and  discussion 

Fig.  2b  shows  photoluminescence  spectra  from 
the  Alo.3Gao.7As/GaAs  QWs  with  various  well 
widths  grown  at  various  temperatures  with  V/III 
ratio  of  8.  There  was  no  significant  difference 
in  the  luminescence  intensity  and  the  FWHMs  of 
the  luminescence  peaks,  when  the  V/III  ratio 
was  changed  from  2  to  10  at  the  same  growth 
temperature. 

In  Fig.  2b,  six  peaks  corresponding  to  the  QWs 
with  different  well  widths  and  GaAs  substrate  are 
clearly  observed.  The  most  prominent  feature  is  the 
very  small  line  width  of  each  luminescence  peak  of 
QWs  grown  at  the  temperature  of  580°C.  The  line 
width  of  the  luminescence  peaks  from  QWs  on 
(4  1  1)A  GaAs  substrates  were  smaller  than  that 
from  QWs  on  (1  0  0)  GaAs  substrates  which  were 
simultaneously  grown  on  the  same  Mo  block,  as 
shown  in  Table  1.  Moreover,  the  reported 
FWHMs  of  PL  lines  from  Alo.3Gao.7As/GaAs 
QWs  on  (4  1  1)A  substrates  grown  under  almost 
the  same  growth  condition  as  ours  [1]  are  nearly 
equal  to  our  results,  or  are  wider  in  the  case  of 
30A-wide  QWs.  It  is  also  noteworthy  that  the 
integrated  luminescence  intensities  of  the  QWs 
grown  at  the  temperature  of  580°C  are  the  highest 
as  seen  in  Fig.  2  and  that  they  recover  again  above 
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Table  1 

The  FWHM  values  (meV)  of  each  QW  grown  on  (4  1  1)A  and 
(10  0)  substrates  at  580°C 


FWHM  (meV) 

30  A 

40  A  55  A 

75  A 

100  A 

GaAs  sub. 

(4  1  1)A  5.48 

3.76  2.47 

2.28 

2.14 

1.40 

(10  0)  5.99 

4.41  2.89 

2.82 

1.32 

1.94 

670°C.  The  luminescence  intensity  from 
Alo.3Gao.7As/GaAs  QWs  on  (4  1  1)A  substrates 
was  also  found  to  be  about  20%  stronger  than  that 
of  simultaneously  grown  QWs  on  (1  0  0)  GaAs  sub¬ 
strates.  These  results  imply  that  effectively  atomi¬ 
cally  flat  heterointerfaces  are  realized  in 
Alo.3Gao.7As/GaAs  QWs  grown  on  (4  1  1)A  GaAs 
substrates,  especially  at  the  growth  temperature  of 
580°C  with  V/III  ratio  of  ~  8.  The  luminescence 
peaks  from  the  QWs  grown  at  temperatures  of 
520°C  and  670°C  shown  in  Fig.  2  are  at  slightly 
lower  energies  than  those  of  QWs  grown  at  other 
growth  temperatures.  This  is  probably  due  to  the 
very  small  difference  in  growth  rate  and/or  alumi¬ 
num  composition  among  these  five  samples. 

The  reflectivity  spectrum  of  InGaAs  VCSEL  on 
(4  1  1)A  GaAs  substrate  grown  under  the  optimized 
condition  described  above  is  shown  in  Fig.  3.  It  is 
seen  in  this  figure  that  a  broad  stop  band  with 
a  bandwidth  exceeding  90  nm  is  formed  and  that 
the  peak  reflectivity  is  nearly  equal  to  the  cal¬ 
culated  maximum  reflectivity  of  the  mirrors 
(99,8%)  [8].  The  reflectivity  of  DBR  on  (4  1  1)A 
GaAs  substrates  is  almost  equal  to  or  better  than 
that  on  DBR  on  (1  0  0)  GaAs  substrates  fabricated 
under  the  same  growth  conditions,  as  shown  in  the 
inset  of  Fig.  3.  The  resonance  wavelength  of 
VCSEL  is  955  nm,  which  appears  as  the  very  small 
dip  at  the  center  of  the  high-reflective  band  in 
Fig.  3.  The  observed  resonance  mode  wavelength 
(955  nm)  is  slightly  different  from  the  designed  one 
(980  nm),  which  may  be  due  to  the  small  change  in 
growth  rate  during  MBE  growth. 

Fig.  4  shows  the  output  spectra  of  the  VCSEL  on 
(4  1  1)A  GaAs  substrates  under  the  different  aver¬ 
age  excitation  powers  of  the  pulse  dye  laser.  As 
shown  in  Fig.  4,  the  peak  intensity  increased  drasti- 


Fig.  3.  The  reflectivity  spectrum  of  VCSEL  grown  on  (41  1)A 
GaAs  substrate. 


Wavelength  (nm) 


Fig.  4.  The  output  spectra  of  the  VCSEL  on  (4  1  1)A  GaAs 
substrates  under  the  different  excitation  powers  of  pulse  dye 
laser. 

cally  and  the  FWHMs  decreased  with  increasing 
excitation  power,  indicating  that  the  VCSEL  on 
(4  1  1)A  substrates  has  achieved  the  lasing  action. 
This  is  the  first  report,  to  our  best  knowledge,  on 
lasing  of  VCSELs  on  (4  1  1)A  GaAs  substrates.  The 
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peak  wavelength  of  the  lasing  spectrum  was  around 
955  nm.  This  wavelength  corresponds  to  the  reson¬ 
ance  mode  of  cavity.  The  lasing  action  occurred  in 
a  shorter  wave  region  than  the  luminescence  peak. 
(956  nm)  This  blue  shift  may  come  from  the  change 
of  the  refractive  indexes  of  GaAs  and  AlAs  and/or 
the  compensation  of  Piezo-electric  field  existing 
around  the  InGaAs/GaAs  strained  QW,  due  to 
high  density  of  electrons  and  holes  generated  by 
optical  pumping. 

To  evidence  more  clearly  the  lasing  action  of 
VCSEL  on  (4  1  1)A  GaAs  substrates,  input-output 
characteristics  were  measured  at  the  lasing 
wavelength.  Fig.  5  shows  the  number  of  photons 
from  VCSEL  as  a  function  of  the  average  input 
power  in  a  logarithmic  scale.  It  is  seen  that  the 
dependence  has  a  clear  step  at  certain  excitation 
powers.  This  clear  jump  in  the  photon  number 
definitely  indicates  lasing  action  [9, 10].  It  is, 
therefore,  seen  that  the  threshold  is  40  mW 
(34MW/cm^)  and  60  mW  (51  MW/cm^)  for 
VCSEL  on  (4  1  1)A  and  (1  0  0)  substrates,  respec¬ 
tively.  It  is  remarkable  that  the  threshold  of  lasing 
action  is  reduced  by  using  (4  1  1)A  substrates.  In 
addition,  the  number  of  photons  of  VCSEL  on 
(4  1  1)A  substrate  is  larger  in  the  spontaneous  emis¬ 
sion  region  but  smaller  in  the  stimulated  emission 
region  than  that  of  VCSEL  on  (1  0  0)  substrate. 
These  experimental  results  may  reflect  the  higher 


Fig.  5.  Input-output  characteristics  of  VCSEL  on  GaAs(4  1  1)A 
substrates  and  (10  0)  substrates. 


reflectivity  of  AlAs/GaAs  DBR  and  the  improved 
optical  gain  and  optical  confinement  in  In¬ 
GaAs/GaAs  active  regions  of  VCSELs  on  (4  1  1)A 
substrates. 

4.  Conclusion 

In  conclusion,  MBE  growth  of  Alo.3Gao.7As/ 
GaAs  QWs  was  successfully  performed  on  (4  1  1)A 
GaAs  substrates  to  achieve  extremely  flat  heteroin¬ 
terfaces  for  fabrication  of  VCSELs.  The  optimum 
growth  temperature  clarified  here  was  580°C,  and 
the  influence  of  the  V/III  ratio  was  nominal.  The 
Ino.iGao.gAs  VCSEL  was  fabricated  on  (411)A 
GaAs  substrates  for  the  first  time  under  the  above- 
mentioned  growth  conditions.  Lasing  action  of  the 
VCSEL  structure  was  confirmed  at  room  temper¬ 
ature  by  pulse  optical  pumping.  Threshold  excita¬ 
tion  power  density  of  lasing  action  was  found  to  be 
about  40  mW  (34  MW/cm^)  with  an  improved 
threshold  characteristics  compared  to  conventional 
GaAs(l  0  0)  substrates.  These  results  indicate  that 
extremely  flat  heterointerfaces  of  AlAs/GaAs  and 
InGaAs/GaAs  are  realized  and  that  they  can  be 
used  as  a  prominent  DBR  and  active  region  of 
VCSELs. 
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Abstract 

We  report  on  the  growth  of  VCSEL  structures  on  (3  1  1)B  GaAs  substrates.  For  the  growth  of  AlGaAs  and  AlAs,  the 
best  morphology  and  material  quality  were  obtained  for  growth  temperatures  >  650°C.  Surface  morphology  and  mirror 
reflectivity  degraded  significantly  at  low  growth  temperatures  (  <  600°C).  From  low-temperature  photoluminescence 
(LTPL),  we  found  a  “forbidden”  temperature  range  for  the  growth  of  InGaAs  quantum  well-active  regions  on  (3  1  1)B 
substrates  between  540  and  560°C.  Active  region  growth  temperatures  in  this  range  showed  low  intensity,  broad  LTPL, 
and  poor  laser  characteristics.  Cross-section  TEM  measurements  show  poor  homogeneity  for  material  grown  in  this 
temperature  range.  At  higher  temperatures  (580°C),  In  desorption  is  greatly  increased,  so  <  520°C  was  selected  as  the 
optimal  growth  temperature.  Even  with  a  non-optimized  structure,  the  first  reported  VCSELs  on  (3  1  1)B  were  fabricated 
with  a  pulsed  Jth  =  9  kA/cm^  at  —  40‘'C  and  28  kA/cm^  at  room  temperature.  At  —  40°C,  10  nW  of  SHG  blue  light  at 
485  nm  was  detected  under  pulsed  conditions,  and  2  nW  was  detected  under  CW  conditions  and  was  visible  to  the  naked 
eye.  By  improving  the  structure  we  obtained  CW  lasing  at  room  temperature  with  300  A/cm^  as  a  broad  area  laser  and 
1.4kA/cm^  as  a  VCSEL.  A  maximum  power  of  0.55  nW  at  490  nm  was  detected  CW  at  room  temperature. 


1.  Introduction 

Yamada  et  al.  [1,2]  have  reported  on  a  novel 
approach  to  realizing  short-wavelength  monolithic 
compact  laser  diodes.  This  is  based  on  second- 
harmonic  generation  (SHG)  inside  a  vertical-cavity 
surface-emitting  laser  diode  (VCSEL).  This  type  of 
device  should  emit  coherent  laser  light  at  twice  the 
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frequency  or  half  the  wavelength  of  the  funda¬ 
mental  laser  light.  The  intracavity  intensity  of  the 
fundamental  light  in  a  VCSEL  is  extremely  high. 
This  is  very  favorable  for  SHG  since  the  conversion 
efficiency  is  proportional  to  the  intensity  of  the 
fundamental  light.  In  addition,  GaAs  and  AlGaAs 
have  relatively  high  second-order  optical  nonlinear 
coefficients. 

One  possible  structure  for  an  SHG-in-VCSEL 
device  is  shown  schematically  in  Fig.  1.  This  struc¬ 
ture  differs  from  a  typical  VCSEL  in  two  ways.  First, 
we  must  grow  on  a  substrate  with  an  orientation 
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Second  harmonic  light  out 


DBR 

^  p-contact  metal 
SHC;  layers 

proton-im  plan  ted  region 
^p-  AlGaAs  spacer  layer 

ln„2Ga„  j^As/GaAs  Quantum  Wells 
n- AlGaAs  spacer  layer 
•*-  GaAs  /  AlAs  DBR 


n-contact  metal 


Fig.  1.  Schematic  diagram  of  a  SHG  in  VCSEL  device  struc¬ 
ture. 


tilted  away  from  (10  0)  where  the  nonlinear  optical 
coefficients  are  zero  due  to  the  crystal  symmetry. 
Second,  we  incorporate  layers  within  the  cavity  of 
the  VCSEL  optimized  for  the  highest  overall  effi¬ 
ciency  in  converting  fundamental  light  to  second 
harmonic  (SH)  light.  The  first  step  in  realizing  an 
SHG-in-VeSEL  device  was  to  fabricate  success¬ 
fully  VeSELs  on  a  non-(l  0  0)  orientation.  We  se¬ 
lected  the  (3  1  1)B  orientation  which  still  has 
a  relatively  large  nonlinear  optical  coefficient 
though  not  as  high  as  (2  1  1)  or  (1  1  1)  and  the 
B  face  can  be  effectively  doped  n-type  with  Si  [3]. 
All  of  the  work  described  here  was  using  (3  1  1)B 
substrates  with  some  comparisons  to  (10  0)  sub¬ 
strates.  Some  of  our  early  device  results  have  been 
published  elsewhere  so  that  this  paper  will  concen¬ 
trate  primarily  on  the  growth  and  characterization 
of  the  epitaxial  material. 


2.  Experiment  procedure 

The  growths  were  done  in  a  Varian  Modular 
Gen  II  MBE  system  using  all  elemental  sources.  All 
the  growths  were  done  with  non-In-bonded  sub¬ 
strate  holders.  No  chemical  preparation  was  done 
on  the  substrates  prior  to  growth.  The  wafers  and 
blocks  were  baked  in  an  auxiliary  chamber  at 
500°C  for  1  h.  The  substrate  rotation  rate  was 
30  rpm.  Ga  and  In  source  furnaces  were  125  cc  cells 
designed  with  straight  wall  crucibles  and  tapered 


inserts  to  minimize  shutter  flux  transients  and  to 
improve  flux  stability.  The  Al  source  furnace  used 
a  standard  tapered  60  cc  cell.  Be  was  used  as  the 
p-type  dopant  and  Si  was  used  as  the  n-type 
dopant.  Substrate  temperatures  were  measured 
with  an  optical  pyrometer  through  a  heated  view¬ 
port  assembly  to  minimize  coating  due  to  As  [4]. 
The  same  optical  pyrometer  was  used  for  Ga  and 
Al  flux  calibrations  using  interferometry  [5,  6]. 

Nomarski  optical  microscopy  was  used  to  ob¬ 
serve  both  surface  roughness  and  macroscopic  sur¬ 
face  defects. 

Low-temperature  photoluminescence  (LTPL) 
measurements  were  done  with  a  liquid  He  cryostat 
with  sample  temperatures  of  10-20  K.  Excitation 
power  was  5  mW  focused  onto  the  sample  from  an 
Ar-ion  laser  at  488  nm.  A  Ge  detector  was  used  to 
collect  sample  luminescence. 

Specimens  were  prepared  for  transmission  elec¬ 
tron  microscopy  (TEM)  by  mechanical  grinding 
and  polishing  to  a  thickness  of  less  than  10  pm 
followed  by  ion  beam  thinning  with  5  kV  Ar'^  ions 
at  low  angle.  Specimens  were  mounted  on  a  liquid- 
nitrogen-cooled  stage  during  ion  thinning  and  final 
ion  thinning  was  performed  at  incident  angles  less 
than  5°.  Observations  were  performed  in  a  JEOL 
4000FX  microscope  operating  at  400  kV. 


3.  Growth  and  characterization 

There  are  many  requirements  for  the  growth 
of  the  VCSEL  structures  described  in  this  work: 
(1)  Just  as  in  the  case  of  in-plane  lasers,  the  optical 
and  electrical  quality,  of  the  material,  particularly 
in  the  InGaAs  quantum  well-active  region,  must  be 
sufficiently  high.  (2)  As  in  the  case  of  VCSELs 
grown  on  (1  0  0),  the  flux  stability  must  be  carefully 
controlled  to  within  1%  for  all  of  the  group  III 
sources  [7].  (3)  When  we  grow  on  (3  1  1)B  substra¬ 
tes,  we  must  maintain  the  excellent  surface  mor¬ 
phology  and  material  quality  that  we  observe  on 
(1  0  0)  substrates. 

The  starting  substrate  quality  made  a  noticeable 
difference  in  the  quality  of  the  grown  material.  Our 
initial  growths  were  on  2  x  4  cm  pieces.  Later  an¬ 
other  substrate  vendor  was  able  to  supply  us  with 
2  in  diameter  wafers.  Both  substrate  mounting  and 
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temperature  measurement  using  pyrometry  were 
greatly  improved.  The  “epi-ready”  polish  of  the 
second  vendor  gave  superior  surface  morphology. 
Also,  a  substrate  outgas  temperature  of  higher  than 
650°C  resulted  in  better  surface  morphology  even 
though  the  minimum  temperature  needed  to  obtain 
a  streaky  RHEED  pattern  was  unchanged. 

Bose  et  al.  [3]  reported  that  Si  doping  on  (3  1  1)B 
GaAs  substrates  results  in  n-type  conductivity.  To 
verify  this,  we  grew  Si-doped  GaAs  on  both  (10  0) 
and  (3  1  1)B  substrates  simultaneously  in  the  same 
growth.  The  growth  temperature  was  600°C  and 
the  target  [Si]  was  IxlO^^cm"^.  Hall  effect 
measurements  showed  that  both  samples  were  n- 
type  and  the  carrier  concentrations  were  within  3% 
of  the  target  value. 

Our  procedure  for  growing  VCSEL  structures 
on  (1  0  0)  substrates  is  to  grow  the  entire  structure 
at  the  same  substrate  temperature  to  simplify  the 
in-situ  optical  monitoring  that  we  use  during  the 


growth  [6].  This  is  usually  at  a  temperature  that  is 
consistent  with  the  InGaAs  active  region  temper¬ 
atures  of  550°C  or  below.  However,  the  same  pro¬ 
cedure  on  (3  1  1)B  substrates  resulted  in  a  very 
rough  and  hazy  morphology  as  shown  in  Fig.  2b. 
Increasing  the  growth  temperature  to  620°C  im¬ 
proved  the  surface  roughness,  but  there  was  a  high 
density  of  morphological  defects  that  are  a  few 
microns  in  size  as  shown  in  Fig.  2c.  Increasing  the 
growth  temperature  further  to  >  650°C  resulted  in 
specular  surfaces  with  very  low  morphological  de¬ 
fect  density  (Fig.  2d).  At  the  higher  growth  temper¬ 
ature,  the  defects  that  remained  were  the  classical 
oval  defects  that  are  commonly  seen  in  MBE 
growth.  Thus,  for  layers  of  AlGaAs  or  AlAs  we 
found  the  best  growth  temperatures  to  be  above 
650"C. 

In  order  to  study  the  optical  quality  of  the  In¬ 
GaAs  active  region  on  (3  1  1)B  substrates  com¬ 
pared  to  (10  0)  substrates  we  grew  special  test 


Fig.  2.  optical  microscope  photographs  of  surface  morphology  of  VCSEL  wafers  grown  at  various  temperatures  on  (I  0  0)  and  (3  1  1)B 
substrates:  (a)  (1  0  0),  520°C,  (b)  (3  1  I)B  520X,  (c)  (3  1  1)B  620°C,  520"C  for  the  InGaAs  active  region,  (d)  (3  1  1)B  650°C,  520"C  for  the 
InGaAs  active  region. 
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structures  that  included  just  the  quantum  well  ac¬ 
tive  regions.  These  were  much  simpler  to  grow  than 
full  VCSEL  structures  which  take  longer  than  10  h 
to  grow.  The  structure  consists  of  3  quantum  wells 
of  In^-Gai-^As  with  an  In  mole  fraction  of  x  =  0.2 
and  80  A  thick,  separated  by  100  A  thick  GaAs 
barriers.  Fig.  3  shows  the  low-temperature  photo¬ 
luminescence  measurements  from  four  samples: 
growth  temperatures  of  520°C  on  (1  0  0),  520°C  on 
(3  1  1)B,  550°C  on  (3  1  1)B,  and  580°C  on  (3  1  1)B. 
The  samples  were  grown  in  sequence  within  a  two 
day  period  with  identical  source  furnace  temper¬ 
atures.  The  only  differences  were  the  substrate  ori¬ 
entation  and  the  substrate  temperature.  The  sample 
grown  on  (10  0)  shows  a  single,  narrow  lumines¬ 
cence  peak  with  a  FWHM  of  4.3  meV  and  is  char¬ 
acteristic  of  the  high  quality  of  InGaAs  that  we 
observe  on  (10  0)  substrates.  The  luminescence 
peaks  from  the  samples  grown  at  520°C  and  580°C 
on  (3  1  1)B  are  fairly  comparable  to  each  other  both 
in  intensity  and  FWHM  but  are  both  inferior  to  the 
(1  0  0)  case.  Also,  note  the  strong  shift  to  shorter 
wavelength  in  the  580°C  sample.  This  is  due  to  the 
large  decrease  in  In  incorporation  at  the  higher 
temperature.  We  also  observed  a  variation  in  peak 


Fig.  3.  Low-temperature  photoluminescence  spectra  for  In- 
GaAs/GaAs  multi-quantum  well  samples  grown  at  various  tem¬ 
peratures  on  (1  0  0)  and  (3  1  1)B  substrates. 


wavelength  across  the  2  in  wafer  that  matched  the 
known  temperature  nonuniformity  of  the  substrate 
at  580°C.  For  the  sample  grown  at  550°C  there  is 
a  dramatic  degradation  in  material  quality.  We 
observe  multiple,  broad  peaks  with  low  integrated 
intensity.  Threshold  current  densities  for  lasers 
with  active  regions  grown  in  this  temperature  re¬ 
gion  are  very  high.  In  separate  experiments  we  have 
looked  at  active  regions  grown  over  a  wide  temper¬ 
ature  range  from  490°C  to  580°C  and  have  not  seen 
this  severe  degradation  in  material  quality  on 
(1  0  0)  substrates. 

In  order  to  understand  further  the  poor  opti¬ 
cal  quality  of  InGaAs  quantum  wells  grown  at 
around  550°C,  we  looked  at  the  above  set  of  four 
samples  with  cross-sectional  TEM.  The  results  are 
shown  in  Fig.  4.  The  520°C,  (1  0  0)  and  the  580'^C, 
(3  1  1)B  samples  show  relatively  smooth,  homo¬ 
geneous  interfaces  between  the  InGaAs  and  GaAs 
layers.  The  520°C,  (3  1  1)B  sample  shows  some 
degradation  of  the  interfaces  and  in  the  LTPL 
measurements,  there  is  a  small  increase  in  the 
FWHM.  The  550°C,  (3  1  1)B  sample  showed  a  very 
inhomogeneous  active  region  with  large  variations 
in  thickness  and  strain.  The  variations  were  so 
pronounced  that  clear  imaging  was  not  possible. 
Apparently  at  550°C  on  (3  1  1)B  the  growth  kinet¬ 
ics  are  such  that  the  smooth,  layer-by-layer  growth 
is  disrupted  and  there  is  some  islanding  of  the 
InGaAs. 

The  LTPL  and  TEM  results  indicate  that  there  is 
not  much  difference  between  the  optical  quality  of 
the  InGaAs  quantum  well  region  between  the 
520°C  case  and  the  580°C  case.  But  at  580°C  we  are 
in  a  temperature  regime  where  the  In  incorporation 
is  a  relatively  strong  function  of  the  substrate  tem¬ 
perature  and  we  are  sensitive  to  run-to-run  vari¬ 
ations  in  growth  temperature  and  nonuniform 
temperature  profiles  across  a  wafer.  As  a  result  we 
selected  <  520°C  as  the  optimal  growth  temper¬ 
ature  for  the  active  region.  We  have  not  yet  seen 
LTPL  characteristics  on  (3  1  1)B  as  good  as  that  on 
(100). 

We  also  compared  a  100  A  GaAs  barrier  to 
a  200  A  GaAs  barrier  in  multi-quantum  well  test 
structures  with  60,  80,  and  100  A  thick  InGaAs 
quantum  wells.  The  LTPL  spectrum  was  markedly 
better  in  the  sample  with  the  thicker,  200  A  barrier: 
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Fig.  4.  Cross-sectional  transmission  electron  microscope  photographs  of  InGaAs/GaAs  multi-quantum  well  test  structures  (same 
samples  as  Fig.  3):  (a)  (1  0  0),  520X,  (b)  (3  1  1)B,  580X,  (c)  (3  1  1)B,  520°C,  (d)  (3  1  1)B,  550°C 


For  the  widest  well  width  of  100  A,  the  FWHM  was 
47  meV  for  the  100  A  barrier  compared  to  5.6  meV 
for  the  200  A  barrier.  The  integrated  intensity  was 
also  about  a  factor  of  2  higher  with  the  200  A 
barrier  compared  to  the  100  A  barrier.  Cross-sec¬ 
tional  TEM  micrographs  show  inhomogeneous  in¬ 
terfaces  and  evidence  of  islanding  for  the  sample 
with  100  A  barrier  widths,  especially  for  the  100  A 
thick  well.  Much  smoother  interfaces  were  ob¬ 
served  in  the  sample  with  200  A  barriers.  The  same 


structures  grown  on  (10  0)  with  both  100  and 
200  A  barriers  show  narrow,  high-intensity  peaks 
in  LTPL. 

Thus,  our  latest  optimized  structure  for  the  ac¬ 
tive  region  is  two  60  A  quantum  wells  of 
In^Gai  -xAs,  x  =  0.20,  separated  by  a  GaAs  barrier 
that  is  200  A  thick. 

Our  procedure  for  flux  calibration  and  control  is 
based  on  optical  pyrometry  and  has  been  published 
elsewhere  [6]. 
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4.  Device  results 

We  have  fabricated  a  VCSEL  grown  on  an  n- 
(3  1  1)B  GaAs  substrate  and  observed  SH  blue  light 
for  the  first  time  [2].  It  consists  of  a  GaAs/AlAs 
semiconductor  n-DBR  bottom  mirror,  n-AlGaAs 
spacer  layer,  InGaAs/GaAs  QWs,  p-AlGaAs 
spacer  layer,  p-GaAs  cap  layer  and  a  Si02/Ti02 
dielectric  DBR  top  mirror.  The  top  mirror  has 
a  high  reflectivity  at  the  fundamental  wavelength 
but  transmits  SH  light.  This  was  our  first  SHG-in- 
VCSEL  device  and  did  not  incorporate  the  opti¬ 
mized  SHG  layers  but  the  p-GaAs  cap  and  the 
p-AlGaAs  spacer  layers,  to  some  extent,  function  as 
the  SHG  layers. 

This  VCSEL  lases  under  pulsed  operation 
at  room  temperature  and  lases  under  CW  opera¬ 
tion  only  at  low  temperature  (130-270  K). 
The  lasing  wavelength  of  the  fundamental  light  is 
965  nm,  and  that  of  the  SH  blue  light  is  482  nm. 
The  maximum  CW  output  power  of  the  funda¬ 
mental  and  the  SH  light  are  1.5  mW  and  2.0  nW, 
respectively,  at  135  K.  More  than  10  nW  of 
SH  light  is  observed  under  pulsed  operation.  Al¬ 
though  the  blue  light  output  power  is  not  very  high, 
it  is  visible  to  the  naked  eye.  Our  simulations  indi¬ 
cate  that  it  can  be  improved  to  several  hundred 
pWs  by  incorporation  of  an  optimized  GaAs/AlAs 
SHG  layer  structure  [2],  To  date,  we  have  attem¬ 
pted  two  wafers  that  incorporate  such  layers  and 
both  have  very  high  series  resistance  and  did  not 
lase. 

Some  recent  device  wafers  that  incorporate  the 
optimized  active  region  structure  described  at 
the  end  of  Section  3  were  processed  and  fabricated 
into  VCSELs.  The  laser  cavity  is  6X/n  with 
thick  AlGaAs  as  the  top  phase-matching  layer. 
This  thick  AlGaAs  is  enough  to  confine  the  light 
and  carriers  in  a  broad-area,  in-plane  laser.  The 
broad  area  Jth  of  this  wafer  was  350A/cm^. 
When  processed  into  a  VCSEL  using  a  top  dielec¬ 
tric  mirror,  the  device  lased  CW  at  room  temper¬ 
ature  with  a  /th  =  5  mA  for  a  15  pm  dia¬ 
meter  device.  The  active  area  for  current  flow  as 
defined  by  ion  implantation  was  21  pm.  This  cor¬ 
responds  to  Jth  =  L4  kA/cm^.  The  maximum  fun¬ 
damental  power  output  at  981  nm  was  40  pW  at 
20  mA.  The  maximum  SH  light  output  at  490  nm 


was  0.55  nW,  also  at  20  mA.  The  large  difference 
between  the  broad  area  laser  and  the  VCSEL  thre¬ 
shold  current  density  is  being  investigated.  It  may 
be  related  to  a  mismatch  between  the  gain  peak 
wavelength  and  the  Fabry-Perot  wavelength  or 
other  device  processing  parameters.  Details  of  the 
processing  and  device  characteristics  will  be  re¬ 
ported  elsewhere. 


5.  Conclusion 

We  have  grown  a  number  of  wafers  on  (3  1  1)B 
substrates  and  found  that  the  best  VCSEL  material 
is  realized  with  (1)  high-quality  substrate  material, 
(2)  high  substrate  temperatures  during  oxide  de¬ 
sorption  before  growth  begins,  (3)  >  650°C  growth 
temperature  during  Al-containing  layers,  (4) 
<  520°C  growth  temperature  during  InGaAs 
quantum  well  active  region,  and  (5)  thicker  GaAs 
barriers  between  InGaAs  quantum  wells.  The  tem¬ 
perature  range  around  550°C  for  the  active  region 
should  be  particularly  avoided  due  to  in¬ 
homogeneous  growth  of  InGaAs,  2  nW  of  blue  SH 
laser  light  at  485  nm  has  been  observed  on  a  non- 
optimized  VCSEL  device.  The  best  results  on 
(3  1  1)B  substrates  to  date  are  VCSELs  that  lase 
CW  at  room  temperature  with  J^h  =  1.4  kA/cm^ 
and  emit  a  maximum  power  of  40  pW  at  981  nm 
and  0.55  nW  at  490  nm. 
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Abstract 

The  growth  of  AlGaAsSb  materials  on  InP  substrate  was  carried  out  by  elemental  source  molecular  beam  epitaxy 
(MBE).  The  control  of  group-V  composition  appeared  complex.  In  order  to  minimize  the  fluctuations  of  group-V 
composition,  its  dependence  on  growth  temperature,  cracking  of  the  group-V  species,  growth  rate  and  Al/Ga  ratio  were 
evaluated.  Then  we  focused  on  AlAs^^Sbi  and  Al^Gaj  _^Asj,Sbi  -j,  alloys  with  x  and  y  allowing  lattice  matching  to  InP, 
and  with  z  around  0.10  in  order  to  have  transparency  at  1.55  pm.  Pairing  these  alloys,  we  built  up  Bragg  mirrors  with  the 
reflectivity  centered  at  1.55  pm.  A  mirror  consisting  of  2O2  pairs  exhibited  a  reflectivity  of  99.8%  with  a  200  nm  stopband 
width.  Doping  studies  of  these  materials  demonstrated  n-  and  p-type  conductivities  with  carrier  concentrations  over 
10^^  cm“^  where  Te  and  Be  were,  respectively,  the  n-  and  p-type  dopants. 


1.  Introduction 

The  fabrication  of  vertical  optical  microcavities 
can  be  a  key  technology  for  a  variety  of  photonic 
devices,  including  lasers,  amplifiers,  modulators 
and  bistable  switches.  At  the  operating  wavelength 
of  1.55  pm,  the  AlAsSb/AlGaAsSb  Bragg  stacks  on 
InP  substrates  appear  as  good  candidates  to  fabri¬ 
cate  distributed  Bragg  reflectors  (DBRs).  The  fol¬ 
lowing  advantages  can  be  drawn:  (i)  lattice 
matching  to  InP  (with  the  proper  As/Sb  ratio);  (ii) 
transparency  at  1.55  pm  wavelength  (for  A1  com- 
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positions  higher  than  10%);  (iii)  last  but  not  least, 
high  refractive  index  contrast  attainable  [1].  In 
spite  of  these  advantages,  only  few  attempts  to 
realise  these  heterostructures  on  InP  have  been 
reported  up  to  now  [1-3].  Assuming  a  Vegard’s  law 
for  GaAsSb  and  AlAsSb  lattice  parameters,  the  As 
composition  must  be  0.51  and  0.56,  respectively,  to 
match  the  InP  lattice  parameter.  Liquid  phase  epi¬ 
taxy  was  found  to  be  inadequate  to  get  these  com¬ 
positions  [4]  for  which  a  miscibility  gap  was 
evidenced  [5].  However,  it  was  demonstrated  that 
MBE  can  produce  metastable  layers  with  composi¬ 
tions  inside  the  miscibility  gap  [6].  Here  the  com¬ 
position  control  of  these  alloys  grown  by  MBE  is 
carefully  examined,  and  high-reflectivity  mirrors 
are  reported. 
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2.  Control  of  group-V  composition 

DBRs  represent  thick  stacks  with  typical  thick¬ 
ness  of  several  pm.  Hence  a  low  lattice  mismatch  is 
required  to  prevent  the  generation  of  dislocations. 
In  the  AlGaAsSb  alloys,  the  control  of  group-V 
composition  is  essential  to  reach  a  good  lattice 
matching.  In  contrast  to  group-III  elements,  the 
sticking  coefficients  of  group-V  species  are  not 
unity.  The  solid  phase  group-V  composition  is 
therefore  sensitive  to  most  of  the  growth  para¬ 
meters.  In  addition,  growth  parameter  fluctuations 
are  emphasized  by  the  relatively  long  growth  times 
needed  for  these  DBRs.  Seeking  a  reduced  sensitiv¬ 
ity  of  the  group-V  composition  on  growth  para¬ 
meters,  we  investigated  these  dependences. 

Our  growth  equipment  was  a  solid-source  MBE. 
The  group-V  sources  were  equipped  with  cracking 
tubes  allowing  to  produce  As2  and  Sb2  fluxes.  The 
experimental  group-V  mole  fractions  were  deduced 
from  As  and  Sb  profiles  obtained  by  secondary  ion 
mass  spectroscopy  (SIMS)  on  samples  where 
growth  parameters  were  systematically  varied  in 
a  single  growth.  The  SIMS  measurements  were 
quantified  with  the  support  of  X-ray  diffraction  on 
GaAsSb  single  layers  which  were  used  as  calib¬ 
ration  samples  for  the  SIMS  analysis. 

Fig.  1  shows  the  influence  of  the  growth  temper¬ 
ature  on  the  Sb  mole  fraction  of  AlAsSb  and 


Growth  temperature  (°C) 


Fig.  1.  Sb  mole  fraction  in  AIAsSb  and  Alo.iGao.gAsSb  versus 
the  growth  temperature.  The  incoming  fluxes  were  fixed.  The  As 
and  Sb  cracker  temperatures  were  900”C. 


Alo.iGao.gAsSb  which  are  the  material  of  interest 
for  the  1.55  pm  Bragg  mirrors.  No  significant  effect 
is  evidenced  up  to  500^C.  Above  this  temperature, 
Sb  is  preferentially  desorbed  for  both  alloys.  A  sim¬ 
ilar  result  was  already  reported  for  GaAsSb  at 
a  slightly  higher  temperature  [7].  In  order  to  be 
insensitive  to  substrate  temperature  fluctuations, 
we  therefore  used  growth  temperature  lower  than 
500°C  for  the  subsequent  samples. 

Then,  we  investigated  the  role  of  As  and  Sb 
cracker  temperatures.  Strong  variations  of  group-V 
mole  fractions  were  obtained  in  the  solid  as  illus¬ 
trated  in  Fig.  2.  These  variations  clearly  demon¬ 
strates  that  (i)  the  cracking  is  effective  for  arsenic 
and  antimony.  The  efficiencies  reach  maximum 
values  above  about  800*^0  for  both.  It  is  believed 
that  this  temperature  mainly  allows  to  crack  tet- 
ramers  into  dimers  [8].  (ii)  The  cracked  species  are 
incorporated  much  more  efficiently  than  the  un¬ 
cracked  species.  Fig.  2  shows  that  for  arsenic  as 
well  as  for  antimony  the  composition  after  cracking 
is  typically  twice  as  before.  This  is  consistent  with 
a  sticking  coefficient  which  doubles  when  incoming 
species  are  dimers  rather  than  tetramers.  This  ob¬ 
servation  meets  the  model  of  Foxon  [9]  where  the 
As4  sticking  coefficient  on  GaAs  has  a  maximum 
value  of  0.5  against  1  for  As2.  Because  of  this  higher 
sticking  coefficient,  dimers  were  preferred  to  tet¬ 
ramers  for  the  growth  of  the  AlGaAsSb  materials. 
With  higher  sticking  coefficients,  the  group-V 
composition  in  the  solid  phase  is  expected  to  be 
less  dependent  on  growth  conditions.  The  cracker 


Fig.  2.  As  or  Sb  mole  fraction  in  AIAsSb  versus  As  or  Sb  cracker 
temperature,  respectively. 
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Fig.  3.  As  mole  fraction  in  AlGaAsSb  alloys  versus  the  Al  mole 
fraction.  As  and  Sb  fluxes  were  constant.  The  total  group-III  flux 
was  fixed  (constant  growth  rate)  while  the  Al/Ga  ratio  was 
systematically  varied. 


temperatures  were  fixed  at  900°C  to  go  beyond  the 
region  of  lower  cracking  efficiencies. 

In  Fig.  3,  the  growth  rate  and  the  group-V  fluxes 
were  constant,  but  the  Al/Ga  ratio  was  varied.  As 
one  can  see,  at  higher  Al  concentrations,  more  As  is 
incorporated  in  the  solid  phase.  This  effect  is  partly 
usefull  since  for  InP  lattice  matching,  Al-rich  alloys 
need  a  higher  As  mole  fraction  than  Ga-rich  alloys. 
However,  the  higher  incorporation  of  As  in  Al-rich 
alloys  is  stronger  than  needed.  An  As  mole  fraction 
difference  of  0.20  was  measured  between  GaAsSb 
and  AlAsSb  while  the  lattice  matching  condition 
requires  a  difference  of  0.05.  This  observation  has 
an  important  consequence  for  the  growth  of  Al- 
GaAsSb/AlAsSb  heterostructures:  the  lattice 
matching  condition  cannot  be  satisfied  for  both 
alloys  at  constant  growth  rate  and  group-V  fluxes. 
Hence  one  has  to  change  a  group-V  flux  when 
switching  from  AlAsSb  growth  to  AlGaAsSb 
growth.  However,  the  solid-source  MBE  is  not  well 
suited  to  rapid  and  reproducible  change  of  fluxes. 
Therefore  this  solution  is  not  desirable  for  a  DBR 
growth. 

Another  possibility  to  solve  this  problem  was 
evidenced  by  investigating  the  influence  of  the 
growth  rate  on  the  group-V  composition.  Fig.  4 
presents  our  observations  for  GaAsSb  and  AlAsSb. 
While  As  and  Sb  fluxes  were  constant,  the  group- 
III  fluxes  and  therefore  the  growth  rates  were  in¬ 
creased  (however,  in  these  experiments,  the  As  and 


Fig.  4.  Influence  of  the  growth  rate  of  GaAsSb  and  AlAsSb  on 
their  As  mole  fraction.  As  and  Sb  fluxes  were  fixed  for  each 
experiment  (but  different  between  GaAsSb  or  AlAsSb  growth). 


Sb  fluxes  were  different  for  GaAsSb  or  AlAsSb 
growth).  The  consequence  of  increasing  the  growth 
rate  is  an  Sb  enrichment  of  the  solid  phase  of  each 
alloy.  This  behavior  was  also  observed  by  Klem 
et  al.  [10]. 

The  results  of  Figs.  3  and  4  can  be  summarized 
as  follows:  the  group-V  incorporation  coefficient  is 
affected  by  the  group-III  arrival  rate  and  also  by 
the  group  III  species.  With  a  careful  adjustment  of 
growth  conditions,  each  effect  can  compensate  the 
other:  higher  Al  mole  fractions  need  higher  growth 
rates.  To  take  full  advantage  of  this  possibility,  two 
Al  cells  are  required  to  adjust  the  Al  mole  fraction 
of  each  alloy  independently  of  the  growth  rate.  As 
a  result,  the  lattice  matching  condition  can  be  satis¬ 
fied  for  the  whole  mirror  while  all  the  individual 
flux  can  be  kept  constant  during  the  growth.  This  is 
favorable  to  the  stability  of  the  process. 

Our  observations  on  the  influence  of  the  growth 
parameters  on  the  group-V  composition  in  the 
solid  can  be  qualitatively  interpreted  with  thermo¬ 
dynamics.  The  group-V  composition  is  driven  by 
the  competitive  reactions  between  the  incoming 
species.  The  free  energies  AG  for  the  different  reac¬ 
tions  involved  in  the  AlGaAsSb  growth  were  cal¬ 
culated  at  500°C  from  the  database  of  Ref.  [11]. 
The  values  are  reported  in  Table  1,  showing  that 
the  formation  of  arsenides  is  energetically  more 
profitable  than  the  formation  of  antimonides.  This 
explains  why  the  Sb  is  preferentially  desorbed  when 
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Table  1 

Gibbs  energies  of  the  reactions  involved  in  the  AlGaAsSb  growth 


Growth  reactions 

AG  (J/mol) 

Ga(g)  -h  iAs2(g)  =  GaAs(s) 

-282 

Ga(g)  +  iSb^Cg)  =  GaSb(s) 

-263 

Al(g)  +  iAs2(g)  =  AlAs(s) 

-369 

Al(g)  +iSb2(g)  =  AlSb(s) 

-325 

the  growth  temperature  is  raised,  or  when  the  V/III 
ratio  is  increased  (decrease  of  growth  rate).  The 
difference  of  AG  being  more  pronounced  for  the  Al 
compounds,  the  As  incorporation  is  even  more 
favored  when  the  Al/Ga  ratio  is  increased,  in  agree¬ 
ment  with  our  experimental  results. 

3.  Mirror  growth 

We  applied  the  optimized  growth  conditions  dis¬ 
cussed  above  to  the  growth  of  AlAsSb/AlGaAsSb 
mirrors.  The  refractive  index  of  the  materials 
were  already  evaluated  in  Ref  [1].  We  found  n  — 
3.65  for  Alo.i3Gao.87ASySb(i_j,)  and  n  =  3.11  for 
AlAs^Sb(i_;c)-  Therefore,  this  material  system  has 
an  index  step  of  0.54  which  is  among  the  highest 
ever  reported  for  III-V  compounds  lattice  matched 
to  InP  and  transparent  at  1.55  pm.  A  comparable 
value  was  reported  for  AlPSb/GaPSb  system  [12] 
which  is  also  very  attractive.  However,  the  large 
difference  of  atomic  radii  involved  in  this  system 
(P  compared  to  Sb)  is  a  priori  not  favorable  to  the 
growth. 

Undoped  quarter-wave  stacks  were  realized  for 
1.55  pm  wavelength.  The  reflectivity  was  measured 
on  a  Fourier  transform  infrared  reflectometer.  The 
experimental  setup  allows  to  measure  a  reference 
spectrum  with  one  reflection  on  a  reference  mirror. 
Then  the  sample  is  placed  on  its  holder  and  the 
reference  mirror  is  moved  to  allow  two  reflections 
on  the  sample  and  one  on  the  reference  mirror  with 
no  optical  adjustment  of  the  source  nor  the  de¬ 
tector.  The  square  root  of  the  ratio  of  the  two 
spectra  gives  a  quantitative  measurement  with  an 
accuracy  of  +  0.002.  A  first  sample  consisted  of  15 
pairs  of  Alo.i3Gao.87ASj,Sb(i_j;)  and  AlAs^^Shd-^) 


Fig.  5.  Reflectivity  spectrum  of  a  20i/2  pairs  Alo.iGao.gAsSb/ 
AIAsSb  Bragg  mirror. 


plus  an  additionnal  layer  of  Alo.i3Gao.87ASj,Sb(i 
to  prevent  the  strong  surface  oxidation  in  the  air 
which  is  observed  on  AlAs^Sbd  The  photo¬ 
luminescence  of  this  sample  was  observed  around 
1.33  pm  at  room  temperature.  This  confirms  the 
transparency  of  the  stack  at  1.55  pm.  The  reflectivity 
is  maximum  at  1.58  pm  with  a  value  over  0.98  [1]. 

In  a  second  sample,  we  increased  the  number  of 
pairs  to  20^  and  we  slightly  decreased  the  Al  com¬ 
position  of  the  quaternary  to  0.10.  This  yielded 
a  maximum  reflectivity  of  0.998,  as  shown  in  Fig.  5. 
This  value  is  in  very  good  agreement  with  the 
predited  value  based  on  a  calculation  using  the 
index  values  reported  above.  Moreover,  this  is  typi¬ 
cally  the  value  required  for  vertical  cavity  surface 
emitting  lasers.  Moreover,  these  20^  pairs  represent 
a  total  thickness  of  4.8  pm.  It  is  much  less  than  the 
thickness  of  GalnAsP/InP  or  AlGalnAs/AlInAs 
distributed  Bragg  mirrors  with  a  comparable  reflec¬ 
tivity.  The  reduction  of  thickness  is  important  to 
lower  electrical  and  thermal  resistances  of  the  verti¬ 
cal  device.  In  addition,  small  lateral  size  pixels  would 
be  more  easily  processed  with  a  smaller  height. 

4.  Doping  studies 

In  order  to  inject  current  into  vertical  cavity 
structures,  the  doping  of  these  materials  is  essential. 
We  have  studied  both  n-  and  p-type  dopants.  Sili¬ 
con  was  first  tested  as  the  n-type  source.  The 
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Fig.  6.  Electron  Hall  concentrations  in  Te-doped  GaAsSb, 
AlAsSb  and  AlGaAsSb  samples  versus  the  reverse  of  the  dopant 
source  (Sb2Te3)  temperature. 

Si-doped  samples  have  all  shown  poor  conductivi¬ 
ties  with  a  pronounced  anisotropy.  They  were  high¬ 
ly  compensated,  probably  due  to  an  amphoteric 
behavior  of  Si.  Tellurium  is  a  more  common  n-type 
dopant  in  the  antimony-rich  alloys.  We  loaded 
a  Sb2Te3  source.  Electrical  measurements  on  Te- 
doped  layers  are  reported  in  Fig.  6  versus  the  tem¬ 
perature  of  the  Sb2Te3  cell.  Electron  concentra¬ 
tions  in  excess  of  10^^  cm" ^  were  obtained.  These 
doping  levels  are  high  enough  to  fabricate  a  vertical 
laser  (VCSEL).  In  addition,  there  is  no  evidence 
that  the  Te  activity  depends  on  the  Al  mole  fraction 
since  the  experimental  data  in  GaAsSb,  AlGaAsSb 
or  AlAsSb  are  roughly  on  a  straight  line.  The  room 
temperature  electron  mobilities  were  560  cm^  V  ^ 
s"^  for  GaAsSb  doped  at  1.3xl0^^cm"^  and 
80cm^V"^s“^  for  AlAsSb  doped  at  9.4  x 
10^^  cm“^.  A  Be  source  was  used  for  p-type  doping. 
Hole  concentrations  up  to  4xl0^^cm"^  were 
obtained.  The  hole  mobility  in  AlAsSb  was 
9  cm^  s“^  for  a  concentration  of  1  x  10^^  cm“^. 
These  doping  results  open  the  possibility  of  grow¬ 
ing  VCSEL  structures  with  n-  and  p-type  Al¬ 
GaAsSb  mirrors. 


5.  Conclusion 

In  spite  of  a  difhcult  control  of  the  group-V  mole 
fraction,  the  AlGaAsSb  material  system  is  shown  to 
be  very  attractive  for  fabrication  of  1,55  pm  Bragg 


mirrors  on  InP  substrate.  The  group-V  composi¬ 
tion  was  found  to  be  sensitive  to  growth  temper¬ 
ature,  cracking  of  group-V  species,  growth  rate  and 
Al/Ga  ratio.  These  dependences  are  consistent  with 
thermodynamics.  The  growth  conditions  of  hetero¬ 
structures  were  optimized  to  reduce  the  group-V 
composition  fluctuations.  The  dependences  on 
growth  rate  and  on  Al/Ga  ratio  were  found  to 
compensate  each  other.  By  a  proper  adjustment  of 
growth  rates,  it  was  possible  to  grow  Al- 
GaAsSb/AlAsSb  DBRs  with  fixed  group-V  fluxes. 
A  reflectivity  of  0.998  +  0.002  is  demonstrated  at 
1.55  pm  on  a  DBR  stack  of  20^  pairs  which  repres¬ 
ents  a  thickness  of  less  than  5  pm. 
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Abstract 

We  describe  the  growth  of  carbon  6-doped  GaAs  by  chemical  beam  epitaxy  (CBE)  using  CBr4  as  the  dopant  during 
growth  interrupts.  Characterisation  of  the  5-doped  samples  using  secondary  ion  mass  spectrometry  (SIMS)  at  a  series  of 
impact  energies  showed  that  the  C  was  confined  to  a  planar  sheet  less  than  1  nm  thick.  This  is  in  agreement  with  HRXRD 
measurements  on  C  5-doping  superlattices.  The  results  of  SIMS  profiling  of  layers  with  a  range  of  interrupt  times  indicate 
that  there  is  an  initial  surface  coverage  of  C  from  CBr4  of  approximately  9  x  10^^  cm  which  increases  relatively  slowly 
during  an  extended  interrupt. 


1.  Introduction 

There  is  an  increasing  requirement  for  highly 
doped  GaAs  and  Al3cGai-;cAs  in  devices  such  as 
heterojunction  bipolar  transistors  (HBTs)  and  dis¬ 
tributed  Bragg  reflector  (DBR)  stacks.  Carbon  is 
well  established  as  a  p-type  dopant  in  GaAs  for 
HBT  base  layers  because  of  its  low  dififusivity  com¬ 
bined  with  the  high  active  doping  level  [1].  There  is 
considerable  interest  in  carbon  as  a  dopant  in 
GaAs/AlAs  or  GaAs/AlGaAs  DBRs  for  vertical 
cavity  surface  emitting  lasers  (VCSELs)  [2].  The 
p-type  dopants  used  in  DBRs  are  typically  Be  in 
molecular  beam  epitaxy  (MBE)  and  Zn  in  metal- 
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organic  vapour  phase  epitaxy  (MOVPE).  Neither 
are  ideal  dopants  for  DBRs  because  of  the  need  for 
periodic  doping,  with  a  high  doping  level  at  the 
heterojunctions  to  smooth  out  the  valence  band 
discontinuities  and  a  lower  doping  level  where  the 
optical  field  is  high  to  minimise  free  carrier  absorp¬ 
tion  [3].  Be  doping  in  AlAs  is  difficult,  particularly 
at  the  high  levels  required  to  achieve  significant 
smoothing  of  the  valence  band  discontinuities.  The 
level  of  active  dopants  is  uncertain  and  at  the  nor¬ 
mal  MBE  growth  temperature  of  around  580°C, 
significant  degradation  of  the  interface  may  occur. 
This  degradation  can  be  avoided  by  compromising 
on  the  Bragg  structure,  using  Be-doped  GaAs/ 
Alo.33Gao.67As  grown  at  about  480°C,  but  this 
requires  the  growth  of  a  thicker  DBR  (typically  30 
periods  compared  with  18  for  GaAs/AlAs)  with 
poorer  thermal  properties. 
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A  more  attractive  solution  is  to  focus  on  a  differ¬ 
ent  dopant.  Carbon  acts  as  a  p-type  dopant  in 
GaAs  and  AlAs  and  unlike  Be  it  can  be  introduced 
at  high  levels  and  localised  close  to  the  AlAs/GaAs 
interface  [1].  C  is  far  more  stable  than  Be  or  Zn 
during  high-temperature  processing,  having  a  diffu¬ 
sion  constant  some  three  orders  of  magnitude 
lower  [4].  C  doping  by  MBE  has  proved  difficult  in 
the  past,  solid  C  sources  tending  to  introduce 
O  contamination  or  graphitic  C,  whereas  CBE  is  an 
ideal  technique  for  C  doping  using  gaseous  precur¬ 
sors  ^5,  6].  Using  CBr4.  as  the  C  source  GaAs  and 
AlAs  can  be  doped  at  up  to  5  x  10^®  cm'^  under 
normal  growth  conditions  with  no  adverse  effects 
on  material  quality  (Be  doping  in  AlAs  is  limited  to 
6xl0^^cm~^  at  this  growth  temperature).  Car¬ 
bon-doped  GaAs  was  found  to  be  free  of  impurities 
such  as  O  (seen  when  a  C-filament  doping  source 
was  used  in  MBE)  or  H-Cas  compensation  (seen  in 
MOVPE  material)  [7].  At  very  high  doping  levels 
([C]  >  10^®  cm“  ^)  there  is  a  reduction  in  the  GaAs 
growth  rate  due  to  etching  of  the  GaAs  by  Br 
species  arising  from  the  decomposition  of  CBr4  [8]. 
Carbon  doping  in  Al(Ga)As  is  similar  to  that  in 
GaAs,  whether  using  CBr4  [5]  or  CCI4  [9]  there  is 
little  change  in  incorporation  with  Al  fraction  in 
AlGaAs.  CBE  also  offers  excellent  control  of  layer 
composition,  in  particular  the  direct  flux  control 
available  using  vapour  sources  simplifies  the 
growth  of  graded  interfaces. 

The  use  of  delta-doping  at  the  interfaces  of 
DBRs,  where  a  high  concentration  of  the  dopant 
is  confined  to  a  planar  sheet  in  the  high  band- 
gap  material,  leads  to  a  low  series  resistance  [10]. 
In  this  paper  we  describe  studies  of  carbon 
5-doping  in  GaAs  which  demonstrate  the  localis¬ 
ation  that  can  be  achieved  using  CBE.  True 
5-doping  requires  a  spread  less  than  the  spatial 
extent  of  the  ground  state  wave  function  in  the 
V-shaped  potential  well  generated  by  the  ionised 
impurities  [11].  For  p-type  material  the  wave 
function  spread  is  30  A  [12]  and  so  confinement 
of  the  acceptors  to  a  sheet  with  a  thickness  of 

10  A  or  less  is  required  for  true  5-doping  to  be 
obtained.  We  have  demonstrated  that  carbon 
5-doping  in  GaAs  grown  by  CBE  can  meet  these 
conditions  [13]  and  present  further  results  in  this 
paper. 


2.  Experimental  procedure 

All  structures  were  grown  by  chemical  beam  epi¬ 
taxy  (CBE)  in  a  VG  V80H  system  configured  for  all 
vapour  sources  [14]  with  pressure  control  of  flux 
through  a  fine  orifice  without  the  need  for  a  carrier 
gas.  Arsine  which  was  thermally  cracked  in  an  injec¬ 
tor  cell  was  used  as  the  group  V  source  and  triethyl- 
gallium  (TEGa)  was  used  as  the  group  III  precursor. 
The  fluxes  were  held  constant  for  all  of  these  samples 
giving  a  V :  III  ratio  of  10:1  (an  arsine  BEP  of 
2  X  10"'^  mbar  and  a  TEGa  BEP  of  2  x  10“^  mbar) 
and  a  growth  rate  of  1.1  pm/h  at  substrate  temper¬ 
atures  in  the  range  500-600°C.  Carbon  dopant  was 
introduced  using  CBr4;  C  incorporation  shows  little 
dependence  on  substrate  temperature  or  V  :  III  ratio 
[15].  Carbon  5-doping  was  carried  out  using  a 
growth  interrupt;  the  highest  practicable  CBr4  flux, 
which  gave  a  BEP  of  2  x  10"®  mbar,  was  introduced 
during  an  interruption  in  the  TEGa  flux.  This  CBr4 
flux  would  give  a  doping  level  of  3  x  10^°  cm"^  if 
introduced  during  growth  under  these  conditions. 

Secondary  ion  mass  spectrometry  (SIMS)  pro¬ 
filing  was  carried  out  using  a  Cameca  ims  3f  and  the 
data  quantified  using  implanted  reference  mate¬ 
rials.  Crater  depths  were  measured  using  optical 
interference  microscopy:  layer  thicknesses  were 
cross-checked  by  cross-sectional  transmission  elec¬ 
tron  microscopy  (TEM)  and  HRXRD. 

HRXRD  measurements  were  carried  out  using 
a  Philips  high-resolution  X-ray  diffractometer  with 
a  4-reflection  Ge220  monochromator  using 
CuKai  radiation.  The  400  Bragg  reflection  was 
measured  along  a  <1  1  0>  azimuth  for  all  samples. 
Simulations  using  dynamical  diffraction  theory 
were  performed  assuming  Vegard’s  law  to  be  valid, 
giving  a  linear  variation  of  strain  with  composition, 
and  also  assuming  that  all  the  carbon  was  present 
as  isolated  atoms  occupying  As  lattice  sites 
[13, 16].  The  lattice  parameter  of  “GaC”  was  cal¬ 
culated  to  be  4.688  A  (resulting  in  17%  strain)  using 
tabulated  covalent  radii  of  the  individual  atoms. 


3.  Results  and  discussion 

A  nine  period  5-doping  superlattice  (Table  1) 
was  used  for  SIMS  analysis  of  delta  layer  thickness 
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Table  1 

Structure  of  the  9-period  6-doped  sample,  M601 


SIMS  [C]a  {10‘^  atoms  cm'^) 

Cs  data 

O  data 

50  nm  undoped  GaAs  cap 

5-C  layer  1  (2  s  interrupt) 

1.40 

1.23  (0.103) 

100  nm  undoped  GaAs 

5-C  layer  2  (5  s  interrupt) 

1.47 

1.33  (0.142) 

100  nm  undoped  GaAs 

5-C  layer  3  (2  s  interrupt) 

1.30 

1.13(0.127) 

100  nm  undoped  GaAs 

5-C  layer  4  (4  s  interrupt) 

1.50 

1.275  (0.113) 

100  nm  undoped  GaAs 

5-C  layer  5  (2  s  interrupt) 

1.32 

1.14  (0.126) 

100  nm  undoped  GaAs 

5-C  layer  6  (3  s  interrupt) 

1.49 

1.24  (0.039) 

100  nm  undoped  GaAs 

5-C  layer  7  (2  s  interrupt) 

1.28 

1.16(0.118) 

100  nm  undoped  GaAs 

5-C  layer  8  (1  s  interrupt) 

1.14 

1.16(0.126) 

100  nm  undoped  GaAs 

6-C  layer  9  (2  s  interrupt) 

1.29 

1.20  (0.120) 

250  nm  undoped  GaAs  buffer 

C  interface  contamination 

21 

21  (by  definition) 

N'^  GaAs  substrate 

Note:  O  data  is  averaged  over  a  series  of  measurements,  the  standard  deviation  for  each  set  of  data  is  given  in  parentheses.  These  data 
were  quantified  against  the  C  signal  for  the  interface  layer  which  was  assumed  to  be  constant  for  all  O  and  Cs  profiles. 


Ion  Impact  Energy  /  keV 

Fig.  1.  Full  width  at  half-maximum  (FWHM)  of  SIMS  profiles  of  three  carbon  delta  layers  as  a  function  of  ion  impact  energy.  FWHM 
increases  with  energy  and  with  layer  depth,  layers  1-3  were  at  depths  of  50,  150  and  250  nm  respectively. 
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and  of  areal  carbon  concentration  [C]a.  SIMS  res¬ 
olution  of  a  delta  layer  is  limited  by  ion  beam 
induced  atomic  mixing  effects,  which  increase  with 
ion  beam  energy  and  with  profiled  depth.  Fig.  1 
shows  the  influence  of  ion  impact  energy  on  the 


measured  FWHM  of  the  three  topmost  5-layers  of 
this  sample  (at  depths  of  50,  150  and  250  nm,  re¬ 
spectively).  The  sample  was  sputter  profiled  using 
O",  O2  and  ions  at  primary  beam  energies  of 
10.5  and  12.5  kV  with  an  extraction  voltage  of 


-a  -  [Q^  (SIMS  -Cs^beam) 

— O—  [Q  (SIMS  -  oxygen  beam) 


Fia.  2.  Areal  carbon  concentration  [C]a  determined  by  SIMS  for  delta  layers  grown  using  CBr4  introduced  during  various  interrupt 
times.  Data  obtained  profiling  with  Cs^,  O”,  O2  3^nd  O3  ions  as  described  in  the  text.  Sample  M601  was  a  9-period  structure  (detailed 
in  Table  1),  M668  was  a  10-period  sample  with  an  extended  range  of  interrupt  times. 


T.B.  Joyce  et  al.  I  Journal  of  Crystal  Growth  1751176  (1997)  3  77-382 


381 


4,5  kV,  to  give  ion  impact  energies  in  the  range 
2-8  keV.  The  deeper  layers  have  a  broader  FWHM 
due  to  atomic  mixing  and  surface  roughening  effects, 
particularly  layer  3,  while  those  measured  at  lower 
energy  are  sharper.  The  first  layer  has  a  FWHM  of 
5  nm  at  the  lowest  energy  with  a  linear  increase  at 
higher  energies.  Lower  ion  impact  energies  are  not 
easily  achieved.  Extrapolating  the  data  set  for  layers 
1  and  2  to  zero  impact  energy  suggests  that  the 
actual  FWHM  is  less  than  1  nm,  which  is  in  agree¬ 
ment  with  the  results  of  HRXRD  [13].  Only  the 
data  from  layers  close  to  the  sample  surface  can  be 
analysed  in  this  way.  The  data  for  layers  3  and 
beyond  show  little  dependence  on  impact  energy  as 
other  SIMS  induced  profile  distortions  begin  to 
dominate  the  measured  delta  layer  widths. 

Table  1  shows  details  of  the  nine  period  5-doping 
superlattice  and  the  results  of  SIMS  analysis  of 
areal  carbon  concentration  [C]a.  To  achieve 
a  compromise  between  depth  resolution  and  sensi¬ 
tivity  to  carbon  the  first  analysis  was  performed  at 
a  slow  sputter  rate  using  Cs"^  primary  ion  bom¬ 
bardment  and  negative  secondary  ion  detection, 
under  these  conditions  the  SIMS  carbon  back¬ 
ground  is  about  5xl0^^cm"^.  These  data  were 
quantified  by  calibration  against  ion-implanted 
standards  and  the  value  for  [C]a  derived  by  inte¬ 
grating  the  counts  under  the  peak  for  each  delta- 
doped  layer.  Broadening  of  the  SIMS  peak  with 
depth  gives  a  lower  peak  value  but  does  not  effect 
the  value  of  [C]a-  The  depth  and  the  integrated 
signal  for  the  interface  contamination  layer  were 
then  used  to  calibrate  a  second  series  of  measure¬ 
ments  which  were  taken  using  O”,  O2  and 
O3  ions  as  described  above.  The  average  values  for 
these  measurements  are  given;  note  that  sputtering 
with  oxygen  gives  improved  depth  resolution  but 
lower  sensitivity  to  carbon.  Every  alternate  5-layer 
was  a  reference  layer  with  a  2  s  interrupt  so  the 
variation  of  SIMS  sensitivity  and  resolution  with 
sputtered  depth  could  be  monitored;  however,  [C]a 
for  the  first  layer  is  artificially  high  because  of 
surface  C  contamination.  No  systematic  variation 
in  [C]a  was  found  with  layer  depth  or  with  primary 
ion  species  and  energy. 

As  shown  in  Fig.  2a  there  is  an  approximately 
linear  dependence  of  [C]a  on  interrupt  time  over 
the  range  studied  but  with  a  large  offset  term  for 


zero  interrupt.  This  would  imply  that  there  is  an 
initial  surface  coverage  of  C  from  CBr4  which  in¬ 
creases  relatively  slowly  during  an  extended  inter¬ 
rupt.  A  second  sample  was  grown  with  a  range  of 
interrupt  times  from  0.1  to  30  s.  The  results  of 
SIMS  profiling  using  10  kV  O3  ions  are  sum¬ 
marised  in  Fig.  2b.  There  is  clearly  a  linear  depend¬ 
ence  on  exposure  time,  with  no  evidence  of 
saturation  at  higher  coverage.  This  linear  depend¬ 
ence  appears  to  extend  to  times  less  than  1  s  but  the 
flux  response  is  probably  limited  by  pressure  transi¬ 
ents  in  the  gas  line  rather  than  by  valve  switching. 
For  both  samples  the  value  of  [C]a  for  zero  inter¬ 
rupt  time  is  close  to  the  calculated  level  of 
8.5xl0^^cm“^  per  monolayer  for  GaAs  homo¬ 
geneously  doped  at  3xl0^°cm"^  the  expected 
level  for  these  TEGa  and  CBr4  fluxes. 

SIMS  values  of  [C]a  are  in  reasonable  agree¬ 
ment  with  those  measured  by  other  techniques. 
SIMS  profiling  using  Cs^  gave  values  between  1.3 
and  2.0x  lO^^cm”^  for  a  series  of  samples  with 
a  2-3  s  interrupt.  As  reported  previously  [13], 
HRXRD  gave  a  value  for  [Cas]a  of  1.5  x  10^^  cm"^ 
for  a  50  period  doping  superlattice.  IR  absorption 
spectra  showed  a  [Cas]a  concentration  of 
l.lxl0^^cm“^  per  5-layer  with  no  detectable 
hydrogen  passivation,  in  agreement  with  Hall  and 
ECV  measurements  of  areal  acceptor  concentra¬ 
tion  of  1.1  X  10^^  cm"^  per  5-layer. 

The  C  5-doping  superlattices  grown  for  HRXRD 
analysis  comprised  50  carbon  5-layers  separated  by 
50  nm  GaAs  spacers.  Comparison  of  measured  and 
simulated  HRXRD  data  for  such  a  structure 
(sample  M533,  with  C  doping  during  2  s  growth 
interrupts)  gave  an  excellent  fit  for  a  simulation 
which  was  obtained  using  a  rectangular  doping 
profile  with  an  areal  carbon  concentration  [Cas]a 
of  1.5xl0^^cm”^  and  a  thickness  of  5  A 
[13,16].  Decreasing  to  one  monolayer  (2.8  A) 
while  [Cas]a  was  kept  constant  gave  an  equally 
good  fit  while  increasing  to  10  A  with  the  same 
value  of  [Cas]a  gave  a  slightly  worse  fit.  Replacing 
the  abrupt  doping  profile  in  the  simulation  with 
a  triangular  profile  (linear  spreading  on  both  sides) 
showed  that  the  spread  of  the  5-layers  was  less  than 
10  A.  To  improve  the  fit  a  random  period  fluctu¬ 
ation  of  2%  was  included  in  this  simulation  which 
broadened  the  satellite  lines.  Greater  precision  in 
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determining  the  5-layer  thickness  would  be  possible 
only  if  more  orders  of  satellites  could  be  detected 
since  it  is  the  high-order  satellites  that  result  from 
abrupt  interfaces  [17]. 

4.  Conclusions 

We  have  demonstrated  carbon  delta-doping  in 
GaAs  grown  by  CBE.  Areal  C  concentrations  of  up 
to  3.5  X  10^^  cm' ^  per  delta  layer  were  obtained 
using  CBr4  introduced  during  a  growth  interrupt. 
The  results  of  SIMS  profiling  indicate  that  there  is 
a  rapid  initial  surface  coverage  of  C  from  CBr4  and 
a  relatively  slow  increase  during  an  extended  inter¬ 
rupt.  The  delta  layers  were  confined  to  a  planar 
sheet  less  than  1  nm  thick  as  measured  by  HRXRD 
and  SIMS. 
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Abstract 

We  use  molecular  beam  epitaxial  growth  in  order  to  synthesize  strain  compensated  Ga As/ A1  As-based  distributed 
Bragg  reflectors  (DBR).  The  strain  compensation  is  achieved  by  introducing  carbon  doping  up  to  densities  of  about 
2x  lO^^cm"^.  The  residual  strain  with  respect  to  the  GaAs  substrate  can  be  reduced  to  less  than  1  x  X-ray 
topographs  of  the  strain  compensated  DBRs  showed  no  misfit  dislocations,  thus  proving  that  the  critical  thickness  for  the 
formation  of  dislocations  in  strain  compensated  DBRs  is  much  larger  than  in  the  undoped  and  Be-doped  cases.  X-ray 
reciprocal  space  mapping  reveals  a  structural  degradation  of  the  DBR  :  C  for  thicknesses  above  2.5  pm  and  the  defect 
density  is  found  to  be  much  lower  in  AlAs  :  C  than  in  GaAs  :  C.  We  study  the  effect  of  the  strain  compensation  on  the 
morphology  and  the  optical  reflectivity  of  the  DBRs. 

PACS:  61.10.Lx;  61.72.Vv;  68.55.Bd 

Keywords:  Strain  compensation;  High  C  doping;  Distributed  Bragg  reflectors;  Molecular  beam  epitaxy 


1.  Introduction 

Distributed  Bragg  reflectors  (DBRs)  are  a  crucial 
part  of  complex  optoelectronic  devices  such  as 
vertical  cavity  surface  emitting  lasers  (VCSEL). 
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^  On  leave  from:  Research  Center  for  Quantum  Effect  Elec¬ 
tronics,  Tokyo  Institute  of  Technology,  2-12-1  O-okayama, 
Meguro-ku,  Tokyo  152,  Japan. 


The  DBRs  must  be  rather  thick  (typically  several 
micrometeres),  vyhich,  altogether  with  the  lattice 
mismatch  results  in  the  lattice  relaxation  by  the 
formation  of  misfit  dislocations  degrading  the 
structure  [1],  Carbon  acts  as  a  p-type  dopant  in 
GaAs  and  AlAs.  At  the  same  time,  it  produces 
a  strong  contraction  of  the  lattice  [2].  Therefore, 
we  have  used  carbon  to  produce  highly  doped 
p-type  DBRs,  which  are  simultaneously  strain- 
compensated.  We  study  the  influence  of  the  strain 
compensation  on  the  structural  quality  of  the 
layers,  and  on  the  optical  reflectivity. 


0022-0248/97/$  17.00  Copyright  ©  1997  Published  by  Elsevier  Science  B.V.  All  rights  reserved 
PII  80022-0248(96)00923-2 


384 


A.  Mazuelas  et  al  ]  Journal  of  Crystal  Growth  1751176  (1997)  383-386 


2.  Experimental  procedure 

GaAs/AlAs-based  DBRs  layers  were  grown  by 
solid  source  molecular  beam  epitaxy  (MBE)  on 
(0  0  1)  GaAs  substrate  at  a  substrate  temperature  of 
505°C  and  a  beam  equivalent  pressure  (BEP)  ratio 
of  15  for  GaAs.  The  growth  rate  was  1  pm/h  for 
GaAs  and  0.2  pm/h  for  AlAs.  We  used  a  resistively 
heated  graphite  filament  as  the  carbon  source.  It 
was  operated  near  its  maximum  power  of  about 
570  W.  The  DBRs  consist  of  10  or  20  pairs  of 
82.7  nm  AlAs  and  69.6  nm  GaAs  for  an  operation 
wavelength  of  980  nm.  The  doping  level  is  about 
2  X  10^®  cm"^  in  AlAs  and  2  x  10^^  cm”^  in  GaAs. 
The  X-ray  diffraction  (XRD)  measurements  were 
performed  with  a  double-  and  a  triple-crystal  dif¬ 
fractometer  using  CuKfXi  radiation.  The  simula¬ 
tions  of  the  rocking  curves  were  performed  using 
a  fully  dynamical  model.  The  X-ray  topographs 
(XRT)  were  obtained  with  a  double-crystal  camera 
equipped  with  a  curvable  Si  monochromator  [3]. 
The  optical  reflectivity  was  measured  with  a  stan¬ 
dard  set  up  and  by  ellipsometry. 

3.  Strain  compensation  and  critical  thickness 

In  previous  publications  we  reported  on  the  best 
growth  conditions  for  GaAs  :  C  [4]  and  AlAs  :  C 
for  a  wide  range  of  growth  parameters.  We  also 
showed  that  the  carbon  incorporation  in  the  lattice 
which  results  in  a  strong  contraction  of  the  average 
lattice  parameter,  can  be  used  to  compensate  the 
strain  in  GaAs  :  C/AlAs  :  C  DBRs  [5].  The  net  re¬ 
duction  of  the  average  strain  due  to  the  carbon 
doping  can  easily  be  seen  in  XRD  rocking  curves 
(Fig.  1).  The  shift  of  the  zeroth-order  peak  is  such 
that  it  overlaps  with  the  substrate  peak.  This  indi¬ 
cates  that  the  strain  has  been  totally  compensated. 

In  the  case  of  perfect  strain  compensation  the 
critical  thickness  for  the  formation  of  misfit  disloca¬ 
tions  becomes  (theoretically)  infinitely  large,  since 
the  misfit  approaches  zero.  We  measured  double¬ 
crystal  XRT  in  order  to  find  out  if  the  DBRs  were 
strained  or  relaxed.  Undoped  DBRs  do  not  exhibit 
any  relaxation  as  long  as  there  are  only  10  periods 
of  GaAs/AlAs  layers  with  a  total  thickness  of  about 
1.5  pm  (not  shown).  However,  for  undoped,  20 


Fig.  1.  Experimental  rocking  curves  around  the  (00  2)  reflec¬ 
tion  of  a  20-pair  GaAs ;  C/AlAs :  C  DBR,  which  is  perfectly 
strain-compensated. 


Fig.  2.  X-ray  topographs  of  two  different  20-pair  DBRs.  While 
the  undoped  DBR  in  (a)  contains  a  high  density  of  misfit  disloca¬ 
tions  (relaxed),  the  highly  doped  strain  compensated  DBR  :  C  in 
(b)  is  free  of  misfit  dislocations  (unrelaxed).  Each  image  corres¬ 
ponds  to  an  area  of  5  x  2  mm^. 

period  DBRs  relaxation  is  clearly  observed  by  the 
formation  of  misfit  dislocations  as  shown  in 
Fig.  2a.  A  similar  relaxation  is  observed  when  Be 
doping  is  used  [6].  When  a  large  carbon-doping 
density  is  used  in  a  20  period  DBR :  C,  no  misfit 
dislocations  are  observed  as  shown  in  Fig.  2b.  For 
the  obtained  residual  strain  (smaller  than  1  x  10”"^) 
the  theoretical  critical  thickness  [7]  is  about  30 
times  larger  than  that  of  the  undoped  case. 
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Rocking  curves  of  C-doped  20-pair  DBRs  re¬ 
peatedly  show  broader  satellite  peaks  compared  to 
C-doped  10-pair  DBRs.  We  performed  reciprocal 
space  mapping  for  these  structures,  and  the  results 
are  shown  in  Fig.  3.  For  the  10-pair  DBR  :  C  (a), 
the  peaks  are  sharp,  both  in  the  0  and  Q  directions. 
However,  for  the  20-pair  DBR  :C  (b),  the  peaks  are 
clearly  broadened.  The  experimentally  observed 


-1  50  -100  -50  0  50  100  150 

Angle  n  (a  rcsec  ) 


A  ngle  (ar csec) 

Fig.  3.  Reciprocal  space  mapping  of  a  doped  10-pair  DBR  :  C  in 
(a)  and  of  a  doped  20-pair  DBR  :  C  in  (b).  Broadening  of  the 
peaks  is  clearly  observed  in  both,  the  0  and  Q,  directions  for  the 
20-pair  DBR  :  C  in  (b). 


peak  broadening  indicates  a  certian  degradation  of 
the  crystalline  quality,  i.e.,  an  increased  spread  of 
the  microscopic  tilting  of  the  atomic  planes.  The 
measurement  in  the  same  sample  of  the  (0  0  2)  re¬ 
flection  (Fig.  1),  which  is  a  quasi  forbidden  reflec¬ 
tion  for  GaAs  and  sensitive  only  to  AlAs,  showed 
that  the  structure  is  of  high  quality.  This  means  that 
most  of  the  crystalline  defects  are  contained  in  the 
GaAs :  C  layer. 

4.  Morphology  and  optical  reflectivity 

The  surface  morphology  was  studied  by  atomic 
force  microscopy  (AFM).  Fig.  4  shows  AFM  im¬ 
ages  of  two  20  pair  DBRs.  The  images  were  re¬ 
corded  over  an  area  of  3  x  3  pm^  in  the  constant 
force  contact  mode.  The  peak  to  valley  values  of  the 
surface  roughness  are  17  nm  for  the  undoped  DBR 
(Fig.  4a)  and  25  nm  for  the  highly  carbon  doped 
DBR  (Fig.  4b),  while  the  root  mean  square  (RMS) 
values  are  1.2  and  3  nm,  respectively.  The  compari¬ 
son  of  these  values  should  be  done  with  care,  since 
there  are  two  different  factors  involved:  the  relax¬ 
ation  and  the  high  doping.  While  the  undoped 
DBR  is  relaxed,  the  doped  DBR  is  unrelaxed,  but 
contains  a  carbon  concentration  as  high  as 
2  X  10^®  cm“^.  This  could  explain  the  increase  of  the 
surface  roughness  compared  to  the  undoped  DBR. 


Fig.  4.  AFM  images  of  a  20-pair  undoped  GaAs/AlAs  DBR  (a)  and  a  20-pair  highly  doped  GaAs  :  C/AlAs  :  C  DBR  (b).  The  grey  scale 
covers  the  peak  to  valley  value  of  17  nm  for  (a)  and  25  nm  for  (b).  Each  image  corresponds  to  an  area  of  3  x  3  pm^. 
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Fig.  5.  Absolute  optical  reflectivity  of  a  20-pair  highly  doped 
strain  compensated  GaAs :  C/AlAs :  C  DBR  measured  by  ellip- 
sometry.  The  energy  scale  is  slightly  shifted  to  higher  energies 
due  to  the  large  angle  of  incidence. 

The  optical  reflectivity  was  measured  in  a  stan¬ 
dard  configuration  in  order  to  determine  the  stop 
band  position,  which  was  repeatedly  in  good  agree¬ 
ment  with  the  intended  position,  i.e.,  centered  at 
980  nm.  This  means  that  a  good  control  of  the 
quarter-wavelength  layer  thickness  is  obtained. 
The  absolute  reflectivity  was  measured  by  ellip- 
sometry.  We  find  that  for  the  10-pair  strain  com¬ 
pensated  DBRs  the  absolute  reflectivity  is  93%, 
while  for  the  undoped  10-pair  case  it  is  96%.  For 
the  20-pair  strain  compensated  DBRs  the  absolute 
reflectivity  was  98%  (Fig.  5),  only  1%  lower  than 
for  the  undoped  20-pair  case.  The  lowering  of  the 
reflectivity  can  be  explained  by  both,  the  larger 
interface  roughening  in  these  structures  (as  found 
by  AFM)  as  well  as  by  the  interband  absorption  in 
highly  doped  material. 

5.  Conclusions 

We  have  used  MBE  growth  to  synthesize  strain 
compensated  GaAs/AlAs  DBRs.  The  strain  com¬ 


pensation  is  obtained  by  high  carbon  doping  and 
produces  an  increase  of  the  critical  thickness  com¬ 
pared  to  the  undoped  case.  We  found  that  there  is 
some  structural  degradation  for  thick  DBRs.  This 
degradation  is  related  to  defects  in  the  GaAs :  C 
layers,  which  is  found  to  have  a  much  higher  defect 
density  compared  to  the  AlAs  :  C  layers.  The  high 
carbon  doping  produces  a  slight  degradation  of  the 
surface  morphology  as  well  as  a  slight  reduction  of 
the  optical  reflectivity. 
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Abstract 

In  this  study  we  have  investigated,  for  the  first  time,  the  morphological  and  electrical  properties  of  the  in-situ 
etched/regrown  interfaces  of  GaAs  and  Alj,Gai_,^As  using  tris-dimethylaminoarsenic  (TDM  A  As)  in  a  chemical  beam 
epitaxy  (CBE)  chamber.  The  TDM  AAs  in-situ  etching  condition  of  GaAs  is  optimized  according  to  the  analysis  of  atomic 
force  microscopy  (AFM)  and  capacitance-voltage  (C-V)  carrier  profiles.  The  TDMAAs  etch  rate  of  GaAs  increases  from 
40  to  135  nm/h  by  increasing  the  substrate  temperature  from  550°C  to  700°C,  but  the  etched  surface  morphology  of  GaAs 
on  a  patterned  substrate  becomes  rougher  at  higher  etching  temperatures.  A  smooth  surface  morphology  of  GaAs  with 
an  interface  state  density  of  1.4  x  10^  ^  cm“  ^  can  be  obtained  at  a  lower  in-situ  etching  temperature  of  550°C.  TDMAAs  is 
shown  to  be  an  effective  and  promising  precursor  for  in-situ  etching  of  GaAs,  thus  providing  a  clean  etched/regrown 
interface  for  novel  device  applications. 


1.  Introduction 

As  is  well  known,  the  presence  of  interface  states 
at  an  etched/regrown  interface  or  an  epilayer/ 
substrate  interface  is  harmful  for  device  perfor¬ 
mance,  For  example,  in  field-effect  transistors 
(FET),  these  interface  states  usually  increase  the 
leakage  current,  resulting  in  a  poor  pinch-off  char¬ 
acteristic  and  a  lower  breakdown  voltage.  There¬ 
fore,  the  interface-state  density  must  be  as  low  as 
possible  to  obtain  excellent  device  performance. 
Today,  multiple  processes  of  ex-situ  etching  and 
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passivation  of  semiconductor  heterostructures  are 
commonly  used  before  regrowth  to  improve  the 
performance  of  advanced  electronic  and  optoelec¬ 
tronic  devices,  but  one  cannot  expect  a  clean 
etched/regrown  interface  by  these  ex-situ  processes 
due  to  possible  contaminations  from  the  atmo¬ 
sphere.  Therefore,  in-situ  etching  prior  to  regrowth 
would  be  very  helpful  for  obtaining  a  clean 
etched/regrown  interface.  Recently,  many  research 
groups  have  reported  studies  of  in-situ  etching  of 
III-V  compounds  using  different  gaseous  sources. 
Mui  et  al.  [1]  reported  high-quality  etched/re¬ 
grown  GaAs  interfaces  using  an  in-situ  CI2  etching 
process,  but  a  complicated  interlocking  system 
of  separate  growth  and  etching  chambers  was 
used.  Also  Tappura  et  al.  [2]  reported  that  in-situ 
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cleaning  of  GaAs  surface  in  MBE  using  an  atomic 
hydrogen  plasma  can  obtain  high  quality  interfa¬ 
ces.  Tsang  et  al.  [3]  reported  in-situ  etching  of 
GaAs  and  InP  using  AsCls  and  PCI3  prior  to 
regrowth  in  the  same  chemical  beam  epitaxy  (CBE) 
chamber;  therefore,  possible  contaminations  in  the 
etched/regrown  interface  can  be  minimized.  How¬ 
ever,  CI2  decomposed  from  AsCls  or  PCI3  is  cor¬ 
rosive  and  may  etch  filaments  in  the  growth 
chamber,  so  the  long  term  use  of  AsCls  or  PCI3 
could  be  a  concern.  Recently,  Tateno  and  Kohama 
[4]  and  Hou  et  al.  [5]  found  that  gaseous  carbon 
doping  sources,  such  as  CCI4  and  CBr4,  can  etch 
GaAs  and  AlAs  in  organometallic  vapor  phase 
epitaxy  (OMVPE),  but  carbon  impurities  disso¬ 
ciated  from  these  doping  sources  during  in-situ 
etching  process  would  contaminate  the  etched/re¬ 
grown  interface.  Therefore,  an  etching  source  that 
has  no  direct  bonds  to  carbon  and  halogen  (Cl  and 
Br)  would  be  highly  desirable. 

Tris-dimethylaminoarsenic  (TDMAAs),  with  As 
directly  bonded  to  N,  is  such  a  promising  source. 
Since  there  are  no  As-H  bonds,  TDMAAs  is  ex¬ 
pected  to  be  less  toxic  than  arsine  (ASH3)  [6].  Due 
to  the  lack  of  direct  As-C  bonds,  TDMAAs  has 
also  been  successfully  used  in  metalorganic  molecu¬ 
lar  beam  epitaxy  (MOMBE)/CBE  of  (Al,Ga)As 
with  a  lower  carbon  incorporation  [7-10].  Re¬ 
cently,  Asahi  et  al.  [11-13]  and  Tu  et  al.  [14]  found 
that  TDMAAs  has  an  etching  effect  on  GaAs,  but  it 
is  not  clear  whether  the  etched/regrown  GaAs  in¬ 
terface  can  be  improved  using  TDMAAs.  This 
characteristic  should  be  realized  if  the  TDMAAs 
in-situ  etching  technique  is  to  be  used  for  novel 
device  applications.  The  purpose  of  this  work  is 
therefore  to  investigate  the  TDMAAs  etched/ 
regrown  interfaces  of  GaAs  and  AljcGai_;cAs. 
Our  results  demonstrate  that  clean  etched/regrown 
interfaces  and  improved  current-voltage  (l-V) 
characteristics  of  etched/regrown  p-n  Al^Gai_^As 
junctions  can  be  obtained. 

2.  Experimental  procedure 

The  in-situ  etching  and  regrowth  experiments 
were  performed  in  a  modified  Perkin-Elmer  425 B 
CBE  system.  TDMAAs  was  carried  by  hydrogen 


and  transported  into  the  CBE  chamber  through  an 
ultrahigh  vacuum  leak  valve.  The  H2  flow  rate  was 
varied  from  2  to  4  seem  to  adjust  the  TDMAAs 
flux,  corresponding  to  an  As  incorporation  rate  of 
1.2  to  2.0  monolayer  per  second  (ML/s),  as  deter¬ 
mined  from  As-induced  intensity  oscillations  of  re¬ 
flection  high-energy  electron  diffraction  (RHEED) 
on  a  Ga-rich  GaAs  surface.  250nm-thick  Si02 
films  were  deposited  on  epi-ready  semi-insulating 
(1  0  0)  GaAs  substrates  as  mask  for  determining  the 
TDMAAs  etch  rate  of  GaAs  at  different  substrate 
temperatures  by  scanning  electron  microscopy 
(SEM).  A  Dektak  stylus  profiler  is  also  used  to 
confirm  the  etch  rate  of  GaAs  obtained  from  SEM. 
The  surface  morphology  and  roughness  were  exam¬ 
ined  by  atomic  force  microscopy  (AFM). 

Triethylgallium  (TEGa),  tertiarybutylarsine 
(TBA)  or  arsenic  (AS4),  and  silicon  tetrabromide 
(SiBr4)  or  disilane  (Si2H6)  were  used  to  regrow 
n-type  GaAs  epilayers  on  n"^  Si-doped  (1  0  0)  GaAs 
substrates,  some  of  which  were  etched  in-situ  by 
TDMAAs.  The  regrowth  temperature  and  V/III 
ratio  were  510°C  and  1.3,  respectively.  Here  the 
V/III  incorporation  rate  ratios  were  determined  by 
group  III-  and  group  V-induced  RHEED  intensity 
oscillations  [15].  The  free  carrier  concentration  of 
the  regrown  n-GaAs  films  was  between  2x10^^ 
and  3xl0^’^cm“^.  Capacitance-voltage  (C-V) 
measurements  using  a  HP-4284A  LCZ  meter  were 
performed  to  measure  the  carrier  profile  for  evalu¬ 
ating  the  quality  of  the  etched/regrown  GaAs 
interfaces. 


3.  Results  and  discussion 

Patterned  GaAs  substrates  with  Si02  as  the 
mask  and  unpatterned  GaAs  substrates,  mounted 
side  by  side  on  the  same  Mo  block,  were  exposed  to 
the  TDMAAs  flux  at  substrate  temperatures  from 
550°C  to  700°C  to  calibrate  the  etch  rate  of  GaAs, 
and  investigate  the  TDMAAs  etching  effect  on  the 
surface  morphology.  The  flow  rate  of  the  H2  carrier 
gas  for  TDMAAs  was  kept  at  4  seem,  and  the  leak 
valve  setting,  which  was  adjustable  from  0  to  270, 
was  fixed  at  100  (a.u.)  during  the  in-situ  TDMAAs 
etching  of  GaAs.  Substrate  rotation  { ~  6  rpm)  was 
used  to  alleviate  the  effect  of  the  directional  nature 
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Fig.  1.  The  TDM  A  As  etch  rate  of  GaAs  as  a  function  of  sub¬ 
strate  temperature.  The  H2  flow  rate  for  carrying  TDMAAs  was 
4  seem  and  the  leak  valve  setting  was  100. 


of  the  TDMAAs  flux.  Fig.  1  shows  the  TDMAAs 
etch  rate  of  GaAs  as  a  function  of  etching  temper¬ 
ature.  The  etch  rate  increases  exponentially  from  40 
to  135  nm/h  with  an  increasing  substrate  temper¬ 
ature  from  to  700X.  If  the  etching  temper¬ 

ature  is  below  550°C,  e.g.  500°C,  the  etch  rate  is 
too  slow  to  be  clearly  measured  in  SEM.  An  activa¬ 
tion  energy  {E^)  of  8.1  Kcal/mol  is  deduced  from 
Fig.  1  and  is  very  close  to  previous  results 
(Fa  =  7,4  Kcal/mol)  reported  by  Villaflor  et  al. 
[12].  So  far  the  exact  etching  mechanism  using 
TDMAAs  is  still  not  clear,  but  it  is  possibly  related 
to  the  amino  species  in  TDMAAs  [12-14]. 

Fig.  2  shows  the  etched  GaAs  surface  morpho¬ 
logy  examined  by  AFM.  On  non-patterned  GaAs 
substrates  etched  in  the  substrate  temperature 
range  550--700°C,  a  very  smooth  surface  morpho¬ 
logy  can  be  obtained,  as  shown  in  Fig.  2(a)  (at 
700°C  for  1  hour).  The  root-mean-square  (RMS) 
surface  roughness  over  an  area  of  1  pm^  of  these 
samples  is  about  0.3  to  0.6  nm.  The  TDMAAs- 
exposed  area  of  patterned  GaAs  substrates, 


however,  shows  a  much  rougher  surface  morpho¬ 
logy,  as  shown  in  Fig.  2(b)  for  a  100-pm-wide  stripe 
of  a  patterned  GaAs  substrate.  This  sample  was 
etched  at  700°C  and  has  a  RMS  roughness  of 
10.2  nm.  Lowering  the  etching  temperature  im¬ 
proves  the  surface  morphology.  At  550°C,  the  RMS 
roughness  is  2.2  nm,  as  shown  in  Fig.  2(c),  but  it  is 
still  slightly  rougher  than  that  of  non-patterned 
GaAs  substrates.  In  our  previous  study  using  SEM 
[16],  we  also  found  the  same  phenomena.  For  the 
selective-area  growth  in  the  stripe  opening  of  pat¬ 
terned  GaAs  substrates,  the  surface  morphology  is 
always  textured,  but  that  on  non-patterned  GaAs 
substrates  is  very  smooth.  Marx  et  al.  [13]  reported 
that  lowering  the  TDMAAs/TEGa  (V/III)  ratio  at 
a  higher  growth  temperature  of  650°C  can  improve 
the  surface  morphology  of  GaAs  grown  on  non- 
patterned  GaAs  substrates.  Therefore,  we  speculate 
that  the  much  rougher  surface  observed  on  the 
stripe  opening  of  patterned  substrates  is  possibly 
due  to  the  locally  increased  TDMAAs  flux  on  the 
surface  of  small  openings. 

C-F  measurements  were  performed  on 
Au/n-GaAs  Schottky  diodes  to  study  the  electrical 
property  of  etched/regrown  interfaces  of  GaAs  with 
different  sample  preparations,  as  shown  in  Table  1. 
First,  a  0.5-pm-thick  n-type  GaAs  {n  =  2-4  x  10^^ 
cm“^)  buffer  layer  was  grown  with  TEGa,  AS4  and 
Si2H6  on  an  Si-doped  GaAs  (1  0  0)  substrate 
{n  =  2-4  X  10^®  cm"^)  at  510°C,  This  sample  was 
then  taken  out  of  the  CBE  chamber  and  exposed  to 
air  for  one  day.  It  was  then  divided  into  six  pieces, 
labeled  A,  B,  C,  D,  E,  and  F.  Sample  C  is  a  control 
sample,  which  was  etched  20  nm  ex-situ  by  react¬ 
ive-ion  etching  (RIE).  It  and  Samples  A  and  B  were 
rinsed  in  acetone,  methanol,  and  de-ionized  water 
before  being  loaded  into  the  CBE  system.  Prior  to 
regrowth,  Sample  A  was  exposed  to  TDMAAs 
alone,  and  Samples  B  and  C  were  exposed  to  an 
AS4  flux  at  600°C  to  desorb  the  oxide  layers.  After 
oxide  desorption  Sample  A  was  etched  about  65 
A  in-situ  by  TDMAAs  (10  min  exposure  at  600°C). 
Sample  D  was  exposed  to  a  TBA  flux  at  600°C,  and 
Samples  E  and  F  were  exposed  to  TDMAAs  at 
650°C  and  550°C,  respectively.  Here,  the  etched 
depth  is  estimated  from  Fig.  1.  A  0.15-|j.m- thick 
n-GaAs  {n  =  2-3  x  10^^  cm“^)  was  regrown  sub¬ 
sequently  on  these  six  samples  to  form  the 
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Non-patterned  GaAs  substrate 


(a) 


RMS=0.3-0.6  nm 


Patterned  GaAs  substrate  with 
Si02  as  a  mask  (100  jiim  stripe) 


RMS=10  nm 

(b)  Etched  at  700X 
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Fig.  2.  AFM  images  of  the  TDMAAs  etched  GaAs  surface  (a)  etched  at  550-700°C  on  non-patterned  GaAs  substrates 
(RMS  =  0.3-0.6  nm)  (b)  etched  at  700^C  (RMS  =  10  nm)  and  (c)  etched  at  550°C  (RMS  =  2.2  nm)  in  100  pm-wide  stripes  of  patterned 
GaAs  substrates. 


etched/regrown  interfaces.  Finally  a  150-nm-thick 
Au  was  evaporated  to  form  Schottky  contacts. 

Fig.  3  shows  C-V  carrier  concentration  profiles 
around  the  etched/regrown  interfaces  of  Samples  A, 
B,  C,  and  F.  It  is  quite  clear  that  the  carrier  de¬ 
pletion  across  the  interface  depends  strongly  on  the 


sample  preparation  prior  to  regrowth.  The  inter¬ 
face-state  densities  (Dint)  were  estimated  by  integ¬ 
rating  the  carrier  profiles,  and  they  are  3.9  x  10^  \ 
1.1  X  10^^,  and  2  x  10^^  cm'^  for  Samples  A,  B,  and 
C,  respectively.  Sample  C  has  the  largest  due  to 
damage  from  RIE  etching.  Sample  A  has  the  lowest 
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Dint  among  these  three  samples,  indicating  a  clean 
interface  can  be  achieved  by  the  TDMAAs  in-situ 
etching  process,  compared  to  the  conventional  ox¬ 
ide  desorption  process  using  AS4.  The  Djn,  in 
Sample  B  is  about  three  times  higher  than  that  in 
Sample  A.  At  first  we  suspect  this  high  Di^  is 
probably  due  to  the  impurities  originating  from  the 
arsenic  cell,  but  a  similar  result  is  obtained  for 
Sample  D  (Di^  =  9.4  x  10^^  cm"^),  as  shown  in 
Table  1.  Therefore,  we  confirm  that  these  higher 
Dint  are  from  residual  impurities  on  the  surface  of 
GaAs  during  the  ex-situ  process,  and  they  cannot 
be  effectively  removed  during  the  conventional  ox¬ 
ide  desorption  process. 

The  Dint  of  Sample  A,  however,  is  much  higher 
than  the  result  reported  by  Mui  et  al.  [1]  using  an 
in-situ  CI2  etching  process  (Dint  ^  0.86  x  10^^ 
cm"^).  Therefore,  several  etching  conditions  were 
performed  at  different  etching  temperatures,  etch 
rates  and  etch  times  to  optimize  the  etched/ 


Fig.  3.  C-V  carrier  profiles  of  four  etched/regrown  samples 
(Samples  A,  B,  C  and  F)  with  different  sample  preparations. 


regrown  GaAs  interfaces.  As  shown  in  Fig.  3  and 
Table  1,  the  carrier  depletion  across  the  interface  is 
minimal  (Di„t  =  1.4  x  10^^  cm“^)  for  sample  F, 
etched  at  a  lower  in-situ  etching  temperature  of 
550°C  for  20  min  under  a  higher  TDMAAs  flux 
(flow  rate  of  H2:  4  seem). 

AFM  analysis  mentioned  above  shows  that  the 
etched  surface  of  non-patterned  GaAs  is  very 
smooth  (RMS  =  0.3-0.6  nm)  even  at  an  etching 
temperature  of  700‘^C.  Therefore,  surface  roughness 
is  not  the  origin  of  higher  Dj^t  at  higher  etching 
temperatures.  Our  best  result  obtained  here, 
Sample  F  (Dj^t  =  1.4  x  10^^  cm"^),  is  still  slightly 
higher  than  Mui  et  al.’s  result  (Dint  ^  0.86  x  10^^ 
cm"^)  [1].  We  think  the  following  reasons  may 
contribute  this  higher  Dint-  Our  previous  study  [17] 
reported  that  Si  impurities  were  found  by  second¬ 
ary-ion  mass  spectroscopy  in  CBE-grown  undoped 
GaAs  when  the  growth  temperature  is  higher  than 
530°C  using  TDMAAs  and  TEGa.  These  Si  impu¬ 
rities  are  possibly  from  the  residual  impurities  in 
the  TDMAAs  source  and  might  be  deposited  on 
the  etched  surface  during  in-situ  etching  process. 
Similar  silicon  accumulation  at  interrupted  growth 
interfaces  has  been  reported  by  SpringThorpe  et  al. 
[18]  and  Gary  and  Ebert  [19]  during  molecular 
beam  epitaxy.  Kim  et  al.  [20]  have  also  observed 
that  the  use  of  a  relatively  low  temperature  during 
oxide  desorption  in  OMVPE  of  GaAs  can  reduce 
the  epilayer/substrate  interface  states.  Therefore, 
in-situ  etching  of  GaAs  at  higher  temperatures  such 
as  600°C  and  650°C  in  this  study  might  also  intro¬ 
duce  some  background  impurities,  e.g.  Si,  C,  on  the 
etched  surface,  resulting  in  higher  Dim-  For  re¬ 
growth  applications  the  oxide  desorption,  in-situ 
etching  and  regrowth  temperature  must  be  kept 


Table  1 

Comparison  of  the  interface  state  densities  (/);„,)  of  etched/regrown  GaAs  interfaces  with  different  sample  preparations  prior  to  regrowth 


Sample  Preparations  prior  to  regrowth  £^int  (cm  “) 


A  TDMAAs  etched  at  hOO'^C,  H2:  4  seem,  10  min  (  ^  65  A  GaAs  is  etched)  3.9  x  10’  ’ 

B  As4fluxat  600"C,  lOmin  1.2xl0’2 

C  RIE  (200  A),  As4  flux  at  600X,  20  min  2.0  x  10’^ 

D  TBA  flux  at  600°C,  10  min  ^  9.4  x  10” 

E  TDMAAs  etched  at  hSO'^C,  H2:  2  seem,  30  min  (  ~  250  A  GaAs  is  etched)  7.7  x  10” 

F  TDMAAs  etched  at  550°C,  H2:  4  seem,  20  min  (  ~  150  A  GaAs  is  etched)  1.4  x  10” 
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low  but  reasonable  (400-550°C)  to  minimize  the 
effect  of  dopant  out-diffusion.  Therefore,  to  obtain 
a  reasonable  etch  rate  and  suitable  etching  temper¬ 
ature  without  degrading  the  device  performance, 
we  conclude  that  an  in-situ  etching  temperature  of 
GaAs  at  550°C  with  an  etch  rate  of  40  nm/h  is  the 
optimum  etching  condition  in  this  study. 

We  have  also  applied  this  TDMAAs  in-situ  etch¬ 
ing  technique  to  improve  the  etched/regrown 
Al^fGai  _.;,As  interface.  Since  the  TDMAAs  etch 
rate  of  GaAs  is  much  faster  than  that  of 
AUGai_;,As  (x^O.25)  [21],  a  thin  GaAs  layer 
(50-150  A)  can  be  used  as  a  cap  layer  on 
Al;cGai_^As.  We  first  selectively  in-situ  etched 
away  GaAs  by  TDMAAs  at  550°C  and  then  im¬ 
mediately  regrew  p^Alo.asGao.esAs  (2000  A, 
p  =  8  X  10^^  cm"^)  on  an  OMYPE-grown 
Alo.25Grao.75As  layers  (1700  A,  n  =  5  x  10^^  cm''^), 
thus  eliminating  the  possibility  of  oxidation  of 
Alo.25Gao.75As  after  etching.  Compared  to  the  epi- 
layers  directly  regrown  on  Alo.25Grao.75As  without 
the  in-situ  etching  of  GaAs,  the  in-situ  etched/re¬ 
grown  p'^Alo.35Gao.65As/fiAlo.25Gao.75As  junc¬ 
tion  has  a  much  better  1-V  characteristics  such  as 
higher  breakdown  and  turn  on  voltage.  Details  of 
this  result  will  be  reported  elsewhere  [22].  This 
result  is  consistent  with  the  C-V  results,  indicating 
that  TDMAAs  is  a  suitable  and  promising  source 
for  obtaining  clean  etched/regrown  interfaces  of 
GaAs  and  Al^Gai_;,As. 


4.  Summary 

In  this  study,  the  TDMAAs  etched/regrown  in¬ 
terfaces  are  investigated  and  optimized.  The 
TDMAAs  etched  GaAs  surface  morphologies  are 
quite  different  between  patterned  and  non-pat- 
terned  GaAs  substrates.  We  found  that  by  lowering 
the  in-situ  TDMAAs  etching  temperature  of  GaAs, 
the  etched/regrown  GaAs  and  Al^^Gai  -^As  interfa¬ 
ces  can  be  improved.  The  lowest  Dint  of 
1.4xl0^^cm"^  reported  in  this  study  using 
TDMAAs  is  comparable  to  using  other  etching 
sources.  Both  C-V  and  l-V  results  demonstrate 
that  TDMAAs  is  a  suitable  source  in  CBE  for 
obtaining  clean  etched/regrown  interfaces  for  novel 
device  applications. 
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Abstract 

We  present  the  analysis  of  in-situ  etched  (using  chlorine  gas)  and  regrown  AlInAs-GalnAs  interfaces  and  the 
dependence  of  interface  quality  on  etching  temperature.  Compared  to  GaAs-based  materials,  chlorine  gas  etching  of  In 
containing  semiconductors  like  GalnAs  and  AlInAs  requires  higher  etching  temperatures  (250-350''C)  due  to  the  low 
volatility  of  indium  chloride  which  is  a  etch  by-product.  More  important  is  the  selection  of  an  optimum  etching 
temperature  where  the  etch  rates  of  both  the  group  III  etch  by-products  are  equal.  This  is  essential  to  achieve  a  smooth 
and  stochiometric  etched  surface.  The  interface  state  density  at  the  regrown  interface  depends  on  the  morphology  of  the 
etched  surface.  A  minimum  surface  roughness  of  10  A  is  obtained  at  275°C,  which  also  corresponds  to  low  interface 
charge  density  of  4.52  x  10^  and  mid-gap  interface  state  density  of  3  x  10^  eV  at  the  AlInAs/GalnAs  interface. 
The  dependence  of  interface  quality  on  the  etched  surface  morphology  is  explained  in  terms  of  disorder-induced  gap  state 
(DIGS)  model  as  proposed  by  Hasegawa  and  co-workers.  A  comparison  of  the  regrown  interface  with  as-grown 
AlInAs/GalnAs  interface  shows  only  a  minor  degradation,  indicating  the  suitability  of  this  technique  for  in-situ 
processing  in  the  AlInAs/GalnAs/InP  material  system. 

FACS:  71.55.Eq;  73.20.  -  r;  73.40.Kp;  81.15.Hi 

Keywords:  Molecular  beam  epitaxy;  In-situ  processing;  Chlorine  gas  etching;  Interface  states;  AlInAs/GalnAs 


1.  Introduction 

Epitaxial  regrowth  has  been  used  in  the  recent 
years  for  the  fabrication  of  novel  electronic  and 
optoelectronic  devices.  It  has  also  been  used  to 
improve  the  performance  of  existing  devices  and  for 
monolithic  integration  of  electronic  and  optoelec- 
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tronic  devices  on  the  same  substrate  [1,2].  This 
process  often  involves  etching  and  selective  area 
regrowth  on  previously  grown  epitaxial  layers.  In 
many  cases  a  part  of  the  device  is  regrown,  thus 
making  the  regrown  interface  a  performance¬ 
determining  factor.  It  has  been  observed  that  car¬ 
rier  depletion  occurs  at  this  interface  due  to  the 
presence  of  impurities  and  interface  states  [3,4]. 
Also  in  the  case  of  epilayers  etched  ex  situ,  oxida¬ 
tion  of  the  exposed  surface  has  to  be  prevented 
by  suitable  chemical  passivation.  This  problem  is 
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aggravated  in  the  case  of  regrowth  on  ternary 
semiconductors  and  Al-containing  semiconductors 
as  proper  desorption  of  their  oxides  is  difficult.  An 
all  in-situ  etch  and  regrowth  process  is  therefore 
required  to  achieve  a  high-quality  regrown 
interface. 

High  electron  mobility  transistors  (HEMTs) 
and  heterostructure  bipolar  transistors  (HBTs) 
fabricated  in  the  AlInAs/GalnAs  material 
system  have  shown  superior  performance  com¬ 
pared  to  their  GaAs-based  counterparts.  Further 
improvements  in  their  performance  by  using 
epitaxial  regrowth  for  surface  passivation  in 
HEMTs  and  for  non-alloyed  contacts  to  reduce 
parasitics  in  both  HEMTs  and  HBTs  is  possible. 
To  exploit  the  full  potential  of  epitaxial  regrowth, 
optimization  of  the  interface  quality  of  the  etched- 
regrown  interface  in  the  AlInAs/GalnAs  material 
system  is  necessary. 

In-situ  etch  and  regrowth  of  GaAs  has  been 
investigated  before  [5-7].  Saitoh  et  al.  [8]  have 
investigated  the  effects  of  in-situ  growth  interrup¬ 
tions  on  AlInAs/GalnAs  interfaces  by  C-F  char¬ 
acterization.  Epitaxially  regrown  AlInAs/GalnAs 
HEMTs  have  been  demonstrated  previously,  but 
the  regrowth  was  done  after  selectively  etching  the 
existing  epilayers  to  the  InP  substrate  [9, 10].  The 
oxide  on  the  etched  InP  substrate  can  be  easily 
desorbed  under  arsenic  overpressure  before  re¬ 
growth.  However,  this  is  not  possible  if  the  re¬ 
growth  has  to  commence  on  a  GalnAs  or  AlInAs 
layer.  This  problem  can  be  solved  by  using  an  all 
in-situ  etch  and  regrowth  process.  We  have  recently 
demonstrated  a  AlInAs/GalnAs  HEMT  with  selec¬ 
tive  area  AlInAs  overgrowth  for  epitaxial  passiva¬ 
tion  using  an  all  in-situ  chlorine  gas  etch  and 
MBE  regrowth  process  [11].  To  the  best  of  our 
knowledge,  characteristics  of  in-situ  etched  and 
regrown  AlInAs/GalnAs  interfaces  have  not  been 
investigated. 


2.  In-situ  processing  system 

The  all  UHV  etching  and  regrowth  system  used 
here  consists  of  a  dry  etching  chamber  connected  to 
a  MBE  growth  chamber  through  a  high-vacuum 
transfer  tunnel.  The  base  pressure  of  the  dry  etching 


chamber  is  1  x  10  “  ®  Torr.  The  chamber  is  equipped 
with  a  heater  stage  for  thermal  gas  etching  and  an 
Evenson  microwave  cavity  which  can  be  used  to 
crack  the  chlorine  gas.  The  etching  chamber  is 
equipped  with  an  Ar  ion  gun  which  can  be  used  for 
ion-beam  assisted  etching.  The  Ar  ions  are  gener¬ 
ated  by  a  hollow  cathode-cathode  ion  source,  the 
charging  of  the  substrate  in  ion-beam-assisted  etch¬ 
ing  is  eliminated  by  the  use  of  a  neutralizer  which 
supplies  the  same  electron  current  as  the  Ar  ion 
current.  In-situ  etch  depth  monitoring  can  be 
performed  using  He-Ne  and  He-Cd  laser  reflec¬ 
tance  measurements.  The  substrate  temperature  is 
monitored  using  a  thermocouple. 

3.  Chlorine  gas  etching  of  indium-containing 
semiconductors 

Chlorine  gas  etching  has  been  used  extensively 
for  in-situ  etch  and  regrowth  in  GaAs-based  mater¬ 
ials  [12, 13].  Chlorine  gas  etching  of  InP  was  first 
reported  by  Furuhata  et  al.  [14].  Higher  temper¬ 
atures  (compared  to  GaAs)  are  required  for 
chlorine  gas  etching  of  indium-containing  semicon¬ 
ductors  due  to  the  low  vapor  pressure  of  InCls 
which  is  the  by-product  of  the  etching  reaction  and 
the  desorption  of  which  is  the  rate-limiting  mecha¬ 
nism  [15].  The  optimum  etching  temperature  for 
GaAs  is  180°C,  where  higher  temperatures  ranging 
from  250°C  to  350°C  are  required  for  GalnAs, 
AlInAs  and  InP.  The  selection  of  proper  temper¬ 
ature  for  etching  In-based  alloys  like  GalnAs  and 
AlInAs  is  critical  as  the  desorption  rates  of  GaCls 
and  InCls  in  the  case  of  GalnAs  and  AICI3  and 
InCl3  in  the  case  of  AlInAs  have  to  be  equal. 
A  difference  in  desorption  rates  would  result  in 
the  surface  being  of  varying  composition  and  also 
increases  the  roughness  of  the  etched  surface. 
Reducing  the  surface  roughness  of  the  etched  sur¬ 
face  is  essential  to  achieve  a  high-quality  inter¬ 
face  after  subsequent  molecular  beam  epitaxial 
regrowth. 

Fig.  1  shows  the  variation  of  etch  rates  with 
temperature  for  GalnAs,  AlInAs  and  InP.  The 
chlorine  gas  flow  rate  is  3  seem,  and  the  chamber 
pressure  is  8  x  lO'^  Torr.  The  calculated  activation 
energies  for  the  etching  rates  are  9,22  kcal/mol  for 
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Fig.  1.  Variation  of  etch  rate  with  temperature. 


Etching  Temperature  (°C) 


Fig.  2.  Variation  of  etched  surface  roughness  with  etching  tem¬ 
perature. 


InP,  4.77  kcal/mol  for  GalnAs  and  5.66  kcal/mol 
for  AlInAs.  The  activation  energy  for  InP  is  in  the 
range  as  obtained  by  Furuhata  et  al.  [14].  The  etch 
rate  of  GaAs  in  this  temperature  range  is  constant. 
Hence,  the  activation  energies  for  etch  rates  of 
GalnAs  and  AlInAs  are  expected  to  be  lower  than 
that  of  InP. 

The  surface  roughness  of  the  etched  surfaces  was 
measured  using  an  atomic  force  microscope 
(AFM).  Fig.  2  shows  the  variation  of  surface  rough¬ 
ness  with  etched  temperature  for  InP,  GalnAs  and 
AlInAs.  The  etch  rates  for  GaAs  and  InP  are  equal 
for  etching  temperature  of  275-280°C  implying 
that  the  desorption  rates  of  gallium  and  indium 
chloride  etch  by-products  are  equal  at  that  tem¬ 
perature  [14].  Therefore,  a  minimum  surface 


roughness  for  GalnAs  is  expected  at  this  etching 
temperature.  This  is  indeed  the  case  as  seen  from 
the  plot  in  Fig.  2.  The  minimum  surface  roughness 
for  AlInAs  and  InP  is  achieved  at  etching  temper¬ 
atures  of  300°C  and  250°C,  respectively.  As  seen 
from  Fig.  2  an  unusually  high  surface  roughness  is 
observed  for  GalnAs  layers  etched  at  250°C;  this  is 
probably  due  to  presence  of  native  oxide  on  the 
surface  which  acts  as  micromask  and  increases  the 
surface  roughness. 


4.  In-situ  etch  and  regrowth 

n-GalnAs  layers  doped  with  Si 

were  grown  on  a  n”^  GalnAs  contact  layer  doped 
1  X  and  lattice-matched  to  InP.  The 

growth  temperature  was  510°C  and  the  arsenic 
pressure  was  1.3  x  10"^  Torr.  The  substrates  were 
then  transferred  to  the  etching  chamber  through 
a  UHV  transfer  tunnel.  The  GalnAs  epilayers  are 
etched  using  chlorine  gas  at  temperatures  ranging 
from  250*^0  to  325°C.  The  CI2  gas  flow  was 
2.5  seem  and  the  pressure  was  5  x  10~^  Torr.  The 
substrates  were  then  transferred  back  to  the  MBE 
growth  chamber  and  n- Alin  As  doped  1  x  10^'^ /cm^ 
with  Si  is  regrown  at  a  temperature  of  510°C.  Also 
a  control  AlInAs/GalnAs  structure  was  grown 
without  any  interruption  for  comparison.  AuGe/ 
Ni/Au  ohmic  contact  was  made  to  the  n^  GalnAs 
and  Ti/Au  Schottky  contact  was  made  to  AlInAs  to 
fabricate  AlInAs/GalnAs  heterojunction  capaci¬ 
tors.  Fig.  3  shows  the  layer  structure  and  schematic 
of  the  N-n  heterojunction  capacitor. 


Ti/ Au  Schottky  contact 


750  A  n-  Alo,48lno.52As  n=l  x  1017  /cm^ 


2000  A  n-  Ino  53Gao.47As  n=l  x  10^7  /  cm^ 


AuGe/Ni/Au 
Ohmic  contact 


2000  A  n+Ino.53Gao.47As  n=l  x  1018  /cm"^ 
S.  I.  InP  Substrate 


Fig.  3.  Schematic  of  layer  structure  and  N-n  heterojunction 
capacitor. 


396 


P.  Chavarkar  et  al.  I  Journal  of  Crystal  Growth  1751176  (1997)  393-397 


5.  C-V  analysis  of  regrown  AlInAs/GalnAs 
heterojunction 

High-frequency  capacitance  was  measured  as 
a  function  of  reverse  bias  using  a  CV  analyzer. 
Apparent  doping  profile  in  n-GalnAs  was  extrac¬ 
ted  from  the  C-V  curves.  The  AlInAs/GalnAs  in¬ 
terface  charge  density  was  calculated  by  integrating 
the  difference  between  the  apparent  doping  and  the 
actual  doping  as  described  by  Kroemer  et  al.  [16]. 
Table  1  lists  the  interface  charge  density  for  differ¬ 
ent  etching  temperatures. 

An  apparent  increase  in  doping  is  observed  near 
the  interface  which  is  due  to  the  response  of  the 
interface  states  to  the  changing  reverse  bias.  The 
interface  state  density  distribution  in  GalnAs  can 
be  calculated  by  using  the  method  described  by 
Ikeda  et  al.  [17].  Fig.  4  shows  the  interface  state 
density  distribution  at  the  AlInAs/GalnAs  interface 


E^-E(eV) 

Fig.  4.  Variation  of  interface  state  density  distribution  at  the 
AlInAs/GalnAs  interface  with  etching  temperature. 


Table  1 

Variation  of  AlInAs/GalnAs  interface  charge  density  with  etch¬ 
ing  temperature 


GalnAs  etching  temperature 

ro 

Interface  charge  density 
(cm  "2) 

275 

4.  52x10“ 

300 

6.14x10“ 

325 

1.92x10“ 

As-grown  AlInAs/GalnAs 

4.14x10“ 

for  GalnAs  layers  etched  at  different  temperatures. 
A  midgap  interface  state  density  of  3  x  10^  eV 
is  obtained  for  regrown  AlInAs/GalnAs  interface 
with  GalnAs  etched  at  275°C. 

The  values  of  interface  charge  density  and  the 
mid-gap  interface  state  density  are  comparable  to 
values  reported  in  the  literature  [8, 18,  19]. 

6.  Surface  roughness  and  interface  quality  “ 
the  DIGS  model 

The  presence  interface  states  at  the  regrown  in¬ 
terface  can  be  explained  in  terms  of  unified  dis¬ 
order-induced  gap  state  (DIGS)  model  as  proposed 
by  Hasegawa  et  al.  [17,  20,  21].  According  to  the 
DIGS  model,  interface  states  are  generated  at  the 
regrown  interface  due  to  the  disordered  region  at 
the  etched  surface.  Chlorine  gas  etching  of  GalnAs 
results  in  a  rough  off-stochiometric  surface;  sub¬ 
sequent  regrowth  on  this  surface  creates  a  dis¬ 
ordered  region  at  the  AlInAs/GalnAs  interface. 
Thus,  the  interface  state  density  depends  on  the 
morphology  of  the  etched  surface. 

A  minimum  surface  roughness  of  10  A  is  ob¬ 
tained  at  a  etching  temperature  of  275°C,  this  also 
corresponds  to  minimum  interface  charge  and 
mid-gap  interface  state  density  of  3  x  eV 

in  GalnAs  as  shown  in  Fig.  4.  Fig.  5  shows  the 
variation  of  fixed  charge  at  the  AlInAs/GalnAs 
interface  and  surface  roughness  of  etched  GalnAs 


Fig.  5.  Variation  of  surface  roughness  and  AlInAs/GalnAs  in¬ 
terface  charge  with  GalnAs  etching  temperature. 
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surface  with  etching  temperature.  It  can  be  seen 
that  the  interface  charge  density  directly  correlates 
with  the  surface  roughness,  validating  the  DIGS 
model  for  the  regrown  interface.  Thus,  the  rough¬ 
ness  of  the  etched  surface  and  interface  state  density 
of  the  subsequently  regrown  interface  are  minimum 
when  the  desorption  rates  of  both  gallium  and 
indium  chloride  etch  by-products  during  etching 
are  same.  A  comparison  of  the  regrown  interface 
with  as-grown  AlInAs/GalnAs  interface  shows 
only  a  minor  degradation,  indicating  the  suitability 
of  this  technique  for  in-situ  processing  in  the 
AlInAs/GalnAs/InP  material  system. 

7.  Conclusion 

We  have  demonstrated  an  in-situ  etch  and  re¬ 
growth  process  in  the  AlInAs/GalnAs  material  sys¬ 
tem.  The  quality  of  the  regrown  interface  depends 
critically  on  the  etching  temperature  of  Gain  As. 
Equal  desorption  rates  of  both  Ga  and  In  etch 
by-products  are  necessary  to  minimize  surface 
roughness  as  the  extent  of  disordered  region  at  the 
regrown  interface  is  directly  proportional  to  etched 
surface  roughness.  The  presence  of  interface  states 
at  the  regrown  interface  can  be  explained  in  terms 
of  the  disorder-induced  gap  state  (DIGS)  model. 
In-situ  etched  and  regrown  AlInAs/GalnAs  interfa¬ 
ces  show  only  a  minor  degradation  compared  to 
as-grown  interfaces. 
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Abstract 

A  Ga  focused  ion  beam  (FIB)  has  been  used  to  grow  conducting  n-type  GaAs  in  areas  defined  by  the  FIB  irradiation. 
A  low  energy  (25-100  eV)  mass  separated  ^^Ga^  FIB  was  supplied  to  a  GaAs  (1  0  0)  substrate,  simultaneously  with  Si 
and  As4  molecular  beams.  The  FIB  was  rastered  over  a  selected  area  of  the  substrate  producing  a  square 
200  pm  X  200  pm  mesa  during  growth.  The  77  K  Hall  mobility  and  carrier  concentration  values  of  the  grown  GaAs 
layers  showed  that  material  quality  improved  as  the  ion  energy  was  reduced  from  100  to  25  eV.  At  300  K  a  peak  mobility 
of  2380  cm^  V“^  s"^  at  a  carrier  concentration  of  2.5  x  10^"^  cm”^  was  achieved  for  the  25  eV  ion  grown  sample. 


1.  Introduction 

The  selective  area  epitaxy  of  III-V  semiconduc¬ 
tor  compounds  could  become  an  important  tech¬ 
nique  in  the  preparation  of  complex  integrated 
device  structures  such  as  opto-electronic  integrated 
circuits.  Molecular  beam  epitaxy  (MBE)  has  pro¬ 
ved  very  successful  in  producing  high  quality  multi¬ 
layered  semiconductor  structures,  however  it  can 
only  control  the  material  composition  in  the 
growth  (vertical)  direction.  Attempts  at  manipula¬ 
ting  MBE  into  a  selective  area  growth  technique 
have  utilized  patterned  oxide  or  elemental  masks 
[1,2]  to  define  the  selected  region  to  be  grown. 


*  Corresponding  author.  Fax:  -1-  44  1223  337271;  e-mail: 
hebl  000@ciis.cam.ac.uk. 


This  technique  unfortunately  limits  the  degree  of 
sophistication  attainable  in  device  integration.  Fo¬ 
cused  ion  beam  (FIB)  technology,  in  contrast,  offers 
a  versatile  maskless  lithographic  technique  with 
high  spatial  resolution  in  the  lateral  plane.  Hence 
the  combination  of  these  technologies  (FIMBE) 
could  provide  an  opportunity  for  an  in-situ  mask¬ 
less  selective  area  epitaxy  technique  capable  of 
generating  such  complex  device  structures. 

In  III-V  MBE  growth,  compound  stochiometry 
can  be  achieved  by  an  excess  supply  of  the  group 
V  element  during  growth,  since  the  sticking 
coefficient  of  the  group  V  element  depends  only  on 
the  population  of  the  group  III  element.  Conse¬ 
quently,  the  flux  rate  of  the  group  III  element  solely 
controls  the  growth  rate  of  the  semiconductor. 
Therefore  replacing  the  conventional  MBE  group 
III  matrix  element  source  with  a  FIB  source  would 
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facilitate  the  lateral  selective  area  epitaxy  of  III-V 
materials. 

Initial  studies  into  the  MBE  growth  of  III-V 
compounds  with  ionized  beam  sources  were  carried 
out  to  improve  the  sticking  coefficient  of  the  group 

V  element.  Shimuzu  et  al.  [3,  4]  demonstrated  the 
growth  of  GaAs  and  InP  by  supplying  the  group 

V  species  via  an  unfocused  ion  source.  Epitaxial 
growth  was  achieved  for  incident  ion  energies 

<  300  eV  and  for  growth  temperatures  above 
200°C  for  GaAs  and  300°C  for  InP,  respectively. 
4.2  K  photoluminescence  (PL)  spectra  of  the  GaAs 
films  grown  above  450'^C  and  with  an  As^  ion 
energy  of  100  eV  exhibited  well-defined  bound  ex- 
citon  structure  indicating  high  quality  films  were 
obtained.  Moreover  the  saturation  of  the  PL  inten¬ 
sity  for  films  grown  above  500°C  suggests  that  any 
damage  produced  by  the  As"^  ion  bombardment 
was  annealed  simultaneously  during  growth. 

Similarly,  Maruno  et  al.  [5, 6]  studied  the 
growth  of  GaAsP  and  InP  using  an  unfocused 
P"^  ion  source.  Again,  for  incident  beam  energies 

<  300  eV  homoepitaxial  growth  was  observed. 
The  InP  epilayers  were  doped  unintentionally  n- 
type  and  displayed  comparable  values  of  mobility 
and  carrier  concentration  to  InP  grown  by  conven¬ 
tional  MBE. 

Recently,  Pak  et  al.  [7]  have  reported  MBE 
growth  of  GaAs  with  a  focused  low  energy  Ga^ 
(group  III)  ion  source.  Ex  situ  pPHEED  measure¬ 
ments  of  the  grown  films  showed  single  crystal 
epitaxy  could  be  achieved  for  ion  energies  below 
200  eV  and  for  growth  temperatures  above  400°C. 

For  all  these  ionized  beam  growth  experiments  it 
was  found  necessary  to  employ  ion  energies  of  less 
than  300  eV.  This  is  required  to  (i)  minimise  ion 
induced  damage  to  the  crystal  and  (ii)  minimise  the 
sputtering  yield  to  ensure  film  growth  is  possible. 

One  exciting  aspect  of  using  ionized  matrix  ele¬ 
ment  sources  with  MBE  is  their  potential  to  allow 
technologically  important  improvements  in 
semiconductor  growth.  The  extra  energy  supplied 
to  the  wafer  surface  by  low  energy  ion  irradiation 
has  allowed  the  growth  of  semiconductor  crystals 
at  reduced  substrate  temperatures  [3,  5].  The  capa¬ 
bility  to  grow  high  quality  MBE  cystals  at  low 
temperatures  would  dramatically  reduce  diffusion 
related  problems  such  as  dopant  redistribution  and 


the  surface  segregation  of  alloys  (e.g.  In  in  InGaAs). 
Studies  have  also  shown  [3,  5]  that  surface  rough¬ 
ness  and  defect  levels  can  be  improved  by  low 
energy  ion  irradiation  during  growth.  These  affects 
may  lead  to  improvements  in  heterointerfaces  for 
optical  and  electrical  devices. 

To  date  no  literature  has  been  presented  on  the 
effect  of  incident  ion  energy  on  the  electrical  prop¬ 
erties  of  films  grown  from  a  focused  ionized  beam 
source.  In  this  paper  we  present  the  preliminary 
results  of  the  electrical  characterisation  of  inten¬ 
tionally  doped  GaAs  films  grown  with  a  Ga^  FIB 
and  MBE  for  various  ion  landing  energies. 

2.  Experimental  apparatus 

To  facilitate  the  use  of  a  FIB  with  MBE  growth 
a  novel  system  has  been  developed  by  Thompson  et 
al.  [8].  It  replaces  a  conventional  thermal  MBE 
source  with  a  liquid  metal  ion  source  (LMIS)  FIB 
located  directly  opposite  to  the  sample  on  a  stan¬ 
dard  MBE  deposition  chamber.  To  surmount  the 
problem  of  focusing  an  ion  beam  in  the  required 
low  energy  regime  retarding  field  optics  were  em¬ 
ployed  [9].  It  has  been  demonstrated  in  earlier 
work  [10]  that  this  integrated  arrangement  does 
not  interfere  with  or  affect  the  conventional  MBE 
growth  of  III-V  compounds. 

Fig.  1  shows  a  schematic  diagram  of  the  experi¬ 
mental  apparatus.  It  consists  of  a  VG  MIG300 
30  kV  FIB  column  mounted  perpendicular  to  the 
sample  on  the  growth  chamber  of  a  VG  V80H 
MBE  machine. 

The  FIB  column  consists  of  a  high  brightness  Ga 
LMIS,  an  ’electrostatic  condenser’  lens  and  an  ap¬ 
erture  below  this  lens  to  limit  the  beam  current 
down  the  column.  Since  a  Ga  LMIS  emits  pre¬ 
dominantly  two  singly  charged  isotropic  species, 
~  60%)  and  ’‘Ga''  (  ~  40%),  each  with  an 
energy  spread  of  ~  15  eV  [11],  an  ion  mass  filter 
employing  perpendicular  electric  and  magnetic 
fields  is  used  to  select  the  more  abundant,  lower 
mass  species.  A  second  lens  element  is  used  for 
focusing,  whilst  finally  an  x-y  deflection  plate  as¬ 
sembly  is  used  to  raster  the  beam  over  a  selected 
area  of  the  wafer.  The  above  FIB  column  is  a  stan¬ 
dard  commercial  design  except  that  only  MBE 
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Fig.  1.  A  schematic  diagram  of  the  experimental  apparatus 
showing  the  focused  ion  beam  matrix  element  source  attached  to 
the  growth  chamber  of  an  MBE  machine. 


compatible  materials  were  employed  in  its  construc¬ 
tion,  i.e.  all  insulators  were  ceramic  and  any  hot 
stainless  steel  areas  were  replaced  with  molybdenum 
or  tantalum  components.  To  minimise  contamina¬ 
tion  of  the  LMIS  during  growth  the  ion  source  is 
differentially  pumped.  With  a  growth  chamber  pres¬ 
sure  of  2  X  10"  mbar,  a  FIB  column  pressure  of  less 
than  1x10"^  mbar  was  achieved,  thereby  prolong¬ 
ing  the  operational  lifetime  of  the  LMIS. 

To  maximise  the  resolution  of  the  FIB  it  is  neces¬ 
sary  to  minimise  the  column’s  working  distance  (the 
distance  from  the  end  of  the  column  to  the  sample) 
and  to  ensure  the  system  is  vibrationally  isolated. 
Consequently,  a  growth  chamber  was  chosen  with 
high  angled  thermal  sources  (  ~  35''  from  the  normal 
to  the  sample),  allowing  line  of  sight  access  for  the 
thermal  beams  to  the  sample  with  the  FIB  column  in 
place.  Vibration  isolation  of  the  system  included  the 
isolation  of  the  cryopump  from  the  growth  chamber 
with  bellow  sections  and  the  mounting  of  the  system 
on  an  air  support  assembly. 

The  other  important  constituent  of  the  system  is 
a  specially  designed  electrically  isolated  sample 
holder.  This  can  be  floated  to  a  high  voltage  (up  to 
30  kV)  to  produce  the  ion  beam’s  retarding  poten¬ 
tial  as  well  as  being  used  to  measure  the  ion  current 
incident  on  the  sample.  Consequently,  the  sample 
heater  assembly  is  also  floated  to  the  retarding 
potential  and  is  powered  by  a  custom  built  power 
supply.  To  allow  the  optical  alignment  of  the  FIB 
on  the  sample  the  holder  can  be  fully  adjusted  in 
both  lateral  and  azimuthal  planes. 


3.  Experimental  procedure 

The  FIB  was  operated  with  a  source  ion  energy 
of  20keV  at  a  working  distance  of  40  mm.  Ion 
landing  energies  were  varied  from  100  eV  down  to 
25  eV  by  changing  the  positive  voltage  applied  to 
the  sample  from  19  900  V  to  19  975  V,  respectively, 
using  a  negative  0-2  kV  power  supply  which  was 
tied  to  the  ion  source  voltage.  The  LMIS  was 
operated  with  an  emission  current  of  10  pA  produ¬ 
cing  a  beam  current  between  1 8-25  nA.  The  FIB 
beam  diameter  at  25  eV  ion  landing  energy  was 
measured  to  be  approximately  50  pm  although  an 
estimated  diameter  <  30  pm  was  expected.  The 
deterioration  of  the  beam  size  was  found  to  be 
associated  with  the  vibration  of  the  sample  holder 
and  has  been  subsequently  eliminated  with  an  in¬ 
ternal  vibration  support  mechanism. 

All  sample  substrates  were  25  mm  x  25  mm 
squares  of  semi-insulating  (10  0)  GaAs.  Samples 
were  grown  at  a  substrate  temperature  between 
600°C  and  620°C  as  measured  by  an  optical  pyro¬ 
meter  and  an  As  to  thermal  Ga  beam  equivalent 
pressure  ratio  of  8-9  to  1.  In  order  to  allow  lateral 
selective  area  epitaxy  the  substrate  was  not  rotated 
during  growth. 

Prior  to  selective  area  growth  using  the  FIMBE 
a  0.5  pm  buffer  layer  of  undoped  GaAs  was  grown 
using  only  thermal  molecular  beam  sources  to  pro¬ 
vide  a  high-quality  growth  interface.  The  thermal 
Ga  flux  was  then  removed  and  replaced  with  a  Ga"^ 
ion  beam  rastered  over  a  200  pm  x  200  pm  area, 
once  per  second.  A  thermal  Si  source  was  opened  in 
unison  with  the  Ga  FIB  thereby  doping  the  grow¬ 
ing  selected  GaAs  area  n-type.  The  Si  thermal  flux 
was  set  to  provide  a  nominal  doping  concentration 
of  IxlO^^cm"^  for  an  expected  GaAs  layer 
growth  rate  of  ~  0.5  pm  h~h  The  duration  of 
growth  was  approximately  2  hours  to  ensure 
1.0  pm  thick  GaAs  samples  were  grown. 

4.  Results  and  discussion 

Fig.  2  shows  Normarski  micrographs  of  a  film 
grown  with  a  25  eV  ion  landing  energy,  which  is 
representative  of  all  the  ion  beam  grown  samples 
detailed  in  this  study.  The  sample  demonstrates 
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Fig.  2.  Normarski  micrographs  at  (a)  x  50  magnification  and 
(b)  X  200  magnification  of  a  selectively  grown  area  of  n-type 
GaAs,  using  a  25  eV  Ga"^  rastered  FIB  simultaneously  with  Si 
and  As4  molecular  beams.  Marker  represents  100  pm.  The  de- 
gredation  of  side  wall  definition  in  the  top  and  bottom  edges  are 
attributed  to  vibration  of  the  sample  manipulator  in  the  vertical 
plane. 

selective  growth  over  an  area  approximately 
200  pm  X  200  pm.  The  surface  morphology  of  the 
film  shows  uniform,  flat  and  defect  free  crystal 
growth.  The  selectively  grown  GaAs  region  appears 
trapezoidal  in  shape.  This  is  believed  to  be  a  conse¬ 
quence  of  the  sample  being  slightly  off  axis  to  the 
FIB  scan  field;  however,  it  may  also  be  the  manifes¬ 
tation  of  an  enhanced  crystal  growth  mode  and 
further  investigation  into  this  is  to  be  undertaken. 
Also  highlighted  in  Fig.  2  are  darker  (shadow) 
areas.  This  is  believed  to  be  the  presence  of  a  small 
component  of  the  ^^Ga^  species  in  the  FIB. 

Depth  profiles  of  all  the  samples,  obtained  by 
Dektak  measurements,  demonstrated  that  struc¬ 
tures  between  1.0  and  1.2  pm  thickness  with 
FWHM  lateral  dimensions  of  ~  200  pm  x  200  pm 
were  grown.  Sample  growth  rates  were  typically 


0.5--0.6  pm  h“  ^  which  is  consistent  with  the  values 
calculated  from  the  beam  current  measurements. 

Electrical  characterisation  of  the  grown  films  was 
used  to  investigate  the  effects  of  ion  beam  growth 
on  material  quality.  Sample  processing  began  with 
the  removal  of  the  non-conducting  Si  layer  depos¬ 
ited  on  the  substrate  surface  in  the  region  outside 
the  FIB  irradiation.  This  was  carried  out  by  con¬ 
ventional  ex-situ  optical  lithography  and  wet  etch¬ 
ing  techniques.  The  epilayer  was  then  processed 
into  a  van  der  Pauw  mesa  for  Hall  resitivity 
measurements.  Since  the  MBE  growth  chamber 
used  in  this  experiment  exhibits  a  p-type  back¬ 
ground  doping  level  of  l.OxlO^^cm”^  it  is  ex¬ 
pected  that  the  0.5  pm  undoped  buffer  layer  would 
be  completely  depleted  of  carriers  and  therefore 
would  not  contribute  to  the  conductivity  of  the  ion 
beam  grown  layer.  Sample  assessment  was  carried 
out  on  an  Oxford  Scientific  continuous  flow  He 
cryostat. 

Fig.  3  plots  the  77  K  Hall  mobility  versus  carrier 
concentration  in  the  dark  for  samples  nominally 
doped  at  1 .0  x  10^  ®  cm  "  with  ion  energies  ranging 
from  100  to  25  eV.  For  comparison  the  result  from 
a  GaAs  sample  grown  from  a  thermal  Ga  source 
under  the  same  growth  conditions  is  also  shown. 
The  solid  and  dotted  lines  indicate  the  theoretical 
mobility  [12]  calculated  assuming  a  constant  com¬ 
pensation  ratio  (y  =  Nd  4-  Na  /^d  —  ^a)  of 
y  =  2,  4  and  19,  respectively.  The  mobility  of  the 
thermally  grown  sample  is  situated  on  the  y  =  2 
line.  This  is  expected  and  is  due  to  the  amphoteric 
nature  of  the  Si  dopant  in  GaAs.  The  mobility  of 
the  sample  grown  with  an  ion  landing  energy  of 
25  eV  indicates  a  compensation  ratio  of  y  ~  4 
which  implies  the  layer  is  of  good  crystalline  qual¬ 
ity.  For  the  samples  grown  with  50  and  100  eV  ion 
energies  the  compensation  ratio  increases  to  y  5 
and  17,  respectively.  Clearly  a  demonstrable  im¬ 
provement  in  material  quality  can  be  observed  as 
the  incident  ion  energy  is  reduced  from  100  to 
25  eV. 

From  this  data,  approximate  values  for  the  ac¬ 
ceptor  and  donor  concentrations  can  be  estimated 
as  a  function  of  ion  energy  [12].  These  results 
indicate  that  the  electrical  characteristics  of  the 
grown  films  were  improved  mainly  due  to  the  de¬ 
crease  in  the  acceptor  concentration  as  the  incident 
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Carrier  concentration  (cm'^) 


Fig.  3.  The  77  K  Hall  mobility  as  a  function  of  carrier  concen¬ 
tration  for  ion  beam  samples  grown  with  ion  energies  ranging 
from  100  to  25  eV  and  a  conventionally  grown  GaAs  sample. 
For  comparison,  the  compensation  ratios  (y  =  iV'*'  +  N~/n) 
equal  to  2,  4  and  19  are  plotted  as  lines  on  the  graph. 


Fig.  4.  Hall  mobility  versus  temperature  for  the  25  eV  Ga'*'  FIB 
grown  sample  nominally  doped  at  1.0  x  10^®  cm" ^  with  a  ther¬ 
mal  Si  source  (note  the  logarithmic  axes).  For  comparison  a  con¬ 
ventionally  grown  MBE  n-GaAs  sample  is  also  shown.  Both 
samples  maintain  a  free  carrier  concentration  of  2.5  x  10^^  cm"^ 
over  the  entire  temperature  sweep. 


ion  energy  was  reduced.  The  highest  mobility 
achieved  from  an  ion  beam  grown  sample  was 
2380  cm^  s"^  at  a  carrier  concentration  of 
2.5  X  cm"^  at  300  K  for  an  incident  ion  energy 
of  25  eV. 

Finally,  the  temperature  dependence  of  the  Hall 
mobility  of  the  GaAs  sample  grown  with  a  25  eV 


ion  energy  is  displayed  in  Fig.  4.  The  curve  shows 
a  monotonic  reduction  in  mobility  upon  decreasing 
temperature  from  300  to  10  K,  whilst  the  free  car¬ 
rier  concentration  remained  constant  (within 
±  5%)  at  2.5  X  10^^  cm~^  (not  shown).  For  com¬ 
parison  the  results  from  a  thermally  grown  n-type 
GaAs  sample  with  a  free  carrier  concentration  of 
2.4  X  10^^  cm" ^  is  also  given.  The  mobility  of  the 
25  eV  ion  grown  sample  is  2-3  times  lower  than  the 
equivalent  MBE  grown  sample.  Furthermore,  the 
ion  grown  sample  does  not  exhibit  the  character¬ 
istic  transition  from  the  phonon  to  ionized-impu- 
rity  dominated  scattering  regime  at  100  K  as 
observed  in  the  thermally  grown  sample.  This 
shows  that  the  ion  grown  sample’s  mobility  is  dom¬ 
inated  by  ionized  scattering  centres  within  the  crys¬ 
tal,  and  implies  that  there  is  ion-induced  lattice 
damage  in  the  grown  film,  even  for  a  25  eV  ion 
landing  energy.  The  nature  of  this  ion-induced  crys¬ 
tal  damage  is  believed  to  be  associated  with  accep¬ 
tor  defect  complexes  in  the  bulk. 

The  systematic  improvement  in  material  quality 
with  decreasing  incident  ion  energy  suggests  that 
the  growth  of  high-quality  GaAs  comparable  to 
conventionally  grown  MBE  GaAs  could  be 
achieved  by  reducing  the  ionized  beam  energy  be¬ 
low  25  eV.  The  combination  of  FIB  and  MBE  has 
been  shown  to  facilitate  the  maskless  selective  area 
epitaxy  of  GaAs  and  has  the  potential  to  be 
a  growth  technique  capable  of  fabricating  complex 
integrated  semiconductor  device  structures. 


5.  Conclusions 

For  the  first  time  conducting  n-type  GaAs  has 
been  grown  using  very  low  energy  Ga'^  FIB  depos¬ 
ition  combined  with  MBE.  The  selective  area 
growth  of  200  pm  x  200  pm  GaAs  structures  was 
demonstrated  using  a  Ga  FIB  as  a  matrix  element 
source.  77  K  Hall  resistivity  measurements  of  the 
ion  beam  grown  samples  showed  a  systematic  im¬ 
provement  in  the  material  quality  as  the  incident 
ion  energy  was  decreased  from  100  to  25  eV  and 
demonstrated  that  the  film  quality  approached  that 
of  conventionally  grown  MBE  GaAs.  The  ability  to 
grow  selective  areas  of  MBE  quality  GaAs  should 
allow  the  growth  of  novel  electronic  structures. 
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Abstract 

Selective  area  regrowth  of  silicon-doped  GaAs  has  been  successfully  achieved  by  chemical  beam  epitaxy  (CBE)  on  dry 
etched  trench  structures.  Abrupt  doping-interface  and  excellent  doping  controllability  have  also  been  achieved  by  using 
a  novel  silicon  dopant  source  of  silicon  tetraiodide  (Sil4).  Metal-semiconductor  field  effect  transistor  (MESFET)  and 
heterostructure  field  effect  transistor  (HFET)  fabricated  in  this  way  with  Ni/AuGe/Au  alloyed  contact  metals  on  the 
Si-doped  GaAs  regrown  layer  reveal  contact  resistances  as  low  as  3  x  lO"”^  Q  cm^  and  perfect  selectivity  there  being  no 
polycrystalline  growth  on  the  dielectric  mask  film. 


1.  Introduction 

Selective  area  epitaxy  is  one  of  the  powerful 
techniques  for  various  device  fabrications.  There 
are  several  papers  showing  a  low  contact  resistance 
achieved  using  selective  n'^-GaAs  regrowth  on  the 
source  and  drain  (S/D)  regions  of  metal-semicon¬ 
ductor  field  effect  transistor  (MESFET),  as  well  as 
GaAs/AlGaAs  high  electron  mobility  transistor 
(FIEMT)  grown  by  metalorganic  chemical  vapor 
deposition  (MOCVD)  [1,2]  and  GaInP/GaAs 
HEMT  grown  by  chemical  beam  epitaxy  (CBE)  [3]. 
CBE  has  been  confirmed  as  a  promising  candidate 
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for  selective  area  regrowth  [4,  5].  The  most  effective 
feature  of  CBE  is  that  growth  rate  and  material 
composition  is  independent  of  the  aspect  ratio  of 
the  mask  area  [6]. 

Si  is  one  of  the  most  commonly  used  n-type 
dopants  for  III-V  compound  semiconductors. 
Si2H6  has  been  mainly  used  for  MOCVD  and  gas 
source  molecular  beam  epitaxy  (GS-MBE)  [7-9], 
while  the  carrier  concentration  was  limited  to 
a  maximum  1.4xl0^®cm"^  in  CBE  grown  InP 
[9].  Controllability,  especially  at  low  doping  level  is 
also  insufficient  for  device  applications  such  as  for 
the  collector  layer  of  heterojunction  bipolar  tran¬ 
sistor  (HBT).  Relatively  high  Si  doping  efficiency 
and  precise  controllability  has  been  obtained  for 
InP  and  InGaAs  growth  by  using  silicon  tetra- 
bromide  (SiBr4)  [10,  11]  which  has  a  relatively 
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weak  Si-Br  bond  strength  (87.9  kcal/mol  [12])  that 
suggests  the  weak  strength  of  Si-halogen  (or  others) 
bond  is  an  inevitable  item  for  Si-dopant  source. 
Recently,  silicon  tetraiodide  (Si^),  which  has 
weaker  Si-I  bond  strength  (70  kcal/mol  [12]),  has 
been  successfully  employed  as  a  novel  Si-dopant  in 
CBE  of  GaAs  and  InP  [13].  No  precracking  was 
necessary  before  supplying  the  Sil4  with  a  helium 
(He)  carrier  gas.  High  electrical  quality  was  ascer¬ 
tained  for  both  of  GaAs  and  InP  with  linear  Si- 
doping  controllability  in  the  range  from  2  x  10^^  to 
6x  10^®cm“^  with  a  variation  of  less  than  2%  over 
a  three  inch  diameter  wafer. 

In  this  paper,  for  the  first  time  we  show  the  CBE 
regrowth  of  n'^-GaAs  S/D  contact  layer  by  using 
Sil4  for  MESFET  and  heterostructure  field  effect 
transistor  (HFET). 


1.  MBE  Growth 

2.  SiON  Mask 
Patterning 


Scholtky  Metal 


3.  ECR  Etching 

4.  CBE  Selective 
Regrowth 

5.  Ohmic  Contact 
Fabrication 


6.  FET  Fabrication 


Fig.  1.  Fabrication  process  and  evaluation  flows  of  MESFET 
and  HFET. 


2.  Experimental  procedure 

Si-doped  GaAs  and  Si-doped  InP  were  grown  by 
CBE  on  three  inch  diameter  undoped  GaAs  and 
Fe-doped  InP  (10  0)  substrates,  respectively.  The 
GaAs  layer  was  grown  with  substrate  in  temper¬ 
atures  range  between  510°C  and  590°C  and  a 
growth  rate  of  0.65  pm/h  by  using  triethylgallium 
(TEGa)  and  arsine  (ASH3),  whilst  the  InP  layer  was 
grown  at  460°C  with  a  growth  rate  of  0.5  pm/h  by 
using  trimethylindium  (TMIn)  and  phosphine 
(PH3)  supplied  with  a  He  carrier  gas 

through  a  mass  flow  controller  without  any  prec¬ 
racking.  The  Si-dopant  used  was  5N  grade  purity 
Sil4.  The  boiling  and  melting  points  of  Si^  are 
288°C  and  I20.5°C,  respectively  [14].  Hall  meas¬ 
urements  have  been  performed  at  room  temper¬ 
ature  using  the  van  der  Pauw  method  to  determine 
the  net  electron  concentration  and  mobility.  Sec¬ 
ondary  ion  mass  spectrometry  (SIMS)  with  Cs"^ 
beams  was  performed  to  evaluate  the  Si-doping 
profile.  Fig.  1  shows  the  process  and  evaluation 
flows  of  MESFET  and  HFET.  The  trenches  were 
fabricated  by  ECR  plasma  etching  with  CI2/N2 
gases  whose  micro  wave  and  RF  power  are  200  and 
10  W,  respectively.  The  surface  to  be  regrown  was 
cleaned  by  HCl  solution  for  2  min.  Then  thermal 
treatment  was  performed  just  prior  to  the  regrowth 
for  5  min  at  620°C  under  AS2  flux  in  CBE  growth 


chamber.  The  50  nm  thick  SiON  (deposited  by 
plasma  CVD  at  about  300°C)  film  was  used  for  the 
selective  mask.  Contact  resistance  was  measured  by 
the  transmission  line  model  (TLM)  technique  with 
exclusive  patterns  of  Ni(10  nm)/AuGe(50  nm)/ 
Au(250  nm)  alloyed  metals.  The  FETs  whose  gate 
length  (Lg)  and  gate  width  (PFg)  were  1.3  and 
100  pm,  respectively,  were  also  evaluated  by  the 
DC  characteristics.  Gate  metals  for  both  FETs 
eonsist  of  Ti(l  50  nm)/Al(400  nm)/Mo(50  nm). 

3.  Results  and  discussion 

3. 7.  Doping  characteristics  of  Sil^  for  GaAs  and  InP 

Fig.  2  shows  the  dependence  of  net  carrier  con¬ 
centration  and  electron  mobility  for  5000  A  thick 
GaAs  and  4500  A  thick  InP  on  flow  rate  of  Sil4 
diluted  with  He  carrier  gas.  The  net  electron  con¬ 
centration  increases  from  2.0xl0^^cm“^  (at 
0.2  seem)  to  2.7  X  10^^  cm (at  10  seem)  for  GaAs 
and  from  3.7  x  10^^  cm  (at  1  seem)  to 
5.7  X  10^^  cm” ^  (at  10  seem)  for  InP  (the  temper¬ 
ature  of  Sil4  bubbler  is  fixed  at  50°C).  Linear  Si- 
doping  controllability  has  been  confirmed  for  both 
of  GaAs  and  InP  by  mass  flow  control  system.  The 
difference  of  Si  incorporation  efficiency  between 
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Fig.  2.  Dependence  of  net  carrier  concentration  and  electron 
mobility  in  GaAs  and  InP  on  flow  rate  of  Si^  diluted  with  He 
carrier  gas.  The  temperature  of  SiU  bubbler  was  kept  at  50'"C 


Fig.  3.  Relation  between  carrier  concentration  and  Si  concen¬ 
tration  in  Si-doped  GaAs  by  SiG,  Si2H6,  and  Si-doped  InP  by 
Sil4. 


GaAs  and  InP  at  the  same  flow  rate  of  SiG  is 
thought  to  be  due  to  the  machine’s  configuration. 
The  maximum  net  carrier  concentration  obtained 
for  GaAs  and  InP  were  6.1x10^®  and 
1.7x  lO^^cm"^  with  the  SiG  flow  rate  of  7  and 
10  seem,  respectively  when  the  temperature  of  SiG 
bubbler  was  fixed  at  60°C.  Since  the  flow  rate  of 
Sil4  in  the  present  CBE  system  is  controllable  in  the 
range  between  0.2  and  10  seem,  the  precise  doping 
control  can  be  achieved  from  2x10^^  to 
2.7  X  10^®  cm  for  GaAs,  which  is  useable  for  the 
collector  and  emitter  of  AlGaAs/GaAs  or  In- 
GaP/GaAs  HBT,  respectively.  In  addition  surface 
is  specular,  even  for  the  heavily  Si-doped  GaAs  and 
InP.  Electron  mobilities  of  Si-doped  GaAs  layers 
by  Sil4  are  comparable  to  these  by  elemental  Si 
[15].  Those  of  InP  layers  are  also  comparable  to 
those  reported  by  Jackson  et  al.  [10].  The  net 
carrier  concentrations  of  GaAs  layers  doped  using 
Sil4  are  constant  over  the  whole  growth  temper¬ 
ature  range  and  V/III  ratio  range  investigated,  in 
contrast  to  doping  by  Si2H6  [13].  Growth  rates  for 
both  of  GaAs  and  InP  are  constant  in  a  wide 
doping  range,  indicating  that  etching  effect  with 
iodine  (7)  radicals  does  not  appear  in  this  condition 
owing  to  a  very  low  flow  rate  (high  doping  efficien¬ 
cy),  resulting  in  the  excellent  uniformity.  Further¬ 
more,  Sil4  introduces  no  other  impurities  to  GaAs 
and  InP,  such  as  iodine,  oxygen  and  sulfur.  The 
relationship  between  the  carrier  concentration  and 
Si  concentration  in  Si-doped  GaAs  by  Sil4,  by 
Si2H6,  and  Si-doped  InP  by  SiG  is  summarized  in 


Fig.  3.  The  electrical  activation  ratio  of  Si  in  SiG 
for  both  of  GaAs  and  InP  is  almost  100%  in  the 
whole  range  studied,  while  that  in  Si2H6  is  80%  or 
less.  The  excellent  doping  characteristics  are 
thought  to  be  due  to  the  weaker  Si-I  bond  strength 
in  Sil4  (70  kcal/mol),  which  might  promote  an 
atomic  Si  formation  and  following  Si  incorporation 
into  GaAs  and  InP,  while  Si2H6  contains  a  Si-Si 
and  three  Si-H  bonds  whose  bond  strength  is 
stronger  than  that  of  Si-I  bond. 

3.2.  Selective  area  regrowth  for  FET  application 

We  first  observed  the  selective  area  regrowth  of 
n'^-GaAs  contact  region  for  various  growth  tem¬ 
perature.  Fig.  4  shows  the  temperature  dependence 
of  poly-crystalline  GaAs  deposition  on  patterned 
SiON  mask.  Selective  area  regrowth  for  S/D  GaAs 
contact  region  of  MESFET  and  HFET  by  using 
Sil4  with  a  concentration  of  3xl0^®cm"^  has 
been  successfully  achieved  on  patterned  trench 
structure  fabricated  by  ECR  plasma  etching  with¬ 
out  any  polycrystalline  deposition  on  the  dielectric 
mask  film  at  relatively  high  growth  temperature  of 
590°C,  while  previous  reports  showed  that  the  se¬ 
lective  regrowth  on  GaAs  with  Si02  was  realized 
only  at  600°C  or  higher  by  using  TEGa  [4,  5]. 
Sufficient  low  contact  resistance  as  low  as 
3xl0“^Dcm^  has  been  achieved  with  alloyed 
contact  metals  on  Si-doped  GaAs  S/D  surfaces  of 
MESFET  and  HFET.  DC  characteristics  of 
MESFET  and  HFET  has  been  investigated.  In 
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Fig.  4.  Nomarski  phase  contrast  photographs  for  selectively  regrown  n'^-GaAs  region.  Temperature  dependence  of  poly-crystalline 
GaAs  deposition  on  SiON  mask  is  clearly  seen. 


spite  of  the  same  contact  resistivity,  HFET  had  no 
current  flow  between  S/D  (/qs),  although  the  nor¬ 
mal  current-voltage  characteristics  (/ds/1^ds)  is  ob¬ 
tained  for  MESFET.  Fig.  5a  and  Fig.  5b  show 
cross-sectional  SEM  view  of  selectively  regrown 
area  for  MESFET  and  HFET,  respectively.  Despite 
the  fact  that  there  is  a  little  variation  of  the  shape  of 
regrowth  area  over  a  three  inch  diameter  wafer,  the 
trench  of  S/D  region  is  well  buried  for  MESFET. 
On  the  other  hand,  only  the  HFET  structure  re¬ 
veals  (3  1  1)A  and  (1  1  1)B  facet  formation  in  the 
[0  1  1]  and  [0  T  1]  directions,  respectively.  This 
phenomenon  suggests  that  revealed  AlGaAs  sur¬ 
face  is  easy  to  be  oxidized  and  become  a  trigger  for 
unexpected  selectivity.  The  current  flow  was  cut  off 
by  channel  layer  depletion  due  to  the  exposed  sur¬ 
face.  In  order  to  bury  the  trench  region  perfectly. 


native  oxide  should  be  perfectly  removed  just  prior 
to  CBE  regrowth  by  using  every  possible  method, 
such  as  Cl  etching,  PCI3  etching,  ECR  plasma  etch¬ 
ing,  hydrogen  radical  beam  irradiation  and  so  on 
[3, 16-18]. 

4.  Summary 

Selective  area  regrowth  of  Si-doped  GaAs  has 
been  successfully  achieved  on  patterned  trench 
structure  fabricated  by  ECR  plasma  etching  with¬ 
out  any  polycrystalline  deposition  on  the  dielectric 
mask  film.  Sil4  has  been  used  as  a  new  Si-dopant 
source,  which  reveals  excellent  electrical  quality 
with  linear  Si-doping  controllability  and  high  elec¬ 
trical  activation  in  a  wide  range.  Electrical  activation 
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(a) 


Fig.  5.  Cross-scctional  SEM  view  of  buried  selectively  regrown  layers,  (a)  S/D  region  of  MESFET,  (b)  S/D  region  of  HFET. 
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Fig.  5.  (Continued) 


ratio  of  Si  in  Sil4  for  both  of  GaAs  and  InP  is 
almost  100%  in  the  range  studied,  while  that  in 
Si2H6  is  80%  or  less.  Sufficient  low  contact  resist¬ 
ance  as  low  as  3  x  10“^  Q  cm^  has  achieved  with 
Ni/AuGe/Au  alloyed  contact  metals  on  Si-doped 
GaAs  S/D  surfaces.  Preliminarily  fabricated 
MESFET  reveals  the  good  I-V  characteristics, 
although  HFET  operates  not  so  well.  The  reason  is 
thought  to  be  due  to  the  exposed  AlGaAs  surface 
which  is  easy  to  be  oxidized  and  become  a  trigger 
for  unexpected  selectivity. 
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Abstract 

MBE  regrowth  on  AlGalnAs  surfaces  structured  with  DFB  gratings  has  been  studied.  As  a  crucial  process,  in-situ 
hydrogen  radical  processing  established  as  a  basic  in-situ  surface  cleaning  technique  has  been  used,  and  appropriate 
process  parameters  have  been  evaluated.  For  an  Al-content  of  Xai  =  0.16,  adequate  for  waveguide  layers  in  1.55  pm  laser 
structures,  a  short  processing  time  of  5  min  already  leads  to  high-quality  regrowth.  Regrowth  of  InP  on  wet  and  dry 
etched  AlGalnAs  DFB  gratings  results  in  smooth  and  planar  surfaces,  with  the  planarisation  of  the  growth  front 
occurring  within  a  thickness  of  200  nm.  The  topography  of  the  DFB  gratings  is  neither  affected  by  the  hydrogen  radical 
processing  and  the  surface  stabilisation  procedure  before  regrowth  nor  by  the  MBE  regrowth  itself. 


1.  Introduction 

1.55  pm  DFB  lasers  represent  key  components 
for  long  wavelength  fibre  optic  communication  sys¬ 
tems.  Superior  laser  performance  in  terms  of  high 
temperature  operation,  high  output  power  and 
speed  as  well  as  low  chirp  are  expected  from  the 
implementation  of  (Al^Gai  _;c)o.48liJo.52As  (in  the 
following  referred  to  as  AlGalnAs)  quantum  well 
lasers  grown  on  InP  substrates  [1-3].  Such  DFB 
lasers  have  been  grown  recently  by  MOVPE  [3] 
and  by  a  combination  of  solid  source  MBE 
and  MOVPE  [1]  whereas  until  now  a  solely 
MBE-based  fabrication  has  not  yet  been  reported. 
A  crucial  step  towards  this  aim  is  the  successful 
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development  of  an  adequate  regrowth  procedure 
on  DFB  grating  structures,  which  is  the  subject  of 
the  present  work.  The  DFB  gratings  used  in  this 
study  were  formed  in  Alo.ieGao. 321110.52^8  mater¬ 
ial,  which  corresponds  to  a  commonly  used  com¬ 
position  of  the  wave  guiding  layer  above  the  active 
quantum  wells.  As  already  previously  reported 
[4,  5]  in-situ  cleaning  using  hydrogen  radicals,  H*, 
is  the  method  of  choice  for  the  removal  of  the  stable 
native  oxide  from  AlGalnAs,  particularly  when 
thin  layers  are  involved  as  no  material  is  being 
removed  in  this  process.  In  this  study,  the  elabor¬ 
ation  of  suitable  H*  process  conditions  for  the 
regrowth  on  Alo.i6Gao.32I1io.52As  DFB  gratings 
will  be  addressed,  and  the  impact  of  the  stabilisa¬ 
tion  procedure  before  regrowth  on  the  topography 
of  the  grating  structures  will  be  studied.  The  quality 
of  the  regrown  layers  will  be  described  in  terms  of 
surface  morphology  and  optical  characteristics. 
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2.  Experimental  procedure 

First  order  DFB  grating  structures  were  defined 
by  a  combination  of  e-beam  lithography  and  either 
wet  chemical  etching,  WCE,  using  a  4:1  mixture  of 
citric  acid  and  H2O2  (60s)  or  dry  etching  with 
Ar/BCla  chemical  assisted  ion  beam  etching, 
CAIBE  [6].  Test  gratings  were  also  made  in 
GalnAs  using  CH4/H2  reactive  ion  etching,  RIE. 

Processed  DFB  grating  structures  and  InP  refer¬ 
ence  substrates  were  mounted  side  by  side  on  Mo 
blocks  using  In  solder.  H*  processing  was  per¬ 
formed  prior  to  MBE  regrowth  in  a  separate  cryo- 
pumped  process  chamber  attached  to  a  conven¬ 
tional  solid  source  MBE  system,  without  using  any 
stabilising  atmosphere  (for  further  details  cf.  [4,  5]). 
After  transfer  of  the  cleaned  wafers,  the  samples 
were  heated  up  to  the  growth  temperature,  Tg, 
under  a  stabilising  AS4  beam  originating  from 
a  valved  cracker  cell.  The  calibration  of  the  re¬ 
growth  temperature  was  accomplished  by  means  of 
the  RHEED  pattern  of  the  reference  InP  sample  by 
observation  of  the  (2  x  4)  to  (4  x  2)  transition  of  the 
surface  reconstruction  pattern.  The  simultaneous 
presence  of  a  P2  beam,  necessary  for  the  growth  of 
InP  and  obtained  from  incongruent  evaporation 
from  a  GaP  source  [7],  was  found  not  to  induce 
any  modification  of  the  RHEED  pattern  during 
stabilisation. 

Regrowth  experiments  were  performed  with  InP 
using  a  P2  beam  from  a  GaP  source  [8]  as  well  as 
with  GalnAs  or  AlInAs  using  conventional  sources 
at  a  growth  rate  of  1  pm/h.  The  growth  temper¬ 
atures  were  440°C  and  500°C  for  InP  and 
GalnAs/AlInAs,  respectively.  The  properties  of  the 
regrown  layers  were  assessed  using  conventional 
characterisation  tools:  interference  microscopy, 
scanning  electron  microscopy,  SEM,  and  300  K 
photoluminescence,  PL. 

3.  Results 

3.1.  In-situ  hydrogen  radical  cleaning  of 
Alo.ieGao.^ii^o.si^^s  surfaces 

Previous  studies  of  H*-cleaning  of  AI0.24 
Gao.24Ino.52As  demonstrated  complete  native  oxide 


removal  and  reduction  of  surface  contamina¬ 
tion  needed  for  high-quality  regrowth  [4].  In-situ 
Auger  measurements  carried  out  directly  after  H*- 
exposure  of  (A^Gai- Jo.48lno.52As  revealed  an  in¬ 
crease  in  cleaning  efficiency  with  decreasing  Xai  [9]. 
Thus,  for  Alo.i6Gao.32Ino.52As  the  process  time 
was  reduced  as  compared  to  Alo.24Gao.24Ino.52As, 
where  a  time  of  25  min  was  found  to  be  adequate. 
In  order  to  qualify  the  H*-cleaning  procedure  for 
the  Alo.i6Gao.32Ino.52As  material,  we  examined 
the  optical  properties  of  regrown  GalnAs  layers  in 
terms  of  PL  intensity,  FWHM  and  temporal  decay 
of  the  PL  signal.  In  Fig.  1,  the  integral  300  K  PL 
intensity  of  regrown  GalnAs  is  depicted  in  depend¬ 
ence  of  the  H*  processing  time,  tp,  for  a  constant 
temperature  of  350°C  and  a  plasma  power  of 
500  W.  Data  for  GalnAs  grown  on  Alo.ie 
Gao.32Ino.52As  without  growth  interruption  are  in¬ 
cluded  as  a  reference.  A  strong  increase  of  PL 
intensity  is  obvious  to  occur  for  shorter  process 
times.  The  lower  optical  quality  of  the  regrown 
material  at  increasing  tp  may  indicate  that  excess 
impurities  are  induced  at  the  treated  interface.  This 
assumption  is  supported  by  the  presence  of  donor- 
type  accumulation  at  the  interface,  as  detected  by 
C/V-profiling  [5].  The  surface  morphology  ap¬ 
peared  to  be  smooth  down  to  tp  =  5  min  in  agree¬ 
ment  with  the  high  optical  quality  obtained, 
whereas  further  lowering  of  tp  resulted  in  an 
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Fig.  1.  300  K  PL  intensity  of  MBE  grown  GalnAs  on  H*-treated 
Alo.i6Gao.32Ino.52As  in  dependence  of  the  process  time  in  com¬ 
parison  to  a  continuously  grown  Alo.i6Gao.32Ino.52As/GaInAs 
structure. 
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increasing  surface  roughness  of  the  regrown 
GalnAs  along  with  a  drastic  decrease  of  the  PL 
efficiency,  which  indicates  incomplete  removal  of 
native  oxide.  Consequently,  a  constant  process  time 
of  5  min  was  applied  throughout  the  MBE  re¬ 
growth  experiments  on  DFB  grating  structures. 

A  comparison  of  the  300  K  PL  data  of  the  re¬ 
grown  and  the  continuously  grown  structure  shows 
the  optical  quality  to  somewhat  degrade  in  the  case 
of  growth  interrupted  and  H*-treated  GalnAs/Al- 
GalnAs  samples,  indicating  that  residual  impurities 
are  still  present  at  the  treated  interface.  First  results 
with  an  additional  in-situ  annealing  under  As  fol¬ 
lowing  the  H*-treatment  not  only  led  to  a  marked 
increase  in  PL  intensity  to  values  equivalent  to 
those  for  continuously  grown  structures  but  also 
enhanced  carrier  lifetimes  [10].  This  result  appar¬ 
ently  points  to  a  reversible  change  of  the  chemical 
nature  of  the  H*-treated  interface  which  may 
be  due  to  the  formation  of  any  hydride  layer  at 
the  H*-treated  surface.  On  the  other  hand,  the 
observed  deficit  in  PL  intensity  seemingly  has 
a  small  impact  on  device  properties,  as  demon¬ 
strated  on  GalnAs/AlInAs  quantum  well  laser 
structures  incorporating  one  air  exposed/H*- 
treated  interface  between  the  upper  wave  guiding 
Alo.ieOao. 321^0.52^8  and  the  AlInAs  cladding 
layer.  X-ray  diffraction  measurements  showed  that 
respective  FWHM  values  were  not  affected  by 
H*  treatment,  i.e.  the  FWHM  of  the  AlInAs  lower 
cladding  layer  remained  constant  within  the  mea¬ 
sured  range  of  18-26  arcsec  across  the  wafer  [11]. 
In  addition,  the  FWHM  of  the  regrown  AlInAs 
upper  cladding  amounted  to  24  arcsec,  which  is  the 
same  as  on  a  bare  substrate.  Device  compatibility 
of  the  process  was  demonstrated  by  comparing  the 
threshold  current  density  of  broad-area  lasers  made 
on  continuously  grown  structures  and  those  incor¬ 
porating  a  growth  interrupted  interface.  A  minor 
discrepancy  in  the  threshold  density  of  at  most 
10%  was  found,  meaning  that  the  H*-process  has 
no  degrading  effect  [12]. 

3.2.  Stabilisation  procedure  before  MBE  regrowth 

Possible  effects  of  the  heating/stabilisation  pro¬ 
cedure  before  MBE  regrowth  on  the  topography  of 
DFB  gratings  were  studied  with  the  help  of  first 


order  (period:  240  nm)  test  gratings  in  GalnAs. 
These  RIE-etched  gratings  exhibited  a  rather 
excessive  height  of  200  nm.  The  test  gratings  were 
subjected  to  the  usual  heating  cycle  up  to  a  temper¬ 
ature  of  500°C.  The  heat  up  time  and  the  stabilising 
As4  beam  equivalent  pressure  were  systematically 
varied  between  20  and  120  min  and  0.8  x  10"^  mbar 
and  2.4  X  10”^  mbar,  respectively.  After  the  heat¬ 
ing/stabilisation  procedure  the  samples  were  de- 
loaded  from  the  growth  chamber  and  inspected  by 
SEM.  No  influence  of  the  heating/stabilisation 
parameters  on  the  shape  of  the  grating  structures 
was  detected,  indicating  that  any  pre-epitaxial  de¬ 
sorption  or  redistribution  of  material  can  be  ex¬ 
cluded.  As  an  example,  Fig.  2  shows  a  cross- 
sectional  SEM  of  the  cleavage  plane  of  such  a  test 
grating,  overgrown  with  a  1.0  pm  thick  InP  layer. 
In  this  particular  case  the  grating  structure  was 
stabilised  at  a  minimum  AS4  flux  and  a  prolonged 
heating  time  of  120  min  before  starting  the  InP 
regrowth.  The  complete  preservation  of  the  grating 
shape  can  be  mainly  attributed  to  the  low  temper¬ 
atures  involved  in  MBE  growth.  In  agreement 
with  earlier  results  [4],  H*  processing  of  AlGalnAs 
DFB  gratings  did  not  show  any  material  removal 
from  the  horizontal  and  vertical  planes  of  the 
gratings  either. 


Fig.  2.  SEM  of  the  cleavage  plane  of  MBE  InP  regrown  on 
a  DFB  grating  structure  formed  in  GalnAs  by  RIE. 
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3.3.  MBE  regrowth  on  ^/o.i6^^o.32-^^o.52^>^  DFB 
gratings 

Fig.  2  clearly  shows  that  a  flat  surface  finish  can 
be  obtained  using  MBE  regrowth  even  for  unusu¬ 
ally  high  grating  ridges.  Complete  planarisation 
was  obtained  for  both  GalnAs  and  Alo.i6Grao.32 
Ino.52As  grating  structures  irrespective  of  the  ap¬ 
plied  etching  technique.  In  contrary  to  InP,  in  the 
case  of  regrowth  with  GalnAs  or  AlInAs  a  rough 
morphology  was  observed  despite  an  enhanced 
Fg  of  500°C.  SEM  inspection  of  the  cleavage  plane 
additionally  showed  incomplete  filling  of  the  spac¬ 
ing  between  the  ridges  indicating  insuflicient  lateral 
growth,  probably  being  due  to  the  reduced  surface 
diffusion  length  of  Al  and  Ga  as  compared  to 
In.  This  finding  is  in  contrast  to  earlier  studies  on 
GaAs-based  DFB  lasers,  for  which  successful 
regrowth  even  with  Alo.3Gao.7As  material  was  re¬ 
ported  [13],  and  may  be  attributed  to  the  lower 
Tg  applied  in  the  case  of  InP-based  materials. 

In  order  to  better  reveal  the  MBE  regrowth 
behaviour  alternating  100  nm  thick  layers  of  un¬ 
doped  and  Si-doped  InP  were  deposited  with  an 
overall  thickness  of  1.5  pm.  Prior  to  SEM  inspec¬ 
tion,  the  cleavage  plane  was  selectively  etched  to 
reveal  the  individual  InP/InP:Si  interfaces  and, 
hence,  the  evolution  of  the  growth  front.  Fig.  3 
shows  a  SEM  micrograph  of  an  InP-overgrown, 
wet  chemically  etched  Alo.ieGrao. 321^0.52^8  grating 
interface.  The  light  lines  in  the  regrown  layer  cor¬ 
respond  to  one  InP/InP:Si  period  and  demonstrate 
that  after  a  nominal  layer  thickness  of  200  nm  com¬ 
plete  planarisation  is  obtained.  On  the  other  hand, 
near  the  grating  interface  the  growth  rates  appear 
strongly  modified.  From  this  it  becomes  obvious 
that  lateral  growth  strongly  prevails  over  vertical 
growth  leading  to  a  rectangular  growth  front  and, 
thus,  a  fast  infill  of  the  DFB  structure.  From  that 
point  on,  growth  continues  as  on  a  planar  surface. 
Basically,  the  same  regrowth  behaviour  but  with 
even  further  enhanced  lateral  growth  rate  was  ob¬ 
served  on  trapezoidal  shaped  CAIBE  etched  Al- 
GalnAs  gratings. 

As  deduced  from  a  systematic  variation  of 
the  BEP(P2/In)  ratio,  the  growth  conditions  for 
successfully  achieving  perfect  planarisation  lie 
within  a  very  narrow  range.  At  Tg  =  420°C  smooth 


Fig.  3.  SEM  of  the  stained  cleavage  plane  of  a  MBE  i-InP/n^- 
InP:Si  layer  structure  regrown  on  a  DFB  grating  structure 
defined  in  Alo,i6Gao.32lno.52As  by  wet  chemical  etching  (WCE). 


surfaces  were  obtained  at  a  BEP(P2/In)  of  8.  A  re¬ 
duction  to  BEP(P2/In)  =  6  results  in  group-V  defi¬ 
cient  growth  in  the  grating  area,  whilst  the  material 
regrown  on  a  planar  surface  still  remaining  smooth. 
This  is  attributed  to  the  different  growth  planes 
involved  in  the  initial  stage  of  regrowth  requiring 
higher  BEP(P2/In)  ratios  for  P-stable  growth  in  the 
grating  area.  An  increase  of  BEP(P2/In)  towards 
a  ratio  of  10,  on  the  other  hand,  again  leads  to 
a  roughening  of  the  surface  in  the  grating  area.  This 
occurrence  might  reflect  reduced  surface  diffusion 
lengths  of  the  growth  constituents  which  hinders 
smoothening  of  the  growth  front.  However,  outside 
the  grating  area  the  surface  morphology  remains 
perfect. 

Application  of  growth  conditions  adequate  for 
smooth  regrowth  on  Alo.ieGao. 321^0.52^8  grating 
structures  results  in  regrown  material  of  high  op¬ 
tical  quality,  as  demonstrated  by  the  300  PL 
spectra  of  InP  grown  on  a  wet  chemically  etched 
grating  (Fig.  4).  Both,  FWHM  and  peak  intensity 
values  approach  those  measured  for  InP  grown  on 
planar  AlGalnAs  outside  the  grating  area  (refer¬ 
ence  values).  In  addition,  PL  mapping  on  the 
grating  area  indicates  a  high  lateral  uniformity  of 
the  emission  intensity.  The  variation  amounts  to 
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Fig.  4.  300  K  PL  spectra  taken  on  MBE  InP  regrown  on  a  DFB 
grating  in  Alo.i6Gao.32Ino.52As  (wet  chemically  etched)  on  top 
and  beside  the  grating  structure. 


+  5%  of  the  mean  value.  For  CAIBE  etched  grat¬ 
ings  the  PL  intensity  of  the  regrown  InP  was  found 
to  be  reduced  to  approximately  one-third  of  the 
reference  value.  This  effect  indicates  some  damage 
in  the  grating  area  generated  during  the  dry  etching 
process  which,  on  the  other  hand,  apparently  did 
not  affect  the  crystalline  quality  of  the  regrown 
material. 


4.  Summary 

In  summary,  high-quality  MBE  regrowth  of  InP 
on  Alo.i6Gao.32Ino.52As  gratings  has  been  success¬ 
fully  achieved.  As  a  prerequisite  for  single  crystal¬ 
line  regrowth,  hydrogen  radical  cleaning  was 
applied  for  native  oxide  desorption.  The  heat¬ 
ing/stabilisation  procedure  did  not  introduce  any 
modification  of  the  grating  profile,  irrespective  of 
stabilisation  conditions,  due  to  the  low  temperature 
applied  with  MBE  of  InP-based  layers.  Regrowth 
of  InP  resulted  in  smooth  surfaces.  Complete 
planarisation  within  a  layer  thickness  of  nominally 
200  nm,  independent  of  the  grating  profile,  was 


observed.  The  high  optical  quality  reached  with  the 
regrowth  process  developed  promises  its  successful 
application  to  1.55  pm  DFB  laser  structures  based 
on  AlGalnAs. 
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Abstract 

Modulation-doped  GaAs/AlGaAs  two-dimensional  electron  gas  (2DEG)  structures  have  been  regrown  on  air-exposed 
GaAs  buffer  layers,  at  varying  proximity  to  the  regrowth  interface.  The  degradation  in  2DEG  quality  with  decreasing 
separation  from  a  hydrogen  radical  (H*)  cleaned  regrowth  interface  was  found  to  be  much  reduced  in  comparison  to  that 
for  a  thermally  cleaned  interface.  H*  cleaning  has  allowed  for  the  growth  of  a  2DEG  lying  only  50  nm  from  the  regrowth 
interface  with  a  mobility,  after  illumination,  of  5.3  x  10^  cm^  V“  ^  s"  ^  at  a  carrier  concentration  of  4.2  x  10^^  cm  ^  SIMS 
characterisation  has  been  used  to  measure  significant  reductions  in  contamination  at  the  regrowth  interface  at  cleaning 
temperatures  of  500°C.  Cathodoluminescence  data,  measured  for  a  5  nm  quantum  well  lying  30  nm  from  the  regrowth 
interface,  further  indicate  the  improved  growth  morphology  achieved  following  H*  cleaning,  in  comparison  to  that 
achieved  by  thermal  decontamination. 

PACS:  61.55.Cf 

Keywords:  Cleaning;  GaAs;  MBE  regrowth;  Atomic  nitrogen 


1.  Introduction 

Ex-situ  patterning  of  GaAs  substrates  combined 
with  MBE  regrowth  provides  a  technique  for  the 
wafer  scale  production  of  novel  three-dimensional 
structures  [1,  2].  To  exploit  fully  the  length  scales 
available  through  MBE  growth  in  all  three  dimen¬ 
sions  it  is  necessary  to  be  able  to  regrow  active 
layers  in  close  proximity  to  the  regrowth  interface. 
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The  production  of  a  clean,  smooth  regrowth  inter¬ 
face  therefore  becomes  essential  [3].  Traditionally, 
contamination  occurring  at  the  interface  following 
ex-situ  processing,  such  as  carbon  and  oxygen,  has 
been  removed  by  thermal  desorption.  Such  clean¬ 
ing  requires  temperatures  in  excess  of  ~  600°C  and 
can  be  of  limited  effect  [4].  More  recently,  surface 
cleaning  using  a  hydrogen  radical  (H*)  beam  has 
been  shown  to  be  a  promising  technique  [5-8], 
being  highly  effective  at  temperatures  as  low  as 
400°C.  This  technique  involves  the  reaction  of  inci¬ 
dent  hydrogen  radicals  directly  with  the  con¬ 
taminated  surface  layer  and  has  been  shown  to 
result  in  a  smoother,  cleaner  surface  [9].  Lower 
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temperature  cleaning  also  results  in  reduced 
inter-diffusion  of  component  species  of  patterned 
structures  during  decontamination.  In  this  paper 
we  present  comparative  results  for  a  series  of 
samples  in  which  a  two-dimensional  electron 
gas  (2DEG)  has  been  regrown  in  close  proximity  to 
either  a  hydrogen  or  thermally  cleaned  interface. 
SIMS  data,  measured  at  the  regrowth  interface,  is 
presented  showing  the  significant  level  of 
contaminant  reduction  which  occurs  following 
H*  cleaning  at  500°C.  Cathodoluminescence 
measurements  highlight  the  improved  morphology 
of  the  regrown  layers  achieved  following  such  de¬ 
contamination  in  comparison  to  that  for  thermally 
cleaned  samples. 

2.  Experimental  procedure 

Carrier  depletion  at  the  regrowth  interface  was 
investigated  using  capacitance-voltage  (C-F) 
measurements  of  a  contaminated  interface  embed¬ 
ded  in  an  n-type  GaAs  sample.  A  2  pm  GaAs  buffer 
layer  was  grown,  silicon  doped  at  1  x  10^^  cm“^. 
This  sample  was  removed  from  the  MBE  system 
and  cut  into  two  halves.  One-half  was  returned  to 
the  growth  chamber  without  further  treatment,  the 
surface  thermally  decontaminated  and  further 


1.5  pm  oflxlO^^cm”^  n-type  GaAs  regrown.  To 
simulate  the  surface  of  a  photolithographically  pat¬ 
terned  mesa,  photoresist  was  spun  onto  the  surface 
of  the  second  half,  which  was  then  ultrasonically 
cleaned  in  organic  solvents  and  exposed  to  an  oxy¬ 
gen  plasma  at  200  W  for  1  min,  to  remove  any 
traces  of  photoresist.  On  return  to  the  MBE  system, 
this  sample  was  hydrogen  radical  cleaned  at  500°C 
in  a  flux  of  5  x  10^^  cm”^  s“^  for  1  h  and  1.5  pm  of 
1  X  10^^  cm  n-type  GaAs  regrown.  Measurement 
of  a  thermally  cleaned  ‘patterned’  interface  was  not 
carried  out  due  to  the  risk  of  contamination  of  the 
MBE  growth  chamber  during  the  production  of 
such  a  sample. 

To  investigate  the  suitability  of  hydrogen  radical 
cleaning  for  MBE  regrowth,  two  sample  sets  were 
produced  in  which  a  two-dimensional  electron  gas 
was  regrown  on  an  air-exposed  GaAs  buffer  layer. 
The  GaAs  buffer  layers,  nominally  identical,  were 
grown  at  a  growth  rate  of  1  pm  h  “  ^  and  a  temper¬ 
ature  of  630°C.  All  temperatures  quoted  were  mea¬ 
sured  by  infrared  pyrometer.  The  two  sets  of 
regrown  samples  correspond  to  those  in  which  the 
regrowth  interface  was  either.  A,  thermally  cleaned 
or  B,  hydrogen  cleaned,  respectively.  Sample  Sets 
A  and  B  each  comprise  of  three  regrown  wafers,  the 
structure  of  which  is  given  in  Table  1.  These  struc¬ 
tures  were  defined  so  as  to  give  a  two-dimensional 


Table  1 

Layer  structures  for  regrown  2DEG  samples 


Sample 

1 

2 

3 

2DEG/regrowth 

150  nm 

75  nm 

50  nm 

interface 

separation 

Second  growth 

Modulation  doped 

GaAs 

10  nm 

structure 

AlGaAs 

Si  doped  1  x  10’®  cm  ^ 

40  nm 

AlGaAs 

20  nm 

Buffer  layer  structure 

GaAs 

105  nm 

30  nm 

25  nm 

AlGaAs 

10  nm 

10  nm 

5  nm 

GaAs 

5  nm 

5  nm 

5  nm 

AlGaAs 

10  nm 

10  nm 

5  nm 

GaAs 

20  nm 

20  nm 

10  nm 

First  growth 

Buffer 

GaAs 

1  pm 

1  pm 

1  pm 
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electron  gas  at  varying  proximity  to  the  GaAs  buf¬ 
fer  layer/regrown  layer  interface  (namely  150,  75 
and  50  nm).  To  allow  for  subsequent  cath- 
odoluminescence  measurements  to  be  carried  out 
on  these  samples,  a  GaAs  quantum  well  (10  or 
5  nm)  was  also  incorporated  into  the  growth  sched¬ 
ule  between  the  regrowth  interface  and  the  2DEG. 
Each  of  the  samples  was  regrown  at  a  temperature 
of  630°C  with  the  growth  rate  for  GaAs  of  1  pmh  ^ 
and  an  AlGaAs  mole  fraction  of  33%. 

For  the  samples  in  Set  A,  thermal  decontamina¬ 
tion  of  the  surface  of  the  air-exposed  buffer,  carried 
out  immediately  prior  to  regrowth,  consisted  of 
heating  the  GaAs  layer  for  20  min  in  an  excess 
arsenic  pressure  at  a  temperature  of  650°C. 

For  the  samples  in  Set  B,  prior  to  regrowth,  the 
GaAs  buffer  layer  was  loaded  into  a  dedicated 
decontamination  chamber  linked  to  the  VG  V80H 
MBE  system  via  a  UHV  transfer  tunnel.  The  de¬ 
contamination  chamber  comprises  of  a  VG  Micro¬ 
tech  SIMS300  quadrupole  analyser  for  surface 
analysis  and  an  Oxford  Applied  Research  MPD21I 
RF  radical  source  for  surface  cleaning.  The  base 
pressure  of  both  the  decontamination  chamber  and 
the  transfer  tunnel  was  1  x  10“^®  mbar. 

To  assess  the  level  of  contamination  at  the  sur¬ 
face  of  the  air-exposed  buffer,  static  SIMS  profiles 
were  collected  using  an  incident  argon  ion  beam  of 
energy  3.5  keV  rastered  over  an  area  of  1  mm^.  The 
current  at  the  sample  during  data  collection  was 
1  nA.  Following  SIMS  data  collection,  each  of  the 
Set  B  samples  was  cleaned  in  a  hydrogen  radical 
flux  of  5  X  10^^  cm"^  s“^  for  2h.  The  chamber 
pressure  during  cleaning  was  constant  at 
4.6  X  mbar  and  each  of  the  samples  was 
cleaned  at  a  pyrometer  measured  temperature  of 
500‘"C.  Following  cleaning,  a  second  SIMS  profile 
was  taken  of  the  hydrogen-treated  GaAs  surface  to 
assess  the  level  of  contaminant  reduction  achieved. 
The  sample  was  then  immediately  transferred  to 
the  MBE  growth  chamber  and  the  modulation- 
doped  structure  regrown. 


3.  Results  and  discussion 

Thermal  decontamination  of  air-exposed  GaAs 
surfaces  results  in  a  p-type  layer  at  the  regrowth 


interface.  This  can  be  seen  from  Fig.  1  which  shows 
the  carrier  concentration  versus  depth  profile  for 
the  n-type  GaAs  sample  around  the  region  of  the 
thermally  cleaned  regrowth  interface.  From  the 
data  in  Fig.  1,  measured  at  room  temperature,  an 
interface  state  density  of  7  x  10^^  cm“^  is  obtained 
for  the  thermally  cleaned  interface.  Also  shown  in 
Fig.  1  is  the  corresponding  profile  for  the  hydrogen 
cleaned,  ‘patterned’  n-type  sample.  This  sample 
shows  a  reduced  interface  state  density  of 
3  X  10^^  cm"^,  significantly  improved  over  that  for 
an  air  exposed,  thermally  cleaned  interface.  These 
data  therefore  indicate  the  improved  interface  qual¬ 
ity  that  can  be  achieved  using  hydrogen  radical 
cleaning,  even  for  patterned  substrates. 

In  Fig.  2  the  2DEG  carrier  concentration 
and  mobility  of  the  thermally  cleaned  samples. 
Set  A,  are  given  as  a  function  of  2DEG/regrowth 
interface  separation.  These  data  were  measured  at 


0.8  1.2  1.6  2  2.4 

Distance  from  Surface  m) 

Fig.  1.  Carrier  concentration  versus  depth  profiles  for  (nominal¬ 
ly)  1  X  10^^  cm^  n-type  GaAs  samples  around  region  of  embed¬ 
ded  thermally  cleaned,  air-exposed  interface  (dashed  line,  open 
circles)  and  hydrogen-cleaned,  ‘patterned’  interface  (solid  line, 
filled  circles). 
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Fig.  2.  Log  carrier  concentration  and  mobility  for  hydro¬ 
gen  radical  cleaned  and  thermally  cleaned  samples  as  a  function 
of  2DEG  separation  from  regrowth  interface. 

a  temperature  of  1.5  K,  after  illumination  with  a  red 
LED.  At  a  2DEG/regrowth  interface  separation  of 
150  nm,  the  measured  2DEG  carrier  concentration 
and  mobility  corresponds  to  that  for  a  standard 
2DEG  sample,  grown  during  the  same  period,  with 
the  following  structure:  1  pm  GaAs  buffer,  20  nm 
AlGaAs  spacer,  40  nm  AlGaAs  Si  doped  at 
1  X  10^®  cm“^  and  10  nm  GaAs  cap,  grown  on  an 
semi-insulating  epiready  substrate.  However,  as  the 
2DEG  is  brought  into  greater  proximity  with  the 
regrowth  interface  depletion  of  the  2DEG  carrier 
concentration  can  be  observed  due  to  the  presence 
of  the  p-type  region  at  the  interface,  falling  to 
3.7  X  10^^  cm at  a  separation  of  50  nm.  Also 
shown  in  Fig.  2  is  the  corresponding  carrier  con¬ 
centration  versus  2DEG/regrowth  interface  separ¬ 
ation  profile  for  the  H*  cleaned  samples  of  Set  B. 
For  2DEG/regrowth  interface  separations  of  150 
and  75  nm,  the  2DEG  carrier  concentration  for  the 
H*-cleaned  samples  lie  very  close  to  that  for  the 
corresponding  thermally  cleaned  sample.  However, 
at  a  separation  of  50  nm,  the  depletion  of  the  2DEG 
for  the  H*-cleaned  samples  is  substantially  reduced 
over  that  for  the  thermally  cleaned  samples,  indic¬ 
ating  a  reduction  in  the  internal  field  resulting 
from  interface  states  and  thus  a  reduced 


contaminant  level  at  the  H*-cleaned  regrowth 
interface. 

Also  shown  in  Fig.  2  is  the  2DEG  mobility  as 
a  function  of  2DEG/regrowth  interface  separation 
for  both  Set  A  and  Set  B  samples.  As  the  2DEG 
carrier  concentration  falls,  reduced  screening  of  the 
2DEG  electrons  from  the  scattering  potential  of  the 
ionised  donors  in  the  AlGaAs,  as  well  as  any  scat¬ 
tering  due  to  the  interface,  will  reduce  the  mobility 
of  the  2DEG.  The  field  due  to  the  contaminated 
interface  may  also  drive  the  electron  wave  function 
further  towards  the  doped  AlGaAs  region,  again 
increasing  scattering  of  the  2DEG  electrons.  From 
Fig.  2  the  2DEG  mobility  for  the  thermally  cleaned 
samples  can  be  seen  to  degrade  rapidly  with  the 
increasing  proximity  of  the  regrowth  interface.  This 
reduction  may  be  enhanced  by  poor  morphology  in 
the  region  of  the  2DEG,  propagating  from  a  rough 
interface.  Previous  studies  have  shown  that  thermal 
cleaning  of  GaAs  results  in  a  cleaned  surface  sub¬ 
stantially  rougher,  on  the  atomic  scale,  than  that 
achieved  using  hydrogen  radical  cleaning  [10].  It 
can  be  seen  from  Fig.  2  that  the  mobility  of  the 
H*-cleaned  samples  is  greater  than  the  correspond¬ 
ing  thermally  cleaned  samples  at  both  75  and 
50  nm.  Hydrogen  radical  cleaning  of  the  regrowth 
interface  has  thus  resulted  in  the  production  of 
a  2DEG  lying  only  50  nm  from  the  regrowth  inter¬ 
face  with  a  low-temperature  mobility,  after  illu¬ 
mination,  of  5.3  X  10^  cm^  V~^s~^  at  a  carrier 
concentration  of  4.2  x  10^  ^  cm*^.  This  is  a  substan¬ 
tial  improvement  in  2DEG  quality  over  that 
achieved  by  standard  thermal  decontamination. 

For  each  of  the  thermally  cleaned  samples  of  Set 
A,  population  of  the  2DEG  was  only  possible  fol¬ 
lowing  illumination.  However,  the  hydrogen 
cleaned  sample  of  Set  B,  having  a  2DEG/regrowth 
interface  separation  of  50nm,  gave  a  2DEG  in  the 
dark  with  a  low  temperature  mobility  of 
1.6  X  10'’^  cm^  V“ ^  s“  ^  at  a  carrier  concentration  of 
1.2  X  10^^  cm"^.  This  result  provides  further  evid¬ 
ence  for  the  suitability  of  hydrogen  radical  cleaning 
for  the  regrowth  of  high-quality  2DEGs  in  close 
proximity  to  the  regrowth  interface. 

This  improvement  in  2DEG  quality  may  be  re¬ 
lated  to  the  effective  removal  of  contaminant  spe¬ 
cies  at  the  relatively  low  temperature  of  500°C, 
following  hydrogen  radical  cleaning.  In  Fig.  3 
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Fig.  3.  Negative  ion  SIMS  surface  scans  for  air-exposed  GaAs 
buffer  layer  showing  oxygen  and  hydrocarbon  contamination 
levels  at  the  patterned  regrowth  interface  before  and  after  H* 
cleaning. 


negative  ion  SIMS  scans  are  given  which  were 
taken  before  and  after  hydrogen  cleaning  of  the 
air-exposed  GaAs  buffer,  on  which  the  50  nm  sep¬ 
aration  2DEG  sample  was  regrown.  Oxide  levels  at 
the  surface  are  seen  to  be  reduced  by  three  orders  of 
magnitude,  below  the  detection  level  of  the  SIMS 
(  ~  1  X  10^^  cm"^).  Hydrocarbon  levels  are  also 
seen  to  be  drastically  reduced  following  the  hydro¬ 
gen  cleaning  procedure. 

Fig.  4  shows  cathodoluminescence  (CL)  scans  for 
both  the  thermally  and  hydrogen-cleaned  samples 
in  which  the  2DEG  lies  75nm  from  the  regrowth 
interface.  The  data  given  were  measured  at  a  beam 
energy  of  10  keV,  beam  current  of  100  pA  and 
a  sample  temperature  of  4.2  K.  The  region  of  the 
CL  data  shown  relates  to  emission  from  the  5  nm 
quantum  well,  which  lies  30  nm  from  the  regrowth 
interface.  For  the  hydrogen-cleaned  sample  a  clear 
emission  peak,  due  to  the  well,  is  observed  at 
772  nm,  with  a  full-width  half-maximum  of  2  nm. 


Wavelength  (nm) 

Fig.  4.  CL  emission  from  50  nm  quantum  well,  30  nm  from 
500“C  hydrogen  radical  cleaned  (solid  line)  and  630°C  thermally 
cleaned  (dashed  line)  regrowth  interface. 


In  contrast,  no  emission  is  observed  at  this  point  for 
the  thermally  cleaned  sample.  A  broad-low  inten¬ 
sity  feature,  visible  at  ~  786  nm,  may  be  due  to 
emission  from  the  quantum  well  in  this  sample. 
Stark  shifted  due  to  the  high  internal  field  resulting 
from  the  p-type  regrowth  interface.  However,  the 
substantial  improvement  in  the  growth  quality  in 
the  near  regrowth  interface  region,  due  to  H*  rad¬ 
ical  cleaning,  is  clearly  evident  from  the  data  in 
Fig.  4.  Surface  CL  emission  scans,  measured  for  the 
hydrogen-cleaned  sample  at  772  nm  and  for  the 
thermally  cleaned  sample  at  786  nm  are  shown  in 
Fig.  5  and  provide  further  evidence  for  the  poor 
morphology  associated  with  thermal  cleaning  of 
the  regrowth  interface  in  comparison  to  that 
achieved  following  H*  cleaning. 

H*  cleaning  had  also  been  applied  to  the  growth 
of  resonant  tunnelling  devices,  in  which  the  re¬ 
growth  interface  lies  between  the  collector  and  the 
double-barrier  structure  [11].  For  thermally 
cleaned  samples,  the  presence  of  contamination 
at  the  regrowth  interface  in  these  devices  pins 
the  Fermi  level  at  the  interface.  The  assymetry 
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X  =  772nm 


a)  500'^C  Hydrogen  Radical  Clean 


A-  -  786  nm 


b)  630^C  Thermal  Clean 


Fig.  5.  Surface  CL  emission  scans  for  500' C  hydrogen  radical 
cleaned  sample  (measured  at  772  nm)  and  630  C  thermally 
cleaned  sample  (measured  at  786  nm)  showing  improved  mor¬ 
phology  after  hydrogen  radical  cleaning. 


introduced  into  the  tunnelling  structure  by  such 
pinning  is  reflected  in  an  assymetric  current-volt¬ 
age  curve  for  the  device.  H*  cleaning  of  the  re¬ 
growth  interface  has  been  found  to  restore  the 
tunnelling  characteristics  to  that  for  a  similar  tun¬ 
nelling  structure  grown  without  the  presence  of 
a  regrowth  interface.  H*  cleaning  of  the  regrowth 
interface  has  therefore  substantially  improved  the 
operation  of  this  device.  This  may  be  related  to  the 
improved  quality  which  may  be  achieved  at  a  pat¬ 
terned  interface  following  such  cleaning,  as  shown 
by  the  CV  profiles  in  Fig.  1. 


4.  Conclusions 

MBE  regrowth  of  modulation-doped  2DEG 
structures  on  air-exposed  GaAs  buffers  has  been 
used  to  show  the  increased  regrowth  quality  which 
may  be  achieved  following  hydrogen  radical  clean¬ 
ing  of  the  regrowth  interface  in  comparison  to 
standard  thermal  cleaning.  SIMS  data,  collected 
before  and  after  hydrogen  cleaning,  indicate  the 
effective  decontamination  of  the  regrowth  interface 
at  temperatures  of  only  500°C.  CL  data,  measured 
for  a  5  nm  quantum  well  lying  30  nm  from  the 
interface,  show  the  improved  morphology  of  the 
regrown  layers  following  such  hydrogen  cleaning. 
These  results  highlight  the  suitability  of  hydrogen 
radical  cleaning  for  the  regrowth  of  sensitive  device 
structures  in  close  proximity  to  the  regrowth  inter¬ 
face. 
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Abstract 

Molecular  beam  epitaxy  (MBE)  has  been  extended  to  fabricate  heterostructures  of  Ga203(Gd203)-GaAs.  Two 
processes  were  used:  (1)  in  situ  approach  in  which  the  oxide  molecules  were  deposited  on  freshly  prepared  GaAs  (10  0), 
and  (2)  ex  situ  approach  which  comprises  thermal  desorption  of  native  oxides  of  GaAs  and  subsequent  Ga203(Gd203) 
film  deposition  on  GaAs  (10  0)  wafers  all  under  ultra-high  vacuum.  A  low  interface  recombination  velocity  S  of 
9000  cm/s  equivalent  to  an  interface  state  density  D-,,  in  the  upper  10^*^  cm"^  eV  ^  range  has  been  inferred  for  the  ex  situ 
processed  samples.  In  comparison,  an  interface  recombination  velocity  of  4000-5000  cm/s  and  an  interface  state  density 
Di,  in  the  lower  10^*^  cm"^  eV"^  range  were  obtained  for  the  in  situ  processed  samples.  The  ex  situ  technique  provides 
excellent  passivation  for  GaAs  wafers  which  may  have  been  exposed  to  room  air  and/or  processing  environments  during 
fabrication  of  devices  such  as  FETs,  HBTs,  etc. 

PACS:  68.55.Bd;  73.20.At;  73.40.Qv 

Keywords:  GaAs;  Passivation;  Low  interface  state  density 


1.  Introduction 

Low-power  components  are  key  to  the  wide¬ 
spread  use  of  high-performance  portable  systems, 
such  as  cellular  telephones,  personal  communica- 
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tors,  etc.  At  present,  bulk  Si  CMOS  offers  signifi¬ 
cant  advantages  in  terms  of  integration  level  and 
cost;  however,  drastic  reductions  in  circuit  speed  of 
scaled  bulk  Si  CMOS  are  anticipated  as  the  power 
supply  is  scaled  to  1  V  or  below  [1].  Technologies 
using  high  mobility  materials  such  as  GaAs  and 
related  compounds  would  be  a  natural  choice  for 
low-power,  high  speed  and  high  frequency  devices. 
However,  thermodynamically  stable  oxide-GaAs 
interfaces  with  low  interface  state  density  were  not 
available  and  the  fabrication  of  such  heterostruc¬ 
tures  has  remained  one  of  the  key  challenges  in  the 
field  of  compound  semiconductors  during  the  last 
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three  decades  [2].  Previous  efforts  include:  (a)  ther¬ 
mal,  anodic,  and  plasma  surface  oxidation,  (b)  de¬ 
position  of  dielectric  films,  and  (c)  deposition  of 
dielectric  films  after  dry  or  wet  surface  treatments, 
which  produced  limited  improvements  of  electronic 
properties  of  interfaces  with  Du  ~  10^^  cm"^  eV"^ 
[2-5]. 

Approaches  to  overcome  major  sources  of  inter¬ 
face  states  should  at  least  address  the  following 
aspects:  (i)  surface  exposure  and  defects  [6],  (ii) 
thermodynamic  instability  [7],  and  (iii)  intrinsic 
Fermi  level  pinning  [8].  Experimentally,  in  order  to 
overcome  these  major  sources  of  interface  states, 
first,  it  is  required  to  achieve  an  atomically  ordered 
and  chemically  clean  GaAs  surface  before  the  de¬ 
position  of  the  dielectric  materials;  therefore,  ultra 
high  vacuum  is  needed  to  minimize  surface  expo¬ 
sure,  particularly  to  avoid  oxidation.  Any  chemical 
reactions  between  the  deposited  species  and  GaAs 
surface  must  be  excluded  to  achieve  thermodyn¬ 
amic  stability.  Furthermore,  there  should  be  no 
introduction  of  GaAs  gap  states  by  the  electronic 
structures  of  the  deposited  species. 

In  this  paper  we  discuss  the  extension  of  MBE 
technique  toward  deposition  of  Ga203(Gd203) 
molecules  on  GaAs.  The  new  methods  have  pro¬ 
vided  the  required  ingredients  for  the  implementa¬ 
tion  of  thermodynamically  stable,  low  oxide- 
GaAs  interfaces.  Two  different  processes  were  used 
here  in  the  preparation  of  GaAs  surfaces  for  the 
oxide  deposition:  in  situ,  and  ex  situ  approaches. 
For  the  in  situ  approach,  a  multiple-chamber  MBE 
system  [9]  must  be  used,  in  which  Ga203(Gd203) 
was  deposited  on  freshly  grown  GaAs  epilayers 
with  the  growth  of  oxides  and  GaAs  carried  out  in 
two  separate  chambers.  There  are  transfer  modules 
(under  a  ultra-high  vacuum)  connecting  these  two 
growth  chambers.  The  in  situ  process,  however, 
requires  complex  equipment  and  moreover,  it  is  not 
readily  applicable  to  electronic  passivation  of  GaAs 
surfaces  which  were  exposed  to  either  processing 
environments  and/or  room  air  during  device  fabri¬ 
cation.  The  ex  situ  approach  involves  the  depo¬ 
sition  of  Ga203(Gd203)  on  thermally  desorbed 
GaAs,  all  carried  out  in  one  UHV  chamber.  The 
latter  technique  provides  efficient  and  thermodyn¬ 
amically  stable  insulator  passivation  of  exposed 
GaAs  surfaces  for  the  first  time. 


2.  Experiment 

Here,  we  have  used  wafers  consisting  of  a  1.5  pm 
thick  n-type  with  a  donor  concentration  of 
1.6  X  10^^  cm” ^  GaAs  epilayer  grown  by  MBE  on 
heavily  Si  doped  (2  x  10^®  cm”^)  GaAs  (10  0)  sub¬ 
strates.  In  the  in  situ  approach,  the  wafers  with  the 
freshly  prepared  GaAs  films  were  transferred  under 
a  vacuum  of  6  x  10"  Torr  to  the  oxide  chamber 
for  deposition;  Thus,  no  contamination  or  oxida¬ 
tion  was  incurred  on  the  GaAs  surface  prior  to  the 
oxide  deposition.  An  As-stabilized  GaAs  surface 
reconstruction  of  (2  x  4)  was  maintained.  The  back¬ 
ground  pressure  of  the  oxide  chamber  was  below 
IxlO'^Torr. 

For  the  ex  situ  process,  the  wafers  were  removed 
from  the  MBE  chamber,  exposed  to  room  air  for  at 
least  three  days,  and  then  put  in  the  oxide  cham¬ 
ber  for  deposition.  Before  the  deposition  of 
Ga203(Gd203)  molecules,  the  native  oxides  on  the 
GaAs  surface  of  the  wafers  were  thermally  desor¬ 
bed  with  the  substrate  temperatures  in  the  range  of 
580-600°C  in  the  oxide  chamber  without  As  over¬ 
pressure.  Reflection  high  energy  electron  diffraction 
(RHEED)  was  used  to  monitor  the  process  of  na¬ 
tive  oxide  desorption. 

For  both  the  in  situ  and  ex  situ  approaches, 
Ga203(Gd203)  films  were  deposited  by  electron- 
beam  evaporation  of  a  single-crystal  Gd3Ga50i2 
source  at  substrate  temperatures  in  the  range  of 
350-600°C.  The  single-crystal  Gd3Ga50i2  source 
material  was  chosen  because  of  the  unavailability 
of  single  crystal  Ga203.  Single  crystal  was  preferred 
over  the  powder  packed  one  due  to  the  considera¬ 
tion  of  material  purity. 

Structural  properties  of  the  Ga203(Gd203)  films 
were  investigated  by  transmission  electron  micro¬ 
scopy  (TEM).  Chemical  composition  profiles  of 
the  Ga203(Gd203)-GaAs  heterostructures  were 
studied  by  Rutherford  backscattering  spectrometry 
(RBS)  and  by  X-ray  photoelectron  spectroscopy 
(XPS)  [10].  Interfacial  As  3d  and  Ga  3d  core  levels 
were  acquired  using  a  Perkin  Elmer  5600  series 
XPS  spectrometer  equipped  with  a  monochromatic 
Al  Ko,  X-ray  source.  XPS  depth  profiling  in  chem¬ 
ical  composition  was  performed  in  situ  by  Ar  sput¬ 
tering  in  a  UHV  chamber  with  a  background 
pressure  of  5  x  10”  Torr.  Electronic  properties  of 
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the  ex  situ  fabricated  Ga203(Gd203)-GaAs  inter¬ 
face  were  investigated  by  standard  steady-state 
photoluminescence  (PL)  measurements  using  an 
argon  ion  laser  (x  =  514.5  nm). 

3.  Results  and  discussion 

RHEED  observation  of  the  GaAs  surface  after 
the  removal  of  the  native  oxides  for  the  ex  situ 
process  shows  no  surface  reconstruction;  The 
RHEED  pattern  is  not  continuous,  and  is  arrow¬ 
like  in  the  nominal  4x  direction  (Fig.  la).  In  com¬ 
parison,  a  RHEED  picture  of  the  GaAs  surface 
from  the  in  situ  process  is  shown  in  Fig.  lb.  The 
surface  reconstruction  (2  x  4)  and  long  streaky 
RHEED  patterns  observed  on  the  in  situ  GaAs 
indicates  an  atomically  ordered  and  smooth  sur¬ 
face.  From  our  previous  study  [9],  chemically  clean 


and  contamination-free  GaAs  surface  is  easily  ob¬ 
tained  using  the  in  situ  process.  The  GaAs  surface 
prepared  by  thermal  desorption  in  the  ex  situ  pro¬ 
cess  would  inevitably  contain  carbon,  silicon,  and 
oxygen,  as  was  studied  earlier  [11,  12].  The  surface 
contamination  may  contribute  to  the  observation 
of  no  surface  reconstruction  on  the  ex  situ  GaAs. 
Furthermore,  the  discontinuous  and  arrow-like 
RHEED  streaks  are  indicative  of  surface  roughness 
and  faceting. 

The  inferior  surface  properties  of  the  ex  situ 
prepared  GaAs  are  believed  to  cause  the  higher 
recombination  velocity  and  interface  state  density 
Dit  as  will  be  discussed  later  in  the  paper.  The 
roughness,  faceting,  and  no  reconstruction  on  the 
ex  situ  GaAs  surface,  however,  can  be  improved 
with  the  desorption  of  the  native  oxides  performed 
under  As  overpressure.  Moreover,  an  atomically 
smooth  and  chemically  clean  GaAs  (as  clean  as 


[Oil]  [Oil] 


(a) 


(b) 


Fig.  1.  (a)  RHEED  patterns  along  GaAs  [0  1  1]  and  [0  1  1]  directions  on  GaAs  (10  0)  after  native  oxide  desorption  from  an  ex  situ 
approach,  and  (b)  RHEED  patterns  along  GaAs  [0  1  1]  and  [0  1  T]  directions  on  GaAs  (10  0)  from  an  in  situ  sample. 
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a  surface  of  freshly  grown  GaAs)  has  been  obtained 
using  a  dry  etching  method  of  H2  electron  cyclo¬ 
tron  resonance  (ECR)  hydrogen  plasma  treatment 
followed  by  CI2  chemical  etching  [12]. 

RBS  results  for  Ga203(Gd203)  on  GaAs  are 
shown  in  Fig.  2a  and  Fig.  2b  for  substrate  temper¬ 
atures  of  360  and  550°C,  respectively.  Sticking  coef¬ 
ficients  of  Ga203  and  Gd203  on  GaAs  varies  with 


In-Situ  Ga203(Gd203)  /  (100)  GaAs 
160  T 
525  A 


Tg  =  360  T 


;0(55.5at.%) 


|Ga203(Gd203)  4^^+ 


1  Gd 

Ga  (43  at.%)  1  (1.5  at. 


N,  ,%) 


(1.8  MeV) 
Detector 


GaAs' 


Experiment 

Simulation 


100 

(a) 


200 


300 

Channel 


400 


(b)  Channel 

Fig.  2.  RBS  depth  profiles  for  Ga203(Gd203)“GaAs  structures, 
with  substrate  temperature  during  the  oxide  deposition  at  (a) 
360"C  and  (b)  550°C. 


substrate  temperatures,  with  a  higher  coefficient  for 
Gd203  at  higher  substrate  temperatures.  It  is  noted 
that  the  percentage  of  Gd203  in  the  oxide  film  is 
around  35%  in  Fig.  2b.  A  peak  near  channel  400, 
shown  in  Fig.  2b,  is  caused  by  the  channeling  effect 
on  the  GaAs  epilayer.  On  the  contrast,  the  Gd203 
in  the  film  prepared  at  lower  substrate  temper¬ 
atures,  such  as  the  one  shown  in  Fig.  2a,  is  neg¬ 
ligibly  small.  A  systematic  study  of  Gd203  to 
Ga203  ratios  as  a  function  of  substrate  temper¬ 
atures  is  now  underway.  The  Ga203(Gd203)  films 
are  amorphous  as  observed  from  TEM  and  in  situ 
RHEED. 

The  interfacial  depth  profiles  of  ex  situ  fabricated 
Ga203(Gd203)-GaAs  structures  studied  by  XPS 
are  virtually  identical  to  those  obtained  from  in  situ 
fabricated  Ga203(Gd203)-GaAs  interfaces  [8,  10]. 
Chemical  reaction  products,  in  particular  AS2O3 
and  AS2O5  are  not  detectable.  Consequently,  the 
chemical  reaction  AS2O3  -f-  2GaAs  ^  Ga203  +  4As 
(AG  =  —  62  kcal/mol)  resulting  in  As  formation 
and  degradation  of  electronic  interface  properties  is 
excluded.  This  is  consistent  with  the  prediction 
based  on  thermochemical  phase  diagrams  [7]  and 
is  indicative  of  thermodynamic  stability  of  the  ox- 
ide~GaAs  interface. 

The  internal  quantum  efficiency  rj  has  been  mea¬ 
sured  over  a  wide  range  of  incident  light  intensities 
(1  ^  /o  ^  lO""  W/cm^)  in  order  to  infer  the  interface 
recombination  velocity  5.  The  technique  is  based 
on  the  relative  weight  of  non-radiative  and  radi¬ 
ative  recombination  as  a  function  of  Iq  resulting  in 
a  unique  curve  shape  of  rj  versus  Iq  for  a  specific 
surface  recombination  velocity  S  [13, 14].  This  is 
demonstrated  in  Fig.  3  which  shows  the  measured 
(triangles)  and  calculated  (solid  line)  internal 
quantum  efficiency  rj  of  ex  situ  fabricated 
Ga203(Gd203)-GaAs  samples  as  a  function  of  Iq, 
where  Iq  =  T  Iq  with  T  being  the  optical  trans¬ 
missivity  of  the  samples.  Since  the  PL  intensity  is 
not  measured  in  absolute  units,  the  measured 
curves  are  rigidly  shifted  to  the  position  of  the 
calculated  ones  [15].  For  the  purpose  of  compari¬ 
son,  Fig.  3  also  shows  results  typically  measured  on 
in  situ  fabricated  Ga203(Gd203)~GaAs  (squares, 
diamonds  and  circles)  and  conventional 
Alo.45Gao.5  5As-GaAs  interfaces  (plus)  [8].  The 
best  fit  of  the  simulations  to  the  measurement  data 
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Fig.  3.  Measured  (symbols)  and  calculated  (lines)  internal  quan¬ 
tum  efficiency  t]  of  ex  situ  and  in  situ  fabricated  Ga203 
(Gd203)-GaAs  samples  and  for  conventional  Aso.45  Gao.55  As- 
GaAs  structures  as  a  function  of  Iq  =  T  Iq.  For  in  situ  fabricated 
interfaces,  diamonds,  squares  and  circles  represent  results  mea¬ 
sured  for  Ts  =  360X,  550°C  and  620'’C,  respectively. 

has  been  obtained  at  S  =  9000,  4000-5000,  and 
1000  cm/s  for  ex  situ  fabricated  Ga203(Gd203)- 
GaAs,  in  situ  fabricated  Ga203(Gd203)-GaAs  and 
conventional  Alo.45Gao,5  5As-GaAs  structures. 

Based  on  previously  reported  in  the  low 
lO^^cm'^eV"^  range  as  inferred  from  CV  and 
GV  characteristics  for  in  situ  fabricated 
Ga203(Gd203)-GaAs  interfaces  [8, 16],  the  esti¬ 
mated  interface  state  density  observed  at  the  ex 
situ  fabricated  Ga203(Gd203)-GaAs  is  in  the  up¬ 
per  10^°  cm  eV"  ^  range.  The  derivation  of  at 
the  ex  situ  fabricated  interface  is  based  on  the  linear 
relation  between  S  and  [14].  The  results  reveal 
that  excellent  interface  properties  are  also  attain¬ 
able  for  ex  situ  fabricated  Ga203(Gd203)-GaAs 
interfaces.  The  simulation  results  shown  in  Fig.  3 
have  been  obtained  from  calculated  PL  depth  pro¬ 
files  using  a  self-consistent  device  model  for 
semiconductor  heterostructures  [17]. 

Other  oxide-GaAs  heterostructures  were  also 
made  using  the  in  situ  approach  [18].  The  inter¬ 
facial  depth  profiles  of  these  oxide-GaAs  structures 
are  similar  to  those  obtained  in  the 
Ga203(Gd203)-GaAs  interfaces  using  XPS,  name¬ 


ly  no  observation  of  AS2O3  and  AS2O5.  However, 
the  interface  state  density  in  the  other  oxide-GaAs 
is  very  high,  in  strong  contrast  to  those  observed  in 
the  Ga203(Gd203)-GaAs.  It  is,  therefore,  clear 
that  in  addition  to  (i)  clean  and  atomically  ordered 
GaAs  surface  and  (ii)  no  As^^Oj,  at  the  oxide-GaAs 
interface,  the  attainment  of  low  also  requires  no 
introduction  of  GaAs  gap  states  by  the  deposited 
oxides.  The  reason  why  low  is  achieved  in  the 
Ga203(Gd203)-GaAs,  but  not  in  other  oxide- 
GaAs  heterointerfaces,  is  under  investigation. 


4.  Conclusions 

We  have  demonstrated  the  capability  of  the 
Ga203(Gd203)  deposition  processes  to  provide  ex¬ 
cellent  oxide-GaAs  interface  properties  including 
low  surface  recombination  velocity  S  and  low  inter¬ 
face  state  density.  The  ex  situ  process,  in  which 
S  and  Dit  of  9000  cm/s  and  in  the  upper 
10^^  cm“^  eV“^  range  were  achieved,  respectively, 
represents  a  significant  development  beyond  the 
previously  demonstrated  in  situ  Ga203(Gd203) 
deposition  technique  which  produces  oxide-GaAs 
interfaces  with  S  =  4000-5000  cm/s  and  Dit  in 
low  10^®  cm"^  eV"^  range  [8].  We  believe  that  the 
interface  properties  of  the  ex  situ  prepared  GaAs 
can  be  further  improved  when  an  atomically 
smooth  and  chemically  clean  GaAs  surface  is  ob¬ 
tained.  The  new  ex  situ  deposition  technique  is 
compatible  with  GaAs  device  processing  and  will 
significantly  improve  existing  GaAs  based  device 
technologies. 
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Abstract 

Iodine  was  introduced  into  our  solid  source  molecular  beam  epitaxy  chamber  during  the  growth  of  GaAs  and  AlGaAs 
layers  and  strained-layer  InGaAs  quantum  wells.  Photoluminescence  spectra  of  these  samples  taken  at  4.2  K  were 
compared  to  spectra  from  a  series  of  test  samples  which  were  grown  in  the  absence  of  iodine  flux.  We  have  observed 
a  general  improvement  of  the  material  quality  of  AlGaAs  layers  grown  at  substrate  temperatures  around  and  below 
600°C  since  the  introduction  of  iodine  into  our  chamber  regardless  of  whether  an  iodine  flux  impinged  on  the  substrate 
during  the  growth  process  or  not.  Strong  excitonic  peaks  with  full  width  at  half  maximum  of  only  8  meV  were  observed  in 
4.2  K  photoluminescence  spectra  of  undoped  Alo.2Gao.8As  layers  grown  at  substrate  temperatures  as  low  as  550°C  using 
AS4.  The  epitaxial  layers  grown  since  the  introduction  of  iodine  are  the  brightest  Alo.zGao.sAs  samples  that  we  have 
obtained  from  our  molecular  beam  epitaxy  system.  These  results  suggest  that  the  presence  of  iodine  in  a  molecular  beam 
enitaxy  system  can  result  in  improved  optical  properties  for  AlGaAs.  The  4.2  K  photoluminescence  spectra  and 
secondary  ion  mass  spectroscopy  depth  profiles  also  show  that  iodine  preferentially  removes  Ga  from  AlGaAs  layers 
during  growth,  resulting  in  layers  with  higher  A1  content. 


1.  Introduction 

Aluminum-containing  III-V  compounds  are 
sometimes  considered  difficult  materials  to  grow 
epitaxially  with  electrical  and  optical  qualities 
which  are  suitable  for  high-performance  electronic 
and  optoelectronic  devices.  For  example,  AlGaAs 
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grown  by  solid-source  molecular  beam  epitaxy 
(MBE)  for  optical  devices  such  as  lasers  is  usually 
grown  at  substrate  temperatures  near  700°C  [1], 
which  is  higher  than  the  typical  growth  temper¬ 
atures  for  other  III-V  arsenides  in  MBE 
(450-600°C),  and  sufficiently  high  to  cause  signifi¬ 
cant  dissociation  of  the  AlGaAs  layer  and  conse¬ 
quent  loss  of  Ga  [2,  3].  This  loss  of  Ga  is  very 
sensitive  to  temperature,  making  composition  con¬ 
trol  difficult.  The  high  substrate  temperature  is  also 
not  compatible  with  the  growth  of  InGaAs,  which 
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dissociates  rapidly  at  these  temperatures,  making 
the  growth  of  high  optical  quality  pseudomorphic 
InGaAs/AlGaAs  heterostructures  difficult.  The  use 
of  dimeric  arsenic  or  a  low  growth  rate  have  been 
reported  as  means  of  achieving  high  quality 
AlGaAs  at  lower  substrate  temperatures  [1-4]  yet 
further  improvements  in  technique  would  be  wel¬ 
comed. 

We  report  here  results  of  studies  that  suggest  that 
the  presence  of  iodine  in  a  solid-source  MBE  sys¬ 
tem  improves  the  quality  of  AlGaAs  layers  grown 
at  relatively  low  substrate  temperatures.  We  have 
shown  in  our  previous  work  that  iodine  can  be  used 
for  in  situ  etching  of  GaAs  and  InAs  layers  in  MBE 
[5]  and  that  the  growth  rates  of  GaAs,  InAs,  and 
AlAs  are  reduced  when  layers  are  grown  in  the 
presence  of  an  iodine  flux. 

Although  the  growth  of  high-quality  IIl-V 
semiconductor  material  by  halide  vapor  phase  epi¬ 
taxy  is  well-known,  there  are  few  reports  of  the  use 
of  halides  in  a  MBE  system,  and  we  know  of  no 
previous  experiments  using  iodine  to  improve  the 
quality  of  III-V  materials  during  MBE  growth. 
Several  studies  of  etching  of  GaAs  with  iodine 
vapor  have  been  reported  previously  [6,  7],  but 
these  were  not  done  in  an  MBE  growth  chamber. 
Reports  of  the  use  of  AsCls,  AsBrs,  and  PCI3  for 
etching  of  GaAs  and  InP  in  chemical  beam  epitaxy 
(CBE)  show  that  two-dimensional  layer-by-layer 
material  removal  can  be  accomplished  with  halides 
[8,  9].  Use  of  CBr4,  which  is  also  used  as  a  C- 
doping  precursor  [10],  for  in  situ  etching  in  CBE 
has  also  been  reported  [11]. 

2.  Experiment 

Growth  of  all  the  epitaxial  layers  reported  here 
was  done  in  a  Varian  Modular  Genii  MBE  system 
which  is  pumped  only  by  a  4001/s  ion  pump; 
we  did  not  use  the  titanium  sublimation  pump 
except  during  the  initial  bakeout.  The  growth 
chamber  is  equipped  with  a  UTI  residual  gas  mass 
analyzer. 

Gallium  (7N5  purity),  aluminum  (6N  purity), 
indium  (7  N  purity)  and  arsenic  (7  N5  purity)  [12] 
were  sublimed  from  conventional  pyrolytic  boron 
nitride  crucibles.  AS4  was  the  arsenic  species  used 


for  these  layers,  and  the  arsenic  flux  was  1.2  x  10"^ 
Torr  at  the  ion  gauge  on  our  substrate  stage  (beam 
flux  monitor).  This  arsenic  flux  is  at  the  high  end  of 
the  range  that  we  normally  use  for  GaAs  growth. 
Growth  rates  were  typically  2.8  A/s  for  GaAs, 
3.0  A/s  for  AlGaAs  and  3.3  A/s  for  InGaAs.  The 
substrate  temperature  was  measured  by  a  calib¬ 
rated  optical  pyrometer.  The  substrate  temperature 
was  held  constant  during  the  growth  of  our  struc¬ 
tures,  except  for  those  structures  containing 
InGaAs  quantum  wells.  During  the  growth  of 
the  InGaAs  quantum  wells,  the  temperature  was 
lowered  to  500°C  without  a  growth  interruption, 
and  then  raised  back  to  the  original  temperature 
(shown  in  Table  2)  once  growth  of  AlGaAs  was 
resumed.  Substrates  were  (10  0)  semi-insulating 
GaAs,  bonded  with  indium  to  standard  substrate 
holders.  Conventional  MBE  procedures  were  used 
for  substrate  preparation,  degassing,  and  oxide  de¬ 
sorption  [13]. 

Iodine  was  delivered  through  an  injection  mani¬ 
fold  (Fig.  1)  which  is  also  used  to  deliver  CBr4  to 
our  chamber  for  carbon  doping  [10].  Briefly,  iodine 
vapor  in  equilibrium  at  room  temperature  with 
solid  iodine  (5  N  purity)  [12]  is  delivered  to  a  stain¬ 
less  steel  run-vent  manifold  through  a  manual 
UHV  leak  valve  (model  203,  Granville-Phillips, 


Fig.  ] .  Gas  manifold  and  injector  used  to  deliver  iodine  vapor 
to  the  substrate  during  MBE  growth.  The  solid  iodine  is  held  at 
ambient  temperature  and  the  vapor  is  delivered  to  the  MBE 
growth  chamber  through  an  UHV  leak  valve.  An  ion  pump  and 
valving  provides  a  run-vent  configuration.  The  injector  nozzle 
comprises  a  piece  of  stainless  steel  rod  drilled  with  many  narrow 
holes  to  direct  the  gas  flux  to  the  substrate.  The  same  manifold 
and  injector  are  also  used  to  deliver  CBi^  to  the  chamber  for 
carbon-doping  of  GaAs  and  InGaAs. 
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Boulder  CO).  The  flow  of  iodine  to  the  MBE 
growth  chamber  is  regulated  by  the  leak  valve  and 
measured  with  the  beam  flux  monitor.  An  unheated 
stainless  steel  nozzle  with  multiple  drilled  holes 
provides  a  collimated  and  uniform  flux  across  a  3 
diameter  area  at  the  substrate  holder.  The  max¬ 
imum  flux  of  iodine  attainable  is  limited  by  the 
maximum  conductance  of  the  leak  valve  and 
the  room-temperature  vapor  pressure  of  iodine 
(~0.3Torr)  to  a  beam  flux  monitor  pressure  of 
1.0  X  10'^  Torr,  which  is  the  flux  that  was  used  for 
the  experiments  reported  here.  In  our  previous 
work  [5]  we  found  that  this  flux  of  iodine  etches 
GaAs  and  InAs  in  a  two-dimensional  layer-by- 
layer  mode  at  the  etch  rate  of  approximately  0.1 
monolayer  per  second,  determined  from  the  period 
of  the  intensity  oscillations  of  the  specular  spot 
of  reflection  high  electron  energy  diffraction 
(RHEED)  pattern.  In  the  same  study  we  observed 
that  the  growth  rates  of  GaAs,  AlAs,  and  InAs  were 
reduced  by  approximately  the  same  amount  (0.1 
monolayer  per  second)  when  the  surface  was  ex¬ 
posed  to  this  flux  of  iodine  during  growth.  Results 
of  that  study  also  showed  that  iodine  did  not  signif¬ 
icantly  etch  grown  AlAs  layers  for  the  experimental 
conditions  explored. 


Although  our  MBE  system’s  growth  chamber 
is  pumped  solely  by  a  4001/s  ion  pump,  the 
background  pressure  (measured  outside  the  cold 
shrouds)  during  growth  was  dominated  by  arsenic 
and  was  not  noticeably  higher  during  iodine  injec¬ 
tion.  Increases  in  pressure  which  occurred  upon 
warming  the  liquid  nitrogen-cooled  shrouds  were 
somewhat  larger  than  without  iodine  use,  but  still 
could  be  handled  by  the  ion  pump. 

We  have  grown  a  series  of  samples  over  a  period 
of  three  months  with  and  without  iodine  flux  and 
have  made  photoluminescence  measurements  at 
room  temperature  and  4.2  K.  Two  identical  struc¬ 
tures  were  typically  grown  in  consecutive  runs  us¬ 
ing  the  same  temperatures  of  MBE  source  ovens. 
The  first  structure  was  grown  without  iodine  and 
the  second  was  grown  with  iodine.  We  have  com¬ 
pared  the  photoluminescence  from  this  series  of 
samples  to  samples  having  a  similar  structure 
which  were  grown  prior  to  the  introduction  of 
iodine  into  our  MBE  system.  Samples  used  for 
photoluminescence  measurements  had  the  layer 
structures  shown  in  Table  1. 

Photoluminescence  spectra  were  obtained  using 
a  0.75  m  monochromator  (Jobin  Yvon)  with  25  pm 
slit  width  and  a  photo  multiplier  detector.  All 


Table  1 

Layer  structures  of  epitaxial  samples 


Samples  Samples 

2/96-1  4/96-1 

2/96-2  4/96-2 

5/96-2 


100  A  GaAs 

100  A  GaAs 

500  A  Alo.4Gao.6As 

500  A  Alo.4Gao.6As 

1  pm  Alo.2Gao.8As 

0.5  pm  Alo.2tjao.8As 

0.1  pm  Alo.4Gao.6As 

0.1  pm  Alo.4Gao.6As 

1  pm  GaAs 

0.5  pm  GaAs 

0.1  pm  Alo.3Gao,7As 

0.1  pm  Alo.3Gao.7As 

r  20  A  AIAs 

f  20  A  AlAs 

^  [20  A  GaAs 

GaAs  substrate 

GaAs  substrate 

Samples 

3/96-1 
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samples  except  sample  10/94-1  were  measured  us¬ 
ing  both  632.8  nm  HeNe  and  325  nm  HeCd  laser 
light  excitation  with  an  estimated  excitation  power 
density  of  1  W/cm^.  Spectra  from  the  sample  10/ 
94-1  were  measured  using  only  HeCd  excitation. 
The  spectra  obtained  with  the  two  different  excita¬ 
tion  sources  showed  no  significant  differences  in 
absolute  and  relative  intensity  of  the  observed 
photoluminescence  lines.  Secondary  ion  mass  spec¬ 
troscopy  (SIMS)  depth  profiles  were  obtained  with 
Cameca  IV  SIMS  system. 

3.  Results  and  discussion 

Two  distinct  peaks  were  observed  in  the  4.2  K 
photoluminescence  spectra  of  all  investigated 
AlGaAs  layers  grown  after  the  introduction  of  io¬ 
dine  (see  Fig.  2  for  representative  spectra).  We  at¬ 
tribute  the  higher  energy  sharp  peak  with  the  full 
width  at  half  maximum  (FWHM)  of  8  meV  to 
bound  exciton  recombination,  while  a  broader 
peak  located  20  meV  below  the  excitonic  peak  with 
a  FWHM  of  20  meV  is  commonly  attributed  to 
carbon  acceptor  related  luminescence  [14-16].  The 
intensity  of  the  higher-energy  peak  increases  ap¬ 
proximately  linearly  with  excitation  power  density, 
while  the  lower-energy  peak’s  intensity  saturates  at 
high  excitation  power  density. 

Fig.  2  compares  the  4.2  K  photoluminescence 
spectra  of  two  samples  which  were  grown  after  the 
introduction  of  iodine  (4/96-1  and  4/96-2)  to  the 
spectrum  of  a  sample  (10/94-1)  which  is  typical  of 
AlGaAs  grown  before  the  introduction  of  iodine. 
The  samples  4/96-1  and  4/96-2  grown  after  iodine 
introduction  were  grown  at  a  substrate  temper¬ 
ature  of  only  550°C.  The  strength  and  narrow  line 
width  (8  meV)  of  the  exciton  peak  from  both  of 
these  samples  is  remarkable  for  Alo.2Grao.8As 
grown  using  AS4  at  such  a  low  substrate  temper¬ 
ature,  Sample  10/94-1  was  one  of  the  brightest 
AlGaAs  layers  grown  before  the  first  introduction 
of  iodine  into  the  MBE  chamber.  Although  it  was 
grown  at  a  substrate  temperature  of  640°C,  the 
intensity  of  the  photoluminescence  signal  of  this 
sample  was  three  orders  of  magnitude  lower  than 
that  of  sample  4/96-1  in  a  direct  side-by-side  com¬ 
parison  under  the  same  excitation  conditions.  The 


1.65  1.7  1.75  1.8  1.85 


Photon  energy  [eV] 

Fig.  2.  Photoluminescence  spectra  at  4.2  K  from  samples  grown 
before  (10/94-1)  and  after  (4/96-1,  4/96-2)  the  introduction  of 
iodine  into  the  MBE  growth  chamber.  Sample  4/96-1  was  grown 
without  an  iodine  flux  impinging  on  the  surface,  while  sample 
4/96-2  was  grown  with  an  iodine  flux.  Both  were  grown  at 
a  substrate  temperature  of  only  550”C.  We  identify  the  higher 
energy  peak  of  both  samples  as  exciton-related,  while  the  lower- 
energy  peak  is  acceptor-related.  A  photoluminescence  spectrum 
from  one  of  the  best  AlGaAs  layers  grown  at  a  substrate  temper¬ 
ature  of  640°C  before  the  first  introduction  of  iodine  into  the 
MBE  chamber  is  shown  for  comparison  (10/94-1).  Excitation 
was  with  a  He-Cd  laser  (2  =  325  nm)  for  all  three  samples.  The 
peak  indicated  by  the  arrow  is  the  728.13  nm  He  line  of  the  laser 
plasma. 


intensity  of  sample  10/94-1  was  also  a  factor  of  50 
lower  than  that  of  sample  3/96-2,  which  has  a  sim¬ 
ilar  epitaxial  layer  structure  to  10/94-1  and  which 
was  grown  under  iodine  flux  at  a  substrate  temper¬ 
ature  of  bOO'^C. 

Table  2  identifies  the  sample  configuration,  io¬ 
dine  flux  during  growth,  substrate  temperature, 
and  AlGaAs  peak  intensity  of  the  PL  spectra  at 
4.2  K  of  samples  grown  for  photoluminescence 
measurements  after  the  introduction  of  iodine  into 
our  MBE  system.  In  the  initial  series  of  experiments 
with  iodine,  the  AlGaAs  luminescence  intensity  of 
the  samples  grown  under  iodine  flux  was  stronger 
than  the  luminescence  intensity  of  the  reference 
samples  grown  without  iodine.  During  the  period 
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Table  2 

Comparison  of  the  photoluminescence  intensities  from  AlGaAs  layers  grown  after  the  introduction  of  iodine  into  the  MBE  system;  the 
features  of  the  PL  spectra  are  described  in  the  text;  sample  configuration  refers  to  Table  1;  iodine  fluxes  measured  by  our  beam  flux 
monitor  were  1 .0  x  10"  ®  Ton*  whenever  iodine  was  used;  PL  peak  heights  were  measured  using  He-Ne  laser  (/  =  632.8  nm)  excitation  of 
approximately  1  W/cm^ 

Sample  number  Configuration  Iodine  during  Substrate  4.2  K  normalized  4.2  K  normalized 

growth  temperature  acceptor-related  exciton-related 

(°C)  intensity  intensity 


2/96-1 

Alo.2Gao.8As 

No 

2/96-2 

Alo.2Gao.8As 

Yes 

3/96-1 

Alo.2Gao.8As  -f 
InGaAs  QW 

No 

3/96-2 

Alo.2Gao.8As  + 
InGaAs  QW 

Yes 

4/96-1 

Alo.2Gao.8As 

No 

4/96-2 

Alo.2Gao.8As 

Yes 

5/96-2 

Alo.2Gao.8As 

Yes 

620 

5.4x  10"2 

2.8x10 

620 

2.4x10"^ 

4.8x10 

600 

1.9x10"^ 

2.0  X  10 

600 

8.6x10"^ 

4.0x10 

550 

3.0x10"^ 

6.0x10 

550 

1.5x10"^ 

7.4x10 

640 

1.1x10"' 

1.0 

of  experiments  with  iodine  we  observed  that  the 
quality  (manifested  in  the  intensity  and  linewidth  of 
excitonic  PL  lines)  of  the  AlGaAs  layers  grown 
without  the  intentional  introduction  of  iodine  had 
improved  and  exceeded  that  of  the  layers  grown 
with  iodine.  We  attribute  this  improvement  to  the 
presence  of  iodine  residues  in  the  MBE  chamber. 
The  presence  of  iodine  residues  was  confirmed  by 
the  peak  at  atomic  mass  127  in  quadrupole  residual 
gas  mass  analyzer  spectra.  This  peak  appeared  after 
the  first  introduction  of  the  iodine  into  the  MBE 
growth  chamber.  The  only  natural  isotope  of  iodine 
has  an  atomic  mass  of  126.9.  We  speculate  that  the 
iodine  residues  in  the  growth  chamber  act  to  re¬ 
move  impurities  from  the  sources  and/or  chamber 
walls,  or  that  residual  iodine  in  the  chamber  reacts 
with  impurities  or  point  defects  on  the  epitaxial 
layer  surface,  removing  them  before  they  are  in¬ 
corporated  into  the  lattice,  or  that  improvement  is 
a  result  of  both  effects.  We  observed  no  iodine  in 
SIMS  depth  profiles  of  our  epitaxial  material.  The 
limit  of  sensitivity  to  iodine  was  about  10^  for 
GaAs  and  10^^ /cm^  for  Alo.2Gao.8As. 

We  have  taken  no  extraordinary  steps  in  the 
operation  of  our  MBE  system  to  promote  high- 
purity  growth.  On  the  contrary,  we  routinely  grow 
material  doped  with  CBr4  to  hole  densities  in  the 
low-  to  mid-lO^Vcm^  range,  and  twice  suffered 


a  temporary  (---I  h)  air  leak  in  the  mid  10"^  Torr 
range  during  the  months  that  iodine  injections  were 
done  and  these  samples  were  grown,  after  which  we 
did  not  bake  the  system. 

We  find  that  growth  under  an  iodine  flux  in¬ 
creased  the  magnitude  of  the  carbon  acceptor-re¬ 
lated  peak  in  two  of  our  samples  pairs  (see  Table  2). 
The  amount  of  carbon  in  these  layers  is  below  the 
detection  limit  for  SIMS  (about  4xlO^Vcni^  in 
Alo.2Gao.8As),  and  we  have  not  yet  made  electrical 
measurements  to  determine  the  hole  density  of  this 
material.  The  source  of  carbon  might  be  the  mani¬ 
fold  and  injector  used  to  deliver  iodine  to  the 
growth  chamber.  During  the  period  of  iodine  use, 
we  also  grew  many  epitaxial  structures  with  layers 
heavily  doped  using  CBr4  injected  through  the 
same  manifold.  It  is  possible  that  the  iodine  flux 
contained  traces  of  CBr4  or  other  carbon-contain¬ 
ing  compounds  picked  up  from  the  walls  of  the  gas 
manifold  and  injector.  Alternatively,  the  iodine 
charge  could  contain  enough  carbon  to  explain  the 
increased  acceptor  luminescence,  since  it  has 
a  stated  purity  of  only  5  N.  Carbon  incorporation 
could  also  be  due  to  iodine-induced  surface  chem¬ 
istry  changes  that  enhance  incorporation  of  back¬ 
ground  carbon. 

The  PL  peaks  of  the  AlGaAs  layers  grown  with 
iodine  were  consistently  shifted  by  25-28  meV 
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toward  higher  energy  with  respect  to  the  position  of 
the  peaks  in  the  spectrum  of  reference  samples 
grown  without  iodine  (see  Fig.  2).  The  shift  in  the 
peak  position  indicates  that  the  Al  content  x  is 
higher  by  approximately  0.02  in  Al^^Gai  -^.As  layers 
grown  under  iodine  flux.  Higher  Al  concentration  in 
the  layers  grown  under  iodine  flux  was  also  con¬ 
firmed  by  the  SIMS  depth  profile  measurements  and 
double  crystal  X-ray  diffraction  measurements. 

Fig.  3  shows  the  Al  profiles  obtained  by  SIMS 
from  two  samples  grown  one  after  the  other  for  the 
same  amount  of  time  with  the  same  temperatures 
for  the  MBE  source  ovens.  Sample  2/96-2  was 
grown  with  an  iodine  flux,  whereas  sample  2/96-1 
was  grown  without  iodine  flux.  Both  samples  were 
grown  at  a  substrate  temperature  of  620°C.  It  can 
be  seen  that  the  sample  grown  with  iodine  has 
thinner  layers.  The  reduction  of  the  layer  thickness 
is  consistent  with  a  growth  rate  reduction  of  0.1 
monolayer  per  second,  which  we  observed  pre¬ 
viously  during  the  growth  of  GaAs,  and  AlAs  layers 
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Fig.  3.  SIMS  profiles  of  the  Al  concentration  from  samples 
2/96-1  and  2/96-2  grown  one  after  the  other  for  the  same  amount 
of  time  with  the  same  temperatures  for  the  MBE  source  ovens. 
Sample  2/96-2  was  grown  with  an  iodine  flux  of  1  x  10“^  Torr 
beam  equivalent  pressure,  whereas  sample  2/96-1  was  grown 
without  iodine  flux.  Both  samples  were  grown  at  a  substrate 
temperature  of  620°C.  For  the  sample  grown  with  iodine,  the  Ga 
incorporation  rate  was  lower,  leading  to  thinner  AlGaAs  layers 
with  higher  Al  concentration. 


■2/96-1  grown  without  an  iodine  flux 
■2/96-2  grown  with  an  iodine  flux 


under  the  same  iodine  flux  [5].  The  observed  in¬ 
crease  in  the  Al  concentration  in  AlGaAs  layers 
grown  under  an  iodine  flux  suggests  that  only  the 
incorporation  rate  of  GaAs  is  reduced  by  0.1  mono- 
layer  per  second  while  incorporation  of  AlAs  is  not 
affected  by  the  iodine  presence.  The  gallium  and 
aluminum  fluxes  used  during  the  AlGaAs  growth 
corresponded  to  growth  rates  of  0.848  and  0.212 
monolayers  per  second,  respectively.  The  reduced 
incorporation  rate  of  GaAs,  due  to  iodine  flux, 
would  give  an  alloy  with  AlAs  content  of  x  = 
0.212/(0.748  -f  0.212)  =  0.22,  consistent  with  ob¬ 
served  increase.  The  observation  that  the  presence 
of  iodine  reduces  the  incorporation  rate  of  only  Ga 
during  the  growth  of  the  ternary  AlGaAs  alloy  does 
not  conflict  with  our  previous  observation  [5],  that 
growth  rates  of  binary  GaAs  and  AlAs  compounds 
were  reduced  by  approximately  the  same  amount 
when  the  growing  surface  was  exposed  to  the  same 
iodine  flux.  The  results  suggest  that  reactions  of 
gallium  with  iodine  that  lead  to  Ga  removal  from 
the  surface  are  thermodynamically  more  favorable 
than  reactions  that  lead  to  the  removal  of  alumi¬ 
num,  and  that  the  total  removal  rate  is  limited  by 
the  availability  of  iodine. 

Photoluminescence  peaks  from  Ino.15Gao.85As 
quantum  wells  grown  under  an  iodine  flux  v/ere 
shifted  to  lower  energy  compared  to  the  peaks  from 
the  quantum  wells  grown  without  iodine.  They 
were  also  lower  in  intensity.  The  observed  red  shift 
might  be  due  to  a  higher  concentration  of  In  in  the 
InGaAs  layers  grown  under  an  iodine  flux,  but 
could  as  well  be  due  to  interface  defects  and  impu¬ 
rities  at  the  AlGaAs/InGaAs  heterointerface.  Fur¬ 
ther  study  is  needed  to  determine  the  origin  of  the 
observed  red  shift. 

Fig.  4  shows  the  4.2  K  PL  spectra  in  the  region 
of  Ino.15Gao.85As  quantum  well  and  GaAs  buffer 
luminescence  from  sample  3/96-4,  grown  with  io¬ 
dine,  and  sample  3/96-3,  grown  without  iodine.  The 
height  of  the  quantum  well  peak  at  1.419  eV  in  the 
sample  grown  with  iodine  is  about  half  the  height  of 
the  similar  peak  observed  in  the  sample  grown 
without  iodine.  The  peaks  near  1.5  eV  originate  in 
the  GaAs  buffer,  also  grown  with  an  iodine  flux. 
The  peak  at  1.512  eV  is  due  to  excitons  bound  to 
shallow  impurity  levels,  the  line  at  1.504  eV  is  due  to 
point  defect-bound  exciton,  and  the  line  at  1.490  eV 
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Photon  Energy  [eV] 


Fig.  4.  Photoluminescence  spectrum  at  4.2  K  of  emission  from 
the  Ino.15Gao.85As  quantum  wells  and  GaAs  buffer  of  sample 
3/96-4,  grown  with  iodine,  and  sample  3/96-3,  grown  without 
iodine.  The  peak  at  1.512  eV  is  due  to  excitons  bound  to  shallow 
impurity  levels,  the  line  at  1.504  eV  is  due  to  defect-bound 
exciton,  and  the  line  at  1.490  eV  is  related  to  carbon  acceptors. 
Excitation  was  with  a  He-Cd  laser  (2  =  325  nm). 

is  related  to  carbon  acceptors  [17].  The  strong  ex- 
citonic  emission  is  indicative  of  good-quality  GaAs, 

4.  Conclusions 

We  have  observed  a  large  increase  in  the  inten¬ 
sity  of  photoluminescence  emission  from  AlGaAs 
material  which  was  grown  in  our  MBE  system 
during  the  period  in  which  experiments  with  io¬ 
dine-assisted  growth  were  performed.  We  attribute 
this  improvement  to  the  presence  of  iodine  residues 
in  the  molecular  beam  epitaxy  chamber.  We  have 
grown  high-optical-quality  Alo.2Gao.8As  exhibi¬ 
ting  narrow  excitonic  luminescence  at  substrate 
temperatures  as  low  as  using  AS4  in  a  solid 

source  MBE  system. 

We  have  also  observed  growth  rate  reductions 
and  composition  changes  in  AlGaAs  layers  grown 
under  iodine  flux.  Our  results  suggest  that  only  the 
gallium  incorporation  rate  is  reduced  when  the 
AlGaAs  layers  are  grown  under  iodine  flux. 
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Abstract 

We  investigated  the  passivation  effect  of  misfit  dislocations  in  an  (InAs)i(GaAs)4  strained  short-period  superlattice 
grown  on  GaAs  with  atomic  hydrogen  (H)  by  transmission  electron  microscopy  and  electron-beam-induced  current.  The 
misfit  dislocations  in  the  <1  1  0>  directions  are  generated  at  the  heterointerface  in  order  to  accommodate  the  misfit  strain. 
They  were  effectively  passivated  by  atomic  H  irradiation  during  the  growth  and  cooling  processes.  Furthermore,  it  was 
found  that  the  misfit  dislocation  in  the  [1  1  0]  direction  was  effectively  passivated  rather  than  that  in  the  [1 1  0]  direction. 
The  desorption  temperature  of  atomic  H  from  the  [1  1  0]  misfit  dislocation  was  higher  than  that  from  the  [T  1  0]  misfit 
dislocation.  These  phenomena  could  be  attributed  to  the  fact  that  the  bonding  strength  of  As-H  is  larger  than  that  of 
Ga-H. 


1.  Introduction 

Highly  lattice-mismatched  heteroepitaxies  have 
been  attracting  considerable  attention  because  of 
their  promise  for  novel  optoelectronic  devices  [1]. 
However,  the  three-dimensional  growth  (3D)  oc¬ 
curs  at  the  initial  growth  stage  and  threading  dis¬ 
locations  are  mainly  generated  in  the  lattiee 
relaxation  proeess  of  the  3D  islands  [2].  It  has  been 
well  known  that  dislocations  degrade  the  operating 
life  of  optoelectronic  devices  such  as  light-emitting 
diodes  and  laser  diodes  [3].  Thus,  optoelectronic 
devices  with  a  highly  lattice-mismatched  hetero- 
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epilayer  have  not  been  in  practical  use.  It  was  a  key 
issue  to  reduce  the  density  of  threading  disloca¬ 
tions. 

Recently,  we  have  reported  that  the  two-dimen¬ 
sional  (2D)  growth  mode  was  kept  and  the  thread¬ 
ing  dislocation  density  was  effectively  reduced  by 
inserting  multi-strained  short-period  superlattices 
(SSPSs)  in  the  highly  lattice-mismatched  hetero- 
epitaxial  growth  of  GaAs-on-Si,  InP-on-Si  and 
InGaAs-on-GaAs  [4-6].  However,  misfit  disloca¬ 
tions  remain  inevitably  at  the  heterointerface  in 
order  to  relieve  the  misfit  strain.  The  degradation  of 
optoelectronic  devices  could  be  caused  by  multipli¬ 
cation  of  the  misfit  dislocations  under  the  minority 
carrier  injection.  Thus,  the  electrical  passivation  of 
the  misfit  dislocations  is  essential  for  optoelectronic 
devices  with  the  heterointerface.  It  has  been 
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reported  that  the  electrical  activity  of  point  defects 
and  dislocations  was  reduced  by  hydrogen  plasma 
irradiation  in  photoluminescence  (PL),  cathod- 
luminescence  (CL)  and  electron-beam-induced  cur¬ 
rent  (EBIC)  measurements  [7-10].  However,  the 
nature  of  these  dislocations  has  not  been  investi¬ 
gated. 

Thus,  we  have  investigated  the  passivation  effect 
of  the  misfit  dislocations  by  atomic  H  irradiation 
and  the  desorption  temperature  of  atomic  H  from 
the  misfit  dislocations  in  the  heteroepitaxy  of 
(InAs)i(GaAs)4  SSPS-on-GaAs.  As  a  result,  it  was 
clarified  that  the  misfit  dislocations  were  remark¬ 
ably  passivated  by  atomic  H  irradiation.  The  misfit 
dislocation  in  the  [1  1  0]  direction  was  effectively 
passivated,  compared  with  that  in  the  [T  1  0]  direc¬ 
tion.  In  addition,  the  desorption  temperatures  of 
atomic  H  differed  with  the  directions  of  the  misfit 
dislocations. 


2.  Experimental  procedure 

The  GaAs(0  0  1)  exactly  oriented  substrates  were 
degreased  and  etched  in  a  H2SO4  solution  for  30  s 
at  room  temperature.  The  substrate  was  loaded 
into  the  growth  chamber  with  a  base  pressure  less 
than  about  5xl0“^^Torr  in  a  molecular  beam 
epitaxy  (MBE)  system.  Then,  it  was  heated  at 
630°C  for  20  min  under  an  AS4  beam  in  order  to 
remove  the  thin  oxide  film  on  the  substrate. 
A  200  nm  thick  GaAs  buffer  layer  was  grown  at 
a  substrate  temperature  of  580°C. 

Then,  the  (InAs)i(GaAs)4  SSPS  was  grown  on 
the  GaAs(0  0  1)  substrate  at  a  growth  temperature 
of  350°C.  The  density  of  misfit  dislocations  can  be 
controlled  by  varying  the  number  of  the  periods  of 
the  SSPS  [11].  The  periods  were  ranged  from  45  to 
65.  Growth  rates  of  InAs  and  GaAs  composing 
the  SSPS  were  about  6  and  2  s/ML,  respectively. 
Fig.  la  illustrates  a  schematic  drawing  of  a  sample 
structure.  The  atomic  H  was  irradiated  for  30  min 
during  the  growth  process  and  the  cooling  process, 
as  shown  in  Fig.  lb.  The  same  structures  were  also 
grown  with  molecular  hydrogen  (H2)  irradiation 
and  without  atomic  H  irradiation  for  comparison. 
In  order  to  investigate  the  desorption  temperature 
of  atomic  H  from  misfit  dislocations,  the  samples 


(lnAs)-)(GaAs)4 

SSPS 


GaAs  substrate 


(a) 


Fig.  1.  A  schematic  drawing  of  a  sample  structure 


with  atomic  H  irradiation  were  annealed  at  the 
temperatures  of  350°C,  420°C  and  500°C  for  60  min 
in  pure  N2  atmosphere. 

The  atomic  H  was  generated  with  a  tungsten 
filament  heated  up  to  about  1800°C.  The  pressure 
of  hydrogen  was  kept  at  3  x  10“^  Torr.  The  surface 
reconstruction  of  the  GaAs  substrate  was  observed 
by  reflection  high-energy  electron  diffraction 
(RHEED)  at  an  acceleration  voltage  of  25  kV.  The 
passivation  effect  and  the  nature  of  misfit  disloca¬ 
tions  were  evaluated  by  observing  EBIC  images  at 
an  acceleration  voltage  of  19  kV  and  by  transmis¬ 
sion  electron  microscopy  (TEM)  at  an  acceleration 
voltage  of  200  kV,  respectively.  Specimens  for  TEM 
observation  were  prepared  by  mechanical  grinding, 
followed  by  Ar'^  ion  milling  at  an  acceleration 
voltage  of  4  kV. 


3.  Results 

Fig.  2  shows  RHEED  patterns  of  the  GaAs  sub¬ 
strate  with  and  without  atomic  H  irradiation.  The 
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[110]  [110] 
(a)  with  atomic  H 


[110]  [110] 
(b)  without  atomic  H 


Fig.  2.  RHEED  patterns  of  GaAs(0  0  1)  surface  with  (a)  and 
without  atomic  FI  irradiation  (b).  The  (2  x  2)  pattern  was 
changed  to  (2  x  4)  one  by  atomic  H  irradiation. 


surface  reconstruction  of  the  GaAs  substrate  was 
changed  by  atomic  H  irradiation.  The  (2  x  2)  pat¬ 
tern  formed  with  adsorbed  excess  As  was  changed 
to  the  (2  X  4)  one.  This  phenomenon  means  that  the 
atomic  H  reacts  with  surface  atoms,  possibly  As,  of 
the  substrate. 

Fig.  3  shows  plan-view  TEM  images  of  the 
(InAs)i(GaAs)4  SSPS  with  45  and  65  periods  taken 
under  g2  2  o  diffraction.  The  misfit  dislocations  in 
the  [1  1  0]  and  [T  1  0]  directions  were  observed 
along  the  heterointerface.  The  density  of  misfit  dis¬ 
locations  increased  with  the  increase  of  the  SSPS 
periods.  The  densities  of  the  [1  1  0]  and  [T  1  0] 
misfit  dislocations  were  almost  the  same.  It  was 
reported  that  the  density  of  misfit  dislocations  was 
almost  equal  in  the  two  <1  1  0>  directions  in  an 
InGaAs/GaAs  system  [12].  Most  of  the  misfit  dis¬ 
locations  were  revealed  to  be  the  60°-type  disloca¬ 
tion  by  analysis  with  various  diffraction  conditions. 

The  EBIC  images  of  the  (InAs)i(GaAs)4  SSPS 
with  45  periods  are  shown  in  Fig.  4.  Dark  lines 
indicate  unpassivated  misfit  dislocations.  The  dark 


300  nm 


(a)  45  periods 


(b)  65  periods 


Fig.  3.  Plan-view  TEM  images  of  the  (InAs)i(GaAs)4  SSPS  with 
45  and  65  periods  taken  under  gi  2  0  diffraction.  The  misfit 
dislocations  at  the  heterointerface  along  the  <1  1  0>  directions 
were  observed.  The  density  of  misfit  dislocations  was  increased 
with  the  increase  of  the  SSPS  periods.  Most  of  misfit  disloca¬ 
tions  were  identified  to  be  the  60''-type  dislocation  from  various 
diffraction  analyses. 


10pm 


(a)  with  atomic  H  during  (b)  with  atomic  H  during 
the  growth  and  cooling  the  cooling  process  only 
processes 


(c)  with  molecular  H  (d)  without  H 


Fig.  4.  EBIC  images  of  samples  of  (InAs)i(GaAs)4  SSPS-on- 
GaAs  with  45  periods.  The  dark  line  density  was  remarkably 
decreased  by  atomic  hydrogen  irradiation  during  the  growth 
and  cooling  processes  (a).  The  reduction  is  less  effective  for 
atomic  H  irradiation  during  cooling  process  only  (b).  No  reduc¬ 
tion  occurred  in  H2  (c)  and  no  hydrogen  irradiation  (d). 

line  density  was  remarkably  decreased  by  atomic 
FI  irradiation  during  the  growth  and  cooling  pro¬ 
cesses,  as  shown  in  Fig.  4a.  The  reduction  of  the 
dark  line  density  was  less  effective  for  atomic  H 
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(a)  30  min  (b)  60  min 


Fig.  5.  EBIC  images  of  samples  of  (InAs)i(GaAs)4  SSPS-on- 
GaAs  with  65  periods.  The  dark  line  density  was  reduced  with 
the  increase  of  irradiation  time  at  low  temperature. 


irradiation  during  the  cooling  process  only,  as 
shown  in  Fig.  4b.  On  the  contrary,  no  reduction 
was  observed  by  H2  irradiation  during  the  growth 
and  cooling  processes,  as  shown  in  Fig.  4c.  A  lot  of 
dark  lines  were  observed  in  the  sample  without 
atomic  H  irradiation,  as  shown  in  Fig.  4d.  It  is 
apparent  that  the  misfit  dislocations  were  pas¬ 
sivated  by  atomic  H  irradiation.  It  should  be  also 
noticed  that  the  misfit  dislocation  in  the  [1  1  0] 
direction  was  passivated  more  effectively  than  the 
misfit  dislocation  in  the  [T  1  0]  direction,  as  seen  in 
Fig.  4b. 

The  time  for  atomic  H  irradiation  was  increased 
up  to  60  min  in  the  cooling  process.  The  EBIC 
images  of  (InAs)i(GaAs)4  SSPS  with  65  periods 
are  shown  in  Fig.  5.  The  dark  line  density  was 
decreased  with  the  increase  in  irradiation  time. 
In  addition,  the  remaining  dark  lines  of  the 
(InAs)i(GaAs)4  SSPS  with  65  periods  in  Fig.  5a 
were  increased  rather  than  those  of  (InAs)i(GaAs)4 
SSPS  with  45  periods,  as  shown  in  Fig.  4a. 

We  investigated  the  desorption  temperature  of 
atomic  H  which  passivated  the  misfit  dislocations. 
The  EBIC  images  of  annealed  samples  of  the 
(InAs)i(GaAs)4  SSPS  with  60  periods  are  shown  in 
Fig.  6.  There  was  no  difference  in  the  dark  line 
densities  between  the  sample  annealed  at  350°C 
(Fig.  6a)  and  nonannealed  one.  However,  the  dark 
line  densities  were  increased  by  increasing  the  an¬ 
nealed  temperature.  The  [1 1  0]  dark  line  density 
was  increased  by  annealing  at  420°C,  while  the 
[110]  dark  line  density  was  not  changed,  as  seen 
in  Fig.  6b.  However,  the  densities  of  both  the 
[110]  and  [T  1  0]  dark  lines  were  increased  by 


annealing  at  5  0  0°C,  as  seen  in  Fig.  6c.  The  densi¬ 
ties  of  dark  lines  are  summarized  in  the  graph.  It  is 
obvious  that  the  misfit  dislocations  were  reac¬ 
tivated  by  high-temperature  annealing  and  that  the 
temperature  at  which  atomic  H  desorbs  from  the 
[1  1  0]  misfit  dislocation  was  higher  than  that  from 
the  [T  1  0]  misfit  dislocation. 


4.  Discussion 

Misfit  dislocations  are  passivated  by  atomic  H  ir¬ 
radiation,  depending  on  the  irradiation  time  and 
substrate  temperature.  It  should  be  noted  that  the 
misfit  dislocations  cannot  be  passivated  by  H2  ir¬ 
radiation.  Therefore,  the  passivation  of  misfit  dislo¬ 
cations  occurs  by  the  adsorption  of  atomic  H  on 
dangling  bonds  of  misfit  dislocations  [7]. 

The  misfit  dislocations  were  passivated  more  ef¬ 
fectively  during  the  growth  and  cooling  processes 
than  during  the  cooling  process  only.  This  means 
that  the  passivation  of  misfit  dislocations  occurs 
during  the  cooling  process  as  well  as  the  growth 
process.  Therefore,  the  atomic  H  irradiation  during 
the  growth  is  effective  for  the  passivation  of  the 
misfit  dislocation  as  well  as  the  enhancement  of  the 
two-dimensional  growth  mode  [13]. 

The  passivation  efficiency  is  determined  by  the 
balance  between  the  adsorption  and  desorption  of 
atomic  H.  Therefore,  the  misfit  dislocations  could 
not  be  completely  passivated  by  atomic  H  irradia¬ 
tion  at  high  temperature.  For  effective  passivation, 
it  is  necessary  to  irradiate  atomic  H  at  low  temper¬ 
ature  in  order  to  suppress  the  desorption  of  atomic 
H.  However,  it  is  required  to  increase  the  irradia¬ 
tion  time,  as  shown  in  Fig.  5,  since  the  diffusion  rate 
of  atomic  H  is  low  at  low  temperature. 

The  misfit  dislocation  in  the  [110]  direction  was 
more  effectively  passivated  than  the  misfit  disloca¬ 
tion  in  the  [T  1  0]  direction,  as  shown  in  Fig.  4a, 
Fig,  4b  and  Fig.  5.  Most  of  them  were  60°-type 
dislocations.  In  III-V  compound  semiconductors, 
the  [1  1  0]  misfit  dislocation  has  V-group  atoms 
and  the  [T  1  0]  misfit  dislocation  Ill-group  atoms 
as  their  core  for  the  shuffle  set  [14].  Therefore,  the 
[1  1  0]  misfit  dislocation  has  dangling  bonds  of  As 
atom  and  the  [T  1  0]  one  has  those  of  Ga  atom.  The 
passivation  efficiency  is  determined  by  the  bonding 
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(a)  350°C  annealing  (b)  420 “C  annealing  (c)  500 °C  annealing 
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Fig.  6.  EBIC  images  of  the  annealed  samples  of  (InAs)i(GaAs)4  SSPS-on-GaAs  with  60  periods.  There  was  no  difference  in  dark  lines 
densities  between  annealing  at  350°C  (a)  and  no  annealing.  However,  the  [T  1  0]  dark  line  density  was  increased  by  annealing  at  420°C, 
while  the  [1  1  0]  dark  line  density  was  not  changed  (b).  Both  densities  of  the  [1  1  0]  and  [T  1  0]  dark  lines  were  increased  by  annealing  at 
500°C  (c).  The  dark  line  densities  were  summarized  as  a  function  of  annealing  temperature  in  the  graph. 


Strength.  The  bonding  strength  of  As-H  is  known 
to  be  larger  than  that  of  Ga-H  [15].  Thus,  the 
desorption  rate  of  As-H  is  higher  than  that  of 
Ga-H  in  thermal  equilibrium.  It  leads  to  more 
effective  passivation  for  the  [1  1  0]  misfit  disloca¬ 
tion  than  the  [T  1  0]  misfit  dislocation. 

It  also  results  in  the  fact  that  the  [T  1  0]  misfit 
dislocation  is  reactivated  by  annealing  at  lower 
temperature,  compared  with  the  [1  1  0]  misfit  dis¬ 
location,  as  shown  in  Fig.  6. 

Most  optoelectronic  devices  are  fablicated  in  wa¬ 
fer  process  with  temperatures  less  than  about 


350°C.  Thus,  the  atomic  H  irradiation  could  be 
applicable  to  novel  optoelectronic  devices  with 
a  lattice-mismatched  heterointerface. 


5.  Conclusions 

We  investigated  the  passivation  of  the  misfit  dis¬ 
locations  by  atomic  H  irradiation  and  the  desorp¬ 
tion  temperatures  of  atomic  H  from  the  passivated 
misfit  dislocations.  As  a  result,  it  was  clarified  that 
the  misfit  dislocations  can  be  effectively  passivated 
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by  atomic  H  irradiation  during  the  growth  and 
cooling  processes.  The  passivation  of  the  [1  1  0] 
misfit  dislocation  was  more  effective  than  that  of 
the  [T  1  0]  misfit  dislocation.  The  desorption  tem¬ 
perature  of  atomic  H  from  the  [110]  misfit  dislo¬ 
cation  was  higher  than  that  from  the  [T  1  0]  misfit 
dislocation.  These  phenomena  could  be  attributed 
to  the  fact  that  the  bonding  strength  of  As-H  was 
larger  than  that  of  Ga-H.  The  passivation  of  the 
misfit  dislocations  by  atomic  H  irradiation  could 
be  effective  for  realization  of  high-quality  lattice- 
mismatched  heterodevices. 
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Abstract 

We  report  on  the  formation  of  a  GaAs  MBE  regrowth  interface  without  carrier  depletion  and  contaminants  using 
electron  cyclotron  resonance  (ECR)  hydrogen  plasma.  The  mechanism  for  removing  GaAs  surface-contaminants  such  as 
Si,  O,  and  C  has  been  investigated  to  realize  a  contaminant-free  regrowth-interface.  Secondary  ion  mass  spectroscopy 
(SIMS)  analysis  shows  that  Si  and  O  contaminants  result  not  only  from  adsorption  when  exposed  to  air  prior  to  regrowth 
but  also  from  the  sputtering  of  the  quartz  liner  in  the  ECR  chamber  during  plasma  treatment.  These  can  be  reduced  to 
a  level  below  the  SIMS  detection  limit  by  lowering  the  hydrogen  pressure  to  below  10"^  Torr,  because  sputtering  can  be 
suppressed.  SIMS  also  reveals  that  the  C  contaminant  can  be  removed  at  substrate  temperatures  above  400°C  to  a  level 
below  the  SIMS  detection  limit.  This  was  verified  through  thermal  desorption  spectroscopy  (TDS)  analysis.  This  is 
because  the  C  contaminant  is  removed  through  transformation  into  CH3  at  substrate  temperatures  above  400X. 
Furthermore,  reflection  high-energy  electron  diffraction  (RFIEED)  observation,  atomic  force  microscopy  (AFM)  and 
capacitance-voltage  (C-K)  measurements  indicate  that  both  structural  and  electrical  damage  induced  by  ECR  plasma  is 
completely  eliminated  at  500°C.  Based  on  these  methods,  we  are  able  to  produce  an  undamaged  and  contaminant-free 
MBE  regrowth  interface  on  n-GaAs/n-GaAs  for  the  first  time. 


1.  Introduction 

Contaminants  adsorbed  on  a  GaAs  surface  when 
the  surface  is  exposed  to  air,  especially  C,  O  and  Si, 
cause  serious  problems  such  as  high  contact  resist¬ 
ance  at  the  regrowth  interface  [1]  or  unstable 
device  performance  in  GaAs  FETs  [2].  These 
contaminants  could  not  effectively  be  removed  by 
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conventional  thermal  cleaning,  thermal  etching, 
HCl/H  gas  etching  and  CI2  gas  etching  prior  to 
molecular  beam  epitaxial  (MBE)  growth  [3-5].  The 
electron  cyclotron  resonance  (ECR)  hydrogen 
plasma  treatment  is  superior  to  these  cleaning 
treatments,  because  ECR  hydrogen  plasma  can  re¬ 
move  C  to  a  level  below  the  SIMS  detection  limit 
without  seriously  etching  the  GaAs  surface,  and 
this  treatment  can  be  handled  in  an  ultra  high 
vacuum  chamber  [6].  To  apply  the  ECR  hydrogen 
plasma  treatment  to  the  device  fabrication  process, 
the  following  conditions  are  required:  (1)  the 
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complete  removal  of  C,  O  and  Si  contaminants,  (2) 
a  flat  surface  after  treatment,  and  (3)  the  complete 
elimination  of  ECR  damage  (elimination  of  carrier 
depletion). 

Regarding  contaminant  removal,  previous  works 
reported  that  the  C  contaminant  could  be  removed 
by  using  ECR  hydrogen  plasma,  but  that  Si  and 
O  contaminants  could  not  effectively  be  removed 
[7,  8],  Therefore,  CI2  gas  etching  was  necessary 
after  the  hydrogen  plasma  to  remove  these  con¬ 
taminants  [8].  However,  this  treatment  is  difficult 
to  apply  to  microscopic  device-fabrication  pro¬ 
cesses  because  CI2  gas  excessively  etches  the  surface 
being  treated.  Regarding  a  flat  surface  after  treat¬ 
ment,  previous  work  [6]  indicated  that  reflection 
high-energy  electron  diffraction  (RHEED)  patterns 
after  ECR  plasma  treatment  at  a  substrate  temper¬ 
ature  as  low  as  300°C  exhibited  streaky  (2x4) 
reconstruction.  However,  when  the  treatment  time 
is  longer  than  that  at  which  a  GaAs  oxide  layer  is 
completely  removed  so  that  contaminants  can  be 
completely  eliminated,  the  RHEED  pattern  after 
ECR  plasma  treatment  at  300°C  becomes  spotty. 
Concerning  the  complete  elimination  of  carrier  de¬ 
pletion,  there  are  no  reports.  Furthermore,  it  has 
not  yet  been  clarified  whether  the  ECR  damage 
that  causes  the  carrier  depletion  exists  at  the  sur¬ 
face  after  ECR  hydrogen  plasma  treatment. 

In  this  paper,  to  obtain  a  carrier-depletion-free 
interface,  we  investigated  the  mechanism  for  re¬ 
moving  C,  O  and  Si  contaminants.  In  particular,  we 
clarify  why  O  and  Si  contaminants  are  not  effec¬ 
tively  removed  and  how  to  remove  these  using  only 
ECR  hydrogen  plasma  treatment.  Furthermore, 
under  the  hydrogen  plasma  condition  of  complete 
contaminant  removal,  the  flatness  of  the  GaAs  sur¬ 
face  after  the  plasma  treatment  is  studied.  Finally, 
we  demonstrate  a  no  carrier  depletion  regrowth 
interface  using  ECR  hydrogen  plasma  treatment. 

2.  Experimental  procedure 

Experiments  were  performed  in  the  UHV  ECR 
chamber,  connected  to  the  MBE  chamber  by 
a  transfer  module.  The  samples  were  exposed  to  air 
for  1  month,  after  8xl0^^cm"'^  Si-doped  GaAs 
had  been  grown  on  the  GaAs  (10  0)  substrate  by 


MBE.  The  sample  surface  was  cleaned  by  hydrogen 
plasma  in  the  ECR  chamber  without  any  other 
treatment,  before  the  regrowth  of  8xl0^^cm”^ 
Si-doped  GaAs.  The  plasma  treatment  time  was 
20  min  and  microwave  power  was  200  W.  During 
the  plasma  treatment,  the  sample  surface  was 
oriented  toward  the  opposite  side  from  the  ECR 
source,  that  is,  the  backside  direction  of  the  sample 
was  turned  toward  the  ECR  source.  This  was  to 
prevent  Fe  and  Mo  contamination  caused  by  sput¬ 
tering  the  inner  wall  of  the  ECR  chamber.  The 
inner  wall  of  the  ECR  source  was  covered  with 
a  quartz  liner  to  further  reduce  Fe  and  Mo  con¬ 
taminants.  In  these  treatments,  Fe  and  Mo  con¬ 
taminants  could  not  be  detected  by  SIMS  analysis. 
Regrowth  was  performed  in  the  MBE  chamber. 
The  growth  temperature  and  As  pressure  were 
550°C  and  1  x  10“^  Torr,  respectively.  The  thick¬ 
ness  of  the  regrowth  layer  was  0.34  pm. 

The  concentrations  of  C,  O  and  Si  contaminants 
at  the  regrowth  interface  were  estimated  by  SIMS 
analysis.  The  detection  limits  of  C,  O  and  Si 
concentrations  were  1x10^^,  2x10^^  and 

1  X  10^^  cm" respectively.  The  carrier  concentra¬ 
tion  at  the  regrowth  interface  was  evaluated  by 
capacitance-voltages  (C-F)  measurement.  The 
C-V  measurements  were  performed  with  a 
Schottky  diode  structure.  The  diodes  were  formed 
by  depositing  400  pm  of  Al  on  the  surface  of  the 
sample  and  fabricating  an  ohmic  contact  of  AuSn 
on  the  backside.  The  surface  flatness  was  estimated 
by  reflection  high-energy  electron  diffraction 
(RHEED)  observation  and  atomic  force  micro¬ 
scopy  (AFM).  Also,  thermal  desorption  spectro¬ 
scopy  (TDS)  analysis  was  performed  in  the  ECR 
chamber  to  investigate  the  removal  mechanism  of 
the  contaminants. 


3.  Results  and  discussion 

3.7.  Contaminant  concentration 

The  dependence  of  C,  O,  Si  contaminant  concen¬ 
trations  at  the  regrowth  interface  on  hydrogen 
pressure  during  ECR  treatment  is  shown  in  Fig.  1. 
Si  and  O  contaminants  decrease  with  a  decrease  in 
the  hydrogen  pressure,  while  the  C  contaminant 
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Fig.  1.  Dependence  of  contaminant  concentrations  at  regrowth 
interface  on  hydrogen  pressure  during  plasma  treatment.  Con¬ 
taminant  concentrations  were  estimated  by  SIMS. 


does  not  depend  on  hydrogen  pressure.  This  tend¬ 
ency  does  not  change  at  substrate  temperatures 
between  385°C  and  430°C.  At  a  substrate  temper¬ 
ature  of  385°C  and  a  hydrogen  pressure  of  1  x  10"  ^ 
Torr,  O  concentration  is  1.2  x  10^^  cm"^,  which  is 
twice  as  large  as  the  Si  concentration  of 
6.1  xlO^^cm”^.  This  reveals  that  high  hydrogen 
pressure  results  in  additional  contamination  due  to 
sputtering  the  Si02  (quartz)  liner  in  the  ECR  source 
except  for  the  contamination  when  the  surface  is 
exposed  to  air.  Actually,  at  a  high  microwave 
power  of  500  W,  the  contaminant  concentrations  of 
Si  and  O  are  much  larger  than  those  at  200  W 
because  of  the  higher  sputtering  rate  of  Si02.  These 
Si  and  O  contaminants  are  significantly  reduced  at 
hydrogen  pressures  below  1  xlO"^  Torr.  At  the 
lowest  hydrogen  pressure  of  6.5  x  10" Torr  to 
enable  discharge,  the  contaminants  can  be  removed 
to  a  level  below  the  SIMS  detection  limit.  This  is 
due  to  the  suppression  of  the  sputtering  by  lower¬ 
ing  the  hydrogen  pressure  with  sufficient  hydrogen 
plasma  density  to  remove  the  contaminants  adsor¬ 
bed  prior  to  the  plasma  treatment. 

The  dependence  of  C  contaminant  concentration 
on  substrate  temperature  is  shown  in  Fig.  2.  The 
regrowth  interface  is  located  at  a  depth  of  0.34  pm. 
The  quantity  of  the  C  contaminant  at  a  substrate 
temperature  of  385°C  near  the  regrowth  interface 
decreases  at  a  peak  concentration  of  1  x  10^^  cm"  ^ 
less  than  that  when  using  conventional  thermal 
cleaning  (peak  concentration  of  10^^  cm"^)  which 
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Fig.  2.  SIMS  profiles  for  a  carbon  contaminant  near  the  re¬ 
growth  interface  cleaned  by  hydrogen  plasma  at  various  temper¬ 
atures. 


is  performed  to  maintain  the  substrate  at  a  sub¬ 
strate  temperature  of  600°C  for  5  min  under  an  As 
pressure  (shown  in  Fig.  4).  However,  carbon  con¬ 
taminant  at  the  regrowth  interface  can  effectively 
be  removed  at  substrate  temperatures  above  430°C 
to  a  level  below  the  SIMS  detection  limit. 

To  clarify  the  removal  mechanism  of  the  carbon 
contaminant,  TDS  analysis  was  performed  in  the 
ECR  chamber  for  a  GaAs  surface  after  plasma 
treatment  for  5  min.  During  this  analysis,  C,  CH, 
CH2,  CH3  and  CH4  (mje  =  12  to  16)  gases  were 
simultaneously  monitored.  The  increment  rate  of 
the  substrate  temperature  was  0.43°C/s.  When  the 
substrate  temperature  ranged  from  100°C  to  550°C, 
significant  desorption  peak  for  CH3  could  only 
appear  as  shown  in  Fig.  3.  CH3  gas  desorbed  at 
substrate  temperatures  above  400°C.  This  result 
indicates  that  the  C  contaminant  on  the  GaAs 
surface  reacting  with  hydrogen  plasma  produces 
CH3,  which  can  be  removed  from  the  GaAs  surface 
at  a  substrate  temperature  of  400°C,  according  to 
the  following  equation: 


"(adsorption) 


+  3H*  ^  CH 


3(adsorption) 


CH 


3(gas)5 


at  400°C, 


(1) 


where  C(adsorption)  and  H*  are  carbon  contaminant 
on  the  GaAs  surface  and  hydrogen  radicals. 
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respectively.  Therefore,  substrate  temperatures 
above  400°C  result  in  a  reduction  of  C  contamina¬ 
tion.  The  SIMS  depth  profile  is  shown  in  Fig.  4. 
The  interface  with  conventional  thermal  cleaning, 
during  which  a  substrate  temperature  is  maintained 
at  600°C  for  5  min,  is  located  at  1  pm  and  the 
regrowth  interface  with  hydrogen  plasma  treat¬ 
ment  is  located  at  0.34  pm.  The  hydrogen  pressure 
is  6.8  X  10'^  Torr  and  the  substrate  temperature  is 
SOO^'C.  The  C,  O  and  Si  contaminants  were  com¬ 
pletely  removed  at  the  regrowth  interface  with  the 
hydrogen  plasma  treatment. 


Fig.  3.  TDS  profile  of  CH3  gas  {mje  =  15)  for  the  GaAs  surface 
after  hydrogen  plasma  treatment.  The  plasma  treatment  time 
was  5  min. 


Fig.  4.  SIMS  depth-profile  at  the  regrowth  interfaces  with 
plasma  treatment  (0.34  pm)  and  thermal  cleaning  (1.0  pm).  The 
plasma  treatment  conditions  were  a  hydrogen  pressure  of 
6.8  X  lO""^  Torr,  a  hydrogen  flow  rate  of  5  seem,  a  microwave 
power  of  200  W,  a  substrate  temperature  of  500°C  and  a  treat¬ 
ment  time  of  20  min.  The  thermal  cleaning  was  held  at  a  sub¬ 
strate  temperature  of  600°C  for  5  min  under  As  pressure. 


3.2,  Flatness  of  treated  surface 

The  RHEED  pattern  after  plasma  treatment  for 
20  min  is  shown  in  Fig.  5.  The  RHEED  pattern  at 
a  substrate  temperature  of  430°C  is  spotty,  which 
indicates  a  rough  surfaee.  At  a  substrate  temper¬ 
ature  of  480°C,  the  RHEED  pattern  is  streaky, 
which  reveals  an  atomically  flat  surface.  Moreover, 
at  a  substrate  temperature  of  500°C,  a  streaky  2  x 
reconstruction  pattern  can  be  observed,  which 
proves  that  there  is  little  structural  damage  on  the 
treated  surface.  This  is  due  to  the  elimination  of 
ECR  damage  by  thermal  annealing  at  a  substrate 
temperature  of  500°C.  The  root-mean-square 
(RMS)  roughness  was  evaluated  by  AFM  for  sam¬ 
ples  after  plasma  treatment  for  20  min.  The  scan 
area  is  0.5  pm  x  0.5  pm.  The  RMS  roughnesses  at 
substrate  temperatures  of  430°C,  480°C,  500°C  and 
550‘'C  are  34.1,  15.2,  9.6  and  35.4  A,  respectively. 
The  increase  in  the  roughness  at  550°C  is  due  to  As 
desorption.  These  results  reveal  that  a  substrate 
temperature  of  500° C  produces  the  flattest  treated 
surface  during  plasma  treatment. 


3.3.  Carrier  concentration 

The  carrier  profile  of  C-V  measurement  is  shown 
in  Fig.  6.  The  regrowth  interface  is  located  at 
0.34  pm.  The  carrier  concentration  at  the  regrowth 
interface  is  heavily  depleted  when  plasma  treatment 
is  performed  at  a  substrate  temperature  of  430°C. 
This  depletion  is  caused  by  not  only  the  acceptor 
due  to  the  C  contaminant  but  also  the  electron  trap 
due  to  ECR  damage.  The  acceptor  concentration  at 
the  regrowth  interface  is  calculated  at 
3.5  X  10^^  cm"^  from  the  C-V  profile.  This  concen¬ 
tration  includes  both  the  acceptor  and  electron  trap 
concentration.  The  acceptor  concentration  due  to 
the  C  contaminant  is  predicted  at  less  than 
IxlO^^cm"^  from  the  SIMS  analysis,  which  is 
evaluated  at  less  than  1.8x10^^  cm (refer  to  the 
Appendix).  The  actual  acceptor  concentration  due 
to  the  C  contaminant  is  much  less  than 
1.8  X  10^^  cm" ^  because  the  activation  rate  for  the 
C  contaminant  is  less  than  100%.  Therefore,  the 
electron  trap  concentration  due  to  ECR  damage  is 
estimated  at  much  more  than  1.7  x  10^^  cm"^. 


Carrier  concentration  (cm*^) 
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Fig.  5.  RHEED  patterns  of  the  GaAs  surface  at  room  temperature  after  hydrogen  plasma  treatment.  Substrate  temperatures  during 
plasma  treatment  were  430"C,  455''C,  480''C  and  500'  C. 


The  carrier  profile  at  a  substrate  temperature  of 
SOO^C  is  flat  near  the  n-GaAs/n-GaAs  regrowth 
interface,  which  proves  there  is  little  electrical  ECR 
damage.  Therefore,  from  the  result  of  RHEED  ob¬ 
servation  and  C~V  measurement,  the  structural 
and  electrical  ECR  damage  can  be  completely  re¬ 
moved  when  the  hydrogen  plasma  treatment  is 
performed  at  a  substrate  temperature  of  500°C. 


4.  Conclusion 


Fig.  6.  C-V  profile  near  n-GaAs/n-GaAs  regrowlh  interface 
(0.34  pm)  at  various  plasma  treatment  temperatures. 


We  have  demonstrated  the  elimination  of  carrier 
depletion  and  contaminants  at  the  GaAs  regrowth 
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interface  by  using  ECR  hydrogen  plasma.  The 
O  and  Si  contaminants  can  be  removed  to  a  level 
below  the  SIMS  detection  limit  by  using  ECR  hy¬ 
drogen  plasma  treatment  at  hydrogen  pressures 
lower  than  1  x  10“^  Torr.  This  is  because  a  lower 
hydrogen  pressure  results  in  the  suppression  of 
additional  Si  and  O  contamination  due  to  the  sput¬ 
tering  of  the  quartz  liner  at  the  ECR  source,  and  the 
contamination  adsorbed  prior  to  plasma  treatment 
can  be  removed  at  an  even  lower  hydrogen  pres¬ 
sure.  The  C  contaminant  can  be  removed  to  a  level 
below  the  SIMS  detection  limit  by  using  the  plasma 
treatment  at  substrate  temperatures  above  400°C. 
TDS  analysis  shows  that  substrate  temperatures 
above  400°C  result  in  the  removal  of  CH3  pro¬ 
duced  by  hydrogen  plasma  and  the  C  contaminant. 
As  a  result  of  C-V  measurement,  RHEED  observa¬ 
tion  and  AFM  analysis,  it  was  found  that  structural 
and  electrical  damage  due  to  the  ECR  plasma  is 
completely  removed  at  a  substrate  temperature  of 
SOO'^C.  Therefore,  by  using  ECR  hydrogen  plasma 
at  a  substrate  temperature  of  500°C  and  lower 
hydrogen  pressures  below  1  x  10"^  Torr,  a  carrier 
depletion-free  regrowth  interface  can  be  realized. 
This  technique  will  improve  the  electrical  perfor¬ 
mance  of  devices  with  GaAs  regrowth  interfaces. 
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Appendix 

We  evaluated  maximum  sheet  concentration  for 
the  carbon  contaminant  at  the  regrowth  interface 


when  the  concentration  peak  was  below  the  SIMS 
detection  limit.  Generally,  SIMS  profile  (F)  is  given 
by  the  convolution  between  the  actual  concentra¬ 
tion  profile  if)  and  the  SIMS  resolution  function  {g). 
In  the  case  of  the  surface  contaminants,  /  can  be 
approximately  written  by  Eq.  (A.l): 

f^aS,  (A.1) 

where  (5  is  a  delta  function  and  ‘a’  is  the  sheet 
concentration.  In  this  case,  SIMS  profile  can  be 
rewritten  as  Eq.  (A.2): 

foe  3®/=  0a,  (A.2) 

where  ®  is  the  convolution  operator.  Eq.  (A.2) 
shows  that  the  peak  shape  of  the  SIMS  profile  is 
not  changed  if  the  sheet  concentration  changes. 
When  the  C  peak  concentrations  of  the  SIMS  pro¬ 
file  are  4x10^^,  4x10^^  and  SxlO^^cm'^ 
C  sheet  concentrations  are  6.4x10^^,  5.7x10^^ 
and  5.3  X  10^^  cm" respectively  in  the  experi¬ 
ments.  From  these  results,  a  C  peak  concentration 
of  1  X  10^^  cm" ^  is  estimated  to  be  a  sheet  concen¬ 
tration  of  (1.6  ±  0.2)  X  10^^  cm"^.  Therefore,  the 
C  sheet  concentration  below  the  SIMS  detection 
limit  (1  X  10^"^  cm"^)  is  estimated  to  be  less  than 
l.SxlO^^cm"^ 
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Abstract 

AlGaAs  surfaces  were  cleaned  by  high-temperature  heat  treatment  without  As  flux  in  a  preparation  chamber  for 
regrowth  of  active  layers  by  molecular  beam  epitaxy  (MBE).  Reflection  high-energy  electron  diffraction  from  the  cleaned 
AlGaAs  surface  showed  a  spotty  pattern,  but  surface  roughness  observed  by  an  atomic  force  microscope  was  smaller  than 
the  surface  of  cleaned  GaAs.  Auger  electron  spectroscopy  showed  that  a  cleaned  surface  was  covered  by  Al,  As  and  O2. 
Surface  sublimation  measured  by  quadrupole  mass  spectroscopy  during  the  heat  treatment  decreased  drastically  with 
increasing  alloy  composition  x,  suggesting  that  the  cleaned  surface  consisted  of  AlAs  or  its  oxide.  Quantum  well  (QW) 
structures  were  grown  on  the  cleaned  surfaces  and  photoluminescence  (PL)  spectra  were  measured.  Well-defined  PL 
peaks  corresponding  to  stacked  single  QWs  (SQWs)  with  500  nm  thick  buffer  layer  were  obtained  at  300  K,  which  were 
in  contrast  to  the  SQWs  grown  on  the  surface  cleaned  by  the  conventional  method.  The  PL  intensity  was  influenced 
strongly  by  the  thickness  of  the  buffer  layer  when  it  was  thinner  than  300  nm.  GaAs  passivation  of  the  AlGaAs  surface 
was  effective  for  obtaining  intense  PL  spectrum  from  the  regrown  SQWs. 


1.  Introduction 

A  novel  surface  cleaning  method  for  GaAs  sub¬ 
strates  was  proposed  [1]  which  was  very  successful 
in  molecular  beam  epitaxial  (MBE)  regrowth  for 
fabricating  an  epilayer  necessary  for  a  distributed 
feedback  (DFB)  laser  diode  [2].  This  cleaning  pro¬ 
cedure  can  be  carried  out  in  the  preparation  cham- 
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ber  at  a  temperature  as  high  as  without  an 

As  flux.  Surface  contamination  was  completely  re¬ 
moved  and  furthermore,  the  cleaned  surface  main¬ 
tained  mirror-like  smoothness.  So,  direct  growth  of 
high-quality  GaAs/AlGaAs  QW  structures  without 
any  buffer  layer  on  such  surface  was  possible.  By 
this  high-temperature  cleaning  in  the  preparation 
chamber,  the  outgassing  of  oxygen  and  carbon 
monoxide  from  the  molybdenum  block  during  the 
temperature  raising  just  before  starting  the  MBE 
growth  can  be  minimized.  This  is  very  beneficial  to 
keep  the  growth  chamber  clean.  On  the  other  hand, 
surface  cleaning  of  AlGaAs  is  usually  more  difficult 
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because  of  high  reactivity  of  aluminum.  Goto  et  al. 
[3]  reported  that  Al-^Gai  _^As  (0  <  x  <  1)  could  be 
etched  by  trisdimethylaminoarsine  (TDMAAs)  in 
a  metalorganic  MBE  (MOMBE)  chamber.  The  sur¬ 
face  exposed  to  TDMAAs  was  cleaned,  but  it  was 
also  changed  to  an  Al-rich  surface  by  selective 
desorption  of  Ga  atoms. 

In  this  study,  our  high-temperature  surface 
cleaning  method  is  extended  to  the  cleaning  of  an 
AlGaAs  epilayer  surface  which  was  exposed  to  the 
atmosphere.  The  quality  of  the  cleaned  surface  was 
characterized  by  reflection  high-energy  electron  dif¬ 
fraction  (RHEED),  Auger  electron  spectroscopy 
(AES)  and  Atomic  force  microscope  (AFM). 
GaAs/AlGaAs  quantum  well  (QW)  structures  were 
grown  over  the  cleaned  surface  and  their  photo¬ 
luminescence  (PL)  spectra  were  also  examined. 


2.  Experimental  procedure 

An  AUGai-:cAs  (Al  composition  x  <  0.4)  epi¬ 
layer  was  grown  on  GaAs  (10  0)  wafer  mounted  on 
Mo  block  with  In  solder.  After  taking  out  from 
vacuum  after  growth,  the  AlGaAs  epilayer  was 
immersed  in  deionized  water  and  some  oxide  was 
formed  on  it.  Then,  the  sample  was  put  under  heat 
treatment  without  an  As  flux  in  the  preparation 
chamber  which  was  evacuated  to  a  pressure  of 
lO'^Torr.  The  treatment  temperature  was  deter¬ 
mined  as  650°C  from  the  critical  point  for  selective 
sublimation  of  As  atoms  from  the  GaAs  surface. 
Desorbed  gases  during  the  heat  treatment  were 
detected  by  a  quadrupole  mass  spectrometer 
(QMS).  In  situ  monitoring  of  surface  crystallinity 
after  cleaning  was  carried  out  by  RHEED.  Analysis 
of  constituent  elements  of  the  cleaned  surface  was 
carried  out  by  AES  which  was  placed  in  the  analy¬ 
sis  chamber  next  to  the  growth  chamber.  AFM  was 
also  used  to  observe  the  cleaned  surface  and  the 
root  mean  square  (rms)  of  roughness  was  deter¬ 
mined.  In  order  to  characterize  the  quality  of  the 
cleaned  AlGaAs  surface  optically,  GaAs/AlGaAs 
QW  structures  were  grown  on  the  cleaned  AlGaAs 
surfaces  with  various  thickness  of  GaAs  buffer 
layer.  PL  from  the  QWs  was  measured  at  room 
temperature  or  at  50  K,  using  an  Ar  ion  laser  for 
excitation. 


3.  Results  and  discussion 

3.L  Thermal  cleaning  of  AlGaAs  surface  without 
As  flux 

High-temperature  surface  cleaning  of  an  AlGaAs 
epitaxial  wafer  was  performed  in  a  preparation 
chamber  at  a  temperature  of  650°C.  Fig.  1  shows 
RHEED  pattern  and  AES  spectrum  of  the  AlGaAs 
surface  after  thermal  cleaning.  Although  the  surface 
looks  mirror-like  to  naked  eye  inspection,  RHEED 
shows  a  spot  pattern.  AES  shows  that  oxygen  re¬ 
mains  on  the  surface,  and  formation  of  AI2O3  dur¬ 
ing  the  air  exposure  or  under  the  thermal  cleaning 
of  the  surface  was  suggested  from  the  chemical  shift 
of  Al  peak  to  lower-energy  side  by  about  13  eV  [4]. 
But  carbon  was  desorbed  from  the  surface.  The 
dependence  of  the  rms  surface  roughness  on  an¬ 
nealing  temperature,  obtained  from  AFM  images, 
is  shown  in  Fig.  2.  The  rms  roughness  of  the 
AlGaAs  surface  did  not  depend  on  the  cleaning 
temperature  which  is  different  from  that  of  a  GaAs 
surface.  The  QMS  showed  that  the  sublimation  of 
Ga  and  As  from  the  Al^^Gai  .^^As  surface  decreased 


Fig.  1.  RHEED  pattern  and  AES  spectrum  of  AlGaAs  surface 
which  was  cleaned  at  650°C  without  As  flux. 
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drastically  when  the  mole  fraction  x  was  increased 
from  0  to  0.3,  as  shown  in  Fig.  3.  All  desorbtion 
could  be  detected  by  the  quadrupole  head  because 
it  was  placed  in  front  of  the  cleaning  AlGaAs  sur¬ 
face.  But  Al  peak  was  not  measured  accurately 
because  Al  peak  (mass  =  27)  could  not  be  resolved 
separately  from  carbon  monoxide  peak  (mass  =  28) 
in  the  present  study.  From  the  result  of  AES,  the 
cleaned  surface  was  found  to  consist  of  Al,  As  and 
O2,  so  it  could  be  considered  that  the  surface  was 
covered  by  AlAs  or  its  oxide  as  a  result  of  sublima¬ 
tion  of  the  Ga-As  pair  from  AlGaAs  surface.  This 
sublimation  was  dependent  on  mole  fraction  x  with 
no  sublimation  when  the  surface  was  covered  by 
thin  AlAs  layer.  Therefore,  surface  roughness  was 
independent  of  the  cleaning  temperature. 

3.2.  Epitaxial  growth  of  GaAsj AlGaAs  QW 
structures  on  cleaned  AlGaAs  surfaces 

To  further  characterize  the  cleaned  AlGaAs  sur¬ 
face  by  PL,  QW  structures  were  regrown  on  the 
cleaned  AlGaAs  surfaces.  The  samples  had  stacked 
GaAs  QWs  3,  4.5,  7  and  15  nm  thick  separated  by 
50  nm  thick  AlGaAs  barriers  grown  on  a  GaAs 
buffer  layer  at  a  growth  temperature  of  670°C.  This 
structure  was  grown  on  two  AlGaAs  surfaces 
cleaned  by  different  procedure,  i.e.  on  the  surface 
prepared  by  high-temperature  surface  cleaning 
method  without  As  flux  at  650°C  and  on  the  surface 
cleaned  by  conventional  method  including  flash 
annealing  under  As  flux  at  690°C.  Fig.  4  shows  PL 


if) 


CO 
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Fig.  2.  Annealing  temperature  dependence  of  the  root  mean 
square  of  the  surface  roughness  in  AFM  image. 


Temperature  (“O 


Fig.  3.  Amount  of  sublimation  of  Ga  and  As  from  the  surface  as 
a  function  of  cleaning  temperature. 


spectra  from  the  samples  which  had  500  nm  thick 
buffer  layer.  No  resolved  PL  peak  was  obtained  for 
the  epilayer  on  AlGaAs  surface  prepared  by  con¬ 
ventional  method.  On  the  other  hand,  well-resolved 
PL  peaks  were  observed  even  at  300  K  for  the 
epilayer  grown  on  AlGaAs  cleaned  by  the  new 
method.  This  PL  intensity  depended  on  the  thick¬ 
ness  of  the  regrown  GaAs  buffer  layer.  The  result  of 
PL  measurement  at  50  K  for  the  20  ML  thick  SQW 
is  summarized  as  a  broken  line  in  Fig.  5.  When  the 
buffer  layer  thickness  decreased  to  less  than 
300  nm,  PL  intensity  reduced  drastically.  In  order 
to  improve  the  quality  of  AlGaAs  surface  and  to 
decrease  the  thickness  of  buffer  layer,  we  tried  to 
introduce  a  GaAs  passivation  layer  which  was 
grown  on  top  of  the  first  AlGaAs  epilayer.  This 
GaAs  passivation  layer  was  desorbed  along  with 
surface  oxide  during  the  heat  treatment  before  the 
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Fig.  4.  PL  spectra  from  the  stacked  SQWs  regrown  on  cleaned 
AlGaAs  with  500  nm  thick  AIGaAs  buffer  layer,  (a)  cleaned  by 
conventional  method,  (b)  cleaned  by  high-temperature  surface 
cleaning  method  without  As  flux. 


regrowth.  Passivation  of  the  AIGaAs  surface  by 
GaAs  layer  was  applied  originally  to  the  growth  of 
cladding  layer  on  the  cleaned  surface  for  the 
double-hetero  (DH)  laser  structure  fabricated  by 
Tanaka  et  al.  [5],  and  we  here  extended  this  con¬ 
cept  to  the  growth  of  active  layers  on  the  cleaned 
surface.  Thickness  of  the  passivation  layer  was  de¬ 
termined  to  be  100  nm  from  the  data  of  GaAs 
sublimation  during  the  high-temperature  cleaning 
without  As  flux  [1].  RHEED  pattern  from  the 
passivated  and  cleaned  AIGaAs  surface  was  im¬ 
proved  significantly  to  bright  spotty  one,  and  AES 
showed  that  AI2O3  formation  was  suppressed.  The 
result  of  PL  is  shown  in  Fig.  5  by  a  solid  line. 
Strong  PL  intensity  was  successfully  obtained  even 
when  the  thickness  of  buffer  layer  was  as  thin  as 
25  nm.  This  result  indicates  strongly  that  the  pro¬ 
tection  of  AIGaAs  surface  by  GaAs  passivation 
layer  reduce  remarkably  the  amount  of  residual 
oxygen  on  the  cleaned  surface. 


4.  Summary 

The  high-temperature  heat  treatment  without  As 
flux  which  was  very  successful  as  a  new  surface 
cleaning  method  of  GaAs  was  applied  to  AIGaAs 
surface  and  the  quality  of  the  cleaned  surface  was 
examined.  Although  oxygen  remained  on  the 
cleaned  surface  and  RHEED  showed  a  spotty  pat¬ 


Fig.  5.  PL  intensity  from  SQW  on  cleaned  AIGaAs  surface 
which  was  passivated  (open  circle)  or  non-passivated  (solid 
circle)  as  a  function  of  thickness  of  regrown  AIGaAs  buffer  layer. 

tern,  the  surface  was  still  kept  its  mirror-like 
smoothness.  Carbon  was  removed  from  the  surface 
during  the  heat  treatment,  AFM  revealed  that 
cleaned  AIGaAs  surface  had  better  flatness  than  the 
cleaned  GaAs  surface.  Sublimation  of  Ga  and  As 
was  drastically  decreased  with  increasing  the  mole 
fraction  x  in  Al^^Ga^  -^As.  PL  spectrum  from  QWs 
grown  on  the  AIGaAs  surface  cleaned  by  the  pre¬ 
sent  method  suggested  that  the  quality  of  the  sur¬ 
face  was  much  better  than  that  cleaned  by  the 
conventional  method  with  flash  annealing.  To  ob¬ 
tain  more  clean  surface,  introduction  of  the  GaAs 
passivation  layer  on  AIGaAs  surface  was  suggested. 
The  high-temperature  surface  cleaning  without  As 
flux  is  an  effective  method  to  make  AIGaAs  surface 
with  device  quality. 
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Abstract 

The  structural  and  photoluminescence  (PL)  properties  of  several  types  of  pseudomorphic  Sii  _^_j,Ge;cCj,  quantum  well 
(QW)  structures  grown  by  solid-source  molecular  beam  epitaxy  on  (0  0  1)  Si  substrates  are  described.  Optimum  Sii  -^Cj, 
growth  takes  place  at  a  substrate  temperature  of  about  550°C  and  a  growth  rate  ^  1  A/s,  Well-defined  alloy  layers  with 
no  defects  or  SiC  precipitates  are  observed  by  transmission  electron  microscopy  (TEM).  Excitonic  band  edge  related  PL 
is  emitted  from  Sii-j,C3,/Si  multiple  QWs  (MWQ).  The  band  gap  of  strained  Sii-j,Cy  is  drastically  reduced  by  about 
A£  =  —  y  X  6.5  eV.  Reducing  the  width  of  Sio.99Co.01  layers  results  in  a  PL  blueshift  up  to  45  meV  which  is  attributed  to 
the  strong  (weak)  quantum  well  confinement  of  A(2)  valley  electron  (light  hole)  states.  The  band  alignment  in  Sii  -:>-Cj,/Si 
QWs  is  basically  explained  by  the  strain-induced  shift  of  levels  due  to  C  incorporation.  In  Sii -;c-yGe;cCy  QWs, 
compressive  strain  caused  by  Ge  is  partially  compensated  by  C  and  the  band  gap  increases  by  AF  =  y  x  2.4  eV.  Sii  -yCy 
as  well  as  Sii -^c-yGe^cCy  QWs  give  rise  to  spatially  direct  PL  transitions.  Closely  spaced  Sii-yCy/Sii-^cGe^c  double 
quantum  wells  (DQW)  give  rise  to  spatially  indirect  PL  recombination  of  A(2)  electrons  confined  in  the  Sii-yCy  layers 
and  heavy  holes  localized  in  the  Sii-^cGe^c  layers.  The  no-phonon  transitions  and  the  integrated  PL  intensity  from  thin 
DQWs  are  strongly  enhanced  compared  to  SQWs.  In  Hall  transport  studies,  Sii-yCy  and  SiGeC  alloys  on  Si  reveal 
electron  and  hole  mobilities  which  are  well  comparable  to  Si  and  SiGe  or  even  improved.  C  alloying  provides 
a  significant  extension  of  the  possibilities  in  band  structure  engineering  of  Group-IV  semiconductors. 

PACS:  73.20.Dx;  78.55.Hx;  81.10.  -  h 

Keywords:  Molecular  beam  epitaxy;  Photoluminescence;  Band  alignment;  Sii-^cGej^;  SiGeC;  Quantum  well 
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The  multitude  in  materials  and  alloy  systems  of 
III-V  semiconductors  results  in  a  high  degree  of 
freedom  in  band  structure  engineering.  This  fact 
and  their  good  intrinsic  optical  and  electrical  prop¬ 
erties  have  made  possible  several  III-V  devices 
which  are  not  attainable  by  standard  Si  technology 
or  SiGe  heteroepitaxy.  The  first  SiGe/Si  devices 
which  will  reach  industrial  production  are  hetero- 
bipolar  transistors,  realized  by  a  thin  epitaxially 
grown  pseudomorphic  SiGe  layer  embedded  in  Si 
[1].  MOSFETs  and  some  optoelectronic  structures 
made  from  SiGe  show  good  performance  data  but 
they  are  handicapped  so  far  by  the  complicated 
structure  design  requiring  thick  relaxed  buffer 
layers  in  order  to  adjust  the  strain  of  Si  or  SiGe 
layers  on  top  of  it  [2-4].  Several  years  ago,  a  third 
group-IV  element,  carbon,  was  brought  into  play 
and  the  structural  properties  of  Sii_j,C^  and 
Sii-x-yGc^Cy  layers  on  Si  were  very  promising 
[5,  6].  Low-temperature  epitaxy  allows  substitu¬ 
tional  incorporation  of  C  into  an  Si  matrix  for 
contents  up  to  about  10%.  The  very  small  bond 
length  of  diamond  compared  to  Si  results  in  macro¬ 
scopic  tensile  strain  e  -  0.35y  within  pseudomor¬ 
phic  Sii  ^yCy  on  Si  in  agreement  with  Vegard’s  law. 
The  lattice  strain  induced  by  C  and  Ge  is  of  oppo¬ 
site  sign.  This  fact  and  its  consequences  on  elec¬ 
tronic  level  splitting,  band  alignment,  optical  and 
electrical  properties,  and  lattice  strain  relaxation 
imply  that  C  may  serve  as  a  valuable  counterpart  of 
Ge  in  Si-based  heteroepitaxy.  The  intention  of  this 
contribution  is  (a)  to  investigate  the  PL  and  elec¬ 
tronic  properties  of  pseudomorphic  Sii-yC^Si  and 
Sii  _..^_j,Ge^Gy/Si  structures,  (b)  to  get  a  first  picture 
of  the  band  alignments  in  such  structures,  and  (c)  to 
give  an  outlook  on  their  advantages  and  limita¬ 
tions. 

The  samples  studied  here  were  deposited  by 
solid-source  molecular  beam  epitaxy  on  (0  0  1) 
n"-Si  in  a  modified  Balzers  ULS  400  chamber. 
Sii-yCy  and  Sii-^-yGe^Gy  alloy  layers  are  depos¬ 
ited  at  a  typical  growth  rate  of  1  A/s  at  substrate 
temperatures  =  500-600°C  [7].  Si,  Ge  and  C  are 
supplied  by  an  electron  beam  evaporator,  an  effu¬ 
sion  cell,  and  a  pyrolitic  graphite  filament  sublima¬ 
tion  source,  respectively.  Besides  some  aspects 
known  from  SiGe  epitaxy,  the  design  and  perfor¬ 
mance  of  the  high -temperature  C  source  seems  to  be 


of  great  importance  for  the  PL  efficiency  of  sam¬ 
ples.  The  filament  is  completely  shielded  by  graph¬ 
ite  and  the  source  environment  is  efficiently  cooled 
by  water.  Bright  heat  radiation  of  the  cell  and  an 
increased  CO  and  CO2  background  pressure  are 
the  main  items  which  have  to  be  addressed  for 
optimum  growth  [7].  Each  sample  consists  of  a 
20-30  period  multiple  layer  structure  which  is 
embedded  between  a  400  nm  buffer  and  a  50-100  nm 
cap  layer  of  Si.  Single  QW  (SQW)  and  double  QW 
(DQW)  assign  periodically  repeated  SiGeC/Si  and 
SiGeC/SiC/Si  layer  sequences,  respectively.  For  PL 
measurements,  the  samples  are  excited  by  a  476  nm 
laser  beam  at  0.3  W/cm^  power  density.  They  are 
mounted  on  a  cold-finger  {T  =  8  K)  within  a  He- 
flow  cryostat.  PL  spectra  are  detected  by  a  single¬ 
grating  spectrometer  equipped  with  a  cooled  Ge 
detector  in  a  standard  lock-in  technique. 

MQW  structures  of  about  0.5  pm  thickness 
allow  a  very  precise  analysis  of  layer  widths  and  Ge 
or  C  content  by  two-crystal  high-resolution  X-ray 
diffraction  (XRD).  Fig.  1  shows  rocking  curves  of 
the  zeroth-  and  first-order  superlattice  (SL)  (0  0  4) 
reflection  of  different  types  of  MQW  structures 
with  a  period  of  about  240  A  as  indicated  in  the 
figure.  For  a  33  A  Sio. 986^0.014/210  A  Si  MQW 
structure,  a  larger  zeroth-order  diffraction  angle 
compared  to  the  Si  substrate  indicates  tensile 


Fig.  1.  High-resolution  two-crystal  X-ray  diffraction  curves  of 
the  (0  0  4)  reflection  from  different  multiple  QW  structures  as 
indicated  in  the  figure. 
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biaxial  strain  s  =  0.50%  within  the  alloy  layers. 
Compressive  strain  e  =  —  0.64%  is  observed  for 
40  A  Sio.84Geo.i6  QWs.  The  zeroth-order  XRD 
peak  of  the  Sio.824Geo.i 5^0.0 le/Si  structure  is  shif¬ 
ted  towards  Si  and  indicates  nearly  complete  strain 
compensation.  A  similar  shift  is  observed  for  a  40  A 
Sio.84Geo.i6/33  A  Sio.988Co.oi2/l'70  A  Si  structure. 
The  reduced  average  strain  analyzed  by  XRD  is 
attributed  to  a  partial  strain  symmetrization  with 
compressive  and  tensile  strain  in  neighbouring 
layers.  C  alloying  results  in  a  nearly  vanishing  aver¬ 
age  strain  for  ^a  40  A  Sio.83iGeo.i6Co.oo9/33  A 
Sio.ogCo. 01/170  A  Si  structure.  The  zeroth-order  SL 
peak  coincides  with  the  substrate  peak  and  the 
weak  first-order  SL  peaks  are  symmetrical  to 
A0  =  0"  (downmost  curve  in  Fig.  1).  Strain  com¬ 
pensation  in  SiGeC  and/or  strain  symmetrization 
in  neighboring  SiGe(C)/SiC  layers  should  allow 
pseudomorphic  growth  of  MQW  and  superlattice 
(SL)  structures  of  large  total  thickness  without  lat¬ 
tice  relaxation.  TEM  investigations  show  a  high 
crystal  quality  of  the  different  types  of  MQW  struc¬ 
tures  without  extended  defects  or  SiC  precipitates. 
As  an  example,  Fig.  2a  and  b  represent  moderate 
and  high-resolution  TEM  cross-sectional  images  of 
a  40  A  Sio.84Geo.i6/33  A  Sio.988Co.oi 2/170  A  Si 
MQW  structure.  The  TEM  condiditons  realized 
especially  in  Fig.  2b  allow  a  clear  distinction  of  the 
neighboring  Sio.84Geo.i6  and  Sio.988Co.012  alloy 
layers  of  opposite  strain.  A  good  layer  homogeneity 
and  interface  quality  are  observed  in  all  structures. 

A  PL  spectrum  from  a  30-period  (52  A 
Sio.99Co.01/i56  A  Si)  MQW  structure  shown  in 
Fig.  3  reveals  similar  features  as  known  from 
Sii  -xGe^  QWs  for  x  <  20%.  A  no-phonon  PL  line 
(QW-NP)  and  its  Si-like  TO  phonon  replica  line 
(QW-TO)  as  well  as  weaker  TA  and  TO  plus 
F  phonon  replica  lines  are  observed  at  energies 
below  the  Si-TO  phonon  line  originating  from  the 
Si  layers  (Si-TO).  All  these  lines  related  to  Sii  -yCy 
layers  shift  linearly  down  in  energy  with  increasing 
C  content  by  AE  =  —  yx5.7  eV.  The  PL  lines  shift 
to  45  meV  higher  energy  for  decreasing  the 
Sio.99Co.01  layer  width  from  110  to  11  A  (see  inset 
of  Fig.  3).  Both  results  prove  that  photoexcited 
carriers  are  localized  to  quantum-confined  sub¬ 
band  levels  formed  within  the  Sii-^Cv  A  detailed 
PL  study  and  deformation  potential  calculations 


(a) 

1000  A 

t  [001] 


Fig.  2.  Cross-sectional  TEM  micrographs  with  moderate  (a) 
and  high  resolution  (b)  of  a  25-period  40  A  Sio.84Geo,i6/33  A 
Sio.988Co.oi 2/1 70  A  Si  DQW  structure  on  (0  0  1)  Si. 


for  the  conduction  (CB)  and  valence  band  edge 
(VB)  energies  in  strained  Si  give  evidence  that 
the  twofold  degenerate  A(2)  electron  states 
(m  =  0.92  mo)  oriented  in  growth  direction  are 
strongly  and  light  hole  (Ih)  states  are  weakly  con¬ 
fined  to  the  Sii_yC^.  layers  [8].  Fig.  4a  shows  the 
band  edge  shifts  which  are  calculated  using  a  simple 
Si  deformation  potential  approach.  We  neglect  in¬ 
trinsic  effects  of  C,  but  we  regard  only  the  influence 
of  built-in  biaxial  strain  £  =  0.35y  in  Sii  -^C^  on  Si. 
Tensile  strain  splits  and  shifts  electronic  levels.  A(2) 
states  are  strongly  decreasing  and  Ih  states  are 
slightly  increasing  in  energy.  They  form  the  band 
edges  and  the  observed  low-temperature  PL  is  at¬ 
tributed  to  spatially  direct  (type-I)  transitions  be¬ 
tween  these  levels  within  Sii_^Cj,.  The  band  gap 
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Fig.  3.  PL  spectrum  observed  from  52  A  Sio.99Co.01  QWs  at 
T  =  8  K.  The  PL  lines  observed  originate  from  bulk  Si  (Si-TO) 
and  from  the  alloy  layers  (QW-TO,  QW-NP).  The  inset  shows 
the  NP  PL  energy  depending  on  Si0.99C0.01  layer  width.  The 
solid  line  represents  Kronig-Penney  model  calculations  for  elec¬ 
trons  =  0.92mo  confined  by  AFcb  =  —  65  meV. 


0  2  4  6  8  10  120  2  4  6  8  10  12 
C  CONTENT  y  (%) 

Fig.  4.  Calculated  band  edge  energies  in  strained  Sii-^Cy  (a) 
and  (Sio.7Geo.3)i -yCy  (b)  on  (0  0  1)  Si  using  a  deformation  po¬ 
tential  approach.  The  energy  shifts  caused  by  strain  and  the 
band  offsets  due  to  Ge  are  taken  into  account.  Any  intrinsic 
influence  of  C  is  neglected. 


reduction  in  Sii-j,Cj,/Si  deduced  from  PL 
AL  =  —  yx6.5  eV  (including  corrections  for  con¬ 
finement  shifts)  is  mainly  attributed  to  strain  effects. 
The  intrinsic  band  gap  of  Sii_j,Cj,  decreases  by 
about  ALg  =  —  y  X  1.5  eV.  This  qualitatively 
agrees  with  tight  binding  model  calculations  con¬ 
sidering  microscopic  relaxation  of  the  Si-Si  and 
Si-C  bond  lengths  in  unstrained  Sii  ^yCy  alloys  [9]. 


Fig.  5.  Low  temperature  PL  spectra  of  25-period  multiple  layer 
structures  containing  SQWs  and  DQWs  in  an  Si  matrix. 
Sio.84Geo.i6  8.nd  Sio.84Geo.  1  are  40 A,  Sii_j,Cj,  layers  are 
33  A  in  width.  The  compositions  are  written  in  the  figure.  The 
excitonic  no-phonon  and  TO-phonon  PL  lines  originating  from 
alloy  layers  are  marked  by  QW-NP  and  QW-TO,  respectively. 


Recent  studies  on  Sii_;cGe;c/Si  QWs  {x  <  38%) 
have  verified  type  I  PL  transitions  of  A(4)  and 
heavy  hole  (hh)  states  localized  within  SiGe  [10], 
Starting  from  such  a  band  alignment,  as  given  in 
Fig.  4b  for  x  =  30%  (at  y  =  0%),  the  strain-me¬ 
diated  influence  of  C  on  the  SiGeC  band  edges  is 
different  from  Sii-^C^,.  Compensation  of  strain  in¬ 
duced  by  Ge  and  C  reduces  level  splitting  and 
opens  the  band  gap  by  about  AE  =  y  x  3.8  eV.  At 
a  C  content  y  =  x/S.2,  Sii-^^-^^Ge^cCy  layers  are 
lattice  matched  to  Si  (e  =  0).  A  as  well  as  Ih  and  hh 
states  should  recover  degeneracy.  PL  spectra  from 
40  A  Sio.84Creo.i65  40  A  Sio.832Creo. 16^0.008 
33  A  Sio.986Co.oi4  SQWs  are  given  in  the  lower 
part  of  Fig.  5,  for  comparison.  The  PL  lines  from 
Sio.832Geo.i6Co.008  are  about  20  meV  higher  in 
energy  than  the  Sio.84Geo.i6  PL.  The  observed  PL 
blueshift  with  C  alloying  ALsiCec  =  y  x  2.4  eV 
agrees  well  with  earlier  results  of  Amour  et  al.  [1 1]. 
All  three  SQWs  emit  NP  and  TO  PL  lines  of 
comparable  intensity.  They  are  attributed  to  spa¬ 
tially  direct  transitions  of  excitons  confined  to  the 
alloy  layers. 
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The  PL  observed  from  DQW  structures  with 
Sio.84Geo.i6(C3;)  and  Sio.988Co.012  layers  in  close 
proximity  (see  Fig.  2)  reveal  a  different  type  of 
transition  [12],  The  PL  energy  in  DQWs  is  lower 
than  in  all  reference  SQWs  and  depends  on  the  Ge 
and  C  content  of  both  layers  (upper  part  in  Fig.  5). 
The  NP  line  is  strongly  enhanced  in  intensity  com¬ 
pared  to  its  TO  replica  and  to  SQW  PL  lines. 
A  40%  intensity  drop  caused  by  separating  the 
Sio.84Geo.i6  and  Sio.988Co.oi2  layers  by  a  thin  4  A 
Si  layer  indicates  the  spatially  indirect  nature  of  PL 
from  these  novel  DQW  structures.  A(2)  electrons 
confined  to  the  Sio.988Co.012  and  hh  states  localized 
within  the  Sio.84Geo.i6  QWs  emit  strong  no¬ 
phonon  PL.  The  integrated  intensity  of  DQW  PL 
increases  exponentially  for  decreasing  layer  widths 
dsiGe  =  1 -2^810  as  shown  in  Fig.  6.  The  NP  line  is 
neglegibly  weak  in  DQWs  of  66  A  width,  but  at 
a  width  of  23  A  it  is  much  stronger  than  the  Si-TO 
line  from  all  thick  Si  layers  at  the  same  energy 
£  =  1.10  eV.  This  enhancement  of  PL  concomitant 
with  the  PL  energy  shift  is  well  described  by  model 
calculations  of  the  confined  band  edge  states  and 


ENERGY  (eV) 

Fig.  6.  PL  spectra  from  Si0.84Ge0.i6/Si0.988C0.012  DQW  struc¬ 
tures  with  varied  layer  widths  ^fsioe  =  1  ^t/sic  in  Si.  The  spectra 
are  plotted  on  the  same  intensity  scale  with  offsets  for  clarity. 


the  squared  overlap  integral  of  wave  functions.  This 
overlap  dominates  the  transition  rate  of  spatially 
indirect  PL  from  coupled  DQWs  [12]. 

These  experimental  results  promise  further  im¬ 
provements  in  the  optical  properties  of  group-IV 
alloys  using  such  DQW  or  SL  structures.  The  en¬ 
hanced  NP  PL  intensity  indicates  a  strong  mixing 
of  A(2)  and  F  electron  states  which  might  be  further 
improved  in  structures  with  larger  Ge  and  C  con¬ 
tents.  Such  structures  with  deep  QWs  for  electrons 
and  holes  promise  efficient  capture,  localization 
and  luminescence  emission  of  excited  carriers  and 
they  offer  an  easier  access  to  transition  energies  in 
the  infrared  wavelength  range  down  to  1.55  pm. 
The  energy  and  the  efficiency  of  optical  emission 
and  absorption  can  be  tuned  by  the  composition, 
width  and  spatial  distance  of  different  alloy  layers. 
From  a  technological  point  of  view,  the  compensa¬ 
tion  or  symmetrization  of  strain  in  SiGeC/Si, 
SiGe/SiC  and  SiGeC/SiC  SLs  and  the  resulting 
release  of  critical  thickness  limitations  are  very  im¬ 
portant.  They  should  enable  structures  thick 
enough  for  waveguide  or  infrared  detector  applica¬ 
tions. 

Studying  coupled  SiGeC/SiC  layers  of  a  ternary 
alloy  system  also  allows  fundamental  investigations 
of  the  CB  and  VB  offsets  in  Sii_j,Cj,  or  SiGeC 
layers  on  Si,  respectively.  When  the  hh  level,  for 
example,  is  used  as  a  fixed  energy  reference  in  the 
Sio.84Geo.i6  layer,  the  PL  energy  shift  observed  for 
increasing  the  C  content  of  the  neighbouring 
Sii-j^Cy  layer  directly  reflects  the  lowering  of  the 
A(2)  electron  state  energy.  The  trend  of  the  PL  shift 
observed  from  40  A  Sio.84Geo.i6/33  A  Sii-^^Cj, 
DQWs  for  y  >  0.8%  nearly  matches  that  of  iso¬ 
lated  Sii -yCy  SQWs  representing  the  shift  of  CB  as 
well  as  VB  levels,  as  shown  in  Fig.  7.  This  confirms 
qualitatively  that  the  main  part  of  band  edge  shifts 
in  Sii_yCj,/Si  heterostructures  is  in  the  CB. 

For  a  fixed  A(2)  level  in  Sii_j,Cy,  additional 
C  alloying  of  the  SiGe  layers  results  in  a  decreasing 
PL  energy.  This  implies  an  increase  of  the  SiGeC/Si 
VB  offset  with  C  alloying.  It  is  in  disagreement  with 
capacitance  voltage  measurements  indicating  a  re¬ 
duced  VB  offset  [13].  Confinement  energy  shifts 
caused  by  different  potential  barrier  heights, 
a  modified  excitonic  binding  in  DQWs,  sample 
inhomogeneities  and  impurities  may  influence  the 
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Fig.  7.  Energy  of  the  no-phonon  PL  line  observed  from  Sii  ^yCy 
and  Sio.84Geo.i6Cj.  SQW  and  from  Sio.84Geo.i6/Si1 -j,Cj,  and 
Sio.84Geo.i6Cj./Si,_j,-Cj.-  DQW  structures  versus  C  content  y. 
Layers  with  {.v  =  16%)  and  without  Ge  are  40  and  33  A  in  width, 
respectively. 

observed  PL  energy  shifts  plotted  in  Fig.  7.  Never¬ 
theless,  we  believe  that  comparison  of  similar  struc¬ 
tures  with  just  the  C  content  varied  gives 
a  reasonable  qualitative  insight  into  the  band  of¬ 
fsets  in  different  SiGeC/Si  heterostructures. 

The  band  gap  of  alloys  with  type-I  band  align¬ 
ment  is  analyzed  more  reliably  by  PL  from  SQWs. 
Eg  is  plotted  versus  lattice  constant  aL  for  Sii  ~yCy, 
Sii-jcGe^,  and  (Sio.84Geo.i6)i-j,Cy  alloys  in  Fig.  8. 
The  A(4)-hh  band  gap  in  strained  and  unstrained 
Sii-;^Ge;,  was  extensively  investigated  in  recent 
years.  The  PL  results  from  strained  Sii -yCy  SQWs 
on  Si  reveal  a  shift  of  —  y  x  6.5  eV  from  which  an 
intrinsic  band  gap  of  about  Eg{Sii-yCy)  = 
£g(Si)  —  y  X  1.5  eV  is  deduced  applying  Si  deforma¬ 
tion  potential  calculations.  In  the  representation 
Eg  versus  Ul  in  Fig.  8,  Sii  -yCy  behaves  similar  to 
Sii_j,Gej,.  It  should  be  noted,  however,  that  the 
band  gap  as  well  as  the  lattice  constant  vary  much 
stronger  with  C  than  with  Ge  alloying.  Starting 
with  a  strained  40  A  Sio. 84^60. 16  layer,  the  band 
gap  opens  by  about  y  x  2.4  eV.  This  extrapolates  to 
a  band  gap  about  100  meV  below  that  of  Si  for 
a  Sio.82Creo.i6Co. 02  alloy  which  is  lattice  matched 
to  Si.  Exactly  the  same  energy  is  estimated  by 


Fig.  8.  Band  gap  in  Sii-yC^,  Sii_,cGe^.  and  Sii _,(„j.Ge;cCj,  ver¬ 
sus  intrinsic  lattice  constant.  The  PL  results  from  strained 
Sii  -yCy  pseudomorphically  grown  on  Si  (0  0  1)  are  sketched  by 
a  dashed  line.  The  band  gap  in  unstrained  Sii_j.Cj,  is  deduced 
from  PL  considering  deformation  potential  calculations  (solid 
line).  SiGe  data  are  taken  from  literature. 

assuming  the  same  intrinsic  band  gap  shift 
E0((Sio.84Creo.i6)i -i^Cj,)  =  E^(Sio.84Creo.i6)  ~  ^(1-5 
eV)  in  Si  and  Sio.84Ceo.i6  (thin  solid  line  in  Fig.  8). 
This  seems  to  be  reasonable  for  the  Si-like  A  elec¬ 
tron  valleys  in  a  dilute  Sii  -^Ge^.  and  we  get  a  con¬ 
sistent  picture  of  the  Sii-;^,C^  and  Si^-x-yG^x^y 
band  gaps  within  the  studied  composition  range 
X  <  20%  and  y  <  2%.  PL  was  observed  from  thin 
11  A  Sii_;j,C^  QWs  with  y  up  to  6.4%  [7].  The 
influence  of  band  gap  energy,  strain,  quantum  con¬ 
finement,  and  layer  quality  at  large  y  on  the  PL 
energy  observed  is  yet  not  clarified. 

Besides  novel  structures  for  optical  applications, 
the  strong  influence  of  C  on  CB  energy  and  the 
(partial)  compensation  of  strain  in  SiGeC/Si  het¬ 
erostructures  imply  several  new  electronic  struc¬ 
tures.  The  fundamental  transport  properties  of 
C  alloys  are  studied  on  0.5  pm  thick  pseudomor- 
phic  Siy^yCy  layers  on  Si  which  were  homogene¬ 
ously  doped  by  P  (n  =  2xl0^^  cm“^)  or 
B  (p- IxlO'^cm-^  at  T  -  300  K)  [14].  For 
a  C  content  y  =  0.4%,  the  electron  and  hole  Hall 
mobilities  =  600  cm^/V-s  and  Ph  =  180 
cm^V-s  measured  in  Van  der  Pauw  geometry  at 
T  =  300  K  reach  nearly  the  values  observed  from 
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MBE-grown  Si  reference  samples.  The  mobility 
seems  to  be  limited  by  scattering  of  charged  dopant 
impurities,  although  the  concentration  of  C  exceeds 
that  of  P  or  B  dopants  by  about  3  orders  of  magni¬ 
tude.  S\i-yCy  alloys  represent  a  semiconductor  ma¬ 
terial  system  which  can  be  grown  in  high  quality 
and  whose  fundamental  properties  (i.e.  a  large  CB 
offset  and  a  small  in-plane  mass  mA(2)  =  0.2mo) 
promise  novel  n  modulation-doped  Sii-j,Cy/Si 
structures  with  improved  performance  and  without 
the  need  of  thick  relaxed  buffer  layers  [15].  At  low 
temperatures  T  <  100  K,  however,  an  enhanced 
freeze-out  of  carriers  is  observed  in  Sii-yCy.  This 
may  indicate  localization  of  carriers  at  local  fluctu¬ 
ations  in  the  alloy  composition.  The  Hall  mobilities 
at  low  temperatures  are  considerably  higher  in 
Sii_3;Cy  layers  with  low  y  than  in  Si  [14,  15].  This 
may  indicate  enhanced  mobilities  which  are  ex¬ 
pected  for  tensily  strained  Si  due  to  smaller  effective 
masses  and  reduced  intervalley  scattering  rates 
[16-18].  An  optimized  layer  and  interface  quality  is 
required  to  rule  out  experimentally  the  merit  of 
strain,  the  influence  of  C  alloy  scattering  and  the 
potential  of  Sii-j,Cj;/Si  for  MOS  and  MODFET 
devices. 

In  a  different  approach,  C  is  used  for  strain 
reduction  in  Ge-rich  SiGeC/Si  structures  to  reduce 
the  lattice  mismatch.  This  increases  the  critical 
thickness  for  strain  relaxation.  An  improved  ther¬ 
mal  stability  of  7  A  Geo.964Co.036  layers  compared 
to  Ge  during  thermal  anneals  at  temperatures  up  to 
750°C  was  demonstrated  by  XRD  studies  [19].  The 
Hall  mobility  at  T  =  300  K  and  77  K  in  80  A 
Sii-xGoJSi  modulation  doped  p-channels  grown 
at  Ts  =  520°C  is  shown  in  Fig.  9.  A  degradation  of 
the  mobility  is  observed  for  a  Ge  content  x  >  40%. 
This  is  attributed  to  the  strain  relaxation  and 
roughening  of  Sii-^^Ge^,  layers.  Substitutional  in¬ 
corporation  of  C  reduces  strain  from  a  =  2  to  1.3% 
in  a  Sio.49Geo.49Co. 02  layer.  The  recovery  of  the 
mobility  (2750)cmVV'S  measured  at 

T  =  300  K  (77  K)  is  attributed  to  an  increased  criti¬ 
cal  thickness  >  80  A  for  strain  relaxation  in 
Sio.49Geo.49Co. 02-  Very  high  hole  mobilities  are 
expected  for  strained  Ge  layers  on  Si  [20].  No 
significant  degradation  of  mobility  by  dilute 
C  alloying  but  an  improvement  in  layer  stability  is 
observed.  This  fact  is  an  important  step  towards 


Fig.  9.  Hall  mobility  of  holes  in  modulation  doped  80  A 
Sii-.^Ge..^  layers  with  varied  x  and  in  a  Sio.49Geo.49Co. 02  layer 
measured  in  Van-der-Pauw  geometry  at  T  =  300  K  and  77  K. 


high  mobility  p-channels  in  pseudomorphic 
Gei_j,C,,/Si  structures. 

In  summary,  we  have  described  the  structural, 
optical  and  electrical  properties  of  high  quality 
Sii_j,C3,  and  Sij  _^_j,Ge^Cy  alloy  layers 
pseudomorphically  grown  on  Si  by  MBE.  Tensile 
strain  e  =  0.35y  and  a  resulting  strong  lowering  of 
the  A(2)  CB  states  are  the  main  features  of 
Sii_j;C^,/Si  heterostructures.  The  band  gap  reduc¬ 
tion  is  of  about  —  y  x  6.5  eV  for  y  <  2%.  In  40  A 
Sio.84Ceo.i6Cy  QWs  the  band  gap  increases 
by  about  y  x  2.4  eV  which  is  mainly  due  to 
strain  compensation  e  =  —  0.04x  -h  0.35y.  The 
intrinsic  band  gap  decreases  with  C  alloying 
by  about  —  y  x  1.5  eV.  A  similar  shape  of  PL 
with  comparable  no-phonon  and  TO  phonon 
line  intensity  supports  a  type-I  band  alignment 
for  Sio.84Ceo.i6!  Sii-yCy,  and  Sio.83Ceo.i6Co.008 
QWs.  Coupled  Sii-^-y  Ge^Cy/Sii  _yCy  QWs 
reveal  strongly  enhanced  no-phonon  PL  lines 
originating  from  spatially  indirect  transitions 
of  A(2)  and  hh  levels  confined  to  the  Sii-yCy 
and  Sii-x-yGQx^y  QWs,  respectively.  Such  mul¬ 
tiple  layer  structures  offer  the  possibility  of  funda¬ 
mental  studies  on  band  alignments  depending  on 
composition.  Several  novel  optoelectronic  and  elec¬ 
tronic  structures  can  also  be  designed  with  much 
higher  flexibility  using  the  SiGeC  ternary  alloy 
system. 
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Abstract 

We  report  on  the  MBE  growth  and  X-ray  characterization  of  Sii -j,Cy/Sii-;cGe;c  superlattices  (SLs).  The  concentra¬ 
tions  and  thicknesses  of  the  layers  were  chosen  such  as  to  get  strain-symmetrized  superlattices,  lattice-matched  to  the  Si 
(0  0  1)  substrates.  In-situ  RHEED  investigations  showed  increasing  roughness  during  the  growth  of  the  Sii-^Cj,  layers 
and  a  smoothing  effect  of  the  subsequent  Sii_;cGe;c  layers.  Further  characterizations  comprised  double  and  triple  axis 
X-ray  diffraction,  X-ray  refraction  (XRR),  and  atomic  force  microscopy  (AFM).  Dynamical  simulations  of  the  various 
X-ray  configurations  yielded  the  structural  parameters  of  the  SLs  as  well  as  information  on  the  morphological  and 
replication  properties  of  the  interfaces.  With  increasing  carbon  content  we  found  an  overall  interface  roughening 
concomitant  with  a  significant  decrease  of  the  replication  length.  Lateral  correlation  length  fits  were  compared  with 
AFM-measurements,  which  give  a  more  detailed  picture  of  the  interface  morphology  as  long  as  the  replication  lengths 
are  large. 

PACS:  68.55.Bd;  68.65.  +  g;  68.35.Bs;  61.10.Lx 

Keywords:  MBE;  Silicon;  Germanium;  Carbon;  Superlattice;  Interface  roughness;  X-ray  defraction;  AFM 


The  search  for  higher  performance  levels  within 
a  silicon-dominated  world  of  electronic  circuits  has 
led  to  widespread  interest  in  heterostructures  based 
on  group-IV  semiconductors.  Besides  the  Si/SiGe 
heterobipolar  transistor,  which  is  at  the  very  brink 
of  commercial  availability  [1],  mobility  enhance¬ 
ment  by  modulation  doping  [2],  and  band-struc- 
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ture  engineering  for  optical  applications  [3]  are 
major  research  targets. 

Modulation  doped  n-  and  p-type  Si/SiGe  and 
Si/SiGe/Ge  heterostructures  with  drastically  in¬ 
creased  carrier  mobilities  have  been  reported  [4,  5]. 
For  proper  adjustment  of  the  strain-dependent 
band  offsets  [6]  concomitant  with  the  use  of  Si 
substrates,  strain-relaxed  Sii  -^^Ge^,  buffer  layers  are 
usually  introduced  between  the  substrate  and  the 
active  layers.  Although  very  successful  on  a  labor¬ 
atory  scale  [7],  control  of  the  buffer-mediated 
defect  densities,  and  especially  of  threading 
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dislocations,  might  become  a  problem  for  large- 
scale  integration.  The  substitutional  incorporation 
of  a  small  percentage  of  carbon  has  been  proposed 
as  an  alternative  means  of  strain  adjustment  [8,  9], 
which  might  allow  entirely  pseudomorphic  layer 
sequences:  Since  the  covalent  radius  of  Si  is  larger 
than  that  of  C,  but  smaller  than  the  one  of  Ge,  the 
coherent  heterosystem  allows  the 

realization  of  both  tensile  and  compressive  in-plane 
strains.  At  a  ratio  x/y  ~  8.5  the  Si  lattice  constant  is 
preserved.  If  this  ratio  is  maintained  on  the  average, 
strain  symmetrized  Sii  -yCy  /Sii  -^Ge^  superlattices 
(SL)  with  unlimited  overall  thickness  become  pos¬ 
sible,  provided  the  individual  layer  thicknesses  re¬ 
main  below  the  critical  thickness  for  the  generation 
of  misfit  dislocations  [10].  This  is  an  important 
feature  especially  for  optical  applications,  where 
large  enough  active  volumes  are  required. 

Despite  the  obvious  advantages  of  ternary 
Sii-;c-yGe,vCj,  compounds,  the  available  informa¬ 
tion  on  structural  and  electronic  properties  [11] 
are  quite  rudimentary,  as  yet.  Of  special  concern  is 
the  almost  negligible  solubility  limit  of  C  in  Si  and 
Ge,  concomitant  with  the  existence  of  stochiomet- 
ric  SiC.  This  necessitates  non-equilibrium  (low  tem¬ 
perature)  growth  techniques  for  the  realization  of 
useful  C  concentrations  in  the  low  percent  range 
[12].  Interface  morphology  is  another  important 
topic  for  any  kind  of  heterostructure,  especially  for 
lattice-mismatched  heterosystems,  where  built-in 
strain  can  have  a  strong  effect  on  the  morphology 
of  the  growth  front  [13].  In  the  following  we  will 
restrict  ourselves  to  an  investigation  of  the  interface 
roughness  and  replication  of  Sii  -yGy/Sii -xGQx  su¬ 
perlattices  grown  at  temperatures  between  400“C 
and  500  C  by  solid-source  MBE.  Because  of  the 
possible  interference  with  future  modulation  dop¬ 
ing  experiments,  no  surfactants  [14]  were  em¬ 
ployed  in  this  study. 

Growth  was  performed  in  a  two-chamber  Riber- 
SIVA45  MBE  machine  with  a  base  pressure  of 
10"^°mbar.  Three  electron  beam  evaporators  for 
Si,  Ge  and  C  are  employed,  which  are  feedback- 
controlled  by  a  common  quadrupole  mass  spec¬ 
trometer.  4"  Si(0  0  1)  substrates  with  a  miscut 
<  0.25^  were  suspended  in  all-silicon  mounts 
underneath  a  radiation  heater  made  of  pyrolitic 
graphite.  The  preparation  steps  comprised  thermal 


Table  1 

Growth  and  structural  parameters  of  the  ten-period 
Sii  -iG^ySii  -xGc;,  superlattice  samples;  compositions  and  layer 
thicknesses  are  derived  from  X-ray  rocking  curves;  is  the 
substrate  temperature  during  the  SL  growth 


Sample 

y  (%) 

X  (%) 

^sic  (A) 

^SiGe  (A) 

Ts  (°C) 

SG14 

0 

15 

165 

55 

410 

SGC18 

1 

16 

116 

57 

410 

SGC63 

1.4 

9.5 

87 

87 

500 

SGC21 

2 

15 

84 

95 

410 

SGC25 

2.5 

15 

76 

100 

410 

desorption  of  the  natural  oxide  at  900  C  and  the 
deposition  of  a  3000  A  thick  buffer  layer  at  1-2  A/s, 
which  was  grown  during  the  cool-down  ramp  to 
the  growth  temperature  of  the  subsequent  ten-peri¬ 
od  Sii-^Cj,/Sii--,,Ge;c  superlattice  (see  Table  1). 

In  a  series  of  five  samples  (Table  1)  the  carbon 
content  was  systematically  increased  from  0%  to 
2.5%,  whereas  the  Ge  content  was  kept  constant  at 
15%  (except  for  sample  SGC63  with  x  =  9.5%). 
With  increasing  carbon  content  the  thickness  of  the 
Sii  ^3,03,  layers  was  reduced  in  order  to  stay  within 
the  critical  thickness  limitation  for  the  individual 
layers.  The  thickness  of  the  Sii-^cGe^  layers  were 
adjusted  properly  in  order  to  maintain  strain  sym- 
metrization  [10]. 

The  surface  was  continuously  monitored  by  re¬ 
flection  high-energy  electron  diffraction  (RHEED), 
which  revealed  a  clear  (2x1)  reconstruction  during 
buffer  growth.  In  agreement  with  previous  reports 
[15],  deposition  of  the  Sii -3,03,  layers  led  consis¬ 
tently  to  a  spotty  RHEED  pattern,  which  recovered 
gradually  during  the  growth  of  the  subsequent 
Sii  -xGCx  layer.  Generally,  the  RHEED  pattern  be¬ 
came  more  spotty  with  increasing  number  of  peri¬ 
ods,  and  this  effect  was  more  pronounced  for 
y  >  1%.  Under  such  conditions  the  RHEED  pat¬ 
terns  after  the  tenth  period,  although  ending  with 
a  Sii--xGe;^  layer,  were  indicative  of  a  rough  (3D) 
surface. 

The  structural  properties  of  our  samples  were 
determined  by  high-resolution  X-ray  diffraction 
(HRXRD)  around  the  symmetric  (0  0  4)  reflex.  In 
Fig.  1  we  show  rocking  curves  with  increasing 
C  concentration.  The  overlap  of  the  zeroth  order 
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Fig.  1.  HRXRD  measurements  of  strain-compensated  super¬ 
lattices  with  different  carbon  contents  and  layer  thicknesses, 
lattice  matched  to  the  silicon  substrate.  Also  included  is  a  simu¬ 
lation  of  the  lowest  curve. 

SL  signal  with  the  substrate  peak  reveals  almost 
perfect  strain  symmetrization  for  the  samples  with 
y  >  0.  The  layer  thicknesses  and  compositions  in 
Table  1  were  deduced  from  dynamical  simulations 
that  were  fitted  to  the  rocking  curves.  As  an 
example,  such  a  fit  is  included  in  Fig.  1  for  sample 
SGC25.  In  addition,  reciprocal  space  maps  around 
the  (0  0  4)  and  (2  2  4)  reflex  were  recorded  to  make 
sure  that  the  SLs  are  fully  pseudomorphic.  These 
experiments  also  showed  that  possible  tilt  angles  of 
the  epi-layer  with  respect  to  the  substrate  are  very 
small  (below  1/1000  degree),  and  that  no  indication 
of  mosaicity  exists  in  the  samples. 

To  get  further  insight  into  the  properties  of  the 
interfaces,  XRR  experiments  were  carried  out  at  the 
OPTICS  beamline  at  ESRF  in  Grenoble,  and  at  the 
D4.1  beamline  at  Hasylab,  Hamburg.  For  a  concise 
characterization  different  geometries  were  utilized, 
which  are  schematically  illustrated  in  Fig.  2.  In 
a  first  configuration  the  intensity  of  the  specular 
peak  was  recorded  as  a  function  of  the  incidence 
angle  (co-20  scan).  This  scan  is  mainly  used  for 
deriving  the  overall  root  mean  square  (RMS) 


(004) 


Fig.  2.  The  different  XRR  scan  modes  employed  for  the  extrac¬ 
tion  of  the  lateral  and  vertical  correlation  length  are  schemati¬ 
cally  depicted  in  reciprocal  space  as  bold  arrows.  Black  dots 
mark  the  SL  peaks  in  (0  0  1)  growth  direction,  and  the  elon¬ 
gated,  shaded  areas  adjacent  to  each  peak  are  due  to  diffuse 
scattering.  The  Laue  zones  are  not  accessible  experimentally  in 
this  regime. 

roughness  of  the  SL  interfaces  [16,  17].  In  an¬ 
other  mode,  the  diffusely  scattered  intensity  was 
measured,  which  is  sensitive  to  the  vertical  and 
in-plane  correlation  of  the  interface  morphology. 
The  vertical  correlation  length  represents  the 
replication  of  the  interface  morphology  along  the 
growth  direction  and  is  derived  from  non-specular 
Id  scans,  where  the  incidence  angle  w  is  kept  con¬ 
stant.  Pure  09  scans  yield  the  in-plane  correlation 
length  Ap,  as  well  as  an  RMS  roughness  Gener¬ 
ally,  (7s  and  (7d  are  not  identical,  because  the  overall 
interface  roughness  can  have  contributions  from 
the  pure  morphology  and  from  interdiffusion  of  the 
alloys  across  the  interface.  The  specular  reflex  (cTs)  is 
sensitive  to  both  effects,  whereas  diffuse  scattering 
is  not  affected  by  interdiffusion.  Hence,  is  ex¬ 
pected  to  be  representative  of  the  interface  morpho¬ 
logy,  and  should  therefore  be  better  suited  for 
a  comparison  with  atomic  force  micrographs. 
Fig.  3  shows  XRR  spectra  and  simulation  curves  of 
sample  SGC25  in  these  three  scan  configurations. 
The  upper  panel  depicts  the  specular  o9-20  scan, 
which  reveals  several  orders  of  SL  reflexes.  Their 
spacing  depends  on  layer  thicknesses  and  composi¬ 
tions  similar  to  the  diffraction  curves  in  Fig.  1.  The 
attenuation  of  these  peaks  with  increasing  order  is 
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a  measure  of  which  is  deduced  from  the  fits.  In 
the  center  frame  a  diffuse  26  scan  is  shown,  which 
consists  of  a  sharp  peak  (specular  reflex  with 
CO  =  0),  and  a  number  of  smaller  side  maxima  re- 


Fig.  3.  (i)-20  scan,  20  scan,  and  co  scan  of  sample  SGC25.  Both 
measured  (points)  and  simulated  (lines)  curves  are  shown,  which 
are  off-set  for  reasons  of  clarity. 


suiting  from  resonant  diffuse  scattering  (RDS).  The 
latter  is  caused  by  the  correlation  of  the  roughness 
profiles  of  different  interfaces.  The  replication 
length  Tn  is  deduced  from  fits  to  the  shape  of  the 
RDS  peaks,  employing  a  distorted-wave  Born  ap¬ 
proximation  (DWBA)  as  described  elsewhere 
[18, 19].  Since  the  height  of  the  RDS  peaks  is  also 
affected  by  other  irregularities  of  the  superlattice 
the  fitted  values  listed  in  Table  2  should  rather  be 
read  as  a  lower  limit  for  A„.  Finally,  the  lowest 
frame  in  Fig.  3  shows  co  scans  through  the  two 
labeled  peaks  seen  in  the  (d-26  scan,  and  the  fitted 
simulation  curves  for  the  extraction  of  and 
Because  of  problems  with  the  calibration  of  the 
primary  intensity,  the  error  margins  of  the  in-plane 
correlation  lengths  are  rather  large.  A  compilation  of 
the  interface  parameters  for  two  representative  sam¬ 
ples  with  y  =  1.4%  and  2.5%  are  listed  in  Table  2. 

The  most  striking  result  of  the  XRR  experiments 
is  a  systematic  decrease  of  the  replication  length  as 
y  is  increased.  We  get  A^  values  of  1200,  500  and 
300  A  for  carbon  concentrations  of  <  1.5%,  2% 
and  2.5%,  respectively.  Thus,  while  the  A^^  values  at 
y  <  1.5%  are  comparable  to  the  thickness  of  the 
SL,  a  replication  of  the  interface  roughness  is  sup¬ 
pressed  after  less  than  two  periods  at  y  =  2.5%.  In 
connection  with  the  aforementioned  RHEED  ob¬ 
servations  these  results  lead  to  the  conclusion  that 
the  pronounced  vertical  replication  found  by  sev¬ 
eral  groups  in  Si/Sii-^cGe^  SLs  [20,  21]  is  strongly 
disturbed  in  the  presence  of  carbon-containing  in¬ 
terlayers.  Higher  y,  which  enhance  roughening  of 
the  Sii  -3,Cj,  layers  according  to  RHEED,  are  obvi¬ 
ously  more  effective  in  screening  the  replication 
process  between  subsequent  Sii_;cGe;c  layers. 

The  reduction  of  A^  with  increasing  y  is  accom¬ 
panied  by  an  overall  increase  of  the  interface 
roughness.  The  respective  RHEED  results  are 
quantitatively  confirmed  by  the  <t  values  derived 


Table  2 

Interface  parameters  of  two  representative  samples  obtained  by  fits  to  the  XRR  measurements,  and  RMS  roughness  obtained  by  AFM 
measurements  at  the  SL  surface 


Sample 

y(%) 

An  (A) 

A,  (A) 

o-s(A) 

(A) 

o'afm  (A) 

SGC63 

1.4 

1200  ±  500 

1900  +  100 

9±2 

4±  1 

4  +  2 

SGC25 

2.5 

300  ±  100 

2000  ±  1000 

7±  1 

7  +  2 

10  ±2 
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4  3  2  1  0 


jum 

Fig.  4.  AFM  image  of  sample  SGC63  containing  hillock-like 
features  superimposed  on  a  short-length  graininess. 


from  the  XRR  measurements,  which  yield  a  factor 
of  two  increase  when  y  is  increased  from  1.4%  to 
2.5%  (Table  2).  But  still,  the  fitted  RMS  roughness 
values  of  less  than  10  A  appear  rather  small  regard¬ 
ing  the  3D  appearance  of  the  RHEED  pattern  at 
y  =  2.5%.  We  therefore  performed  AFM  measure¬ 
ments  at  the  surfaces  of  the  two  SLs  listed  in 
Table  2.  Since  the  morphology  of  the  topmost 
Sij-^cGe^c  surface  is  probed,  reasonable  agreement 
between  AFM  and  XRR  RMS  roughnesses  is  only 
to  be  expected  for  sample  SGC63  (y  =  1.4%)  with 
a  replication  length  comparable  to  the  thickness  of 
the  SL.  In  the  case  of  sample  SGC25  (x  =  2.5%), 
Cafm  is  expected  to  be  larger  than  ctj,  since  the  XRR 
measurements  average  over  all  interfaces,  with  the 
lower-lying  periods  being  smoother  according  to 
RHEED  observations.  In  fact,  we  find  good  agree¬ 
ment  between  (Tafm  ai^d  for  SGC63,  but  a  signifi¬ 
cantly  (30%)  higher  AFM  roughness  for  SGC25. 

Although  restricted  to  the  topmost  layer,  AFM 
yields  additional  information,  because  it  provides 
a  quantitative  image  of  a  several  thousand  pm^ 
large  portion  of  the  surface.  Fig.  4  shows  an  AFM 
image  of  sample  SGC63,  which  clearly  reveals 
a  hillock-like  structure  with  lateral  spacing  on  the 


order  of  l-pm,  which  is  superimposed  on  a  short- 
range  graininess  with  a  length  scale  of  a  few 
hundred  to  1000  A.  In  contrast,  the  XRR  measure¬ 
ments  yielded  a  value  of  just  about  2000  A  for 
this  sample.  This  means  that  the  hillock  feature  is 
outside  the  sensitivity  window  of  XRR,  which  is 
basically  determined  by  the  divergence  of  the  be¬ 
amline.  In  addition,  the  AFM  line  scans  can  also 
reconcile  the  3D  RHEED  patterns  with  the  surpris¬ 
ingly  small  RMS  roughnesses:  Due  to  the  large 
average  spacing  of  the  hillock  features,  modulation 
heights  are  on  the  order  of  20  A,  which  is  sufficient 
to  explain  the  RHEED  observations,  but  still  yields 
an  RMS  roughness  of  a  mere  4  A. 

Even  larger  amplitudes  are  observed  in  the 
y  =  2.5%  sample  (SGC25),  which,  however,  lacked 
the  long-range  hillock  features.  In  this  sample  we 
just  found  a  short-range  graininess,  the  length  scale 
of  which  might  be  just  within  the  error  margins 
given  for  Ap. 

In  either  case,  the  RMS  roughnesses  determined 
by  XRR  have  to  be  treated  with  care,  since  they  are 
not  easily  comparable  to  each  other  as  long  as  the 
lateral  correlation  of  a  surface  or  interface  is  not 
well  characterized.  Also,  it  became  clear  that  the 
limited  length  scale  on  which  meaningful  lateral 
correlation  lengths  can  be  derived  from  XRR 
measurements  may  require  additional  techniques, 
such  as  AFM,  in  order  to  get  a  complete  picture. 

In  summary,  we  grew  a  series  of  strain-sym¬ 
metrized,  pseudomorphic  Sii-^.C^/Sii  -xGQx  super¬ 
lattices  with  varying  C  content  y,  and  characterized 
the  interface  properties  by  X-ray  techniques.  Upon 
increasing  the  carbon  content  from  0%  to  2.5%  the 
vertical  correlation  length  was  found  to  decrease 
from  a  value  comparable  to  the  total  thickness  of 
the  SL  to  a  value  comparable  to  a  single-period 
length.  Simultaneously,  the  RMS  roughness  in¬ 
creased  by  about  a  factor  of  two.  According  to 
AFM  measurements  the  roughening  is  concomi¬ 
tant  with  a  change  of  the  interface  morphology: 
With  increasing  carbon  content  long  range  fea¬ 
tures,  whieh  are  tentatively  attributed  to  strain  in¬ 
duced  growth  phenomena  at  the  Sii  surfaces, 
are  suppressed  by  the  Sii-j,C^  interlayers. 

Financial  support  by  the  FWF,  GMe,  and 
BMWVK  (Vienna),  and  the  opportunity  to  use 


464 


S.  Zerlauth  et  al  {Journal  of  Crystal  Growth  175! 176  (1997)  459-464 


the  OPTICS  beamline  in  Grenoble  and  the  D4.1 
beamline  at  Hasylab,  Hamburg,  are  gratefully 
acknowledged. 

References 

[1]  Review:  A.  Schiippen  and  H.  Dietrich,  J.  Crystal  Growth 
157  (1995)  207. 

[2]  Review:  F.  Schaffler,  Solid  State  Electron.  37  (1994)  765. 

[3]  Review:  H.  Presting,  H.  Kibbel,  M.  Jaros,  R.M.  Turton,  U. 
Menczigar,  G.  Abstreiter  and  H.G.  Grimmeiss,  J.  Vac.  Sci. 
Techno!  7  (1992)  1127. 

[4]  K.  Ismail,  M.  Arafa,  F.  Stern,  J.O.  Chu  and  B.S  Meyerson, 
Appl.  Phys.  Lett.  66  (1995)  842. 

[5]  U.  Konig  and  F.  Schaffler,  IEEE  Electron.  Dev.  Lett. 
EDL-14  0993)  205. 

[6]  G.  Abstreiter,  H.  Brugger,  T.  Wolf,  H.  Jorke  and  H.-J. 
Herzog,  Phys.  Rev.  Lett.  54  (1985)  2441. 

[7]  Y.J.  Mii,  Y.H.  Xie,  E.A.  Fitzgerald,  D.  Monroe,  F.A.  Thiel, 
B.E.  Weir  and  L.C.  Feldman,  Appl.  Phys.  Lett.  59  (1991) 
1611. 

[8]  K.  Ebeii,  S.S.  Iyer  and  F.K.  LeGoues,  Appl.  Phys.  Lett.  64 
(1994)  739. 


[9]  W.  Faschinger,  S.  Zerlauth,  G.  Bauer  and  L.  Palmetshofer, 
Appl.  Phys.  Lett.  67  (1995)  3933. 

[10]  E.  Kasper  and  F.  Schaffler,  in:  Semiconductors  and 
Semimetals,  Vol.  33,  Ed.  T.P.  Pearsall  (Academic  Press, 
Boston,  1990)  p.  241. 

[11]  S.C.  Jain,  H.J.  Osten,  B.  Dietrich  and  H.  Rucker, 
Semicond.  Sci.  Technol.  10  (1995)  1289. 

[12]  A.R.  Powell,  K.  Eberl,  F.E.  LeGoues,  B.A.  Ek  and  S.S.  Iyer, 
J.  Vac.  Sci.  Technol.  Bll  (1993)  1064. 

[13]  A.J.  Pidduck,  D.J.  Robbins,  A.G.  Cullis,  W.Y.  Leong  and 
A.M.  Pitt,  Thin  Solid  Films  222  (1992)  78. 

[14]  H.J.  Osten,  J.  Klatt,  G.  Lippert  and  E.  Bugiel,  J.  Appl. 
Phys.  74  (1993)  2507. 

[15]  P.O.  Pettersson,  C.C.  Ahn,  T.C.  McGill,  E.T.  Croke  and 
A.T.  Hunter,  Appl.  Phys.  Lett.  67  (1995)  2530. 

[16]  G.  Parrat,  Phys.  Rev.  95  (1964)  359. 

[17]  L.  Nevot  and  P.  Croce,  Rev.  Phys.  Appl.  15  (1980)  761. 

[18]  V.  Holy  and  T.  Baumbach,  Phys.  Rev.  B  49  (1994) 
10688. 

[19]  S.K.  Sinha,  E.B.  Sirota,  S.  Garoff  and  H.B.  Stanley,  Phys. 
Rev.  B  38  (1988)  2297. 

[20]  R.L.  Headrick,  J.-M.  Baribeau  and  Y.E.  Strausser,  Appl. 
Phys.  Lett.  66  (1995)  96. 

[21]  J.  Tersoff,  C.  Teichert  and  M.G.  Lagally,  Phys.  Rev.  Lett. 
76  (1996)  1675. 


ELSEVIER  Journal  of  Crystal  Growth  175/176  (1997)  465-468 


JOURNALOF 


CRYSTAL 

GROWTH 


Why  is  a  quantum-confined  Stark  shift  absent  in  type-I  strained 
Sii_^Ge_^/Si  symmetric  quantum  wells? 

Y.  Miyake^  J.Y.  Y.  Shiraki^  S.  Fukatsu®’* 

Department  of  Pure  and  Applied  Sciences,  The  University  ofTok\>o,  3-8-1  Komaha,  Meguro-ku,  Tokyo  153,  Japan 
^Research  Center  for  Advanced  Science  and  Technology’,  The  University  of  Tokyo,  4-6-1  Komaba,  Meguro-ku,  Tokyo  153,  Japan 


Abstract 

We  report  on  photoluminescence  studies  of  the  quantum-confined  Stark  effect  (QCS)  in  strained  Sii -^^Ge^^/Si  type-I 
quantum  wells  (QWs)  with  symmetric  confinement  potential  Application  of  a  weak  longitudinal  electric  field  leads  to  an 
upward  shift  of  the  free-exciton  peaks  due  to  a  field-driven  decrease  of  the  exciton  binding  energies  arising  from  the 
shallow  electron  confinement  of  SiGe  QWs.  The  existence  of  the  masked  QCS  has  been  separately  confirmed  by 
observing  prolonged  luminescence  decay  times  with  increasing  electric  field.  The  insertion  of  an  asymmetric  potential 
does  not  fully  restore  the  QCS  redshift,  indicating  that  an  enhancement  in  the  exciton  binding  energy  is  necessary  to 
establish  the  QCS  redshift. 

PACS:  71.70.Ej;  78.55.Hx;  78.65.  -  s;  68.55.Bd 

Keywords:  Strained  Sii -;,Ge;c/Si  quantum  wells;  Quantum-confined  Stark  effect;  Exciton  binding  energy;  Symmetric 
confinement  potential 


1.  Introduction 

Electrical  control  is  a  key  feature  in  tuning 
semiconductor-based  devices.  There  has  been  a 
surge  in  demand  for  developing  optoelectronic 
devices  utilizing  electrically  controlled  optical 
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phenomena  based  on  quantum  effects  [1-3].  It  is 
rather  established  that  application  of  a  DC  electric 
field  across  a  quantum-confined  exciton  leads  to 
distinct  electro-optic  effects  such  as  the  quantum- 
confined  Stark  effect  (QCS)  [2-4].  Purely  excitonic 
optical  modulation  by  DC  field  has  already  been 
demonstrated  for  GaAs/AlGaAs.  In  view  of  this, 
the  relatively  small  free-exciton  (FE)  binding  en¬ 
ergy,  in  GaAs,  ^5:^  4-8  meV  [4],  contrasts  well 
with  =  15-30  meV  of  type-I  SiGe  strained 
quantum  wells  (QWs)  [5].  A  large  indicates  that 
excitons  are  robust  against  the  electric  field,  and 
therefore  the  QCS  is  expected  to  be  more 
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pronounced.  However,  early  attempts  were  not  suc¬ 
cessful  in  identifying  the  QCS  for  “type-I  SiGe/Si 
QWs”  [6,  7].  Recently,  we  have  found  that  the 
QCS  is  masked  by  the  weakening  of  the  free 
exciton  under  an  electric  field  in  type-I  strained 
Sii  -^Ge^^ySi  symmetric  QWs  [5].  This  basic  limita¬ 
tion  on  the  QCS  in  SiGe-based  type-I  QWs  was 
shown  to  arise  from  the  shallow  confinement  of  the 
electrons. 

In  this  paper,  we  further  strengthen  this  observa¬ 
tion  by  detailed  experiments  and  discuss  the  possi¬ 
bility  that  the  QCS  redshifts  would  be  restored  by 
appropriate  QW  potential  tailoring. 

2.  Experimental  procedure 

Strained  Sii-:cGe;e/Si  (x  =  0.18)  type-I  QWs 
were  grown  by  gas-source  molecular  beam  epitaxy 
on  nominally  on-axis  p-type  Si(lOO)  at  840°C  using 
Si2H6  and  GeH4  [8].  The  experimental  setup 
for  CW  photoluminescence  (PL)  and  decay  time 
measurements  is  found  elsewhere  [9].  A  DC  longi¬ 
tudinal  electric  field  was  applied  along  the  quan¬ 
tization  axis  through  evaporated  Al  contacts  for 
biased  PL  using  an  Ar"**  ion  laser  (3  mW)  as  the 
excitation  source. 

To  justify  the  PL  approach  to  the  QCS,  it  should 
be  noted  that  the  QWs  are  made  of  an  indirect-gap 
material  and  the  absorption  measurements  are  not 
straightforward  in  identifying  the  QCS  due  to  their 
small  oscillator  strengths  unlike  direct  gap  mate¬ 
rials.  This  is  why  we  rely  on  relaxation  process,  i.e., 
PL,  rather  than  absorption  which  requires  much 
thicker  layers.  Besides  this,  the  SQW  is  appropriate 
since  a  multiple  QW  geometry  results  in  the  strong 
coupling  of  the  electron  wave  functions  and  the 
accumulated  strain  severely  affects  PL  properties. 


3.  Results  and  discussion 

As  reported  previously,  the  FE  peaks  in  weakly 
biased  PL  spectra  shift  towards  higher  energies 
with  increasing  electric  field,  F(kV/cm),  as  opposed 
to  the  quadratic  downward  shift  due  to  the  QCS, 
A£qcs(F)  oc  [5].  Such  field-driven  blueshifts 
were  observed  for  all  QWs.  Reproduced  in  Fig.  1 


Fig.  1.  PL  peak  shifts  AjEnp(F)  versus  F(kV/cm)  as  a  function  of 
L2  taken  at  23  K  under  an  excitation  power  of  3  mW.  Note  that 
AEf^p{F)  admits  a  minimum  at  intermediate  L^’s. 


are  the  F  dependence  of  the  no-phonon  peak  shifts, 
A£np(F),  for  various  L^.  Clearly,  the  magnitude  of 
A£np(^)  at  a  particular  F  value  admits  a  minimum 
at  intermediate  L/s,  i.e.,  the  signature  of  two- 
dimensionally  (2-D)  confined  FE  [5,  9]. 

To  a  good  approximation,  A£np(F)  = 
A£b(^)  +  A£qcs(F)  where  A£b(^)  is  the  field-driven 
shift  of  the  exciton  binding  energy,  E^,  i.e.,  the 
electrostatic  energy  of  the  electron-hole  pair. 
Theoretically,  A£b(^)  =  ^b(O)  —  E^iF)  >  0  and 
AE^{F)  oc  F^  for  a  type-I  symmetric  QW  [5]. 
A  more  pictorial  representation  is  that  the  electron 
and  hole  wave  functions  shift  in  opposite  directions 
under  F  to  give  an  elongated  exciton  orbit  and 
therefore  the  Coulomb  interaction  is  weakened. 

Since  AE^p{F)  >  0  and  A£qcs(F)  is  always  nega¬ 
tive,  it  turns  out  that  the  sign  of  A£np(£)  is  deter¬ 
mined  by  A£b(£)  while  A£b(£)  >  |A£qcs(£)|.  This 
scenario  was  confirmed  by  the  variational  calcu¬ 
lations  of  £b  as  functions  of  F  and  taking  ac¬ 
count  of  appropriate  A£np(£)  [5, 10].  We  found  an 
almost  perfect  agreement  between  the  calculation 
and  experiment,  and  the  2-D  confinement  as  ob¬ 
served  in  Fig.  1  was  well  accounted  for  by  the 
calculation. 

However,  further  consideration  is  obviously 
needed  to  justify  the  above  discussion  and  for  more 
correct  interpretation  of  PL  data.  First  of  all,  it  is 
imperative  to  note  that  the  band-to-band  transition 
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Delay  (ns) 

Fig.  2.  PL  decay  transients  of  the  216  A  SQW  for  F  =  —0.5,  0,  0.5  kV/cm.  Prolonged  decay  times  confirm  the  existence  of  the 
underlying  QCS. 


lying  higher  in  energy  has  not  contributed  to 
AEi^p{F).  In  fact,  the  observed  AE^p{F)  (  >  0)  is  of 
the  order  of  1  meV  which  is  by  an  order  of  magni¬ 
tude  smaller  than  £b(0)  >15  meV  [5].  Therefore 
the  contribution  of  the  band-to-band  recombina¬ 
tion  is  unlikely. 

It  is  of  importance  to  confirm  the  underlying 
QCS  which  has  been  masked  by  AE^iF).  The  exis¬ 
tence  of  the  QCS  can  be  checked  simply  by  moni¬ 
toring  a  prolonged  decay  time  of  PL,  t(T),  with 
reference  to  t  at  zero  field.  This  is  true  since  the 
QCS  can  be  traced  back  in  phenomenological 
terms  to  a  real  space  displacement  of  wavefunctions 
in  opposite  directions  which  would  give  a  reduced 
overlap  integral  S{F)  <  S(0)  and  hence  t(F)  = 
t{0){S{0)/S{F))  >  t(0).  The  prolonged  PL  lifetimes  at 
finite  F  values  are  demonstrated  in  Fig.  2  for  the 
216  A  SQW. 

For  biased  PL,  the  choice  of  the  excitation 
power,  /ex,  is  critical  and  the  complexity  arises  due 
to  carrier-induced  effects  under  intense  photo¬ 
pump.  As  a  matter  of  fact,  the  AE^p{F)  depends  on 
the  excitation  power,  The  no-phonon  peak  en¬ 
ergies  for  varied  /gx  are  summarized  in  Fig.  3.  The 
gradual  increase  of  the  zero-field  peak  energy  with 
increasing  /ex  is  attributed  to  two  major  effects,  i.e., 
the  band  filling  and  the  exciton  weakening  due  to 
the  carrier-induced  screening.  The  applied  F  is  also 
expected  to  be  screened  and  accordingly  the  effec¬ 
tive  field  strength  sensed  by  FE  decreases.  All  these 


Fig.  3.  AFnp(F)  versus  F  for  the  27  A  SQW  at  different  excita¬ 
tion  powers.  The  data  were  taken  at  23  K. 


effects  enter  AE^p  and  the  net  effect  is  a  reduced 
A£np(F)  with  increasing  Therefore  the  A£np 
form  should  be  modified  as  A£np(F,  /^  J  = 
A£B(^(l^ex),  fex)  +  A£Qcs(F(/ex))-  Thus  an  inappro¬ 
priate  /ex  obviously  leads  to  significant  departures 
from  the  calculated  values  and  /ex  =  3  mW  seems 
to  be  an  optimum  value. 

We  have  explained  the  extreme  susceptibility  of 
SiGe  FE  to  the  electric  fields  as  due  to  the  small 
conduction  band  offset,  AE^  [5].  Further  studies  on 
the  F  dependence  revealed  that  there  is  no  pro¬ 
nounced  valence  band  effect  and  that  at  a  given  F, 
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Energy  (meV) 

Fig.  4.  21  K  biased  PL  spectra  taken  from  a  stepped  QW  hav¬ 
ing  a  108  A  well  (x  =  0.15)  with  a  1 62  A  wide  step  (x  =  0.14).  The 
direction  of  the  longitudinal  electric  field  allows  for  the  QCS 
redshift. 


the  almost  constant  red  shifts  are  established  at 
large  AE^  since  A£b(^)  ^  0  suggesting  a  fairly  large 
Eg.  By  contrast,  for  AE^  <  30  meV,  the  QCS  red- 
shift  cannot  be  obtained  at  all  F  values.  (At  even 
higher  F  values,  excitons  are  field-ionized.)  This 
was  checked  on  a  series  of  x  =  0.35  QWs  where 
A£^=15meV.  Thus  we  conservatively  observe 
that  the  realistic  AE^  =  7.7  meV  is  too  small  to 
withstand  F.  More  importantly,  we  conclude  that 
£b  =  E^(F,  AEc)  and  AE^iF)  tends  to  zero  as  AE^ 
increases. 

Aside  from  the  condition  AE^{F)  ^  0,  one  pos¬ 
sible  way  of  reducing  the  positive  A£np(^)  is  the 
introduction  of  potential  asymmetry  since  the 
first-order  QCS  occurs  which  is  otherwise  missing 
in  a  symmetric  potential.  An  example  is  shown  in 
Fig.  4  for  a  stepped  QW  consisting  of  a  108  A  well 
(x  =  0.15)  with  a  162  A  wide  step  (x  =  0.14).  Appar¬ 
ently,  AEb(T)  is  suppressed  by  the  AEqcs  increase 
whereas  the  data  at  high  F  values  are  not  available 
due  to  field  ionization.  In  this  sense,  we  have  not 
been  much  successful  in  restoring  the  QCS  redshifts 
based  on  the  potential  asymmetry  alone.  Clearly, 
a  large  £b(0)  in  combination  with  the  asymmetric 
potential  will  be  the  best  way  to  eliminate 
AEb(^)  >  0  and  to  restore  the  QCS  redshift. 


4.  Summary 

The  exciton  binding  energy  reduction  due  to  the 
shallow  electron  confinement  was  clarified  to  be  the 
origin  of  the  field-driven  blueshifts  which  mask 
the  quantum-confined  Stark  redshifts  in  strained 
Sii_;cGe;c/Si  symmetric  type-I  quantum  wells.  An 
enhanced  exciton  binding  was  pointed  out  to  be 
necessary  to  establish  the  QCS  redshift  in  addition 
to  the  potential  asymmetry. 
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Abstract 

The  facet  formation  and  inter-facet  mass  transport  in  selective  epitaxial  growth  (SEG)  of  Si  on  Si02-masked  growth 
windows  aligned  along  [1  1  0]  and  [1  0  0]  directions  on  Si(l  1  0)  substrates  by  Si  gas-source  molecular-beam  epitaxy 
were  studied.  For  the  sidewalls  along  the  [1  1  0]  baseline,  both  (3  1  1)  and  (111)  facets  were  formed,  while  for  the 
sidewalls  along  the  [10  0]  baseline,  (10  0)  facets  were  formed.  Mass  accumulation  around  the  edges  of  the  top  surface 
was  shown  to  be  due  to  the  inter-facet  mass  transport  from  the  sidewall  to  top  surfaces. 

PACS:  81.15.Hi;  81.10  -  h 

Keywords:  Facet;  Selective  epitaxial  growth 


The  study  of  Si-based  nanostructures  is  impor¬ 
tant  as  scaling-down  efforts  of  integrated  circuits 
continue.  Selective  epitaxial  growth  (SEG)  of  Si  and 
SiGe  on  patterned  Si  substrates  is  an  attractive 
technique  for  fabrication  and  integration  of 
nanometer-scale  devices.  Epitaxial  layers  can  be 
selectively  grown  on  Si02-masked  growth  windows 
by  gas-source  molecular-beam  epitaxy  (GSMBE) 
[1-4]  and  chemical  vapor  deposition  [5-8].  For 
SEG  in  nanometer-scale  windows,  facet  formation 
and  competition  are  important  issues.  Although 
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some  work  has  been  directed  to  patterned  Si(l  0  0) 
substrates  [9],  no  SEG  work  has  been  attempted 
on  other  oriented  substrates  to  our  knowledge.  The 
(110)  orientation  has  several  advantages.  Among 
these  are  the  high  hole  mobility  and  normal  inci¬ 
dence  inter-conduction  subband  transition  which 
may  find  applications  in  infrared  detectors  [10]. 

In  this  paper,  facet  formation  and  inter-facet 
mass  transport  in  SEG  of  Si  on  the  SiOa-masked 
Si(l  1  0)  substrate  were  studied  using  GSMBE.  We 
observed  that  for  the  sidewalls  along  the  [110] 
baseline,  both  (3  1  l)and(l  1  1)  facets  were  formed. 
For  the  sidewalls  on  the  [10  0]  baseline,  however. 
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only  the  (1  0  0)  facet  was  observed.  Mass  accumula¬ 
tion  around  the  edges  of  the  SEG  mesa  top  surface 
was  observed  and  attributed  to  the  inter-facet  mass 
transport  from  the  sidewalls  to  the  top  surface. 
There  were  obvious  differences  of  mass  accumula¬ 
tion  around  the  edges  of  different  sidewalls. 

The  SEG  was  performed  on  Si02  windows  pat¬ 
terned  on  Si(l  1  0)  substrates.  The  square  windows 
with  the  edges  along  [1  1  0]  and  [1  0  0]  directions 
were  formed  by  etching  the  100  nm  Si02  layer  on 
Si(l  1  0)  substrates.  A  Si2H6  gas  cell  was  used  for 
the  Si  source.  The  system  was  evacuated  by  a  tur- 
bomolecular  pump  and  an  ion  pump  and  the  base 
pressure  of  the  growth  chamber  was  1  x  10"^  Torn 
The  residual  gas  was  dominated  by  Si2H6,  SiHa, 
and  H2.  The  SEG  of  Si  was  carried  out  at  growth 
temperatures  ranging  from  650°C  to  875°C  under 
a  constant  disilane  flow  rate  of  3.0  seem.  Under 
these  conditions,  growth  mechanism  was  control¬ 
led  by  surface  kinetics.  The  pressure  during  epi¬ 
taxial  growth  was  2.5  x  10“^  Torn 

In  our  previous  work  [9],  we  reported  the  facet 
growth  of  Si  on  an  Si(l  0  0)  substrate  by  SEG.  The 
windows  were  patterned  along  the  [1  10].  Sidewall 
facets  were  observed  to  evolve  from  the  initial 
(3  1  1)  to  (1  1  1)  facets  and  this  evolution  stemmed 
from  different  growth  rates  for  the  (1  0  0),  (3  1  1) 
and  (111)  surfaces.  In  the  present  work,  we  report 
the  experimental  results  on  an  Si(l  1  0)  surface.  An 
atomic  force  microscope  (AFM)  was  used  to  ana¬ 
lyze  the  grown  mesa  structures.  Fig.  la  and  Fig.  lb 
show  the  AFM  line  analyses  of  SEG  mesa  edges 
along  the  [1  0  0]  and  [1  1  0]  directions.  Typical 
(3  11)  and  (111)  sidewall  facets  were  observed  for 
the  [110]  baseline,  while  for  the  [10  0]  baseline 
(10  0)  sidewalls  were  observed.  For  both  cases,  the 
mass  accumulation  around  the  edges  of  the  top 
surface  was  observed.  There  were  obvious  differ¬ 
ences  of  mass  accumulation  for  sidewalls  along 
different  baselines. 

The  differences  in  the  growth  rate  for  different 
orientations  and  different  growth  conditions  are 
important  factors  leading  to  faceting  in  SEG.  In 
order  to  understand  the  mechanism  during  SEG, 
the  growth  rate  for  different  orientations  was 
studied  experimentally  for  different  growth  condi¬ 
tions.  Results  are  shown  in  Fig.  2.  It  is  clear  that  the 
growth  rate  for  the  (1  0  0)  direction  is  much  higher 


(b) 

Fig.  1.  AFM  line  analyses  of  grown  SEG  mesa  edges:  (a)  along 
<1  0  0>  direction;  (b)  along  <1  1  0>  direction. 


Fig.  2.  Growth  rate  for  different  orientations  of  (1  0  0),  (3  1  1), 
(111)  and  (110)  with  a  disilane  flow  rate  of  3  seem. 


than  those  for  other  surfaces  and  the  growth  rate 
for  the  (1  1  0)  direction  is  the  smallest  at  growth 
temperatures  below  750'^C.  Growth  rates  for  all  the 
surfaces  studied  -  (1  0  0),  (3  1  1),  (1  1  1),  and  (1  1  0) 
-  increase  rapidly  until  the  temperature  reaches 
750°C,  above  which  the  growth  rates  saturate.  The 
growth  rate  of  (1  10)  approaches  that  of  the  (3  11) 
surface  at  these  higher  temperatures. 
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[001] 


(a) 


(b) 

Fig.  3.  Schematics  illustrating  possible  facets  for  (1  1  0)  substrate:  (a)  for  alignment  along  <1  1  0>,  possible  facets  are  (x  x  z)  and  lower 
indices  are  (111)  and  (1  13},  and  (b)  for  alignment  along  <1  0  0),  possible  facets  are  (x  y  0)  and  the  low  index  is  (1  0  0}. 


The  faceting  of  sidewalls  and  the  mass  accumula¬ 
tion  arise  from  different  surface  energies  and 
growth  rates  for  (1  0  0),  (1  1  0),  (1  1  1)  and  (3  1  1). 
The  free  energy  of  the  Si/Si02  interface  is  so  high 
that  Si  deposited  on  it  moves  away  from  the  Si02 
to  form  sidewall  facets.  A  model  for  SEG  growth  on 
windows  was  developed  by  taking  both  surface 
migration  and  free  energy  into  consideration  for 
the  (1  0  0)  Si  surface  [9, 11].  It  is  shown  that  in 
minimizing  the  total  free  energy,  more  than  one 
facets  are  expected  to  appear  as  SEG  proceeds.  On 
(110)  substrate,  the  possible  low  index  facets  are 
{111}  and  {113}  for  alignment  along  <1  1  0>, 
while  for  alignment  along  <1  0  0),  the  possible  low 
index  facet  is  {1  0  0},  as  illustrated  in  Fig.  3a  and 
Fig.  3b,  respectively.  This  is  in  agreement  with  our 
experimental  results.  In  Fig.  l,the(3  1  l)and(l  1  1) 
sidewall  facets  were  observed  for  the  [1  1  0]  base¬ 
line  and  for  the  [10  0]  baseline,  (10  0)  sidewalls 
were  observed.  In  addition,  there  is  competition 
among  different  facets  due  to  different  growth  rates. 
The  fundamental  principle  for  the  facet  competi¬ 
tion  is  that  the  facet  with  a  faster  growth  rate  will  be 
eventually  replaced  by  the  facet  with  a  slower  one. 


Thus,  for  the  [1  1  0]  baseline,  the  (3  11)  facet  will 
be  eventually  replaced  by  the  (111)  facet  because 
of  the  slightly  higher  growth  rate  of  the  former. 

The  mass  accumulation  around  the  edges  of  the 
SEG  mesa  top  surface  is  believed  to  be  due  to  the 
inter-facet  mass  transport  of  Si  from  the  sidewalls 
to  the  top  surface  during  SEG  growth.  A  similar 
phenomenon  was  observed  in  III-V  growth  on 
patterned  substrates  [12].  The  driving  force  for  the 
mass  transport  may  be  attributed  to  surface  migra¬ 
tion  in  minimizing  the  total  free  energy  during  the 
SEG  growth.  In  other  words,  the  mass  transport 
will  be  directed  to  the  energetically  favored  facet  to 
minimize  the  total  free  energy.  The  surface  free 
energies  for  the  (1  0  0),  (1  1  0),  (1  1  1),  and  (3  1  1) 
orientation  surfaces  are  2.13x10^,  1.51x10^, 
1.23  X  10^  and  1.50  x  10^  ergs  cm“^,  respectively 
[13, 14].  In  the  present  case,  as  illustrated  in  Fig.  4, 
because  of  the  extremely  high  free-energy  of  the 
Si/Si02  interface,  independent  of  the  alignment  of 
the  growth  windows,  the  mass  transport  from  side- 
walls  to  the  mesa  top  dominates,  thus  we  can  see 
the  mass  accumulation  on  both  <1  0  0>  and  <1  1  0> 
baselines  on  the  Si(l  1  0)  surface.  For  the  (110) 
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(X)<110> 

(a) 


(E)  <ioo> 

(b) 

Fig.  4.  Schematics  illustrating  inter-facet  mass  transport  on  the 
SEG  growth:  (a)  for  edges  of  sidewalls  along  [110]  and  (b)  for 
edges  of  sidewalls  along  [1  0  0]. 

window  alignment,  the  top  surface  free-energy  is 
larger  than  that  of  the  sidewall,  thus  the  mass 
transport  is  reduced;  for  the  <1  0  0>  window  align¬ 
ment,  the  (110)  top  surface  free-energy  is  smaller 
than  that  of  the  sidewall,  thus  the  mass  transport  is 
enhanced.  This  is  why  we  observed  the  obvious 
differences  of  mass  accumulation  for  sidewalls 
along  different  baselines  in  Fig.  1. 

In  summary,  facet  formation  and  inter-facet  mass 
transport  in  selective  epitaxial  growth  (SEG)  of  Si 
on  Si02-masked  Si(l  1  0)  were  studied  in  gas- 
source  molecular-beam  epitaxy.  The  windows  were 
patterned  along  the  [110]  and  [10  0]  directions 
on  Si(l  1  0)  substrates.  For  the  sidewalls  along  the 
[1  1  0]  baseline,  both  (3  1  1)  and  (1  1  1)  facets  were 


observed.  For  the  sidewalls  along  the  [1  0  0]  base¬ 
line,  only  the  (10  0)  facet  was  observed.  Mass  accu¬ 
mulation  around  the  edges  of  the  SEG  mesa  top 
surfaces  was  attributed  to  the  inter-facet  mass 
transport  from  the  sidewalls  to  the  top  surfaces. 
The  faceting  of  sidewalls  and  the  mass  accumula¬ 
tion  are  attributed  to  different  surface  energies  and 
growth  rates  for  (1  0  0),  (1  1  0),  (1  1  1)  and  (3  1  1) 
surfaces. 
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Abstract 

The  reduction  of  strain  in  SiGe  layers  on  Si  substrate  is  possible  by  the  substitutional  incorporation  of  carbon  into  the 
SiGe  lattice.  The  carbon  incorporation  depending  on  various  growth  parameters  could  be  improved  by  an  additional 
hydrogen  residual  atmosphere  during  MBE.  Growth  temperature  in  the  range  between  400'’C  and  550°C  supports  the 
amount  of  substitutional  carbon  in  silicon. 

PACS:  61.10.  -  i;  61.66.Dk;  64.75.  +  g;  68.10.Cr;  68.55.Bd;  68.60.Dv 


1.  Introduction 

Layered  systems  based  on  group  IV  elements 
and  heteroepitaxially  grown  on  Si  substrates  ex¬ 
tend  the  material  variety  for  new  device  concepts  in 
silicon  microelectronic  technology.  Sij  -^Ge^.  layers 
on  Si(0  0  1)  substrates  exhibit  some  severe  limita¬ 
tions  due  to  the  lattice  mismatch  between  silicon 
and  germanium.  Recently,  carbon  has  been  added 
to  SiGe  alloys  to  compensate  the  larger  lattice 
constant  of  germanium  compared  to  that  of  silicon. 

One  of  the  critical  issues  for  further  development 
and  applications  of  strained  C  containing  hetero¬ 
structures  is  how  to  increase  the  amount  of  carbon 


*  Corresponding  author.  Fax  -1-  49  335  5625  300;  e-mail: 
lippert@ihp-ffo.de. 


incorporated  on  substitutional  sites.  This  has 
a  large  impact  on  structural  and  electrical  proper¬ 
ties  of  these  layers.  An  understanding  of  the  factors 
limiting  substitutional  carbon  incorporation  is  cru¬ 
cial  in  the  heteroepitaxial  growth  of  nonequilib¬ 
rium  materials,  such  as  Sii-j,Cj,  or  Sii- x-yG^JZy 
on  Si(0  0  1)  substrates.  It  is  reported  that  the  inter¬ 
stitial  to  substitutional  carbon  ratio  is  strongly 
influenced  by  the  growth  conditions,  such  as  the 
growth  temperature  and  Si  growth  rate  [1]. 

2.  Experimental  procedure 

The  discussed  layers  were  grown  on  Si(0  0  1)  in 
a  4"  multichamber  MBE  system  (DCA).  Prior  to 
the  deposition,  the  wafers  were  H-passivated  by  wet 
cleaning.  After  this  treatment  they  were  loaded  in 
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this  UHV  system  (base  pressure  in  the  range  of 
10“  mbar)  within  a  few  minutes.  Silicon  and  ger¬ 
manium  were  evaporated  from  electron  beam  evap¬ 
orators,  and  carbon  was  supplied  by  a  pyrolytic 
graphite  filament  sublimation  source.  The  substra¬ 
tes  were  heated  from  the  backside  by  a  graphite 
filament  and  the  temperature  was  measured  with 
a  thermocouple. 

X-ray  measurements  were  carried  out  with 
a  double  crystal  diffractometer  (XRD)  in  parallel 
(n,  —  n)  setting  using  004  reflections  and  Cu  Ka 
radiation  for  strain  determination.  Using  simple 
linear  interpolations  between  the  lattice  constants 
of  SiC,  Si  and  Ge  and  the  appropriate  relative 
concentration  (Vegard’s  law)  we  can  estimate  the 
effective  strain  in  the  grown  layers.  Resulting  from 
the  measured  strain,  the  substitutional  content  of 
carbon  or  germanium  in  silicon  was  determined. 

Besides  XRD,  the  total  carbon  and  germanium 
concentrations  of  all  samples  were  measured  using 
secondary  ion  mass  spectroscopy  (SIMS). 

To  estimate  the  different  film  roughness,  we  used 
transmission  electron  microscopy  (TEM). 

3.  Results  and  interpretation 

The  substitutional  incorporation  of  carbon  into 
the  lattice  of  a  growing  silicon  layer  depends  mainly 
on  the  relationship  of  surface  mobility  of  the  adsor¬ 
bing  species  at  the  surface  of  the  sample  and  the 
remaining  time  of  the  atoms  on  the  surface  itself.  So 
far,  the  growth  temperature  and  growth  rate  of  the 
film  [1]  plays  an  important  role  to  establish  the 
structure  of  the  growing  lattice.  Fig.  1  shows  that 
either  the  reduction  of  the  growth  temperature 
and/or  increase  of  the  overall  growth  rate  lead  to 
an  increase  of  the  ratio  of  substitutional  to  inter¬ 
stitial  carbon  (Fig.  1).  It  gives  a  hint,  that  lower 
surface  mobility  of  atoms  and  also  reducing  the 
time  of  their  coverage  by  next  coming  atoms  might 
assist  the  substitutional  incorporation  of  carbon  in 
silicon.  However,  this  can  also  cause  some  deterio¬ 
rations  in  crystal  quality. 

Strategies  to  change  the  surface  kinetics  by  anti¬ 
mony  as  surfactant  to  smooth  interfaces  between  Si 
and  Sii  were  successfully  tested  [2].  Introduc¬ 
tion  of  hydrogen  as  a  surfactant  is  expected  to 


Fig.  1.  Carbon  incorporation  versus  growth  temperature  and 
growth  rate  of  silicon  for  a  constant  carbon  flux. 

avoid  a  background  doping.  In  SiGe,  hydrogen  was 
applied  to  sharpen  Si/SiGe  interfaces  in  a  multiple 
quantum  well  [3]. 

H  surfactant  seems  to  be  able  to  shift  the  window 
for  a  high  substitutional  to  interstitial  carbon  ratio 
to  process  conditions  suitable  for  good  epitaxial 
quality.  It  is  known  that  the  presence  of  the  so- 
called  surfactant  atoms  on  the  surface  during 
growth  can  drastically  alter  the  growth  kinetics.  An 
application  of  carbon  during  growth  of  Si  and 
Sii-jcGCx  is  reported  in  Table  1. 

The  measured  strain  e  is  permuted  to  a  strain 
equivalent  to  the  content  of  germanium  in  silicon. 
It  is  shown  that  the  strain  reduction  in  strained 
silicon  germanium  layers  is  higher  with  lower 
growth  temperature.  This  is  caused  by  increasing 
substitutional  incorporation  of  carbon  with  de¬ 
creasing  temperature  of  the  sample.  This  incorpo¬ 
ration  was  more  prcisely  investigated  in  [1]. 

The  results  discussed  the  influence  of  the  growth 
rate  of  silicon  on  the  incorporation  of  carbon  is 
stressed  in  the  table.  Doubling  the  growth  rate  at 
400''C  leads  to  a  strain  reduction  even  at  higher 
growth  temperatures.  Nevertheless,  further  heat  up 
shows  the  known  effect  of  decreasing  strain  reduction. 

The  introduction  of  carbon  into  a  growing  pure 
silicon  layer  shows  that  the  stress  alteration  at  these 
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Table  1 

Strain  reduction  of  Sii-^Ge^,  layer  on  (0  01)  silicon  substrate  due  to  substitutional  carbon  in  epitaxial  layer  lattice  total  carbon 
concentration  detected  by  SIMS  about  2  at%;  film  thickness:  40-60  nm,  constant  carbon  flux 


Sample 

Temperature 

(^C) 

Growth  rate 
(nm/s) 

Ge-content 

(%) 

Measured  strain 
(as  Ge  %) 

Strain  difference 
(as  Ge  %) 

C258 

350 

0.05 

20 

9 

11 

C259 

350 

0.05 

33 

18 

15 

C262 

350 

0.05 

50 

40 

10 

D208 

400 

0.1 

20 

3.5 

16.5 

C255 

450 

0.1 

0 

-6.4 

6.5 

C254 

450 

0.1 

20 

15 

5 

C257 

450 

0.05 

20 

14 

6 

C256 

450 

0.1 

20 

13 

7 

C260 

450 

0.05 

33 

5.3 

27.3“ 

“  With  hydrogen  assistance. 


growth  parameters  results  mainly  by  carbon,  which 
compensates  the  stress  in  the  previous  SiGe  films. 

The  presence  of  hydrogen  during  the  growth  of 
SiGeC  {*)  shows  the  primary  effect  regarding  stress 
reduction.  The  introduction  of  hydrogen  as  a  sur¬ 
factant  enhances  the  growth  perfection  of  the  strain 
reduced  layer  (Fig.  2).  Atomic  hydrogen  was  sup¬ 
plied  during  MBE  growth  using  a  radio  frequency 
(RF)  source.  The  epitaxial  layers  were  grown  at 
a  hydrogen  pressure  above  10”^  mbar. 

The  SIMS  spectra  on  top  of  Fig.  2  shows  the 
same  level  of  carbon  in  the  sample  C251  and  C252. 
On  the  contrary,  X  ray  diffraction  detected  roughly 
a  double  of  strain  in  C252  compared  to  C251.  Both 
samples  were  deposited  under  the  same  growth 
conditions.  The  only  difference  is  the  background 
pressure  of  hydrogen  during  the  growth  process.  In 
case  of  higher  base  pressure  of  hydrogen  (C252), 
hydrogen  assists  the  substitutional  incorporation 
of  carbon  into  the  growing  silicon  lattice.  The  ex¬ 
planation  of  this  effect  should  be  the  property  of 
hydrogen  as  surfactant  in  silicon  and  silicon  germa¬ 
nium.  According  to  the  literature  [3]  further  invest¬ 
igations  showed  a  smoother  surface  in  case  of 
application  of  hydrogen  compared  to  the  growth  of 
SiGeC  without  hydrogen  support. 

Resulting  from  a  couple  of  experiments  at 
various  pressure  of  hydrogen,  we  found  that  the 
maximum  efficiency  of  hydrogen  residual  pressure 
is  in  the  range  higher  than  10"^  mbar.  In  this 


Fig.  2.  SIMS  profiles  and  X-ray  rocking  curves  of  two  Sii_yCj. 
layers,  grown  at  similar  conditions  (t/c25i  =  77  nm, 
dc252  =  66  nm;  Ts^bsiratc  =  475°C,  growth  rate  =  6  nm/min) 
with  and  without  hydrogen  support. 

range,  activated  hydrogen  causes  an  additional  in¬ 
crease  of  substitutional  carbon  in  the  lattice  and 
results  in  a  further  strain  reduction  in  the  layer 
significantly. 
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Fig.  3.  Incorporation  of  carbon  into  the  silicon  lattice  sup¬ 
ported  by  different  hydrogen  residual  pressure  and  at  various 
growth  temperatures. 


The  variation  of  the  growth  temperature  influ¬ 
ences  the  surface  energetic  conditions,  which  alter 
the  mechanism  of  the  surfactant  and  the  surface 
mobility  of  the  adsorbing  atoms  during  film 
growth.  Below  400°C  hydrogen  prevents  an 
epitaxial  growth  of  silicon  and  Si/Ge  layers. 
Because  of  so  much  hydrogen  (range:  10“^  mbar) 
the  surface  mobility  of  the  atoms  of  the  growing 
layer  is  too  low  to  attain  lattice  positions  and  the 
film’s  growth  is  imperfect.  At  relevant  deposition 
temperatures  (400°C  --  550°C)  the  carbon  incorpo¬ 
ration  was  significantly  enhanced  (Fig.  3). 

Despite  increase  of  the  surface  mobility  of  the 
atoms  at  the  surface  at  temperatures  higher  than 
600°C  no  hydrogen  support  for  substitutional  car¬ 
bon  incorporation  compared  to  the  growth  with¬ 
out  hydrogen  is  detected.  These  high  temperatures 
weaken  the  chemical  bond  of  hydrogen.  It  results  in 
a  lower  surface  coverage  caused  by  higher  desorp¬ 
tion  rate  of  hydrogen. 


4.  Conclusions 

We  found  a  significant  enhancement  of  substitu- 
tionally  incorporated  carbon  atoms  in  hydrogen- 
mediated  growth  compared  to  conventionally  used 
growth  in  MBE. 

At  non-hydrogen  assisted  SiC  alloy  growth,  an 
increasing  growth  temperature  decreases  the  sub¬ 
stitutional  carbon  incorporation  into  silicon.  This 
effect  is  weak  using  hydrogen  in  the  range  of 
400-5 50°C.  At  temperatures  higher  than  bOO'^C  hy¬ 
drogen  desorbs  from  silicon  and  carbon  incorpora¬ 
tion  in  silicon  is  in  the  same  manner  as  without 
hydrogen. 

The  efficiency  of  hydrogen  as  a  surfactant  to  alter 
the  surface  kinetics  is  relevant  above  10~^mbar 
residual  pressure. 

Finally,  the  atomic  hydrogen  compared  to  mo¬ 
lecular  hydrogen  is  much  more  efficient  in  the  en¬ 
hancement  of  substitutional  carbon  incorporation 
into  the  silicon  lattice. 
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Abstract 

Reflectance  anisotropy  (RA)  from  vicinal  Si  (0  0  1)  surfaces  is  shown  to  be  strongly  influenced  by  the  domain  structure 
on  the  (2X1)  +  (1X2)  reconstructed  surface  and  by  adsorbates  such  as  hydrogen.  Utilizing  these  adsorbate  efTects  by 
monitoring  the  time  dependence  of  RA  from  single  domain  vicinal  surfaces,  an  accurate  determination  of  surface 
hydrogen  coverage  can  be  made.  We  report  a  zeroth  order  coverage  dependence  of  hydrogen  desorption  which  is 
attributed  to  a  desorption  pathway  incorporating  a  saturated  and  localised  precursor  state  in  which  the  diffu¬ 
sion/migration  of  surface  hydrogen  is  not  the  rate  limiting  step. 

PACS:  68.45.Da;  78.40.Fy;  81.15.Hi 


1.  Introduction 

Reflectance  anisotropy  spectroscopy  (RAS)  [1], 
a  surface  sensitive  diagnostic  has  been  applied  suc¬ 
cessfully  to  the  study  of  Si  and  Ge  surfaces  [2]  as 
well  as  many  compound  semiconductor  surfaces. 
Recently,  the  authors  have  shown  that  RA  from  the 
Si  (0  0  1)  surface  is  strongly  influenced  by  two  para- 
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meters.  First,  changes  in  the  relative  domain  cover¬ 
age  of  the  (1  X  2)  and  (2  x  1)  surface  reconstructions 
[3]  demonstrated  by  the  observation  of  RA  oscilla¬ 
tions  during  Si  growth  by  gas  source  molecular 
beam  epitaxy  (GSMBE)  on  singular  (0  01)  surfaces. 
Second,  adsorbates  such  as  hydrogen  dramatically 
modify  the  surface  electronic  structure  and  hence 
the  RA  response  [4].  The  latter  effect  provides  an 
obvious  opportunity  for  investigation  of  adsorbate 
concentrations.  This  is  of  particular  interest  to  the 
Si  epitaxy  community  since  hydrogen  is  known  to 
have  a  surfactant  eflfect,  has  strong  influence  on  the 
Ge  surface  segregation  [5]  and  is  a  reaction  by¬ 
product  in  chemical  vapour  deposition  and 
GSMBE. 
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In  this  paper,  we  report  detailed  isothermal 
measurements  of  hydrogen  desorption  from  vicinal 
Si  (0  0  1)  surfaces  using  RAS.  The  time  dependent 
surface  hydrogen  coverage  was  monitored  using 
changes  in  RA  during  desorption  and  reveals 
zeroth  order  desorption  kinetics  in  contrast  to 
existing  studies  on  singular  surfaces  [6].  A  new 
model  is  proposed  to  explain  this  unusual  coverage 
dependence. 

To  ensure  that  changes  in  the  RA  are  caused 
solely  by  the  adsorption  and  desorption  of  surface 
hydrogen,  the  structural  contribution  to  the 
changes  in  RA  is  eliminated  by  employing  single 
domain  vicinal  Si  (0  0  1)  surfaces  misorientated  to¬ 
wards  the  nearest  (1  1  1)  plane.  Under  these  condi¬ 
tions,  growth  proceeds  by  a  step  propagation  mode, 
which  eliminates  the  effect  of  domain  coverage  vari¬ 
ation  and  retains  a  dominant  single  domain. 


2.  Experimental  procedure 

Experiments  were  performed  in  a  GSMBE 
growth  system  described  elsewhere  [7],  using  a  RA 
spectrometer  similar  in  design  to  that  of  Aspnes 
[8, 9].  The  vicinal  Si  (0  0  1)  substrates  misoriented 


towards  (1  1  1)  plane  were  cleaned  by  conventional 
wet  chemical  etching  which  produces  a  hydrogen 
teminated  surface  after  the  final  HF  dip.  The  sam¬ 
ples  were  introduced  in  to  the  growth  chamber  via 
a  vacuum  interlock  and  preparation  chamber  and 
were  outgassed  at  200°C  in  the  preparation  cham¬ 
ber.  Si  buffer  layers  were  grown  at  750°C  using 
disilane  before  any  RA  measurements.  Surface 
hydrogen  concentrations  were  generated  from 
adsorption  of  atomic  hydrogen  produced  from 
molecular  hydrogen  cracked  on  a  hot  tungsten 
filament  or  from  the  pyrolysis  of  silane  (SiH4)  or 
disilane  (Si2H6).  This  produces  a  monohydride 
phase,  which  also  exhibit  a  (2  x  1)  surface  construc¬ 
tion,  throughout  the  temperature  range  used. 


3.  Results  and  disscussion 

Fig.  1  illustrates  the  real  part  of  the  RAS  ob¬ 
tained  from  the  clean  and  hydrogen  adsorbed 
vicinal  Si  (0  0  1)  surfaces  from  the  different  sources, 
respectively.  The  largest  spectral  change  observed 
on  adsorption  of  hydrogen  is  the  reduction  in  RA 
for  photon  energies  below  the  El  threshold  at 
3.1  eV.  This  is  consistent  with  the  removal  of  the  Si 


Fig.  1.  RAS  spectra  of  clean  and  hydrogen  adsorbed  (from  atomic  hydrogen,  SiH^  and  Si2H6)  on  a  Si  (0  0  1)  vicinal  surface. 
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Fig.  2.  Isothermal  measurements  of  hydrogen  desorption  from  vicinal  Si  (0  0  1)  surfaces.  The  coverage  is  scaled  from  changes  in  RA 
response. 


dimer  dangling  bonds  by  the  formation  of 
(Tsi-H  bonds  [4].  There  are  a  number  of  reasons 
why  one  might  expect  the  surface  hydrogen  concen¬ 
tration  to  be  linear  with  respect  to  the  change  in 
RA.  Hydrogen  is  known  to  form  pairs  on  the  Si 
dimer  [10],  and  the  surface  is  predominantly 
monohydride,  so  the  change  in  RA  at  these  energies 
is  linearly  proportional  to  the  number  of  dangling 
bonds  eliminated  by  hydrogen  and  hence  surface 
hydrogen  concentration. 

The  integrated  change  in  RA  response  between 
1.9  and  2.9  eV  yields  an  accurate  measurement  of 
hydrogen  coverage  during  growth  and  this  is  con¬ 
sistent  with  existing  TPD  measurements  [11].  In 
situ  isothermal  hydrogen  desorption  measurements 
were  carried  out  using  changes  in  the  RA  response 
at  2.7  eV  (the  largest  RA  response  below  El.)  Fig.  2 
shows  the  surface  hydrogen  coverage  scaled  from 
the  RA  response  as  a  function  of  time  and  temper¬ 
ature.  The  early  part  of  the  decay  exhibits  a  linear 
dependence  of  coverage  with  time,  changing  to  an 
exponential  like  dependence  as  the  coverage  ap¬ 
proaches  zero.  This  observed  linear  dependence 
requires  that  the  rate  of  desorption  be  independent 
of  coverage  itself,  i.e.  follows  zeroth  order  desorp¬ 
tion  kinetics.  This  is  contrary  to  previously  re¬ 
ported  first  order  hydrogen  desorption  kinetics 
made  on  nominally  singular  Si  (0  0  1)  [6]. 


Zeroth  order  kinetics  dictate  that  a  saturated 
precursor  state  must  be  involved  in  the  desorption 
pathway.  Under  these  conditions  it  is  not  the  sup¬ 
ply  of  atoms  or  molecules  to  this  precursor  state 
which  is  the  rate  limiting  step,  but  rather  the  barrier 
to  desorption  from  these  states.  Saturation  of  the 
precursor  states  can  only  be  maintained  if  they  are 
localised,  existing  in  low  and  constant  density. 
There  are  two  possible  mechanisms  by  which  the 
precursor  site  density  might  be  limited.  The  precur¬ 
sor  sites  could  be  associated  with  surface  defects 
[12],  but  their  density  would  be  dependent  on 
preparation  methods  and  other  parameters,  so  this 
is  very  unlikely.  Alternatively,  the  precursor  could 
be  associated  with  surface  steps,  as  in  many  cases  of 
recombinative  desorption  from  metals  surfaces  [13]. 

If  our  model  is  correct,  the  growth  rate  of  an 
epitaxial  layer  should  be  dependent  on  the  extent  of 
misorientation  in  the  temperature  regime  where 
there  is  a  saturated  hydrogen  coverage.  To  test  this 
hypothesis.  Si  layers  were  grown  an  substrates  of 
two  different  misorientations  at  501°C.  The  layer 
thickness  measured  by  X-ray  diffraction  was  found 
to  be  20%  greater  for  the  4°misoriented  surface 
than  for  the  nominally  singular  one.  This  confirms 
that  a  greater  step  density  leads  to  a  greater  local¬ 
ized  desorption  site  density  and  consequently 
a  higher  desorption  rate  and  growth  rate. 
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It  is  important  to  note  that  the  existence  of  a  step 
mediated  desorption  pathway  does  not  preclude 
desorption  from  the  terrace,  and  there  is  evidence 
to  support  this  view.  At  low  temperatures,  the  differ¬ 
ence  in  desorption  rate  between  surfaces  with  dif¬ 
ferent  step  density  (different  misorientation)  is  quite 
large,  with  the  higher  step  density  giving  rise  to 
a  larger  rate.  At  higher  temperatures,  the  differ¬ 
ences  become  smaller  as  desorption  from  terraces 
increases  its  contribution  to  the  overall  desorption 
process.  The  balance  between  the  two  is  then  gov¬ 
erned  by  the  temperature,  the  density  of  precursor 
sites  and  the  activation  barriers  for  the  two  differ¬ 
ent  desorption  pathways.  This  is  reflected  in  a  small 
misorientation  dependence  in  the  activation  energy 
obtained  from  the  temperature  dependence  of  the 
rate  constant.  Introduction  of  Ge  also  modifies  the 
balance  between  the  two  possible  desorption  path¬ 
ways  as  the  Ge-H  bond  is  expected  to  be  weaker 
compared  with  that  of  Si-H.  In  this  case,  isother¬ 
mal  measurements  of  hydrogen  coverage  from 
SiGe  alloy  surface  exhibit  an  exponential  time  de¬ 
pendence,  consistent  with  desorption  dominated  by 
terrace  sites. 


4.  Summary 

We  have  demonstrated  the  potential  of  RAS  as 
an  in  situ  technique  for  kinetic  studies.  Zeroth 
order  hydrogen  desorption  kinetics  from  a  vicinal 
surface  was  observed  and  is  explained  in  terms  of 
a  desorption  pathway  via  a  saturated  localised  pre¬ 
cursor  state. 
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Abstract 

Ge  surface  segregation  is  a  phenomenon  in  which  Ge  segregates  to  the  epitaxial  surface  during  MBE  growth,  and 
atomic  hydrogen  irradiation  during  MBE  growth  can  reduce  this  phenomenon.  To  reveal  the  mechanism  of  both  the 
phenomenon  and  the  hydrogen  irradiation  effect,  we  have  investigated  the  dependence  of  the  phenomenon,  with  and 
without  atomic  hydrogen  irradiation,  on  the  Si  growth  rate,  the  substrate  orientation,  and  the  substrate  temperature. 

The  segregated  Ge  concentration  does  not  depend  exponentially  on  the  Si  growth  thickness  and  a  second-order 
reaction  as  well  as  a  first-order  reaction  is  necessary  to  describe  the  Ge  segregation  phenomenon  in  Si.  The  segregation 
length  on  Si(l  0  0)  is  larger  than  that  on  Si(l  1  1).  This  difference  in  segregation  lengths  appears  to  be  due  to  a  difference  in 
the  number  of  segregation  paths  in  different  substrates.  Atomic  hydrogen  irradiation  does  not  change  the  potential  of  the 
two-energy-state  model,  but  it  does  change  the  probability  of  the  second-order  reaction  occurring.  As  a  result,  the 
segregation  is  reduced. 


1.  Introduction 

Molecular  beam  epitaxy  (MBE)  is  a  powerful 
tool  for  forming  abrupt  heterointerfaces  because  its 
low-temperature  growth  process  is  thought  to  re¬ 
sult  in  negligible  effects  of  thermodynamic  diffusion 
and  intermixing  at  the  heterointerface.  It  has  been 
shown,  however,  that  Ge  segregates  to  the  epitaxial 
surface  during  MBE  growth  [1,  2],  which  phenom¬ 
enon  inhibits  the  formation  of  abrupt  hetero¬ 
interfaces.  A  recent  study  using  atomic  hydrogen 


*  Corresponding  author.  Fax:  -1-  81  423  27  7722;  e-mail:k- 
nakaga@crl.hitachi.co.jp. 


irradiation  during  MBE  has  shown  that  the  surface 
segregation  of  Ge  is  significantly  suppressed  [3]. 

In  this  paper,  we  describe  the  dependence  of  the 
segregation  phenomenon  with  and  without  atomic 
hydrogen  irradiation  on  the  Si  growth  rate,  sub¬ 
strate  orientation,  and  the  substrate  temperature  to 
reveal  the  mechanism  of  both  the  segregation  phe¬ 
nomenon  and  the  hydrogen  irradiation  effect. 

2.  Experimental  results  and  discussion 

The  Si  MBE  apparatus  used  was  a  Vacuum 
Generator  V80  system  with  a  base  pressure  of 
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about  5  X  10"^^  Torn  This  system  consists  of  an 
e-gun  evaporator  for  Si  deposition,  an  effusion  cell 
for  Ge  deposition,  and  a  quartz  gas  cell  for  hydro¬ 
gen  irradiation.  The  atomic  hydrogen  v^as  formed 
by  applying  RF  power  to  the  gas  cell.  When  the  RF 
power  was  turned  on,  the  ratio  of  atomic  hydrogen 
to  total  hydrogen  flow  was  nominally  0.5%  and  the 
remaining  99.5%  of  the  flow  was  molecular  hydro¬ 
gen.  The  flow  rate  was  controlled  by  using  a  mass 
flow  controller.  The  growth  chamber  was  evacu¬ 
ated  by  a  600 1/s  turbo  molecular  pump  and  the 
pressure  reached  2xlO“^Torr  at  the  hydrogen 
flow  rate  of  2  cm^/min.  This  flow  rate  corresponds 
to  a  molecular  hydrogen  irradiation  rate  of  20 
monolayers  (ML)  /s  on  sample  surfaces. 

Si(l  0  0)  and  Si(l  1  1)  substrates  were  precleaned 
by  chemical  treatment  and  a  thin  protective  layer  of 
oxide  was  formed.  Next,  each  oxide  layer  was  sub¬ 
limated  at  850°C  for  20  min  to  obtain  a  clean  sur¬ 
face.  The  substrate  temperature  was  then  lowered 
to  600°C  and  a  50  nm  buffer  Si  layer  was  grown  to 
provide  a  clean  and  smooth  substrate  surface.  To 
study  the  segregation  phenomenon  on  amorphous 
surfaces,  a  50  nm  buffer  Si  layer  was  deposited  on 
Si(l  1  1)  substrates  at  room  temperature,  and 
amorphous  surfaces  were  formed.  After  that,  about 
1  ML  of  Ge  atoms  was  grown  on  the  Si  surface  at 
the  same  temperature.  Then,  undoped  Si  layers  of 
various  thicknesses  were  grown  over  the  Ge  surfa¬ 
ces  at  various  growth  temperatures  with  and  with¬ 
out  atomic  hydrogen  irradiation.  In  the  case  of 
amorphous  surfaces,  the  Si  overgrowth  temper¬ 
atures  were  below  250''C  to  prevent  the  surfaces 
from  crystalizing.  The  Si  deposition  rate  was  varied 
from  0.05  to  0.3  nm/s. 

The  surface  concentration  of  Ge  atoms  seg¬ 
regated  on  the  overgrown  Si  surfaces  was  measured 
using  X-ray  photoelectron  spectroscopy  (XPS).  The 
excitation  was  carried  out  with  AIK^  having  an 
energy  of  1486.6  eV.  The  kinetic  energy  of  the 
Ge(2p)  photoelectrons  was  about  270  eV  and  their 
escape  depth  was  less  than  1  nm.  The  XPS  signals 
of  the  2p  electrons  observed  here  came  mainly 
from  the  Ge  atoms  segregated  on  the  Si  surfaces. 
The  XPS  signal  height  of  the  Ge  relative  to  that 
of  the  Si  was  confirmed  as  being  proportional 
to  the  Ge  surface  concentration.  In  addition,  the 
surface  morphology  and  crystallinity  were  studied 


using  reflection  high-energy  electron  diffraction 
(RHEED). 

Typical  examples  of  the  relation  between  seg¬ 
regated  Ge  concentration  and  Si-deposited  thick¬ 
ness  at  a  Si-deposition  rate  of  0.1  nm/s  with  and 
without  atomic  hydrogen  irradiation  are  shown  in 
Fig.  1.  As  we  reported  previously  [3],  the  seg¬ 
regated  Ge  concentrations  with  and  without  hy¬ 
drogen  irradiation  do  not  depend  exponentially  on 
the  Si  growth  thickness  in  the  region  of  high  Ge 
concentration  and  a  second-order  reaction  as  well 
as  a  first-order  reaction  is  necessary  to  describe  the 
Ge  segregation  phenomenon  in  Si.  The  segregation 
length  is  defined  as  the  Si-deposition  thickness  at 
which  the  Ge  surface  concentration  becomes 
0.1  ML  (i^  of  the  initial  Ge  concentration)  at  a  Si- 
deposition  rate  of  0.1  nm/s.  As  shown  in  Fig.  2,  the 
segregation  phenomenon  does  not  monotonically 
increase  as  the  growth  temperature  increases;  it 
reaches  its  maximum  at  500°C  with  and  without 
hydrogen  irradiation. 

The  segregation  length  on  Si(l  0  0)  is  larger  than 
that  on  Si(l  1  1).  As  the  growth  temperature  de¬ 
creased,  the  segregation  lengths  on  Si{l  0  0)  and 
Si(l  1  1)  substrates  became  constant  at  almost  the 
same  segregation  length  as  that  of  the  amorphous 
surfaces.  The  difference  in  the  segregation  lengths 


Fig.  1.  Segregated  Ge  concentration  as  a  function  of  Si  over¬ 
growth  thickness  with  and  without  atomic  hydrogen  irradiation. 
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Fig.  2.  Segregation  length  on  Si(l  0  0),  Si(l  1  1),  and  amorphous 
substrates  with  and  without  atomic  hydrogen  irradiation  as 
a  function  of  substrate  temperature. 


Fig.  4.  Dependence  of  surface  segregated  Ge  concentration  on 
the  Si  deposition  rate. 


(a) 


Si(l(X))  surface 
subsurface 


O  !  Si  atom 
#  :  Ge  atom 


Fig.  3.  Ge  segregation  paths  of  (a)  Si(l  0  0)  and  (b)  Si(l  1  1) 
substrates  shown  as  cross-sections. 


of  the  Si(l  0  0)  and  Si(l  1  1)  substrates  is  considered 
to  be  due  to  the  difference  in  the  number  of  segrega¬ 
tion  paths  in  different  substrates  (Fig.  3).  In  the 
low-temperature  range,  however,  the  number  of 
paths  becomes  the  same  due  to  the  deterioration  of 
crystal  quality.  The  atomic  hydrogen  irradiation 
reduces  the  Ge  surface  segregation.  The  temper¬ 
ature  at  which  the  segregation  length  became  con¬ 
stant  was  50°C  higher  when  hydrogen  irradiation 


was  used,  regardless  of  the  substrate  orientations. 
This  means  that  the  hydrogen  irradiation  degrades 
the  crystal  quality  possibly  by  reducing  the  migra¬ 
tion  of  atoms  on  surfaces  [3].  This  irradiation  effect 
becomes  undetectable  above  700°C.  It  appears  that 
the  thermal  desorption  of  hydrogen  from  surfaces 
becomes  larger  at  high  substrate  temperatures. 

The  increase  of  the  Si  deposition  rate  from  0.05 
to  0.3  nm/s  reduces  the  segregation  phenomenon  as 
shown  in  Fig.  4.  This  means  that  the  jumping  rate 
of  Ge  atoms  for  surface  segregation  is  comparable 
with  the  Si  growth  rate. 

The  segregation  phenomenon  has  been  ex¬ 
plained  by  the  two-energy-state  model  [4,  5]  and 
Fig.  5  shows  the  potential  energy  diagram  for  Ge. 
The  energy  of  the  surface  state  is  lower  than  that  of 
the  subsurface  state  by  an  amount  equal  to  and 
the  Ge  atoms  jump  over  the  potential  barrier  of 
to  segregate  to  the  surface.  From  our  studies  on 
the  dependence  of  the  segregated  Ge  concentration 
on  the  Si  growth  thickness  at  high  temperatures  [2], 
the  value  of  is  determined  to  be  ~0.28  eV  [5]. 

In  this  case,  the  jumping  probability  of  Ge 
from  the  subsurface  to  the  surface  can  be  written  as 

rf  =  vexp{-EJkT),  (1) 

and  the  jumping  probability  of  the  reverse  pro¬ 
cess  from  surface  to  subsurface  can  be  written  as 

rb  =  V  exp(-(£a  +  E^kT), 


(2) 
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Fig.  5.  Schematic  illustration  of  an  energy  diagram  of  the  two- 
energy-state  model. 

where  v  is  the  frequency  of  attempts  to  jump  over 
potential  barriers.  As  the  growth  temperature  in¬ 
creases,  the  reverse  process  denoted  by  also  in¬ 
creases  and  the  surface  segregation  phenomenon  is 
reduced.  As  a  result,  the  segregation  phenomenon 
reaches  its  maximum  when  the  reverse  process 
starts  to  become  significant  under  high-temper¬ 
ature  growth  conditions.  As  mentioned  above,  the 
increase  in  the  Si-deposition  rate  decreases  the  seg¬ 
regation  as  seen  in  Fig.  4,  which  means  that  the 
value  of  Tf  is  close  to  that  of  the  Si-deposition  rate. 

In  the  model,  the  second-order  reaction  has  been 
deduced  using  the  following  equations. 

=  -  dri,ni(t)(l  -  n2(t)) 
at 

+  dr(n2(t)(l  -  ni(0),  (3) 

^  =  -  dr^n.m  -  «2(t)) 

at 

+  dr[n2(t)(l  -  ni(f)),  (4) 

where  ni(t}  is  the  Ge  occupant  ratio  of  the  surface 
layer,  n2(t}  is  that  of  the  subsurface  layer,  and  d  is 
the  number  of  segregation  paths;  i.e.,  is  2  on  the 
Si(l  0  0)  surface  and  1  on  the  Si(l  1  1)  surface,  as 
shown  in  Fig.  5.  The  first  terms  of  Eqs.  (3)  and  (4) 


represent  the  rates  of  Ge  jumping  from  the  surface 
to  the  subsurface,  and  the  second  terms  represent 
those  from  the  subsurface  to  the  surface.  That  is, 
these  rates  are  assumed  to  be  proportional  to  both 
the  Ge  occupant  ratio  of  one  layer  (ni(t)  or  n2(t)) 
and  the  Ge  empty  ratio  of  the  other  layer  (1  —  ^2(0 
or  1  —  ni(t)).  The  term  ni(t)  U2(0  of  Eqs.  (3)  and  (4) 
represents  the  second-order  reaction.  In  the  real 
system,  since  the  segregated  Ge  atoms  move 
around  on  the  surface,  the  effective  empty  ratio  of 
the  surface  is  larger  than  1  —  ni(t),  and  this  term 
can  be  written  as  1  —  R  ni(t)  instead  of  1  — 
where  R  is  a  number  between  0  and  1.  Thus, 
Eqs.  (3)  and  (4)  should  be  modified  to  the  following 
Eqs.  (5)  and  (6): 

=  -  dri,ni(t)(l  -  n2{t)) 
at 

+  drin2it){l  -  ni(t)),  (5) 

^  =  -  dr^n,m  -  «2(t)) 
dr 

-f  drfn2{t)(l  -  ni(r)).  (6) 

As  can  be  seen  in  Fig.  1,  hydrogen  irradiation  af¬ 
fects  the  second-order  reaction  instead  of  the  first- 
order  reaction  which  is  observed  in  the  range  of  low 
Ge  surface  concentrations.  This  means  that  the 
hydrogen  does  not  change  the  energy  or  £b  of 
Eq.  (1)  or  Eq.  (2),  but  changes  the  terms  of 
ni{t)  n2{t)  of  Eqs.  (5)  and  (6),  i.e.,  the  value  of  R.  We 
believe  that  the  atomic  hydrogen  adsorbs  surfaces 
and  limits  the  surface  migration  of  atoms,  and  the 
reduced  surface  migration  increases  R.  Wo  have 
solved  Eqs.  (5)  and  (6)  using  fitting  parameters  of 
=  0.12  eV,  Fb  =  0.28  eV,  v  =  20/s,  =  2  for  the 

Si(lOO)  surface,  d  =  l  for  the  Si(l  1  1)  surface, 
R  =  0.4  without  hydrogen  irradiation,  and  R  =  1 
with  hydrogen  irradiation.  The  results  are  shown  in 
Fig.  6.  It  should  be  pointed  out  that  v  is  much 
smaller  than  the  Debye  frequency  of  about 
1  X  10^^  s"\  The  small  value  of  v  is  necessary  to 
reproduce  the  experimental  results  of  the  Si-depo¬ 
sition  rate  dependence  in  Fig.  3  and  the  substrate 
orientation  dependence  in  Fig.  2.  We  do  not  know 
the  exact  meaning  of  R  yet,  but  the  hydrogen  effect 
can  be  reproduced  fairly  well  by  introducing  the 
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Fig.  6.  Result  of  a  simulation  based  on  the  two-state  model.  In 
the  simulation,  the  decrease  in  the  segregation  lengths  of 
Si(l  0  0)  to  Si(l  1  1)  is  due  to  fewer  exchange  paths  along  the 
bonds.  The  decrease  in  length  caused  by  hydrogen  irradiation  is 
due  to  an  increased  incorporation  ratio  of  Ge~Ge  pairs  into  Si. 


parameter  R.  We  are  now  conducting  a  detailed 
study  on  this  question. 

3.  Summary 

We  have  investigated  the  dependence  of  Ge  sur¬ 
face  segregation,  with  and  without  atomic  hydro¬ 
gen  irradiation  on  the  Si  growth  rate,  substrate 


orientation,  and  substrate  temperature.  We  have 
obtained  the  following  results. 

(1)  The  segregation  length  on  Si(l  0  0)  is  larger 
than  that  on  Si(l  1  1). 

(2)  The  segregation  decreases  when  the  Si  growth 
rate  increases  from  0.05  to  0.3  nm/s. 

(3)  The  atomic  hydrogen  irradiation  reduces  the 
Ge  surface  segregation  but  causes  deterioration  in 
the  crystal  quality. 

(4)  The  atomic  hydrogen  irradiation  does  not 
change  the  potential  of  the  two-energy-state  model, 
but  it  does  change  the  probability  of  the  second- 
order  reaction  occurring. 
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Abstract 

In  this  paper,  we  present  a  mass-spectrometry-based  approach  to  the  control  of  C  concentration  during  molecular 
beam  epitaxy  (MBE)  of  Sii -^c-yGe^^C^/Si  superlattices.  High-resolution  X-ray  diffraction,  ion  beam  analysis,  and 
transmission  electron  microscopy  (TEM)  were  used  to  characterize  composition  and  crystallinity  in  a  series  of 
superlattices  for  which  the  average  strain  condition  was  designed  to  range  from  biaxial  compression  to  biaxial  tension. 
For  each  sample,  secondary  ion  mass  spectrometry  and  Rutherford  backscattering  spectrometry  confirmed  that  the 
average  composition  of  each  Sii_;^_yGexCy  layer  was  constant  during  growth.  However,  TEM  revealed  strain  contrast 
variations  within  the  Sii  -^_,,Ge,cCj,  layers,  leading  to  the  conclusion  that  the  presence  of  C  on  the  wafer  surface  leads  to 
laterally  inhomogenous  incorporation  of  C  (and  possibly  Ge).  TEM  also  showed  that  all  samples  were  essentially  free  of 
extended  defects  except  for  short  microtwins  observed  in  the  tensile-strained  sample,  that  originated  in  the  Sii  -^-yOe^C^ 
layers  and  terminated  in  the  Si  layers  directly  above. 


1.  Introduction 

Novel  growth  techniques  such  as  molecular 
beam  epitaxy  (MBE)  and  chemical  vapor  depo¬ 
sition  (CVD)  have  recently  been  shown  to  be  suit¬ 
able  for  producing  high-quality  alloys  of  Si,  Ge, 
and  C  and  therefore  offer  increased  flexibility  in  the 
control  of  strain  and  electronic  structure  in  Group 
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IV  heterostructures.  These  materials  promise  im¬ 
proved  compatibility  of  Group  IV  heterojunc¬ 
tion  electronics  with  the  processing  environments 
currently  available  for  Si  CMOS.  There  are  now 
compelling  examples  which  suggest  that  circuits 
employing  semiconductor  heterostructure  devices 
are  potentially  faster  and  less  power-consuming 
than  those  employing  homojunction  devices  alone. 
The  lack  of  a  well-developed  lattice-matched  ma¬ 
terial  compatible  with  advanced  Si  processing  has 
limited  the  wide-spread  use  of  these  devices  in  Si- 
based  circuits,  or  has  limited  the  performance  ad¬ 
vantage  attainable  because  of  stability  limits.  For 
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example,  the  performance  of  Si  bipolar  transistors 
has  been  improved  by  adding  a  built-in  electric  field 
to  the  base  using  a  graded  Sii_;,Ge^  layer  [1]. 
However,  only  a  limited  amount  of  Ge  can  be 
incorporated  before  devices  degrade  by  strain  re¬ 
laxation  during  thermal  processing.  Furthermore, 
while  Sii-^cGe^,  strained  to  Si  has  a  useful  valence 
band  offset,  the  conduction  band  offset  is  not  large 
enough  to  produce  significant  electron  confinement 
[2].  The  ability  to  create  thermally  stable  devices 
with  band  offsets  larger  than  can  be  achieved  with 
Sii -xGqx  would  greatly  increase  the  performance 
advantage  of  circuits  using  Si-related  heterostruc¬ 
ture  devices. 

Alloys  of  Si,  Ge,  and  C  are  expected  to  provide 
enhanced  flexibility  in  the  design  of  such  structures 
since  the  Sij  _;c-:(;Ge;cCy  alloy  system  allows  for  the 
adjustment  of  strain  relative  to  Si.  Assuming  that 
Vegard’s  law  is  valid,  the  lattice  constant  of  relaxed 
Sii-^c-yGe^Cj,  should  attain  a  value  between  that 
of  diamond  and  that  of  germanium;  thus,  for 
Sii_;c-3;Gre^Cj,  alloys  with  a  Ge  to  C  ratio  of  ap¬ 
proximately  8  to  1,  material  with  a  lattice  constant 
exactly  equal  to  Si  is  expected.  The  resulting  mater¬ 
ial  should  therefore  be  stable  with  respect  to 
strain-driven  misfit  dislocation  formation  and  com¬ 
patible  with  higher  processing  temperatures  as 
compared  with  alloys  of  the  same  Ge 

concentration.  To  realize  the  potential  of  this  ter¬ 
nary  system,  excellent  control  of  composition  is 
needed  (as  for  any  ternary  semiconductor  system), 
as  well  as  concentrations  of  C  and  Ge  high  enough 
to  provide  significant  band  offsets  with  respect  to 
Si.  While  techniques  to  control  the  composition  of 
films  containing  Si  and  Ge  have  been  well  estab¬ 
lished  by  CVD  and  MBE  growth  techniques;  con¬ 
trol  of  C  composition  in  such  films  remains  the 
subject  of  extensive  research. 

To  our  knowledge,  Furakawa  et  al.  [3]  first 
reported  growth  of  Sii alloys  in  a 
United  States  Patent  granted  in  1989.  Since  then, 
considerable  work  has  been  done,  notably  by  IBM 
[4-6]  and  others  [7-13],  to  understand  the  growth 
conditions  under  which  high-quality  Sii  -x-yGc^Cy 
can  be  grown  and  what  its  properties  are,  both 
structurally  [4-10]  and  optically  [11-13].  Most  of 
the  previous  work  dealt  with  very  thin  (typically 
<  10  nm)  layers  with  low  carbon  content.  Here,  we 


report  studies  of  thicker  layers  (~25nm)  with 
C  concentrations  exceeding  1  %  and  focus  on  their 
structural  quality  including  the  microscopic  detail 
and  its  relevance  to  growth  kinetics. 

Preliminary  estimates  of  band  offset  indicate  that 
C  concentrations  up  to  approximately  5%  are 
needed  to  make  lattice-matched  materials  with  use¬ 
ful  band  offsets  with  respect  to  Si  [3, 14].  Pre¬ 
viously,  we  reported  [15]  that,  for  C  concentrations 
in  excess  of  1%,  the  growth  of  Sii_j,Cy  produced 
a  rough  surface,  as  evidenced  by  spottiness 
in  Reflection  High-Energy  Electron  Diffraction 
(RHEED)  patterns  observed  during  growth.  As 
long  as  the  Sii-^C^  layer  thickness  did  not  exceed 
a  certain  critical  value  (found  to  be  strongly  depen¬ 
dent  on  C  concentration),  growth  of  the  subsequent 
Si  layer  smoothed  the  surface  and  the  structures 
remained  relatively  defect-free.  At  still  higher  con¬ 
centrations  and  thicknesses,  RHEED  revealed 
evidence  of  twinning  and  the  material  became  high¬ 
ly  defective.  For  Sii-x-yGQ^^y  superlattices,  the 
observed  roughening  and  defect  formation  occurs 
at  lower  C  concentration.  The  use  of  less  than 
a  monolayer  of  Sb  as  a  surfactant  [15]  leads  to 
improved  morphology  and  much  more  abrupt  in¬ 
terfaces  between  Sij  layers  and  Si  than  can  be 
achieved  without  the  use  of  Sb.  This  technique  has 
recently  been  applied  to  Sii -3;-j,Ge;cCy  layers  as 
well.  While  this  development  represents  substantial 
progress,  detailed  studies  of  growth  in  the  absence 
of  Sb  are  still  valuable.  Our  aim  is  to  understand 
the  C-related  mechanisms  that  lead  to  poor  mor¬ 
phology  better  and  to  understand  further  the  basic 
growth  mechanisms  inherent  to  MBE,  as  well  as 
explore  the  possibility  of  achieving  good  morpho¬ 
logy  at  even  higher  C  concentrations  than  possible 
with  Sb  alone. 

In  this  paper,  we  discuss  progress  towards  repro- 
ducibly  depositing  superlattices  of  Sii -^c-yGe^Cj, 
and  Si.  By  growing  a  series  of  Sio.9~j;Geo.iCy/Si 
superlattices,  we  show  that  our  method  of  control¬ 
ling  the  C  flux  can  be  successfully  used  to  produce 
high-quality  crystalline  structures  with  strain  con¬ 
figurations  ranging  from  compressive,  to  lattice- 
matched,  and  finally  to  tensile,  as  the  substitutional 
C  concentration  is  increased  from  about  1%  to 
1.7%.  We  show  that  the  films  are  crystalline,  and 
analyze  layer  thickness  and  composition  using 
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high-resolution  X-ray  diffraction  (HRXRD),  Ruther¬ 
ford  backscattering  spectrometry  (RBS),  and  C- 
resonance  backscattering.  By  analysis  of  secondary 
ion  mass  spectrometry  (SIMS)  data,  the  C  and  Ge 
contents  are  shown  to  be  uniform  from  layer  to 
layer  within  the  superlattice.  Transmission  electron 
microscopy  (TEM)  has  been  used  to  analyze  defect 
structure  in  the  films,  and  a  contrast  is  visible  in  the 
Sii_;e-3,Ge^Cy  layers  that  may  be  attributable  to 
variations  in  the  rate  at  which  C  is  incorporated 
laterally  across  the  wafer  surface.  This  contrast 
seems  to  depend  on  the  rate  at  which  C  is  depos¬ 
ited,  rather  than  the  average  strain.  Finally,  at  high¬ 
er  C  concentrations,  microtwins  are  observed  that 
originate  in  the  alloy  layers  and,  in  some  cases, 
terminate  in  subsequent  Si  layers. 


2.  Experimental  procedure 

Samples  were  prepared  in  a  Perkin-Elmer 
(Model  430S)  Si  MBE  system,  capable  of  co-deposi- 
ting  Si,  Ge,  and  C  from  electron  beam  evaporators 
onto  heated  Si  substrates.  Solid,  high-purity  graph¬ 
ite  (<5ppm  ash)  was  inserted  into  the  40 cm^ 
hearth  of  one  of  the  evaporators  and  served  as  the 
source  of  C.  Tuned  to  24  amu  (C2),  a  residual  gas 
analyzer  (RGA)  located  directly  above  the  C  source 
provided  a  quantitative  measure  of  the  C  flux.  The 
signal  from  the  RGA  was  compared  with  a  pre¬ 
viously  calibrated  setpoint  value  depending  on  the 
desired  C  flux  and  used  to  control  the  power  to  the 
electron  gun.  A  cutout  in  the  C  shutter  allowed  the 
flux  to  be  continually  monitored  and  the  electron 
gun  to  be  controlled,  regardless  of  whether  the 
shutter  was  open  or  closed,  eliminating  transients 
that  might  otherwise  occur  as  the  shutter  opened. 


A  series  of  Sii-j,C3,/Si  superlattices  were  grown  at 
450°C  and  analyzed  by  HRXRD  to  determine 
C  concentration  as  a  function  of  RGA  setpoint  for 
fixed  Si  flux,  thereby  generating  a  calibration  curve 
used  during  growth  of  the  Sii-^-yGe^C,;  alloys. 

The  sample  set  chosen  for  this  study  consisted  of 
4  Sii-^c-yGe^cCy/Si  superlattices  (denoted  “Calib”, 
A,  B,  and  C),  which  were  composed  of  alternating 
layers  of  Sii  -^-yG^^Cy  and  Si  grown  at  450°C.  The 
Ge  composition  in  each  sample  was  chosen  to  be 
roughly  10%.  The  samples  were  prepared  on  5  in. 
(1  0  0)  Si  substrates  (p-type,  0.01-0.02  Q-cm)  which 
were  degreased  ex  situ  in  tetrachloroethane, 
acetone,  methanol,  and  deionized  water  followed 
by  a  15  s  etch  in  5%  HF.  In  situ  cleaning  consisted 
of  heating  the  samples  to  730°C  to  drive  off  adsor¬ 
bed  hydrogen  or  (in  the  case  of  sample  C)  exposure 
to  a  0.1  A/s  Si  flux  at  875°C  for  60  s.  The  C  con¬ 
centrations  in  each  sample  were  deliberately 
chosen  to  vary  about  what  is  required  to  achieve 
a  perfect  lattice  match  with  the  Si  substrate  (sample 
B)  and  thus  ranged  between  0  and  a  few  atomic 
percent. 

3.  Composition  analysis 

We  used  several  different  techniques  to  measure 
superlattice  composition  and  layer  thickness. 
Table  1  summarizes  the  results  of  our  analysis  for 
the  four  different  samples.  The  biggest  discrepancy 
is  between  the  C  content  determined  from  RBS  and 
SIMS  which  measure  the  total  C,  and  that  deter¬ 
mined  from  HRXRD,  which  primarily  measures 
the  substitutional  fraction. 

HRXRD  was  used  to  measure  the  superlattice 
period  and  average  strain.  For  the  sample  “Calib,” 


Table  1 

Composition  and  layer  thicknesses  for  the  superlatices  used  in  this  study  [Sij  _,,_^Ge;,Cy/Si  superlattice  sample  set  (10  periods  each)] 


Sample 

HRXRD 

TEM 

RBS 

SIMS 

fsi  (nm) 

tsiGec  (nm) 

Ge  (%) 

C  (%) 

tsi  (nm) 

^siGec  (nm) 

Ge  (%) 

C  (%) 

C  (%) 

Calib. 

33.3 

23.9 

10.6 

0.0 

34.0 

22.0 

11.2 

0.0 

<0.06 

A 

33.3 

23.9 

10.4 

1.0 

32.6 

22.5 

11.0 

1.2 

1.3 

B 

38.1 

27.0 

9.2 

1.1 

34.6 

28.0 

8.5 

1.3 

1.6 

C 

34.1 

24.5 

10.1 

1.7 

30.9 

24.5 

10.1 

2.3 

2.4 
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grown  without  C,  these  data  together  with  the 
shutter  opening  and  closing  times  were  sufficient  to 
determine  the  Si  and  Ge  fluxes,  and  therefore  the 
Ge  composition  and  individual  superlattice  layer 
thicknesses.  For  the  samples  A,  B,  and  C,  there  were 
three  unknown  fluxes.  The  composition  and  thick¬ 
nesses  listed  in  the  table  were  then  determined  with 
the  additional  assumption  that  the  Ge  flux  was  the 
same  for  these  samples  as  it  was  for  the  calibra¬ 
tion  sample.  We  have  found  from  previous  experi¬ 
ence  that  the  Ge  is  our  most  stable  source,  and 
the  assumption  of  constant  Ge  flux  for  depo¬ 
sitions  close  to  one  another  in  time  is  usually 
justified. 

Analysis  of  TEM  images  provided  measurements 
of  the  layer  thicknesses.  The  magnification  was 
determined  directly  from  the  images  by  counting  Si 
lattice  planes  within  the  Si  layers.  The  perpendicu¬ 
lar  lattice  constant  used  was  that  of  bulk  Si,  since 
the  electron  micrographs  indicated  that  the  films 
were  coherently  strained  to  the  underlying  Si  sub¬ 
strates. 

Standard  2  MeV  He^  was  used  for  probing  Si 
and  Ge,  whereas  4.3  MeV  He^"^  C-resonance  back- 
scattering  probed  the  C  component.  These  ion 
backscattering  techniques  were  used  to  measure  the 
average  Ge  and  C  concentrations  in  the  films,  since 
the  composition  of  the  individual  layers  of  the 
superlattice  could  not  be  resolved.  To  obtain  the 
C  and  Ge  content  of  the  Sii-x-yGo^Cy  layers  from 
the  average  content  of  the  superlattice,  the  thick¬ 
ness  of  the  individual  layers  as  obtained  from  the 
TEM  analysis  was  used. 

Finally,  SIMS  analysis  was  performed  with 
a  Cameca  IMS  3f  using  a  10  keV  Cs"^  primary 
beam.  The  analysis  is  based  on  the  negative  second¬ 
ary  ion  yield.  A  thick  layer  of  Sii  -^-yGe^cCj;  which 
had  been  characterized  by  Elastic  Recoil  Detection 
and  C-resonance  backscattering  provided  a  refer¬ 
ence  for  quantifying  the  C  content. 

4.  Results 

4.L  HRXRD 

(0  0  4)  HRXRD  rocking  curve  spectra  were  ob¬ 
tained  from  each  sample  in  order  to  measure  the 


composition  and  thickness  of  the  superlattice 
layers.  CuK^  radiation  was  selected  using  a  Ge 
four-crystal  monochromator  and  collimated  onto 
each  sample.  The  spectra  generally  consisted  of 
a  substrate  peak  and  several  sharp,  evenly  spaced 
peaks  corresponding  to  the  superlattices.  By 
measuring  the  relative  angular  position  of  the 
zeroth-order  peak  and  the  substrate  peak,  an  accu¬ 
rate  determination  of  the  average  strain  in  the  su¬ 
perlattices  was  obtained.  Together  with  the  average 
spacing  of  the  superlattice  peaks  and  the  shutter 
opening  and  closing  times,  an  accurate  calibration 
of  the  Si  and  Ge  fluxes  was  obtained  from  the 
sample  “Calib”.  Assuming  that  the  Ge  flux  could  be 
held  constant  from  run-to-run  (confirmed  by  grow¬ 
ing  three  such  calibration  samples  on  consecutive 
days),  the  Si  and  C  fluxes  were  calculated  from  the 
spectra  for  each  of  the  samples  (A-C)  that  con¬ 
tained  C.  The  spectra  from  these  samples  are  shown 
in  Fig.  1.  The  results  confirm  that  the  C  concentra¬ 
tions  span  the  range  necessary  for  achieving  perfect 
lattice  match  to  the  substrate.  Sample  A  is  com- 
pressively  strained,  since  the  zeroth-order  peak  ap¬ 
pears  at  a  lower  angle  than  that  of  the  substrate 
while  sample  C  is  under  tension.  For  sample  B,  the 
C  and  Ge  fractions  are  balanced  so  that  the 
zeroth-order  peak  overlaps  that  of  the  substrate 
and  thus  it  is  lattice-matched.  Confirmation  of 
the  assignment  of  the  zeroth-order  superlattice 
peak  was  obtained  by  comparing  the  results  with 
simulation. 


Theta  (degrees) 

Fig.  1.  HRXRD  data  obtained  from  samples  A-C.  The  angu¬ 
lar  position  of  the  zeroth-order  superlattice  peak  (indicated) 
increases  with  respect  to  the  substrate,  indicating  that  the 
strain  condition  of  the  superlattices  ranges  from  compressive 
(sample  A)  to  lattice-matched  (sample  B)  and  finally,  to  tensile 
(sample  C). 
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4.2.  SIMS 

SIMS  was  used  to  examine  the  uniformity  of 
C  and  Ge  within  our  epitaxial  films.  Fig.  2  shows 
the  concentration  of  Si,  Ge,  and  C  for  sample  B  as 
a  function  of  distance  from  the  outer  surface  of  the 
layer.  The  depth  scale  was  calculated  from  sputter¬ 
ing  time  using  the  superlattice  period  determined 
by  HRXRD.  The  concentration  scale  was  cal¬ 
culated  using  values  for  the  average  C  and  Ge 
composition  obtained  from  RBS  data.  The  top,  or 
last  deposited  material  consisted  of  200  nm  of  pure 
Si.  The  ten  periods  of  the  superlattice  are  evident  in 
the  modulation  of  the  concentrations  from  200  to 
800  nm  into  the  film.  The  rounding  of  the  concen¬ 
tration  profiles  is  indicative  of  the  depth  resolution 
of  the  SIMS  technique  caused  by  non-uniform 
sputtering  of  the  superlattice  as  depth  profiles  are 
made.  Both  the  C  and  Ge  concentration  show 
a  slight  change  in  amplitude  through  the  super¬ 
lattice.  The  peak  Ge  concentration  increases  from 
8.0%  to  9.0%  from  the  bottom  to  the  top  layer  of 
the  superlattice,  and  the  C  increases  from  1.2%  to 
1.4%.  Since  the  change  in  amplitude  is  monotonic, 
fairly  linear  and  small,  we  attribute  the  variation  to 
a  slight  increase  in  roughening  as  the  film  is  sput¬ 
tered.  The  actual  uniformity  of  the  Ge  and  C  is 
likely  to  be  better  than  the  small  variation  seen  in 
the  SIMS  profile. 


Tgrowth  =  450  “C 


Fig.  2.  SIMS  profile  showing  film  concentration  as  a  function  of 
depth  from  the  top  surface  of  sample  B.  The  ten  periods  of  the 
superlattice  are  evident  in  the  region  from  200  to  800  nm  (the 
top  200  nm  consists  of  a  pure  Si  capping  layer).  The  rounding  of 
the  composition  modulation,  and  the  slight  decrease  in  modula¬ 
tion  amplitude  with  depth  are  attributed  to  the  roughening 
caused  by  the  sputtering  used  to  obtain  the  depth  profile. 


43.  Electron  microscopy 

Each  of  the  samples  were  analyzed  for  defects 
through  the  use  of  cross-sectional  TEM.  No  defects 
were  observed  in  the  sample  “Calib”  and  the  layers 
appeared  uniform  in  composition  and  pseudomor- 
phic  with  the  Si  substrate.  Samples  A  and  B  were  of 
good  crystalline  quality  with  no  extended  defects 
observable  (defect  density  <10^cm"^).  A  cross- 
sectional  TEM  micrograph  taken  from  sample 
B  (lattice-matched)  is  shown  in  Fig.  3.  The  figure 
shows  that  for  the  case  of  Si  grown  on 
Sii-x-yGe^Cy,  the  interfaces  were  less  abrupt  than 
in  the  case  of  Sii-x-yGe^^y  grown  on  Si.  These 
observations  are  consistent  with  RHEED  which 
showed  spotted  patterns  (indicative  of  rough  surfa¬ 
ces)  during  Sii  -.^-^Ge^Cj,  growth  and  streaked  pat¬ 
terns  (indicative  of  smooth  surfaces)  during  Si 
growth.  The  marked  difference  in  interface  abrupt¬ 
ness  observed  here  is  also  consistent  with  the 
HRXRD  spectra  shown  in  Fig.  1  in  that  only  1-2 
orders  of  superlattice  satellite  peaks  are  observable 
whereas  several  more  orders  can  generally  be  seen 
in  samples  containing  more  abrupt  interfaces. 

Fig.  3  also  reveals  contrast  within  the 
Sii -x-yGQxGy  layers,  indicative  of  intralayer  strain 
variations  which  are  attributed  to  possible  phase 
separation  at  the  growing  surface.  This  contrast 
was  also  observed  in  samples  A  and  C,  although  to 
a  lesser  extent  in  A,  and  to  a  greater  extent  in  C. 
Since  the  strain  contrast  is  observed  more  strongly 
for  sample  B  (zero  average  strain)  than  for  sample 
A  (compressively  strained),  we  conclude  that  it  is 
more  closely  correlated  with  C  concentration  than 
with  average  strain.  It  appears  that,  at  least  on 
a  local  scale,  there  is  a  tendency  for  C  (and  perhaps 
also  Ge)  to  cluster  and  precipitate  into  the  growing 
film.  As  indicated  earlier,  the  local  strain  contrast 
was  even  more  pronounced  in  the  tensile-strained 
sample  (sample  C)  than  in  either  samples  A  or  B, 
and  microtwins  were  visible  along  {111}  planes 
originating  in  the  Sii-^-j,Ge;,Cj,  layers  and  termi¬ 
nating  in  the  Si  layers  directly  above.  Since  the 
XRXRD  and  SIMS  measurements  disagree,  it  is 
surmised  that  a  large  fraction  of  the  total  C  in  this 
sample  must  be  incorporated  interstitially.  A  cor¬ 
relation  between  defect  formation  and  the  drop  in 
the  percentage  of  substitutional  C  is  thus  noted. 
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Fig.  3.  Cross-sectional  electron  micrograph  of  lattice-matched  sample  B.  Local  strain  contrast  is  visible  within  each  Sii  _;c-yGej.Cj, 
layer. 


5.  Conclusion 

Superlattices  of  Sii_;c-yGSxC3,  and  Si  were 
grown  and  characterized  through  the  use  of  a  mass- 
spectrometry -controlled  electron  beam  source  of  C. 
HRXRD,  RBS,  and  SIMS  analytical  techniques 
were  used  to  measure  the  Ge  and  C  concentration 
and  layer  thicknesses  for  four  Sio.9-,;Geo.iCy/Si 
superlattices.  The  concentrations  and  thicknesses 
agreed  closely  except  for  the  sample  containing  the 
highest  C  concentration,  in  which  we  presume 
a  significant  non-substitutional  C  component  must 
be  present.  HRXRD  and  SIMS  demonstrated  the 
superlattices  to  be  uniform  in  composition  from  the 
first  period  to  the  last,  with  little  variation  from 
period  to  period.  The  HRXRD  data  also  show  that 
the  mass-spectrometry-controlled  method  of  de¬ 
positing  C  can  be  used  to  grow  samples  with 
a  range  of  strain  conditions  varying  from  compres¬ 
sive  to  lattice-matched  to  tensile  for  fixed  Ge  con¬ 
centration.  Lastly,  TEM  images  of  the  samples 
show  that  they  were  free  of  extended  defects  except 
for  the  tensile-strained  sample  containing  the  high¬ 
est  concentration  of  C  in  which  microtwins  were 
observed.  Areas  of  modulated  strain  contrast  with¬ 
in  the  Sii-x-yGcx^y  layers  were  observed  in  all 
three  C-containing  samples.  This  modulation  ap¬ 
peared  to  depend  primarily  on  C  concentration, 


rather  than  average  strain  since  even  the  lattice- 
matched  sample  showed  this  effect.  The  contrast  is 
apparently  due  to  a  lateral  inhomogeneity  in  the 
incorporation  rate  of  the  constituents  due  to 
the  presence  of  C  on  the  wafer  surface  during 
growth. 
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Abstract 

A  new  class  of  non-dispersive  Si  nanoparticle  (SNP)  system  has  been  created  on  Si(l  0  0)  wafers  by  low-energy  oxygen 
co-implantation  during  Si  MBE.  Ordered,  highly  oriented  Si  nanoparticles  embedded  in  Si02  with  dimensions 
d  =  4-100  nm  are  observed.  Transmission  electron  microscopy  shows  that  SNPs  are  oriented  preferentially  to  [1  0  0], 
indicative  of  epitaxial  growth  of  SNP  as  compared  to  conventional  dispersive  SNPs.  Individual  SNP  is  confirmed  to  be 
a  single  crystal  and  exhibits  unusual  habits  with  (10  0)  and  (111)  facets.  Broad  visible  luminescence  bands  are  observed 
at  room  temperature. 

PACS:  68.55.Bd;  68.55.Ln;  61.16.Bi;  68.35.B 

Keywords:  Highly  oriented  Si  nanoparticles;  Oxygen  co-implantation;  Si  MBE;  Si02 


1.  Introduction 

Establishing  a  realistic  device  made  of  Si  and 
allied  compounds  is  a  cornerstone  issue  in  the  field 
of  optoelectronics.  Recently,  dielectric  suspensions 
of  Si  and  Ge  fine  structures  of  nanodimensions 
have  attracted  much  interest  due  to  their  unique 
optical  properties.  In  particular,  visible  light  emis¬ 
sion  capability  of  Si  nanoparticles  (SNP)  in  Si02  at 


*  Corresponding  author.  Fax:  -1-  81  3  5454  431 1;  e-mail:  fkatz@ 
srv.bme.rcast.u-tokyo.ac.jp. 


room  temperature  holds  promise  in  the  context  of 
efficient  Si-based  light  emitter  fabrication  [1-9]. 

The  problems  which  arise  when  dealing  with  Si 
nanoparticles  in  Si02  fabricated  by  conventional 
techniques  such  as  gas-evaporation,  co-sputtering, 
and  Si  implantation  are  (1)  the  dispersive  character 
of  nanoparticles  that  are  randomly  distributed  in 
Si02  without  preference  of  crystal  orientation  and 
(2)  the  meager  controllability  over  the  particle  di¬ 
mensions  [1-9].  Within  the  perspective  of  optoelec¬ 
tronic  application,  it  is  desirable  to  develop  a 
technique  which  allows  an  ordered  arrangement 
and  control  over  the  feature  size  to  make  use  of  the 
potential  of  SNP. 
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In  this  paper,  a  novel  architecture  of  Si  nanopar¬ 
ticles  is  described  by  using  Si  MBE  hybridized  with 
multiple  oxygen  co-implantation.  An  ordered,  highly 
oriented  Si  nanoparticles  are  created  and  arranged 
in  a  layered  manner.  Visible  light  emission  approach¬ 
ing  the  quantum  confined  regime  was  observed  at 
room  temperature. 

2.  Experimental  procedure 

Low-energy  oxygen  ion  implantation  during  Si 
MBE  [10]  (LOI-MBE)  was  performed  to  create 
highly  ordered  and  oriented  SNPs  on  an  n-type 
doped  Si(lOO).  LOI-MBE  was  originally  de¬ 
veloped  for  silicon-on-insulator  (SOI)  technology 
[10].  O'^ions  at  25  kV  were  generated  by  an  ECR 
ion  source  with  a  sector  magnet.  Maskless  im¬ 
plantation  was  performed  during  MBE  to  an  areal 
dose  of  2  X  10^^  cm“^.  A  quality  Si  surface  for  MBE 
was  obtained  during  the  course  of  and  even  after 
oxygen  implants  with  a  2  x  1  reconstruction  on  the 
top  Si. 

Alternate  Si/Si02  bilayers  were  created  by  Si 
MBE,  oxygen  ion  implantation,  and  annealing. 
Simultaneous  implantation  during  MBE  was  per¬ 
formed  for  comparative  purposes.  Finally,  ex¬ 
tended  ex  situ  annealing  at  1280°C  for  2  h  was 
performed  for  both  cases.  Si  nanoparticles  are  for¬ 
med  at  this  step.  The  Si  growth  rate  was  1-2  A/s 
with  an  e-gun  and  the  substrate  temperature  was 
700X  throughout.  The  layer  thickness  was  meas¬ 
ured  by  transmission  electron  microscopy  (TEM). 

3.  Results  and  discussion 

While  standard  SOI  wafers  carry  a  single  buried 
oxide  layer  created  either  by  implants/annealing  or 
bond-and-etch-back,  LOI-MBE  is  capable  of  pro¬ 
ducing  a  stack  of  Si/Si02  bilayers  of  extended  peri¬ 
od,  n  =  2-4.  Si/Si02  stacks  are  promising  for 
electrical  isolation  and  optic  application  such  as 
waveguides  and  mirrors  using  the  refractive  index 
step  at  Si/Si02  [11]. 

However,  Si/Si02  bilayer  morphologies  are  sig¬ 
nificantly  modified  by  multiple  LOI-MBE  with 
n  —  5  or  more.  As  shown  in  Fig.  la,  LOI-MBE 


with  n  =  5  generates  Si  nanoparticles.  Faceted  Si 
polyhedra  suspended  in  Si02  are  identified.  A  mag¬ 
nified  TEM  picture  (Fig.  lb)  of  a  160  A  SNP  shows 
(1  1  1)  and  (1  0  0)  habits.  Single-  crystalline  charac¬ 
ter  is  confirmed  by  selective  area  diffraction  shown 
in  Fig.  Ic.  Laterally  extended  Si  islands  are  also 
seen.  Importantly,  SNPs  are  slightly  displaced  from 
parent  Si  layers.  The  top  Si  is  a  large  slab  extending 
more  than  400  nm.  Thus  the  first  grown  four  Si 
slabs  have  transformed  to  SNPs. 

There  sometimes  appeared  Si  islands  suspended 
in  the  Si02  even  for  n  =  2  and  3.  Such  Si  islands  are 
created  by  excess  oxygen  dose.  These  are  distin¬ 
guished  from  SNPs  since  these  islands  are  larger 
than  SNP,  However,  such  Si  islands  are  as  highly 
oriented  as  SNPs  are.  Therefore  this  highly 
oriented  character  seems  to  share  the  same  origins 
with  SNPs. 

Simultaneous  LOI-MBE  with  co-implantation 
was  also  examined.  We  obtained  similar  SNP  of 
comparable  dimensions  arranged  in  a  layered  ge¬ 
ometry  while  SNP  orientation  was  slightly  mis- 
oriented  as  compared  to  nearly  ordered  SNPs 
formed  by  co-implants  followed  by  Si  MBE. 

It  is  also  noted  in  Fig.  1  that  the  particle  dimen¬ 
sions  have  a  distribution.  The  particle  dimension 
statistics  of  SNPs  was  taken  by  densitometry  of 
a  cross-sectional  TEM  image  over  more  than  200 
SNPs.  The  cumulative  numbers  of  SNPs  are  plot¬ 
ted  for  vertical  and  lateral  directions  in  Fig.  2.  Note 
the  log-scale.  These  distributions  are  reasonably 
fitted  by  lognormal  distribution  functions  [12]  of 
the  form  In  fT)exp  (  —  In  {xjxflln  with 

standard  deviation  of  a  =  1.5  ±  0.1  nm  and  the 
mean  value  of  x  =  21  ±2  nm.  Thus,  we  see  that  the 
morphologies  of  SNPs  for  x  <  50  nm  are  isotropic 
and  the  formation  kinetics  have  reached  thermal 
equilibrium. 

The  arrow  of  the  upper  panel  of  Fig.  2  shows 
that  there  is  a  vertical  dimension  cutoff  at  40  nm, 
whereas  there  is  no  ceiling  over  the  lateral  width. 
These  indicate  that  the  ceiling  of  the  SNP  height  is 
precisely  controlled  by  the  parent  Si  thickness,  tsi- 
Therefore  the  vertical  feature  size  is  controlled  sim¬ 
ply  by  choosing  the  parent  Si  thickness.  Although 
the  width  is  not  strictly  limiting,  it  is  spontaneously 
set  almost  the  same  as  the  height  due  to  isotropic 
morphology  for  x  <  40  nm.  Such  a  controllability 
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Fig.  I.  TEM  cross-sectional  images  of  a  stratifid  Si02  suspension  of  highly-ordered,  oriented  2-D  SNPs  {n  =  5)  (a).  Note  the 
well-defined  facet  morphologies  on  Si  islands  and  SNPs,  A  higher  magnification  of  a  160  A  SNP  (b).  (c)  Selective  area  diffraction  pattern 
of  the  SNP. 


Fig.  2.  Feature-size  distributions  taken  over  more  than  200 
SNPs  by  densitometry  of  a  TEM  cross-sectional  image.  Note 
that  the  height  ceiling  is  40  nm  as  indicated  by  the  arrow. 


distinguishes  the  LOI-MBE  from  dispersive  SNPs. 
In  the  latter,  feature  sizes  must  be  controlled  via 
particle  ripening  kinetics.  Thus  the  SNP  formation 
based  on  LOI-MBE  offers  a  better  control  of  par¬ 
ticle  dimensions  and  even  allows  for  a  layered  ge¬ 
ometry  [1-9]. 

Truncated  silhouettes  of  SNPs  projected  onto 
(110)  planes  as  seen  in  bright-held  image  of  Fig.  lb 
indicate  well-dehned  (111)  and  (10  0)  facets.  Such 
unusual  crystal  habits  are  more  clearly  identihed  in 
the  lattice  imaging  of  a  SNP  with  a  diameter  of 
150  A  as  shown  in  Fig.  3.  Note  the  SNP  has  been 
created  by  simultaneous  LOI-MBE.  The  {111} 
planes  at  a  separation  of  0.314  nm  are  seen.  Each 
SNP  retains  well  dehned  (1  0  0)  and  (1  1  1)  facets 
while  (1  1  0)  facets  are  apparently  missing,  although 
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Fie.  3.  A  higher  magnification  of  a  SNP  with  150  A  diameter.  Note  the  SNP  has  been  created  by  simultaneous  LOI-MBE. 
[Tl  l}-planes  as  welfas  (1  1  1),  (1  0  0)  equivalent  facets  are  identified.  The  (1  0  0)  facets  are  parallel  to  the  substrate-epitaxy  interface. 


the  [1  1  0]  habit  is  expected  for  the  thermodynamic 
morphology  of  Si  fine  particles  that  is  an  icositet- 
rahedron  with  (3  1  1)  and  (1  1  1)  facets  [13].  The 
different  crystal  habits  indicate  a  modified  forma¬ 
tion  energetics  for  LOTMBE-grown  SNPs.  In  ad¬ 
dition,  the  lognormal  distributions  suggest  that  the 
SNP  formation  involves  processes  analogous  to 
coalescence.  In  contrast,  standard  dispersive  SNP 
formation  is  believed  to  occur  through  migration 
and  crystallization  from  a  supersaturated  solution. 
However,  oxygen  migration  rather  than  Si  migra¬ 
tion  and  subsequent  oxidization  of  Si  are  likely  to 
control  the  SNP  formation. 

Importantly,  the  presence  of  (1  0  0)  facets  indi¬ 
cate  that  SNPs  and  Si  islands  retain  epitaxial  rela¬ 
tionship  with  Si(l  0  0)  substrate.  The  (1  0  0)  crystal 
habits  remain  coherent  throughout  the  SNPs  in 
support  of  the  highly-oriented  character  of  SNPs. 
In  addition,  Moire  fringes  are  seen  in  Fig^la.  These 
indicate  a  slight  rotation  of  (1  1  1)  and  (02  2)  planes 
about  [0  1  1]  by  a  few  degrees,  further  supporting 
the  oriented  SNPs  argument. 


The  visible  PL  bands  observed  at  room  temper¬ 
ature  have  provided  the  impetus  for  the  previous 
studies  on  SNPs  [1-9].  As  a  matter  of  fact,  red 
band  PL  and  blue-to-red  bands  were  observed 
from  the  islanded  and  SNPs,  respectively,  as  shown 
in  the  left  panel  of  Fig.  4.  A  HeCd  laser  was  used  as 
the  excitation.  The  red  PL  bands  is  centered  at 
6300  A  flanked  by  a  small  shoulder  at  5500  A,  while 
split  bands  are  observed  at  4500  A  and  7600  A  for 
SNPs.  There  is  clear  correspondence  between  the 
broad  band  features  for  n  =  3-5  except  the  4500  A 
(2.7  eV)  band  in  the  SNP  sample.  In  view  of  the  size 
distribution,  it  is  expected  that  the  4500  A-band  is 
a  signature  of  the  6300  A-band  blue-shifted  by 
quantum  confinement.  However,  the  PL  origins  of 
these  bands  have  not  been  fully  accounted  for. 
Visible  PL  bands  bear  a  close  similarity  to  the 
electroluminescence  spectra  taken  from  Si-enriched 
Si02  [14].  For  the  red  bands,  since  there  are  Si 
slabs  with  a  large  area,  the  Si/Si02  interface  state 
may  provide  a  radiative  pathway  for  n  =  3,  4.  For 
the  blue  emission  of  SNPs,  although  the  2.7  eV 


Y.  Ishikawa  et  al.  I  Journal  of  Crystal  Growth  1751176  (1997)  493  -498 


497 


Wavelength  (nm) 


800  700  600  500  400 


Fig.  4.  Left;  Room-temperature  visible  band  PL  spectra  of  Si/Si02  bilayer  stacks  of  n  =  3,4  and  highly  oriented  SNPs/Si02  (n  =  5). 
Right;  Low-temperature  near-infrared  PL  spectra  of  Si/SiO^  bilayer  stacks  of ;?  =  3,  4  and  highly  oriented  SNPs/Si02  (n  =  5). 


band  [15]  is  known  to  be  excited  by  two-photon 
absorption  process  when  the  ultraviolet  is  used,  the 
oxygen-defect-mediated  emission  is  unlikely.  Since 
the  SNPs  are  annealed  at  high  temperatures,  these 
defects  will  be  eventually  annealed  out.  However, 
impurity-mediated  recombination  is  not  ruled  out. 
Low-temperature  PL  was  taken  as  a  check  for 
optically  active  defect  states  as  shown  in  the  right 
panel.  However,  there  was  no  deep  level  bands 
observed  while  a  slight  modulation  of  the  spectra 
was  identified  around  1080-1 120  me V.  This  may 
have  correlation  with  the  development  of  visible 
bands  at  room  temperature.  Further  study  is  now 
in  progress  to  identify  the  PL  origins. 

4.  Summary 

In  summary,  a  stratified  suspension  of  highly- 
ordered,  highly  oriented  SNPs  in  Si02  was  created 
by  multiple  low-energy  oxygen  ion  implantation 
during  Si  MBE.  SNPs  hold  epitaxial  relationship 
with  underlying  Si(l  0  0)  substrate  while  exhibiting 
(1  1  1)-  and  (1  0  0)-  crystal  habits  as  confirmed  by 
TEM.  Visible  luminescence  bands  from  SNPs  were 
observed  at  room  temperature. 
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Abstract 

Several  types  of  buffer  layer  structures,  including  superlattice  and  step-graded  layers,  have  been  employed  to  reduce  the 
threading  dislocation  in  SiGe  epitaxial  layers.  A  new  technique,  using  a  0.1  pm  thick  Si  buffer  grown  at  450°C  by 
molecular  beam  epitaxy,  provides  the  best  results.  For  a  0.5  pm  thick  Sio.ss^^o.is  layer,  the  dislocation  density  is 
^  10^  cm“^.  Hall  measurements  indicate  an  improvement  in  the  hole  mobility  of  a  1  pm  thick  Boron  doped  Sio.yGco.s 
layer.  A  SiGe/Si  heterojunction  bipolar  transistor  has  been  fabricated  exploiting  the  low  temperature  Si  buffer. 
Transmission  electron  microscopy  of  the  structure  does  not  indicate  any  evidence  of  threading  dislocations. 

PACE:  68.55.Bd 

Keywords:  LT-Si  buffer;  Threading  dislocation  density;  TEM;  DLTS 


1.  Introduction 

SiGe/Si  heterostructures  offer  both  high  carrier 
mobilities  and  cutoff  times  for  both  field  effect  and 
bipolar  transistor  technologies  [1^].  One  of  the 
obstacles  to  the  production  of  defect-free  SiGe  epi¬ 
taxy  layers  is  the  generation  of  dislocations  caused 
by  strain  relaxation  at  the  substrate/epitaxy  layer 
interface.  Threading  dislocations  formed  in 
the  SiGe  layer  degrade  material  quality  resulting 
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in  poor  device  performance  [5,  6].  Several  authors 
have  proposed  a  variety  of  methods  for  re¬ 
ducing  the  number  of  threading  dislocations, 
including  superlattice  and  step-graded  layers 
[7-13].  However,  many  of  the  studies  resulted 
in  dislocation  densities  which  were  too  high 
for  high-performance  device  applications  (  ^  10^ 
cm"^).  Well  defined  lithography  would  not  be 
possible  for  such  structures  because  of  their  thick¬ 
ness.  Furthermore,  considerations  for  producing 
defect-free  high  Ge  composition  alloys  -  which, 
theoretically,  would  greatly  improve  the  carrier 
transport  properties  of  the  device  -  were  neglected 
[14]. 
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In  this  Study,  we  have  investigated  the  reduction 
of  threading  dislocations  in  high  Ge  composition 
alloys  using  several  strained  superlattice  (SPLS) 
and  step-graded  layer  structures.  We  have  also  in¬ 
vestigated  the  use  of  a  low  temperature  Si  (LT-Si) 
buffer,  which  dramatically  reduces  the  threading 
dislocation  density  in  SiGe/Si  heterostructures. 


2.  Experimental  procedure 

We  used  (1  0  0)-oriented,  p'^  Si  wafers  with  resis¬ 
tivities  of  0.005-0.02  Q  cm.  The  samples  were 
grown  by  gas-source  molecular  beam  epitaxy 
(MBE)  using  a  three-chamber  RIBER-32  system. 
Pure  Si2H6  was  maintained  at  a  constant  flow  rate 
of  14  seem  while  the  solid  Ge  source  temperature 
varied  between  1 140-1 250°C.  For  each  of  our  sam¬ 
ples,  an  initial  0.1  pm  thick  Si  buffer  was  grown  at 
700°C  to  minimize  defects  at  the  substrate/epilayer 
interface.  A  1  pm  thick  layer  of  Sio.4Geo.6  was  then 
grown  followed  by  single  ^or  multiple  20  period 
SPLS  regions  (50  A  Si/186  A  Sio. 25^60. 75)  ^^d  a  0.5 
pm  thick  Sio.4Geo.6  cap  layer,  each  at  570°C.  The 
average  lattice  constant  of  the  SLS  is  equal  to  that 
of  Sio.4Geo.6-  The  entire  heterostructure  is  un¬ 
doped.  For  comparison,  a  sample  consisting  of 
a  single  1  pm  Sio.4Geo.6  layer  on  a  0.1  pm  thick  Si 
buffer  layer  was  also  grown. 

For  our  LT-Si  study,  an  initial  0.1  pm  thick  Si 
buffer  was  grown  followed  by  a  0.1  pm  thick  LT-Si 
layer,  grown  at  450°C.  A  0.5  pm  thick  layer  of 
Sio.85Geo.15  was  then  grown  at  570°C.  For  com¬ 
parison,  a  sample  consisting  of  a  0.1  pm  thick  Si 
buffer  layer  followed  by  a  0.5  pm  thick  Sio.85Geo.15 
layer  was  also  grown.  Bright  field  cross-section 


(a) 


Fig.  1.  Bright  field  (2  0  0)  cross-section  TEM  image  of  0.5  |im 
thick  Sio.85Geo.15  grown  on  (0  0  1)  Si  (a)  without  and  (b)  with 
LT-Si  buffer. 


Table  1 

Threading  dislocation  spacing  and  density  measured  by  planed-view  and  cross-section  TEM 


Sample  description 

Dislocation  spacing  (cm) 

Dislocation  density  (cm 

Bulk  Sio.4  Gco.efcontrol) 

9.2x10“® 

1.83x10^^^ 

Structure  with  single  SLS 

2.0x10“' 

7.33  X  10® 

Structure  with  triple  SLS 

2.1x10“' 

6.42  X  10® 

Step-graded  heterostructure 

1.2x10“' 

8.13x10® 

Structure  without  LT-Si  buffer  layer 

- 

7.56  X  10® 

Structure  with  LT-Si  buffer  layer 

- 

<  10' 
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(2  0  0)  and  plan-view  (0  2  2)  transmission  electron 
microscopy  (TEM)  using  a  JEOL  2000-FX  micro¬ 
scope  was  used  for  dislocation  analysis.  High 
resolution  lattice  imaging  was  also  performed  using 
a  JEOL  4000-EX  microscope. 


3.  Results  and  discussion 

Cross-section  TEM  (XTEM)  micrographs  sug¬ 
gest  that  some  amount  of  dislocation  filtering  takes 
place  in  the  samples  with  the  SEES  structure. 


Fig.  2.  (a)  Bright  field  (0  2  2)  plan-view  TEM  image  of  0.5  pm  Sio.ssGco,  1 5  grown  on  LT-Si  buffer,  and  (b)  high  resolution  lattice  imaging 
of  LT-Si  buffer. 
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A  comparison  of  the  average  threading  dislocation 
density  and  spacing  for  the  different  types  of  sam¬ 
ples,  obtained  from  plan-view  imaging,  is  given  in 
Table  1.  While  some  reduction  in  the  threading 
dislocation  density  is  obtained  by  using  superlattice 
or  step-graded  buffer  layers,  it  is  still  too  high  for 
practical  applications  (10^  cm”^). 

XTEM  micrographs  of  heterostructures  without 
and  with  the  LT-Si  buffer  layer,  as  shown  in  Fig.  1 
and  Fig.  lb,  respectively,  reveal  that  most  or  all  of 
the  threading  dislocations  are  contained  below  the 
SiGe/LT-Si  interface.  This  indicates  that  the 
threading  dislocation  density  is  at  most  10^  cm"^ 
in  the  Sio.85Geo.15  layer.  In  the  sample  without  the 
LT-Si  buffer,  the  dislocations  propagate  into  the 
alloy  layer.  The  plan-view  TEM  image  of  the 
sample,  shown  in  Fig.  2a,  indicates  the  presence  of 
a  dislocation  network  at  the  SiGe/LT-Si  interface. 
Lattice  imaging  of  the  LT-Si  region  is  shown  in 
Fig.  2b.  Additionally,  we  have  grown  SiGe/Si 
HBTs  with  a  relaxed  1.1  pm  Sio.85Geo.15  collector 
region  on  an  LT-Si  buffer-layer.  There  is  no  evid¬ 
ence  of  dislocations  in  the  entire  active  region  of  the 
device.  The  1.1  pm  mismatched  layer  exceeds  the 
critical  thickness  of  0.4  pm  obtained  from  previous 
experimental  values  having  the  same  Ge  composi¬ 
tion  [15].  High  performance  n-channel  SiGe/Si 
field  effect  transistors,  exploiting  the  LT-Si  buffer 
layer,  are  currently  under  investigation  [16].  Both 
the  Sio.85Geo.15  layer  and  the  collector  region  of 
the  HBT  are  grown  at  normal  substrate  temper¬ 
atures  and  both  have  thicknesses  exceeding  the 
critical  thickness.  It  is,  therefore,  fair  to  assume  that 
the  alloy  layers  in  both  structures  are  relaxed,  al¬ 
though  it  was  not  confirmed  whether  they  are  com¬ 
pletely  relaxed.  The  TEM  micrographs  show  clear 
evidence  of  the  dislocations  being  trapped  in  the 
LT-Si  layer  or  being  bent  towards  the  substrate. 

Double-crystal  X-ray  diffraction  of  the 
Sio.85Geo.15  layer  indicate  a  reduction  in  the  width 
(FWHM)  of  the  rocking  curve  corresponding  to  the 
alloy  peak  from  450  arc  seconds  to  371  arc  seconds 
with  the  incorporation  of  the  LT-Si  buffer  layer. 
Hall  measurements  were  performed  at  room  tem¬ 
perature  on  1  pm  Sio.vGeo.s  layers  grown  with  and 
without  the  LT-Si  buffer  layer.  The  samples  were 
boron  doped  at  3.4  +  1.8  x  10^"^  cm“^.  Ohmic  con¬ 
tacts  were  made  from  indium  dots  annealed  at 


Fig.  3.  Current-voltage  characteristics  of  LT-Si  diode.  The 
diode  structure  is  shown  in  the  inset. 


Fig.  4.  DLTS  spectra  of  LT-Si  diode. 


400°C  for  10  min.  Hole  mobility  improved  from 
160  +  18  cm^  V“^  s"^  to  200  +  2.5  cm^  s”^ 
by  incorporating  the  LT-Si  buffer  layer.  Deep  level 
transient  spectroscopy  (DLTS)  measurements  were 
made  on  n‘^(Si)  -n" (LT-Si)  -p'*’(Si)  homojunction 
diodes  as  shown  in  Fig.  3.  The  LT-Si  layer  was 
grown  at  450°C  without  doping  and  the 
p'^(l  X  10^^  cm“^)  layer  was  grown  at  570''C.  Very 
weak  DLTS  signals  were  observed  as  shown  in 
Fig.  4,  signifying  a  very  low  density  of  deep  levels. 
We  estimate  that  the  peaks  correspond  to  traps 
with  densities  '--lO^^cm”^.  Accurate  measure¬ 
ments  could  not  be  made  for  several  rate  windows. 
The  trap  activation  energy,  Ej,  corresponding  to 
the  two  peaks  at  195  K  and  290  K  was  estimated 
from  the  empirical  relation,  Ej  =  23.7  kT.  Using 
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this  equation,  Ej  =  0.4  eV  and  0.6  eV  for  the  two 
levels  was  observed.  The  low  trap  density  is  ex¬ 
pected  in  undoped  epitaxial  Si. 

Several  authors  have  reported  the  reduction  of 
dislocation  densities  in  InAlAs/InP,  nitride  and 
SiGe  technologies  using  amorphous,  low-temper¬ 
ature,  and  polycrystalline  buffer  layers  [17-20]. 
The  mechanism  for  threading  dislocation  reduction 
using  LT-Si  buffer  layers  is  still  under  investigation. 
We  believe  the  LT-Si  layer  contains  a  large  number 
of  defects  because  of  the  low  temperature  growth. 
Any  dislocations  generated  from  strain  relaxation 
at  the  SiGe/Si  interface  are  released  in  the  LT-Si 
layer  and  become  trapped  at  the  defects. 


4.  Conclusions 

In  conclusion,  several  types  of  buffer  layers  have 
been  studied  to  reduce  the  threading  dislocation 
density  in  SiGe/Si  heterostructures.  A  thin  LT-Si 
buffer  layer  virtually  eliminates  any  threading  dis¬ 
locations  from  propagating  in  the  SiGe  epitaxy 
layer.  SiGe/Si  n-p-n  HBTs  have  been  grown  and 
fabricated  for  the  first  time  incorporating  the  LT-Si 
buffer  layers. 
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Hybrid  MBE  growth  and  mobility  limiting  factors  of  n-channel 
Si/SiGe  modulation-doped  systems 
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Abstract 

We  studied  a  novel  MBE  technique  for  growing  strained-Si  relaxed  Sio.8Geo.2  n-channel  modulation-doped  structures 
and  found  evidence  for  the  interface  roughness  scattering  in  this  system  for  the  first  time.  Combination  of  gas-source 
MBE  and  solid-source  MBE  provided  high  quality  modulation-doped  structures  with  mobility  of  50  000  cm s  and 
carrier  density  of  3  x  10^  Vcm^  at  25  K.  The  systematic  study  of  the  well-width  dependence  of  the  mobility  clarified  that 
the  mobility  is  determined  by  the  interface  roughness  when  the  thickness  is  in  the  range  of  10-50  A. 

PACS:  73.50;  73.61 

Keywords:  Si;  SiGe;  Modulation-doped  systems;  Regrowth;  Interface  roughness 


1.  Introduction 

Strained  silicon/relaxed  silicon-germanium 
(Si/SiGe)  heterostructures  are  attracting  a  great 
deal  of  interest  as  Si-based  novel  materials  used  for 
high-speed  u-channel  modulation-doped  (MOD) 
field-efifect  transistors  (FETs)  and  mobilities  up  to 
3000  cm^/V  s  at  room  temperature  [1]  and 
500000  cmVV  s  at  0.4  K  [2]  have  been  reported  so 
far.  For  growing  such  MOD  structures,  MBE  is 
widely  used  owing  to  its  high  controllability.  How¬ 
ever,  several  problems  are  pointed  out  with  respect 
to  the  integrity  of  structures  fabricated  by  MBE.  In 
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the  case  of  gas-source  MBE  (GSMBE)  which  gener¬ 
ally  provides  high  crystallinity,  the  memory  effect 
of  the  dopant  gas  causes  introduction  of  uninten¬ 
tional  ionized  impurities  into  the  channel,  resulting 
in  a  reduction  of  the  mobility.  On  the  other  hand, 
solid-source  MBE  (SSMBE)  possesses  high  doping 
controllability  but  provides  relatively  poor  crystal¬ 
linity,  and  the  Ge  and  dopant  atoms  are  known  to 
segregate  to  the  surface.  To  avoid  these  problems, 
we  propose  the  combination  of  these  two  MBE 
methods,  i.e.,  channel  regions  are  grown  by 
GSMBE  and  the  carrier  supply  layers  on  the  chan¬ 
nel  are  grown  by  SSMBE. 

In  addition,  although  the  well-known  “graded 
buffer”  technique  has  drastically  reduced  the  dislo¬ 
cation  density  [3],  the  measured  mobilities  are  still 
lower  than  expected  [4].  This  suggests  that  other 
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scattering  processes  rather  than  the  scattering  by 
threading  dislocations  dominate  the  mobility.  In 
particular,  interface-roughness  scattering  is 
thought  to  be  important  and  Gold  [5]  and  Monroe 
et  al.  [4]  calculated  mobilities  limited  by  this  scat¬ 
tering.  However,  experimental  evidence  of  this  ef¬ 
fect  has  not  been  reported  yet. 

In  the  first  part  of  the  present  paper,  the  combi¬ 
nation  of  GSMBE  and  SSMBE  is  demonstrated  to 
provide  high-quality  MOD  structures.  The  clean¬ 
ing  method  for  regrowth  and  formation  of  6-Sb 
doping  layers  are  discussed  in  particular.  In  the 
second  part,  the  influence  of  the  interface  roughness 
on  the  mobility  is  clarified  by  a  systematic  study  on 
the  well-width  dependence  of  the  mobility  of  the 
MOD  structures. 


2.  Experimental  procedures 

Schematic  structure  of  the  samples  is  shown  in 
Fig.  1.  Si  substrates  used  were  p-type,  (10  0)- 
oriented  5-10  cm  wafers.  After  cleaning  in 
H2SO4. :  H2O2  =  2:1  solution,  they  were  dipped 
in  2.5%-HF  solution  to  remove  the  oxide,  and 
introduced  immediately  into  the  GSMBE  chamber. 
1.1  |im-thick  graded  buffer  (Ge  content:  0^0.2), 
1  fim-thick  uniform  Sio.8Creo.2  buffer,  Si  channel 
and  200  A-thick  Sio.8Geo.2  spacer  layers  were  suc¬ 
cessively  grown.  Si2H6  and  GeH4  were  used  as  the 
source  gases.  The  buffer  layers  were  grown  at  740°C 
in  Sb  doping  experiments  and  at  620°C  in  the 


Si  cap  90 A 

SiGe  cap  lOOOA 

O.OOIML 
SiGe  spacer  200A 

Si  channel 

uniform  SiGe 
(20%,l.l^m) 

graded  SiGe 
(0— >-20%,l/xm) 
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Fig.  1.  Sample  structure  grown  for  the  present  study. 


mobility  experiments,  where  the  latter  gave  better 
surface  morphology.  Channel  and  spacer  layers 
were  grown  at  740°C  in  all  experiments. 

The  wafers  were  then  transferred  to  the  solid- 
source  MBE  through  the  air  within  5  min,  and  5-Sb 
supply  and  cap  layers  were  successively  grown.  The 
Sb  dose  ranged  from  1  to  10'^  ML.  In  the  mobility 
experiments  the  dose  was  set  at  10"^  ML  because, 
as  shown  later,  this  was  optimal.  The  emission 
current  of  the  electron  gun  (e-gun)  for  Si  evapor¬ 
ation  was  kept  constant  during  the  deposition  of 
the  5-doped  layer  and  the  substrate  was  always 
grounded.  The  cap  layers  were  grown  by  solid- 
phase  epitaxy  (SPE),  where  Sb  atoms  as  well  as 
Sio.8Creo.2  layers  were  deposited  at  room  temper¬ 
ature  and  then  annealed  at  600°C  for  10  min,  or 
grown  at  a  low  temperature  of  350°C  to  avoid  Sb 
segregation. 

3.  Regrowth  on  gas-source  MBE-grown 
SiosGeo  z  surfaces 

As  mentioned,  the  samples  prepared  for  this 
study  were  exposed  to  the  air  before  the  solid- 
source  growth.  If  the  surface  is  pure  silicon,  the 
following  regrowth  is  known  to  be  able  to  be  per¬ 
formed  without  significant  contaminations  since 
the  GSMBE-grown  Si  surface  is  passivated  by  hy¬ 
drogen  [6].  In  the  present  case,  however,  the  sur¬ 
face  is  Sio.8Geo.2»  and  hydrogen  passivation  has  not 
been  clarified  to  be  effective  like  the  case  of  pure  Si 
surfaces. 

Fig.  2a  shows  the  reflection  high-energy  electron 
diffraction  (RHEED)  pattern  of  an  “as-loaded” 
sample  into  the  SSMBE  chamber.  The  pattern  is 
streaky  1  x  1,  indicating  that  the  Sio.8Greo.2  surface 
is  contaminated. 

It  was  found,  however,  that  this  contamination 
can  be  easily  removed  by  a  simple  heat  treatment  at 
700°C  for  2  min  in  ultra-high-vacuum  (UHV)  as 
shown  in  Fig.  2b.  The  pattern  is  seen  to  change  to 
2x1  streaky  pattern  which  is  well  known  as  the 
reconstructed  clean  (10  0)  surface.  Once  this  pat¬ 
tern  appeared,  it  did  not  change  during  the  success¬ 
ive  growth.  According  to  this  result,  all  the  samples 
were  heated  at  700°C  for  15  min  in  the  following 
experiments. 


solid 

source 


gas 

source 
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Fig.  2.  RHEED  images  of  the  regrowth  surface,  (a)  the  pattern 
of  “as-loaded”  surface,  (b)  the  pattern  after  a  heating  treatment 
at  700  °C  for  2  min. 


Fig.  3  shows  the  6-Sb  dose  dependence  of  the 
mobility  and  the  carrier  density  measured  at  77  K, 
where  channel  width  was  fixed  at  200  A.  It  is  seen 
that  the  carrier  density  decreases  and  the  mobility 
increases  with  decreasing  Sb  dose.  When  the  e-gun 
is  on,  the  mobility  shows  the  highest  value  of 
~  ISOOOcm^V  s  around  10"^  ML,  but  the  elec¬ 
tron  gas  was  not  formed  below  10’^  ML. 

It  is  remarkable  in  this  figure  that  the  carrier 
density  with  e-gun  on  is  larger  than  that  of  the 
e-gun  off  case,  showing  that  the  e-gun  significantly 
affects  the  doping  efficiency  even  though  Si  is  not 
evaporated.  Delage  et  al.  observed  an  increase  of 
carrier  density  with  the  electron  irradiation  and 
indicated  that  the  molecule  cracking  effect  due  to 
the  electrons  enhanced  the  dopant  incorporation 
[7].  It  is  well  known  that  stray  electrons  are  irra¬ 
diated  on  the  growing  surface  even  if  the  Si  flux  is 


Fig.  3.  Sb  dose  dependence  of  the  mobility  and  carrier  density. 


shut  and,  therefore,  the  stray  electrons  may  en¬ 
hance  cracking  reaction  of  Sb4  molecules  and  in¬ 
crease  the  carrier  concentration. 


4.  Transport  properties:  influence  of  the 
interface  roughness 

The  temperature  dependence  of  the  mobility  of 
Sio.sGeo.a  structures  is  shown  in  Fig.  4,  where  5-Sb 
dose  is  fixed  at  the  optimal  value  of  0.001  ML  and 
the  channel  width,  fF,  was  varied  from  200  to  13  A, 
It  is  seen  that  the  mobility  decreases  with  decreas¬ 
ing  channel  width.  When  W  is  thicker  than  53  A, 
the  mobility  monotonically  increases  with  decreas¬ 
ing  temperature.  On  the  other  hand,  when  W  is 
thinner  than  40  A,  the  mobility  shows  a  peak  and 
then  decreases  with  decreasing  temperature. 

The  maximum  mobility  of  50  000  cm^/V  s  is  ob¬ 
tained  at  25  K  while  the  carrier  density  is  about 
3xl0^Vcni^5  indicating  that  the  growth  method 
employed  here  provides  high-quality  MOD  struc¬ 
tures. 

The  strong  dependence  of  the  mobility  on  the 
well  width  suggests  that  the  interface  roughness 
scattering  is  important  in  this  system.  In  order  to 
estimate  the  temperature  dependence  of  the  mobil¬ 
ity  limited  by  this  scattering,  calculations  were  per¬ 
formed  using  Matrix  element  deduced  by  Sakaki 
etal.  [8]  and  screening  factors  derived  by  Stern 
[9, 10]  and  Maldague  [11].  The  results  are  shown 
in  Fig.  5,  where  it  is  seen  that  the  calculation  well 
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Fig.  4.  Temperature  dependence  of  the  Hall  mobility. 


Fig.  5.  Measured  mobility  and  calculated  interface-roughness- 
limited  mobility  of  a  40  A  sample. 


reproduces  the  measured  data  at  low  temperatures. 
By  fitting  parameters  to  several  samples, vertical 
mean  roughness,  A,  and  lateral  correlation  length, 
A,  were  found  to  be  6. 5-8.0  and  120-130  A,  respec¬ 
tively.  These  parameters  are  different  from  Feenstra 
et  al.’s  recent  results  obtained  by  atomic  force 
microscope  (AFM)  [12].  This  may  be  due  to  the 
different  growth  condition  of  their  samples. 

It  should  be  noted  that  the  Hall  voltage  of  the 
samples  with  extremely  narrow  well  width  showed 
a  drastic  drop  and  large  fluctuation  at  low  temper¬ 
atures,  suggesting  that  the  electrons  are  localized 
in  this  temperature  range.  It  was  also  found  that  the 
conductivity  of  these  samples  follows  the 


dependence  rather  than  the  activation-type  temper¬ 
ature  dependence.  This  indicates  that  two-dimen¬ 
sional  variable  range  hopping  governs  the 
conduction  in  these  samples  with  extremely  thin 
channels. 


5.  Conclusion 

Strained  Si/relaxed  SiGe  modulation-doped 
structures  were  grown  by  “hybrid  MBE”,  namely, 
a  combination  of  gas-source  MBE  and  solid- 
source  MBE,  and  experimental  evidence  of  the 
interface  roughness  scattering  was  observed  for 
the  first  time.  This  novel  MBE  technique  provided 
samples  with  mobilities  up  to  50  000  cm^/V  s 
and  carrier  densities  of  ~  3  x  10^  at  25  K, 
which  indicates  that  this  method  is  extremely 
promising  to  fabricate  various  types  of  high- 
quality  SiGe/Si  heterostructures.  Systematic  study 
on  the  channel  width  dependence  of  the  electrical 
properties  revealed  that  the  mobility  of  this 
system  is  governed  by  the  surface  roughness 
when  the  channel  thickness  is  in  the  range  of 
10-50  A. 
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Abstract 

The  effects  of  hydrogen  on  the  growth  kinetics  of  Si{0  0  1)  during  gas-source  molecular-beam  epitaxy  from  disilane  are 
investigated  with  kinetic  Monte  Carlo  simulations.  The  growth  model  includes  the  surface  decomposition  of  disilane, 
which  requires  four  mobile  and  reactive  surface  species:  Si,  H,  SiH2  and  SiHs.  Based  on  recent  reflectance  anisotropy 
measurements,  the  desorption  of  hydrogen  is  presumed  to  occur  preferentially  from  step  edges.  Below  approximately 
400'"C  (where  the  model  allows  surface  reactions  to  occur)  the  accumulation  of  surface  hydrogen  is  found  to  prevent 
growth,  but  for  temperatures  above  600°C,  where  the  surface  lifetime  of  the  hydrogen  is  relatively  short,  we  find  no 
significant  differences  in  the  overall  growth  features  in  comparison  with  a  solid-source  (no  hydrogen)  growth  model  of 
Si(0  0  1).  At  intermediate  temperatures,  where  surface  hydrogen  atoms  are  present  but  do  not  prevent  growth,  we  find 
a  higher  density  of  smaller  islands  and  rougher  propagating  step  edges  in  comparison  with  those  of  the  solid-source 
model.  Anisotropic  morphological  features,  which  are  characteristic  signatures  in  the  solid-source  model,  are  suppressed 
by  the  surface  hydrogen  atoms  in  the  gas-source  model. 

PACS:  68.45.Da;  81.05.Cy;  81.10.Aj;  81.15.Hi 

Keywords:  Hydrogen;  Silicon  surface;  Growth  kinetics;  Monte  Carlo  simulation 


1.  Introduction 

The  growth  kinetics  of  silicon  during  gas-source 
molecular-beam  epitaxy  (GSMBE)  from  hydride 
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sources  such  as  silane  (SiH^  and  disilane  (Si2H6) 
are  considerably  more  complex  than  those  during 
solid-source  molecular-beam  epitaxy  (MBE)  be¬ 
cause  the  surface  chemical  reactions  produce  sev¬ 
eral  mobile  and  reactive  species,  including 
hydrogen  [1,  2].  Several  studies  have  addressed  the 
effect  of  surface  reactions  and  the  presence  of 
hydrogen  on  the  growth  rate  [1,  3-7],  but  there 
have  been  comparatively  few  investigations  of  the 
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surface  morphology  [5, 8, 9].  Most  studies  are 
based  on  reaction  sequences  that  release  silicon  and 
hydrogen  from  the  precursors,  but  exclude  surface 
migration  and  the  site-specific  interactions  that  are 
required  to  model  surface  morphology. 

In  this  paper  we  will  describe  a  new  kinetic 
Monte  Carlo  model  for  the  GSMBE  of  Si(0  0  1) 
that  includes  a  decomposition  pathway  of  disilane 
together  with  the  migration  and  reaction  kinetics  of 
the  pertinent  surface  species.  The  model  is  then 
applied  to  investigate  the  morphological  differences 
of  the  growing  surfaces  in  comparison  with  that  of 
a  solid-source  (no  hydrogen)  model  for  the  epitaxial 
growth  of  singular  and  vicinal  Si(0  0  1)  surfaces. 


2.  Kinectic  Monte  Carlo  model 

A  kinetic  Monte  Carlo  (KMC)  model  for  the 
growth  kinetics  of  Si(0  0  1)  during  GSMBE  from 
disilane  requires  a  reaction  sequence  which  releases 
the  Si  and  H  atoms  from  the  precursor.  In  some 
cases,  such  as  the  decomposition  pathways  of  dis¬ 
ilane,  more  than  one  mechanism  has  been  identified 
in  the  literature  [8]  and  more  than  one  mechanism 
might  be  important  in  the  overall  decomposition 
rate,  depending  on  the  growth  conditions.  In  our 
KMC  model,  we  have  assumed  one  primary  path¬ 


way  for  the  overall  reaction: 

Si2H6(gas)  +  2Si*  2SiH3,  (1) 

SiHs  4-  Si*  SiH2  +  H,  (2) 

2SiH2  -^H-Si-Si-H  +  H2T,  (3) 

2H-^2Si* +  H2T,  (4) 


where  Si*  denotes  a  Si-terminated  surface  site  and 
the  upward  arrow  denotes  desorbed  H2.  The 
growth  kinetics  are  modeled  with  the  four  species 
appearing  in  these  reactions  (Si,  H,  SiH2  and  SiHs) 
and  includes  the  reactions  (l)-(4),  the  anisotropic 
diffusion  of  each  species,  different  sticking  energies 
for  A  and  B  (single-atomic-height)  step  edges  [10], 
and  the  effects  of  dimerization. 

The  substrate  is  assumed  to  have  a  simple  cubic 
structure  with  neither  vacancies  nor  overhangs  (the 
solid-on-solid  criterion  [11]).  The  reaction  se¬ 
quence  above  is  implemented  as  follows.  Reaction 


(1):  Growth  is  initiated  by  the  random  adsorption 
of  Si2H6  at  a  rate  determined  by  the  flux.  Two 
adjacent  Si-terminated  sites  are  required  for  Si2H6 
to  adsorb  dissociatively  as  two  SiHs  fragments. 
Thus,  the  arrival  rate  at  a  given  Si-terminated  lat¬ 
tice  site  is  proportional  both  to  the  flux  and  the 
number  of  its  Si-terminated  nearest  neighbors.  Re¬ 
action  (2):  If  there  is  a  nearest-neighbor  Si-termin¬ 
ated  site,  the  SiHs  groups  instantaneously  [8] 
decompose  into  SiH2  and  H.  Reaction  (3):  Two 
nearest-neighbor  SiH2  groups  instantaneously 
transform  into  a  hydride  structure,  indicated  by 
H-Si-Si-H,  while  the  other  two  H  atoms  desorb  to 
the  gas  phase  (as  H2).  We  assume  that  this  hydride 
decomposes  instantaneously  into  Si  and  H,  so  that 
there  are  no  individual  mobile  monohydride  spe¬ 
cies  (SiH)  in  our  model. 

The  desorption  of  hydrogen  in  Reaction  (4)  is 
modelled  by  appealing  to  recent  reflectance  aniso¬ 
tropy  measurements  [12],  which  show  that  the 
desorption  kinetics  follow  a  zeroth-order  depend¬ 
ence  on  hydrogen  coverage,  in  contrast  to  the  wide¬ 
ly  2iCCQpiQ6.  first-order  dependence  obtained  mostly 
from  singular  (0  0  1)  surfaces.  The  zeroth-order  ki¬ 
netics  suggest  the  preferential  desorption  of  hydro¬ 
gen  from  pre-existing  sites,  in  this  case  step  edges, 
and  that  the  surface  diffusion  of  hydrogen  to  these 
sites  is  not  the  rate  limiting  step  of  the  desorption 
process  [13].  We  assume  that  the  H  atoms  located 
either  at  a  step  edge  or  at  a  nearest-neighbor  site  to 
a  H  atom  at  a  step  edge  stay  at  these  sites  and  form 
a  precursor  state  prior  to  desorption.  This  rule 
produces  an  effective  lateral  interaction  between 
H  and  Si  step  edges  (see  below).  We  have  used  an 
energy  barrier  for  molecular  desorption  from  this 
precursor  state  of  1.0  eV  [14]. 

The  reaction  scheme  (l)-(4)  must  be  supple¬ 
mented  by  the  migration  kinetics  of  the  surface 
species  produced  by  the  reactions.  The  migration  of 
each  surface  species  is  taken  as  a  nearest-neighbor 
hopping  process  whose  rate  is  given  by  k{T)  = 
/co  exp  (— EdAbT"),  where  ko  corresponds  to 
an  adatom  vibrational  frequency  {ko  =  2k^T/h), 
Ed  is  the  hopping  barrier,  T  is  the  substrate  tem¬ 
perature,  /cb  is  Boltzmann’s  constant,  and  h  is 
Planck’s  constant.  The  hopping  barrier  is  com¬ 
prised  of  a  term  from  the  substrate,  Es,  and  contri¬ 
butions  from  lateral  nearest  neighbors,  En||  and 
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Eni,  where  ||  and  1  indicate  the  directions  that  are 
parallel  and  perpendicular  to  dimer  rows  in  the 
same  layer,  respectively.  Hopping  is  permitted  only 
onto  Si-terminated  sites. 

For  the  surface  migration  of  atomic  H,  we  use 
values  of  £s  of  1-8  and  1.3  eV,  respectively,  for 
hopping  parallel  and  perpendicular  to  the  underly¬ 
ing  dimer  rows  [15].  However,  to  avoid  the  prolif¬ 
eration  of  parameters,  we  use  one  value  of  £§  for  Si, 
SiHa  and  SiH2,  which  we  take  to  be  that  for  Si, 
Es  =  1.0  eV  [16, 17],  although,  in  fact,  the  surface 
migration  of  the  radicals  is  generally  expected  to  be 
faster  than  adatoms  [18].  The  anisotropic  lateral 
interactions  between  migrating  Si  atoms  are  as¬ 
signed  the  values  =  0.5  eV  and  Eni  =  0.1  eV. 
There  is  no  lateral  interaction  between  individual 
H  and  Si  adatoms,  but  there  is  an  effective  lateral 
interaction  between  H  and  Si  step  edges,  as  de¬ 
scribed  above. 

The  effect  of  dimers  is  taken  into  account  with  an 
additional  barrier  energy  for  the  hopping  of  a  Si 
atom  which  is  initially  part  of  a  dimer.  The  value  of 
this  barrier  is  taken  as  Edimer  =  0.85  eV  and,  for 
simplicity,  the  alignment  of  dimer  rows  is  pre¬ 
scribed  by  an  odd-even  rule  similar  to  that  used  by 
Elswijk  et  al.  [19].  The  breaking  of  an  underlying  Si 
dimer  by  Si  adatoms  is  taken  into  account  by 
removing  the  contribution  of  Edimer  •  Thus,  the  total 
hopping  barrier  of  a  Si  adatom  is  given  by 
Ed  -  Es  +  «|[En||  +  niE^j.  +  Edimer,  where  ny  and 
n_i  denote  the  numbers  of  lateral  Si  neighbor  atoms 
parallel  and  perpendicular  to  dimer  rows  in  the 
same  layer,  respectively. 

The  simulations  reported  in  the  next  section  were 
carried  out  on  200  x  200  lattices  with  a  flux  of 
1  ML/s.  The  simulations  were  monitored  by  follow¬ 
ing  the  evolutions  of  the  step  density,  relative  do¬ 
main  coverage,  the  surface  coverage  of  each  surface 
species,  as  well  as  direct  imaging  of  the  surface 
morphology.  In  this  paper,  we  will  focus  only  on  the 
latter  two  indicators  and  reserve  a  more  detailed 
discussion  of  our  results  for  a  future  publication. 

3.  Results  and  discussion 

Fig.  1  shows  the  surface  coverages  of  each 
species  during  growth  at  400°C  together  with  the 


Fig.  1.  The  surface  coverages  of  each  species  during  growth  at 
400°  and  the  concentration  of  Si-terminated  sites  on  the  terrace 
and  at  the  step  edges,  with  both  of  the  latter  showing  the 
accumulation  of  hydrogen. 


concentration  of  Si-terminated  sites  on  the  terrace 
and  at  the  step  edges.  The  accumulation  of  SiH2 
and  SiHs  is  not  significant  at  this  temperature  nor 
even  over  the  temperature  range  300-600°C,  since 
the  model  requires  only  that  sites  be  available  for 
the  decomposition  to  occur.  The  reactions  can,  of 
course,  be  refined  to  include  a  temperature-depend¬ 
ence  in  the  decomposition  rate.  Fig.  1  indicates  that 
the  accumulation  of  hydrogen  on  the  surface  in¬ 
creases  with  time  until  all  terrace  and  step-edge 
sites  are  saturated,  which  prevents  further  growth. 
Thus,  in  this  temperature/flux  regime,  the  rate-lim¬ 
iting  step  for  surface  growth  is  the  desorption  of 
hydrogen,  as  expected. 

From  the  standpoint  of  understanding  the  effect 
of  hydrogen  kinetics  on  the  growth  of  Si(0  0  1),  the 
most  interesting  temperature  range  in  this  study  is 
500-600°C.  There  is  a  small  amount  of  hydrogen 
present  on  the  surface  but  growth  still  proceeds  in 
a  layer-by-layer  manner  (as  indicated  by  oscilla¬ 
tions  in  the  step  density).  The  morphologies  of 
singular  and  vicinal  surfaces  produced  by  our 
GSM  BE  model  are  shown  for  comparison  with 
those  produced  by  a  solid-source  MBE  model 
under  the  same  growth  conditions  in  Fig.  2.  We 
consider  the  singular  surfaces  first.  The  morpholo¬ 
gies  produced  by  the  solid-source  MBE  model  ex¬ 
hibit  the  usual  highly  anisotropic  islands  extending 
along  the  direction  of  the  dimer  row  [20,  21].  The 
corresponding  morphologies  produced  by  the 
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MBErsingular  surface 


MBE:  vicinal  surface 


GSMBErvicinal  surface 


Fig.  2.  Morphologies  of  surfaces  after  1  s  of  growth  at  550°C  on 
singular  and  vicinal  surfaces  with  the  GSMBE  and  solid-source 
MBE  models. 


MBE  morphology  and  that  the  anisotropy  of  the 
surface  features  has  again  been  reduced  by  the 
presence  of  the  hydrogen.  Thus,  one  of  the  main 
effects  of  the  hydrogen  is  again  seen  to  be  preferen¬ 
tial  adsorption  at  step  edges.  This  inhibits  the 
propagation  of  steps  by  reducing  the  attachment  of 
migrating  Si  atoms,  which  therefore  increases  the  Si 
adatom  concentration  on  the  terraces. 

To  examine  these  conclusions  in  more  detail,  we 
performed  additional  simulations  in  which  hydro¬ 
gen  atoms  were  in  turn  placed  selectively  at  A  and 
B  steps.  At  a  temperature  of  550°C  no  distinguish¬ 
able  differences  were  found  between  the  morpho¬ 
logies  obtained  with  this  procedure  and  those  ob¬ 
tained  with  the  GSMBE  model.  At  lower  temper¬ 
atures,  the  density  of  islands  was  increased  in  both 
cases,  but  with  the  hydrogens  reducing  the  attach¬ 
ment  rate  of  Si  at  B  steps,  the  anisotropy  of  the 
islands  was  correspondingly  reduced.  Thus,  in  light 
of  the  experiments  of  Vasek  et  al.  [9],  we  conclude 
that  the  site-blocking  at  B  step  edges  is  one  impor¬ 
tant  effect  of  hydrogen  on  the  morphology  of 
Si(0  0  1)  during  GSMBE  from  silane  or  disilane. 


GSMBE  model  are  different  from  these  in  two 
important  respects:  there  is  a  larger  number  of 
smaller  clusters  and  these  clusters  are  not  as  aniso¬ 
tropic  as  in  the  solid-source  MBE  morphology. 
Both  of  these  features  are  in  qualitative  agreement 
with  the  scanning  tunnelling  microscopy  measure¬ 
ments  of  Vasek  et  al.  [9].  We  conclude  from  these 
morphologies  that  one  important  effect  of  the  hy¬ 
drogen  is  to  block  the  growth  front,  i.e.,  the  B-type 
step  edges,  which  thereby  increases  the  adatom 
density  on  the  terraces  which,  in  turn  increases  the 
likelihood  of  additional  islands  forming. 

The  morphology  produced  by  the  solid-source 
MBE  model  for  vicinal  Si(0  0  1)  shows  the  charac¬ 
teristic  alternation  between  roughness  and  smooth¬ 
ness  of  the  step  edges  due  to  the  alternating  dimer 
orientation  at  these  step  edges  [10].  This  has 
a  marked  effect  on  the  growth  of  the  surface,  with 
growth  occuring  preferentially  at  B  steps  [20,21], 
and  suggests  that  the  attachment  rate  is  larger  in 
the  direction  perpendicular  to  the  dimer  bond  axis 
[22].  Comparing  this  morphology  with  that  pro¬ 
duced  by  the  GSMBE  model  shows  that  both  types 
of  step  edges  are  rougher  than  in  the  solid-source 
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Abstract 

Si/Si02  superlattices  were  grown  by  MBD  using  in  situ  oxidation  by  RF-plasma  source.  Room  temperature 
photoluminescence  (PL)  was  observed  in  the  spectral  range  1.9-2.3  eV.  PL  spectra  show  blueshifts  due  to  the  quantum 
confinement  of  the  energy  states  in  ultrathin  silicon  layers. 

PACS:  68.65.  +  g;  78.66Jg 

Keywords:  Si;  Si02;  MBE;  Superlattices;  Photoluminescence 


Silicon-based,  light-emitting  devices  (LEDs)  are 
very  attractive  for  optoelectronic  applications.  For 
example,  the  integration  of  silicon  LEDs  with  sili¬ 
con  microelectronics  could  lead  to  reliable  and 
inexpensive  optical  displays  and  optical  intercon¬ 
nections.  Until  recently,  however,  it  has  not  been 
possible  to  obtain  efficient  room-temperature 
luminescence  from  silicon.  The  discovery  of  the 
bright  luminescence  from  electrochemically  etched 
porous  silicon  [1]  has  increased  research  efforts 
aimed  at  fabricating  efficient  silicon-based  LEDs. 
Because  the  emission  wavelength  does  not  show  the 
size  dependence  typical  of  quantum  confinement, 
the  most  recent  model  for  this  luminescence 
supposes  the  existence  of  oxygen-related  surface 


*  Corresponding  author.  Fax:  +358  0  460  224;  e-mail:  nov- 
ikov@elfys4.hut.fi. 


localized  defects  which  take  part  in  the  light  emis¬ 
sion  [2].  Recently,  the  luminescence  from  Si/Si02 
superlattices,  grown  by  ex  situ  oxidation  of  thin  Si 
layers,  was  reported  [3].  In  this  case  a  strong  de¬ 
pendence  of  the  band  gap  and  the  emission 
wavelength  on  the  Si  layer  thickness  was  observed, 
indicating  the  quantum  confinement  effect  in  this 
structure.  However  ex  situ  oxidation  does  not  take 
full  advantage  of  MBDs  capability  for  ultra-clean 
processing,  due  to  the  possible  contamination  of 
the  surface  during  the  exposure  of  the  sample  to  the 
atmosphere.  Here  we  report  the  fabrication  of  fully 
in  situ  molecular-beam  deposition  (MBD)  grown 
Si/Si02  superlattices,  which  have  luminescence  in 
the  visible  range.  Using  in  situ  RF-plasma  source  for 
oxidation  allows  one  to  eliminate  the  waiting  time 
for  loading  the  wafers  into  the  deposition  chamber 
after  ex  situ  oxidation.  It  also  offers  more  precisely 
controlled  conditions  for  the  oxide  growth. 
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A  modified  VG  Semicon  V80M  molecular  beam 
epitaxy  (MBE)  system  is  used  for  the  growth  of  the 
Si/Si02  superlattices.  A  plasma  activated  gas  cell 
(Oxford  Applied  Research  MPD-21)  is  used  as  the 
oxygen  source.  One-fourth  of  the  76  mm  diameter 
(1  0  0)-oriented  silicon  wafer  is  cleaned  using  Si 
beam-assisted  thermal  desorbtion  of  the  native 
Si02  layer  after  standard  chemical  treatment  [4]. 
This  cleaning  procedure  allows  one  to  obtain  a  very 
smooth  surface.  The  surface  roughness  as  measured 
by  atomic  force  microscopy  (AFM)  is  less  than 
2  nm  at  1  pm  scan.  The  Si  surface  is  oxidized  at 
room  temperature.  Oxygen  mass  flow  rate  during 
the  oxidation  is  4.0  seem  which  roughly  corres¬ 
ponds  to  a  pressure  of  3  x  mbar  inside  the 
growth  chamber.  Typical  power  input  to  the  RF- 
coil  is  260  W.  The  growth  time  is  10  min  which 
results  in  a  Si02  thickness  of  1,0  nm.  Amorphous 
silicon  layers,  of  thickness  ranging  from  1.5  to 
6.0  nm,  are  deposited  at  room  temperature  with 
a  growth  rate  of  0.07  nm/s.  Part  of  the  samples  are 
grown  with  an  additional  flux  of  H-atoms  during 
the  Si  deposition  for  passivation  of  dangling  bonds 
in  amorphous  silicon.  This  flux  is  generated  by  the 
RF-plasma  source  with  a  typical  H2  flow  rate 
5.0  seem  and  RF-power  input  of  400  W.  The  sam¬ 
ples  for  transmission  measurements  are  grown  on 
the  fused  silica  substrate.  The  samples  have  been 
characterized  using  ellipsometry,  RHEED,  trans¬ 
mission  electron  microscopy  (TEM),  AFM,  X-ray 
diffraction  (XRD),  photoluminescence  (PL)  and 
transmission  spectroscopy. 

The  cross-sectional  TEM  image  using  Jeol  2010 
200  kV  microscope  taken  of  a  six-period  Si/Si02 
superlattice  with  Si  layer  thickness  4  nm  and  Si02 
thickness  1.0  nm  is  shown  in  Fig.  1.  The  Si  and 
Si02  layers  are  white  and  dark  regions,  respective¬ 
ly.  The  layers  are  smooth  and  uniform  in  their 
thickness.  The  interface  between  Si  and  Si02  is 
abrupt. 

The  optical  band  gap  is  determined  from  optical 
absorption  a{hv)  data  using  the  extrapolation  of 
{ahvY^^  from  hv  to  zero-ordinate  i.e.  the  constant-u 
form  of  the  Tauc  law  [5]: 

(anhvY^^  =  const.(/iv  —  Eg).  (1) 

In  Fig.  2  the  absorption  spectra  in  (a^v)^^^  —  hv 
coordinates  are  shown.  According  to  Ref.  [3],  the 


Fig.  1.  Cross-sectional  bright  field  transmission  electron  micro¬ 
graph  of  the  superlattice  which  consists  of  6  Si  layers  (dark 
bands)  and  7  Si02  layers  (light  bands). 


energy  gap  E  for  one-dimensionally  (ID)  confined 
Si  is  given  by 

£(eV)=  1.60  +  0.72^^”^  (2) 

where  d  is  the  amorphous  silicon  layer  thickness  in 
nm.  However,  the  absorption  edge  position  for 
samples  grown  on  fused  silica  substrates.  (Figs.  2 
and  3  )  is  in  good  agreement  with  the  formula 

£(eV)  =  1.12 +  0.72  (3) 

The  value  of  the  band  gap  energy  (1.12  eV)  in  this 
case  corresponds  to  crystalline  silicon.  So  probably 
we  have  polycrystalline  or  nanocrystalline  silicon 
layers  in  the  superlattice,  although  XRD  and 
RHEED  show  diffuse  halo  image,  which  is  typical 
of  the  amorphous  film.  TEM  image  with  atomic 
resolution  (Fig.  4)  also  does  not  show  any  crystal¬ 
line  particles  inside  silicon  films. 

The  room  temperature  PL  spectra  of  superlatti¬ 
ces  are  measured  using  the  488  nm  (2.5  eV)  line  of 
argon  laser  excitation,  a  double  monochromator 
and  a  photomultiplier.  The  PL  peak  energy  posi¬ 
tion  in  our  case  is  considerably  higher  than  those 
reported  in  Ref.  [3]  (Fig.  3).  An  additional  differ¬ 
ence  from  Ref.  [3]  is  that  we  have  found  a  broad  PL 
peak  at  650  nm  (1,9  eV)  in  the  thickness  range 
d  =  3-6  nm  (Fig.  5).  This  exceeds  the  value  of 
1.60  eV  reported  in  Ref.  [3]  for  thick  amorphous 
silicon  films.  For  thickness  more  than  3.0  nm, 
according  to  Eq.  (2)  the  influence  of  quantum 


energy  (eV.) 
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Fig.  2.  Absorption  spectra  of  the  Si/Si02  superlattices  grown  on  the  fused  silica  substrate  with  different  thickness  of  a-Si  layers  (the 
thickness  is  shown  on  the  insert).  The  thickness  of  Si02  layers  is  1  nm. 


confinement  on  the  peak  energy  is  very  weak.  The 
intensity  of  PL  depends  on  the  total  Si  thickness  in 
the  superlattice.  Thus,  in  this  case,  the  luminescence 
is  a  property  of  the  silicon  layer.  The  increase  of  the 
luminescence  energy  to  1.9  eV  could  be  explained 
by  oxygen  related  defects.  Our  samples  in  difference 
from  [3]  may  have  a  higher  oxygen  content  in  the 
silicon  layers  because  the  silicon  growth  and  the 
oxidation  were  carried  out  in  the  same  chamber 
with  a  30-60  min  waiting  between  oxidation  and  Si 
growth.  In  porous  silicon  it  was  reported  [2,  6]  that 
oxygen  related  defects  such  as  non-bridging  oxygen 

◄— - - - 

Fig.  3.  The  photoluminescence  peak  energy  (squares)  and  ab¬ 
sorption  edge  energy  (triangles)  in  Si/Si02  superlattices  as 
a  function  of  Si  layer  thickness.  The  solid  and  dashed  lines  are 
the  fits  obtained  by  effective  mass  theory  with  £g  =  1.6  and 
1.12  eV,  respectively. 
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hole  centers  (NBOHC)  are  the  main  source  of  the 
PL.  Two  forms  of  NBOHC  exist  in  porous  Si.  The 
first  form  is  stabilized  by  hydroxyls,  such  as 
Si-0‘  •  •  •  H-O  and  has  been  shown  to  red-shift 


Fig.  4.  High  resolution  transmission  electron  micrograph  of  the 
a-Si/Si02  superlattice  on  c-Si  substrate. 


with  decreasing  hydrogen  content.  The  second 
NBOHC  is  Si-O’  form.  It  has  no  wavelength  shift 
due  to  hydrogen.  Because  the  spectral  position  of 
the  PL  peak  from  our  samples  grown  under  a  flux 
of  H-atoms  does  not  change,  we  can  expect  these 
centers  to  be  of  Si-0‘  form  [5].  In  the  silicon  layer 
thickness  range  1-2  nm  the  luminescence  peaks  are 
more  narrow  and  blue-shifting  up  to  530  nm 
(2.3  eV)  as  shown  in  Fig.  5.  The  peak  energy  shift  is 
consistent  with  Eq.  (2).  Thus,  we  are  observing 
quantum  confinement  of  the  energy  states.  The  PL 
peaks  have  a  long  wavelength  tail  in  the  range 
600-700  nm.  It  shows  that  the  luminescence  from 
defects  is  still  existing,  but  its  intensity  reduced 
because  the  total  Si  thickness  in  this  case  is  low. 

In  conclusion,  the  room  temperature  PL  in  the 
range  540-650  nm  was  observed  from  the  Si/Si02 
superlattices  grown  using  in  situ  oxidation.  The 
oxygen-related  defects  in  silicon  is  the  main  cause 
for  PL  from  superlattices  with  silicon  thickness 


wavelength  (nm.) 


Fig.  5.  Photoluminescence  (PL)  spectra  of  the  Si/Si02  siiperlattices  with  different  thickness  of  a-Si  layers  (the  thickness  is  shown  in  the 
insert).  The  thickness  of  Si02  layers  is  1  nm. 
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more  than  2.0  nm.  In  the  Si  layer  thickness  range 
1-2  nm  the  luminescence  arises  from  the  quantum 
confined  energy  states  in  the  ultrathin  silicon 
layers. 
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Abstract 

Photoluminescence  (PL)  study  on  lateral  bandgap  modulation  in  a  Sii-.;(Ge^/Si  quantum  well  induced  by  self- 
assembled  Ge  islands  which  act  as  stressors  is  carried  out.  It  is  confirmed  that  excitons  are  confined  in  the  modulated 
quantum  structure  (MQS)  in  compressively  strained  regions  induced  by  the  Ge  islands.  Redshift  of  PL  peaks  from  MQSs 
does  not  show  a  monotonic  change  but  complicated  behavior,  i.e.,  it  increases  up  to  2  =  3.7  ML  and  saturates  above 
2  =  4.1  ML  after  once  retrogressing  with  the  increase  in  the  Ge  coverage.  The  results  are  explained  in  terms  of  elastic 
deformation  due  to  Ge  stressors  and  lattice  relaxation  in  the  Ge  islands. 

PACS:  78.55.Ap;  68.65.  -H  g 

Keywords:  SiGe;  Photoluminescence;  Self-assembled  islands;  Lateral  bandgap  modulation;  Stressor 


1.  Introduction 

In  SiGe/Si  heterostructures,  which  are  now  being 
extensivly  studied  aiming  at  making  a  break¬ 
through  in  the  present  Si  technology  [1],  strain 
resulting  from  the  difference  in  the  lattice  constant 
between  epilayers  and  substrates  plays  an  impor¬ 
tant  role.  Quantum  well  (QW)  and  superlattice 
structures  involving  coherent  strain  are  known  to 
add  strain-related  effects  to  material  properties  [2]. 


*  Corresponding  author. 


On  the  other  hand,  Ge  islands  on  Si  substrates 
resulting  from  Stranski-Krastanov  (SK)  growth 
are  indispensably  associated  with  incoherent  strain, 
i.e.,  an  inhomogeneous  strain  distribution  [3,  4] 
which  brings  about  different  effects  from  those  of 
uniform  strain.  The  inhomogeneous  strain  distribu¬ 
tion  generates  lateral  band  gap  modulation  when 
Ge-rich  islands  are  formed  on  Si  substrates  with 
buried  QW  structures  [5].  The  lateral  band  gap 
modulation  realizes  low-dimensional  structures 
[6],  and  makes  it  possible  to  tailor  the  band  struc¬ 
ture. 

In  this  paper,  we  report  a  photoluminescence 
(PL)  study  on  the  lateral  confinement  structures 
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induced  by  self-assembled  Ge  islands  which  act  as 
stressors  on  an  underlying  Sii-^^Ge^/Si  QW.  The 
Ge  layers  are  known  to  initially  grow  layer  by  layer 
and  then  grow  in  three-dimensional  mode  leading 
to  the  formation  of  the  self-assembled  islands  as  Ge 
coverage  increases  [3,  7].  This  growth  process  de¬ 
serves  to  attract  much  interest  as  a  method  to 
fabricate  effective  stressors.  Therefore,  we  have 
studied  how  stressor  effects  appear  at  the  change¬ 
over  of  the  growth  mode  and  proceed  with  the 
increase  of  the  coverage.  One  of  the  noteworthy 
results  is  that  the  redshift  of  PL  peaks  due  to 
stressors  does  not  show  a  monotonous  increase 
but  an  anomalous  behavior  as  Ge  coverage 
increases. 


2.  Experimental  procedure 

Samples  were  grown  by  gas  source  molecular 
beam  epitaxy  (Daido  Hoxan  VCE-S2020)  on 
(1  0  0)-oriented  p-type  Si  wafers  with  resistivity  of 
5-10  O  cm.  Disilane  and  germane  were  supplied  as 
source  materials.  The  Si  wafers  were  loaded  into 
a  chamber  after  dipping  in  2.5%  diluted  HF  for 
about  30  s,  and  were  heated  at  850°C  for  10  min  to 
desorb  hydrogen  as  well  as  the  remaining  oxide.  At 
first,  a  4000  A  Si  buffer  was  grown,  followed  by 
a  34  A  strained  Sio.82Creo.i8  QW  at  740°C.  Next, 
a  Si  spacer  of  300  A  and  a  Ge  top  layer  were  grown 
at  700°C.  The  Ge  coverage,  Q,  was  varied  in  the 
range  from  2  to  15  ML.  Surface  morphology  of  the 
Ge  layers  was  examined  by  atomic  force  micro¬ 
scopy  (AFM).  The  low-temperature  PL  spectra 
were  measured  in  a  standard  lock-in  configuration. 
An  Ar"^  laser  with  514.5  nm  wavelength  for  the 
excitation  and  a  liquid-nitrogen-cooled  Ge  detector 
for  the  detection  were  used.  Time-resolved  PL  was 
measured  in  time-correlated  photon  counting 
mode  with  a  photomultiplier. 


3.  Results  and  discussion 

Fig.  1  shows  the  PL  spectra  of  samples  with  Ge 
coverage  of  Q  =  3.3  ML  and  without  Ge,  Q  = 
0  ML,  under  low  excitation  intensity.  The  sample 
with  Q  =  3.3  ML  is  seen  to  give  rise  to  new  peaks  as 


Fig.  1,  PL  spectra  of  samples  with  3.3  ML  of  Ge  coverage  and 
without  Ge.  Solid  arrows  indicate  new  peaks  from  modulated 
quantum  structures  induced  by  the  Ge  islands. 

indicated  by  solid  arrows  at  around  1048  and 
990  meV.  We  can  readily  identify  the  new  peaks  as 
no  phonon  (NP)  transition  and  transverse-optical 
phonon  (TO)  replica  which  are  redshifted  from  the 
corresponding  peaks  of  the  coherently  strained 
Sio.82Geo.i8  QW  [8].  This  shift  is  caused  by 
modulated  quantum  structures  (MQSs),  i.e.,  strain- 
induced  lateral  confinement  structures  in  the  QW 
due  to  the  Ge  islands.  The  new  peaks  are  not 
observed  up  to  3.0  ML  but  seen  to  abruptly  set  in 
from  3.3  ML.  That  is,  the  appearance  of  the  new 
peaks  means  that  the  Ge  islands  are  formed  and  the 
changeover  of  growth  mode  occurred  at  this  cover¬ 
age. 

Fig.  2  displays  the  surface  morphology  images  of 
Ge  layers  observed  by  AFM.  The  Ge  islands  are 
observed  from  Q  =  3.3  ML,  which  just  agree  with 
the  result  of  PL  measurements.  The  images  are 
2x2  pm^  in  size,  and  it  is  seen  that  the  density  of 
the  islands  increases  as  Q  increases.  The  size  of  the 
Ge  islands  is  roughly  100-200  nm  in  diameter  and 
20-30  nm  in  height,  according  to  AFM  measure¬ 
ment. 

Fig.  3  shows  the  PL  spectra  as  a  parameter  of  Ge 
coverage.  We  can  see  that  the  peaks  from  quantum 
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4.1  MLS  14.8  MLs 

Fig.  2.  AFM  images  of  the  surface  morphology  of  Ge  layer  at 
various  Ge  coverage.  The  images  are  2  x  2  pm^  in  size. 
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Fig.  3.  Shift  of  the  PL  peaks  with  the  increase  of  the  Ge  cover¬ 
age.  At  3.3  ML  of  Ge  coverage  the  peaks  begin  to  redshift.  The 
redshift  increases  upto  3.7  ML,  however,  at  4.1  ML  returns  to 
higher  energy  side  and  remains  constant. 


structures  (QW  or  MQSs),  i.e.,  NP  and  TO  peaks, 
are  almost  constant  for  Q  ^  3.0  ML.  At  3.3  ML  the 
peaks  are  observed  to  be  abruptly  redshifted  and 
the  redshift  increases  up  to  about  17  meV  at 
3.7  ML.  However,  above  4.1  ML  the  redshift  is  seen 
to  decrease  to  about  12  meV  and  to  be  constant  in 
spite  of  the  increase  of  Q.  The  redshift  of  the  peak 
energies  well  correlates  with  the  Ge  island  forma¬ 
tion  and  the  changeover  of  growth  mode  of  Ge  on 
Si  from  two-dimensional  to  three-dimensional  is 
seen  to  set  in  at  3.3  ML.  This  result  is  very  close  to 
the  result  of  the  growth  mode  changeover  observed 
by  the  measurement  of  PL  from  the  Ge  islands  itself 
in  Ref.  [7]. 

At  the  early  stage  of  the  Ge  growth  on  Si,  Ge 
grows  layer  by  layer  and  the  layer  becomes  com- 
pressively  strained.  At  about  3.3  ML  coverage, 
strain  relaxation  in  the  Ge  layer  is  considered  to 
occur  by  forming  Ge  islands  without  introducing 
misfit  dislocations.  This  causes  elastic  deformation 
in  the  Ge  islands  as  well  as  in  the  underlying  struc¬ 
tures  [3].  In  the  underlying  structures,  i.e.,  in  the  Si 
spacer  and  the  SiGe  QW,  the  elastic  deformation 
generates  local  tensile  strain  under  the  center  part 
of  islands  and  local  compressive  strain  under  the 
vicinity  of  the  edge  part  of  the  islands. 

Under  the  center  part  of  islands,  the  amount  of 
the  compressive  built-in  strain  of  the  QW  is  de¬ 
creased  by  being  compensated  by  the  tensile  in¬ 
duced-strain,  while  the  Si  spacer  and  buffer  without 
built-in  strain  are  deformed  by  the  tensile  induced- 
stress.  In  this  case,  the  band  line-up  of  the  SiGe/Si 
QW  should  be  type  II  according  to  the  calculation 
in  order  to  radiate  the  NP  line  at  lower  energies 
than  the  samples  without  Ge  layers  [9].  On  the 
other  hand,  under  the  vicinity  of  the  edge  part  of 
the  islands,  the  compressive  built-in  strain  of  the 
SiGe  QW  is  enhanced  and  the  Si  spacer  and  buffer 
receive  the  compressive  strain.  Then  the  band  line¬ 
up  is  to  be  type  I  to  redshift  the  NP  peak  energy.  In 
order  to  clarify  which  part  actually  gives  rise  to 
lateral  confinement  effects,  we  applied  external 
stress  to  the  QW  sample  without  any  Ge  layers.  As 
shown  in  Fig.  4,  for  the  compressive  external  stress, 
all  PL  peaks  of  the  QW  were  observed  to  be  red- 
shifted,  whereas  for  the  tensile  external  stress  they 
were  observed  to  be  blueshifted.  Thus,  the  redshift 
of  our  samples  are  regarded  as  coming  from  the 
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Fig.  4.  PL  spectra  of  the  SiGe/Si  QW  under  external  stresses. 
The  peaks  are  seen  to  be  redshifted  when  the  external  stress  is 
compressive,  while  they  are  blueshifted  when  the  external  stress 
is  tensile. 

compressive  strained  underlying  layer.  That  is, 
a  potential  valley  of  the  MQS  is  formed  under  the 
vicinity  of  the  edge  part  of  the  island  like  a  dough¬ 
nut-shape,  which  differs  from  the  case  of  other 
materials  [10,  11].  In  order  to  quantitatively  esti¬ 
mate  the  energy  shift,  more  information  of  island 
shape  and  dimensions  is  necessary. 

Fig.  5  shows  transient  change  of  the  NP  peak 
intensities  of  the  QW  and  the  MQS.  The  intensity 
of  the  MQS  decays  more  slowly  than  that  of  the 
QW,  although  the  MQS  is  considered  to  have 
lower  dimensionality  than  the  QW.  This  suggests 
that  the  life  time  is  determined  by  the  non-radiative 
recombination  process  and  that  exciton  localiza¬ 
tion  is  enhanced  in  the  MQS.  Localization  may 
prevent  carriers  from  being  captured  into  non-radi¬ 
ative  centers  [12,  13].  Further  studies  are  needed  to 
clarify  the  dimensionality  of  the  MQS. 

The  redshift  is  enhanced  by  the  increase  of  the 
induced-strain  up  to  3.7  ML.  When  Q  is  increased 
from  3.7  to  4.1  ML,  the  redshift  is  seen  to  decrease 
abruptly.  One  of  the  possible  explanations  of  this 
decrease  is  the  interaction  between  the  Ge  islands. 
Although  induced-strain  of  a  single  island  itself  is 


Time  (sec) 


Fig.  5.  Luminescence  intensity  decay  profiles  of  the  NP  peaks  of 
the  QW  and  the  MQS.  The  letter,  t,  means  the  decaying  time 
constant  of  the  luminescence  intensity. 

considered  to  increase  with  increasing  Q,  when  the 
distance  between  the  islands  is  shortened  due  to  the 
increase  of  the  number  of  islands,  the  interaction 
may  take  place  and  the  induced  strain  is  compen¬ 
sated  by  each  other.  This  may  result  in  the  decrease 
of  the  redshift.  For  the  constancy  of  the  redshift 
above  4.1  ML,  the  saturation  of  the  lattice  relax¬ 
ation  of  the  Ge  islands  is  considered  to  be  respon¬ 
sible  and  the  partially  relaxed  lattice  constant  may 
maintain  up  to  2  =  14.8  ML. 

However,  the  strain  interaction  between  Ge  is¬ 
lands  is  very  complicated  and  does  not  seem  to  fully 
explain  the  observed  tendency.  The  behavior  rather 
suggests  such  a  phase  change  as  the  change  in  Ge 
island  shape  or  other  natures  of  the  islands.  Misfit 
dislocations,  however,  are  not  responsible  here,  be¬ 
cause  no  dislocation  related  peaks  are  observed 
and  the  luminescence  efficiency  does  not  decrease. 
To  clarify  the  reason,  more  detailed  studies  are 
necessary. 


We  have  systematically  investigated  the  strain 
effects  induced  by  self-assembled  Ge  islands  grown 


4.  Conclusions 


E.S.  Kim  et  al.  /  Journal  of  Crystal  Growth  I75I176  (1997)  519-523 


523 


on  strained  SiGe/Si  quantum  well  (QW)  as  a  func¬ 
tion  of  the  Ge  coverage.  It  was  confirmed  that  the 
Ge  islands  act  as  stressors  on  SiGe/Si  QW  and  that 
the  redshift  of  PL  peaks  originates  from  the 
modulated  quantum  structures  (MQSs)  formed  in 
the  compressively  strained  region  under  the  vicinity 
of  the  edge  part  of  the  Ge  islands.  The  redshift, 
reflecting  the  strain  effects,  showed  a  complicated 
behavior,  that  is,  it  increases  up  to  Q  =  3.7  ML  and 
saturates  above  Q  =  4.1  ML  after  once  restoring. 
Full  understanding  of  the  strain  effects  induced  by 
Ge  island  stressors  and  the  definition  of  the  dimen¬ 
sionality  of  the  MQS  need  further  investigations  for 
practical  applications. 
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Abstract 

It  is  found  that  the  SiGe  alloy  self-organizes  into  uniform  quantum  dots  embedded  in  the  Si  layer  during  the  growth  of 
a  strained  SiGe/Si  superlattices  on  a  Si(0  0  1)  substrate  by  molecular  beam  epitaxy.  The  energy  of  photoluminescence 
from  the  quantum  dots  is  higher  than  that  of  the  indirect  band  gap  of  Si,  and  the  luminescence  intensity  of  the  quantum 
dots  exceeds  that  of  a  quantum  well  by  three  orders  of  magnitude. 


1.  Introduction 

There  has  been  an  enormous  amount  of  work 
aimed  at  the  realization  of  optical  elements  exploit¬ 
ing  strained  SiGe/Si  quantum  wells  [1-3].  Despite 
these  extensive  eflforts,  Si-based  optics  has  yet  re¬ 
mained  an  exclusive  goal.  It  has  been  proposed  that 
zone-folding  effects  might  create  a  quasidirect  band 
gap  in  short-period  Si/Ge  atomic-layer  superlatti¬ 
ces,  leading  to  the  possibility  of  efficient  radiative 
recombination  [4, 5].  The  reported  PL  spectra 
from  such  structures  are  very  controversial,  how¬ 
ever  [6].  The  quantum  dots  can  be  defined  by  using 
high-resolution  lithography  combined  with  dry 
etching  [7],  leading  to  a  higher  luminescence  yield. 
Unfortunately,  these  procedures  inevitably  result 
in  a  deterioration  of  the  crystal  quality.  Recent 
reports  of  self-organized  formation  of  quantum 
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wires  and  disk  semiconductor  structures  [8, 9] 
have  attracted  considerable  interest  as  a  means  of 
overcoming  these  difficulties.  Moreover,  with  the 
optimization  of  growth  conditions,  their  size  may 
be  well  controlled  into  the  quantum  region.  The 
most  well-known  example  is  the  Stranski-Kras- 
tanov  (SK)  growth  of  InGaAs  on  GaAs  [10, 11]. 
These  3D  islands  are  known  to  have  quantum  dot 
characteristics  with  unique  optical  properties.  The 
strained  SiGe/Si  system,  which  is  expected  to  play 
an  important  role  in  monolithic  integration  of  Si- 
based  optoelectronic  devices,  is  another  prominent 
example  of  SK-class  growth  [12-14].  The  structure 
of  the  vertical  self-organization  of  SiGe  quantum 
dots  is  investigated  by  several  researchers  [15-17]. 
Photoluminescence  (PL)  from  SiGe  islands  has 
been  observed  recently  by  several  authors.  In  this 
article,  we  report  that  SiGe  self-organized  quantum 
dots  can  be  formed  when  Si/Ge  short-period  super¬ 
lattices  are  grown  on  Si  substrates  by  molecular 
beam  epitaxy.  We  also  found  strong  photolumines¬ 
cence  at  an  energy  higher  than  the  band  gap  of  Si. 
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The  intensity  is  two  orders  of  magnitude  higher 
than  that  of  a  SiGe/Si  quantum  well. 

2.  Experiment 

The  structures  were  grown  on  Si(0  0  1)  substrates 
in  a  VG  Semicon  Y80S  MBE  system  and  were 
investigated  by  reflection  high-energy  electron  dif¬ 
fraction  (RHEED)  in  situ.  The  growth  rates  were 
0.06  nm/s  for  the  Si  layers  and  0.04  nm/s  for  Ge 
layers.  The  growth  procedure  of  the  sample  was  as 
follows:  a  200  nm  Si  buffer  layer  was  grown  at 
800°C,  followed  by  one,  two  and  five  periods  of 
Si(8  ML)/Ge(4  ML)  superlattice  for  samples  A, 
B  and  C,  respectively,  grown  at  a  temperature  of 
800°C,  and  concluded  by  a  100  nm  Si  cap  layer 
grown  at  800°C.  The  growth  interruption  time  be¬ 
tween  each  layer  was  20  s. 

Specimens  were  prepared  for  both  planar-view 
and  cross-sectional  TEM  by  mechanically  thinning 
the  specimen  to  about  20  pm,  followed  by  ion  mill¬ 
ing  to  electron  transparency.  The  TEM  observa¬ 
tions  were  made  by  H-9000AF  at  300  kV. 

3.  Structure  and  photoluminescence 
of  SiGe  quantum  dots 

From  RHEED  investigations,  we  found  that  the 
diffraction  lines  in  the  RHEED  pattern  become 
a  little  wider  at  the  end  of  the  first  Ge  layer  growth, 
which  indicates  the  formation  of  small  coherent 
islands,  and  then  become  finer  during  the  next 
Si-layer  deposition.  During  the  subsequent  Si/Ge 
superlattice  growth,  the  diffraction  lines  become 
wider  gradually  and  sharp  facet  diffraction  lines 
begin  to  appear.  This  implies  the  coherent  islands 
of  Ge  become  larger. 

The  planar-view  TEM  image  for  sample  C, 
shown  in  Fig.  la,  reveals  an  array  of  well-ordered 
dots  on  the  (0  0  1)  plane.  The  size  of  the  dots  is 
about  100  nm,  and  the  separation  between  two  dots 
is  about  100  nm.  The  alignment  of  the  dots  suggests 
a  strong  positional  correlation  during  the  forma¬ 
tion  process.  The  formation  and  composition  of  the 
dots  is  clarified  by  the  (0  0  4)  dark  field  image  of  the 
cross-section  of  sample  C  shown  in  Fig.  lb,  which 


Fig.  1.  (a)  Planar- view  bright  field  TEM  image  of  sample  C. 
(b)  The  {0  0  4)  dark  field  image  of  the  cross-section  of  sample  C. 


is  composed  of  SiGe  islands  with  a  diameter  of 
100  nm,  embedded  in  a  Si  matrix  with  a  thickness 
of  about  20  nm.  The  height  of  our  quantum  dots  is 
much  greater  than  that  of  others  reported  before. 

Fig.  2  shows  the  photoluminescence  (PL)  spec¬ 
trum  of  sample  C  at  80  and  300  K.  For  excitation 
the  blue  (488  nm)  line  of  an  Ar^  laser  was  used  with 
an  excitation  power  of  lOmW.  It  is  interesting 
to  find  that  only  one  PL  peak  appears  at  the 
wavelength  around  1  pm  for  both  samples  at  80  K. 
The  peak  position  is  at  995  nm  and  corresponds  to 
the  energy  1.24  eV,  which  is  higher  than  the  indirect 
band  gap  (1.15  eV  at  80  K)  of  Si.  By  increasing  the 
temperature  from  80  to  300  K,  the  photolumines¬ 
cence  peak  due  to  the  quantum  dots  shifts  to 
a  lower  energy,  and  as  expected,  the  intensity  de¬ 
creases  by  two  orders  of  magnititude.  We  also 
found  that  the  PL  intensity  of  the  quantum  dots  is 
two  orders  of  magnitude  higher  than  that  of 
SiGe/Si  quantum  wells  at  80  K.  Taking  into  ac¬ 
count  the  filling  factor,  i.e.,  the  coverage  of  the 
SiGe  containing  the  quantum  dot  structures,  the 
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Fig.  2.  (a)  and  (b):  80  K  and  room-temperature  (300  K)  photo¬ 
luminescence  of  the  sample  C,  respectively. 


luminescence  of  dots  seems  to  exceed  that  of  the 
quantum  well  by  more  than  three  orders  of  magni¬ 
tude.  From  these  photoluminescence  measurement 
results,  we  confirm  that  the  PL  peak  from  the 
quantum  dots  is  the  NP  peak  and  the  TO  peak 
from  quantum  dots  cannot  be  seen. 


4.  Band  gap  conversion  in  SiGe  system 

Fig.  3  shows  the  photoluminescence  (PL)  spec¬ 
trum  of  quantum  dots  at  80  K.  There  are  three  peaks 
in  PL  spectrum  from  sample  A,  shown  in  Fig,  3a: 
one  is  the  transverse-optical  (TO)  phonon  peak 
with  the  energy  of  1.09  eV  from  the  Si  substrate, 


Wavelength(nm) 


Fig.  3.  (a)  and  (b):  80  K  photoluminescence  of  samples  A  and  B, 
respectively. 
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the  other  is  no-phonon  (NP)  assisted  peak  with 
the  energy  of  0.95  eV  from  the  Ge  quantum  well, 
the  third  one  is  the  TO  peak  from  the  Ge  quantum 
well.  The  results  agree  with  a  previous  report  [12]. 
The  photoluminescence  is  from  the  indirect  band 
gap  of  the  Ge  quantum  well.  There  are  two  peaks 
from  the  sample  B,  shown  in  Fig.  3b.  It  is  interest¬ 
ing  to  find  that  the  NP  peak  increases  from  0.95  to 
1.21  eV,  where  the  TO  peak  disappears.  It  should 
be  noted  that  the  energy  of  the  peak  from  SiGe 
layer  is  higher  than  the  indirect  band  gap  (1.15  eV 
at  80  K)  of  Si.  We  also  found  that  the  PL  intensity 
of  quantum  dots  is  twice  that  of  the  quantum  well 
in  sample  A.  Only  one  PL  peak  from  quantum  dots 
can  be  seen  from  sample  C,  and  the  TO  peak  from 
Si  disappears  (shown  in  Fig.  2a).  We  also  found 
that  the  PL  intensity  from  sample  C  is  two  orders  of 
magnitude  higher  than  that  of  Ge/Si  quantum 
wells,  suggesting  very  efficient  light  emission  from 
the  quantum  dots. 


5.  Conclusions 

It  is  found  that  the  SiGe  alloy  self-organizes  into 
uniform  quantum  dots  embedded  in  the  Si  layer 
during  the  growth  of  a  strained  Si/Ge  short  period 
superlattice  on  a  Si(0  0  1)  substrate  by  molecular 
beam  epitaxy.  Transmission  electron  microscopy 
was  used  to  confirm  the  existence  of  the  quantum 
dots  and  to  estimate  its  spatial  distribution.  The 
size  of  the  dots  is  about  100  nm,  the  height  is  about 
20  nm,  and  the  separation  between  them  is  about 
100  nm.  The  energy  of  photoluminescence  from  the 
quantum  dots  is  higher  than  that  of  the  indirect 
band  gap  of  Si,  and  the  luminescence  intensity  of 


the  quantum  dots  exceeds  that  of  a  quantum  well 
by  three  orders  of  magnitude.  The  band  gap  con¬ 
version  in  SiGe  system  is  confirmed  by  the  photo¬ 
luminescence  measurements. 
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Abstract 

An  n-type  3C-SiC  MBE  layer  is  grown  on  an  ofif-oriented  p-type  6H-SiC  substrate  with  alternating  supply  of  gas 
sources  at  a  growth  temperature  of  1 1 00°C.  The  crystalline  quality  of  the  3C-SiC  layer  is  characterized  by  high  resolution 
transmission  electron  microscopy  and  the  electrical  properties  of  this  layer  are  investigated  by  a  series  of  analytical 
techniques  (current-voltage  measurement,  capacitance-voltage  measurement,  deep  level  transient  spectroscopy). 

PACS:  68.55.Bd;  81.15.Ef;  73.61.Le 


1.  Introduction 

Silicon  carbide  is  a  promising  wide  band  gap 
semiconductor  and  crystallizes  in  varios  polytypes. 
Cubic  3C-  and  hexagonal  4H-  and  bH-SiC  are 
favored  when  used  in  combination  with  electronic 
devices.  However,  the  mechanisms  for  the  selection 
of  a  specific  SiC  polytype  during  growth  is  not 
understood  yet,  although  there  exist  some  recipes 
how  to  grow  a  particular  polytype  from  the  vapor 
phase  [1].  The  MBE  technique  is  an  appropriate 
tool  to  study  the  formation  of  polytypes,  as  it  pro¬ 
vides  a  defined  control  of  the  growth  parameters. 
Several  authors  have  already  described  the  depo- 
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sition  of  SiC  layers  by  MBE  [2,  3].  In  this  paper,  we 
report  on  the  growth  of  a  3C-SiC  layer  on  a  6H-SiC 
substrate  and  on  the  analysis  of  its  structural  and 
electrical  properties. 


2.  MBE  process 

For  the  MBE  growth,  we  used  an  Al-doped 
6H-SiC  (0  0  0  1)  substrate  (CREE)  with  an  off-axis 
orientation  of  3.5°  towards  (112  0).  The  A1  concen¬ 
tration  in  the  substrate  is  determined  by  the 
capacitance-voltage  technique  to  be  equal  to 
(6  ±  1)  X  10^^  cm Prior  to  the  MBE  process,  the 
substrates  were  polished  with  diamond  paste  (min¬ 
imum  grain  size  of  0.25  pm)  and  oxidized  in  dry 
oxygen  at  1120°C  for  36  h  to  clean  the  surface.  The 
oxide  was  etched  off  with  HF. 
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Fig.  1.  Growth  parameters  used  for  the  investigated  3C-SiC  MBE  layer.  The  temperature  of  the  injector,  valve  states  of  the  injector  and 
gas  fluxes  are  schematically  sketched  as  a  function  of  growth  time. 


The  SiC  layer  was  grown  using  gas  sources  with 
an  alternating  supply  of  silane  SiH4  and  acetylene 
C2H2.  The  substrate  temperature  was  kept  at 
1100°C  during  growth.  The  gas  injector  carrying 
both  matrix  gases  was  set  to  400°C.  Fig.  1  shows 
the  temperature  and  gas  flow  program  of  the  MBE 
growth.  The  growth  procedure  consists  of  several 
steps  (see  Fig.  1).  First  the  substrate  and  injector 
temperature  are  increased  to  800°C  and  400°C, 
respectively.  At  800°C  both  matrix  gases  are 
switched  from  vent  mode,  where  the  flux  is  stabil¬ 
ized,  to  run  mode.  In  a  final  step,  the  substrate 
temperature  is  ramped  up  to  the  growth  temper¬ 
ature  of  1100°C.  After  10  min  of  temperature  stabil¬ 
ization  under  gas  flow  the  alternate  supply  of  the 
matrix  gases  starts.  Each  cycle  consists  of  a  30  s 
SiH4  supply  with  C2H2  switched  off  followed  by 
a  30  s  C2H2  supply  with  SiH4  switched  off  (see 
Fig.  1).  After  1440  cycles  (  =  24  h  growth  time)  both 
gases  stay  switched  on  and  the  substrate  temper¬ 
ature  is  ramped  down  to  600°C. 

No  growth  was  observed  supplying  both  matrix 
gases  simultaneously,  whereas  the  alternate  supply 
of  the  gases  showed  a  growth  rate  of  3.6  SiC  double 
layers  per  cycle.  In  order  to  achieve  a  film  thickness 


of  at  least  1  micron,  which  is  necessary  for  electrical 
measurements,  we  chose  a  growth  period  of  1440 
cycles. 

3.  High  resolution  transmission  electron 
microscopy  (HRTEM) 

HRTEM  investigations  were  performed  to  char¬ 
acterize  the  crystalline  quality  and  to  identify  the 
polytype  of  the  grown  epitaxial  layer.  We  used 
a  Philips  CM  300  UT,  operated  at  300  kV  (point  to 
point  resolution  of  1.72  A).  The  cross  sectional 
specimen  were  prepared  by  conventional  mechan¬ 
ical  grinding  and  dimpling,  followed  by  ion  milling 
with  Ar^  to  electron  transparency  in  a  Gatan  duo- 
mill  (operated  at  4  kV,  1  mA,  13°  incidence,  nitro¬ 
gen  cooling  stage).  The  high  resolution  micrograph 
in  Fig.  2  proves  that  the  grown  epilayer  consists  of 
the  3C  polytype.  A  sharp  transition  can  be  ob¬ 
served  between  the  6H  polytype  of  the  substrate  to 
the  3C  polytype  of  the  epilayer.  The  3C  polytype, 
however,  is  twinned;  the  frames  indicate  regions  in 
twin  orientation  with  the  arrows  marking  the  twin 
boundary  in  between.  An  analysis  of  the  diffraction 
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Fig.  2.  High  resolution  transmission  electron  micrograph 
(HRTEM)  of  a  3C-SiC  MBE  layer  grown  on  an  Al-doped 
6H-SiC  substrate.  The  substrate  surface  is  3.5°  off-axis  oriented. 
The  arrow  and  white  frames  mark  a  twin. 


10^^ 

CO 

I  10“ 

1 10’® 

§  10’® 
c 

8  10”'^ 

0  1000  2000  3000  4000 

depth  (nm) 


"  *  «  1  » 
p 

,  ,  I  ,  , . , 

r 

C,  Si  signal  1 

r 

1 

r 

-i 

r 

_ 

:  _  1150  nm 

p  type  substrate  : 

_  layer  thickness 

^  ' 

1 - Al  sensitivity  limit 

,  1  I  1  1  >  ■  I  ■  1  1  1  ■  1 

Fig.  3.  Si,  C  and  Al  SIMS  profiles  of  the  3C-SiC  MBE  layer 
grown  on  an  Al-doped  6H-SiC  substrate.  The  Al  level  in  the 
epitaxial  layer  is  given  by  the  ^^Al  sensitivity  limit  of  the  SIMS 
system.  The  thickness  of  the  MBE-grown  layer  is  obtained  from 
the  increase  of  the  ^"^Al  concentration. 


pattern  shows  that  the  incident  beam  is  parallel  to 
the  (1  T  2  0)  zone  axis  in  the  6H  poly  type  and  to  the 
(1  1  1)  zone  axis  in  the  3C  polytype,  respectively. 
Due  to  the  fact  that  the  6H  polytype  is  not  con¬ 
tinued  into  the  epilayer,  we  assume  that  the  surface 
mobility  of  adatoms  is  low  and  a  two  dimensional 
nucleation  takes  place  on  the  terraces. 

4.  Secondary  ion  mass  spectroscopy  (SIMS) 

The  thickness  of  the  layer  was  determined  by 
secondary  ion  mass  spectroscopy  (SIMS)  using  an 
ATOMIKA  A-DIDA  3000  instrument.  Fig.  3  de¬ 
picts  the  C,  Si  and  Al  depth  profiles  obtained  with 
a  12  keV  O2  primary  ion  beam  and  a  beam  current 
of  500  nA  resulting  in  a  sputter  rate  of  33  nm/min. 
The  Si  and  C  signal  serve  as  a  reference.  The 
low  ^^Al  level  in  the  MBE  layer  represents  the 
sensitivity  limit  of  the  SIMS  system;  the  real  con¬ 
centration  of  ^^Al  is  probably  much  lower. 
The  increase  of  the  Al  concentration  at  a  depth  of 
approximately  1.15  pm  indicates  the  transition 
from  the  MBE  layer  to  the  substrate.  Thus  the 
thickness  of  the  MBE  layer  determined  from  the 
^“^Al  profile  is  (1.15  ±  0.1)  pm  and  agrees  within  the 
error  bar  with  the  value  of  (1.29  +  0.05)  pm  deter¬ 
mined  with  a  surface  step  profiler  at  the  edge  of  the 


sample,  where  it  was  clamped  during  the  growth 
process. 

5.  Electrical  characterization 

The  3C-SiC  MBE  layer  was  characterized 
by  means  of  current-voltage  (I-V)  and  capa¬ 
citance-voltage  measurements  (C-F)  as  well  as  by 
deep  level  transient  spectroscopy  (DLTS).  We  pre¬ 
pared  ohmic  contacts  (0  =  0.3  mm)  by  evaporating 
Al  onto  the  layer  surface  and  heating  the  sample  to 
950°C.  Schottky  contacts  (0  =  0.4  mm)  were  fab¬ 
ricated  by  depositing  nickel.  I-V  and  C-F  charac¬ 
teristics  indicate  n-type  conductivity  of  the  3C-SiC 
MBE  layer  with  a  net  donor  concentration  of 
(2  +  1)  X  10^^  cm"^.  We  assume  that  nitrogen, 
which  acts  as  a  shallow  donor  in  silicon  carbide,  is 
the  prevailing  impurity  in  our  epitaxial  layer. 

DLTS  measurements  were  conducted  in  the  tem¬ 
perature  range  from  150-700  K  applying  a  reverse 
bias  of  —  7  V,  a  filling  pulse  bias  of  —  1  V  and 
a  filling  pulse  width  of  30  ms.  The  DLTS  system 
used  is  described  in  [4].  The  measured  DLTS  spec¬ 
trum  is  displayed  in  Fig.  4;  it  consists  of  two  peaks 
labeled  T1  and  T2.  The  ionization  energies  AE(Tl), 
A£(T2),  electrical  capture  cross  sections  a(Tl), 
o'(T2)  and  concentrations  N(T1),  N(T2)  obtained 
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Table  1 

Concentration  N,  ionization  energy  and  capture  cross-section  a  of  levels  TI  and  T2  as  obtained  from  an  Arrhenius  plot  are  listed. 
The  temperature  dependence  of  the  capture  cross-section  is  assumed  to  be  either  o  a:  ov  a  ccT~^ 


JV 

AE  (meV) 

(7  (cm  ^) 

(TOCT^ 

a  ccT  ^ 

o-ocT® 

a  ccT  ^ 

Tl 

5.2  +  0.7 

680  +  7 

750  +  7 

(8.9  +  1.2)  X  10" 

(6.6+  1.2)  X  10“^^ 

T2 

1.7 +  0.4 

895  +  16 

988  +  16 

(4.3  +  1.4)  X  10"'^ 

(3.2+  1.4)  X  10"^® 

Fig.  4.  DLTS  spectra  of  the  3C-SiC  MBE  layer.  Two  deep  levels 
Tl,  T2  are  observed;  the  trap  parameters  are  summarized  in 
Table  1. 


from  an  Arrhenius  plot  analysis  are  listed  in 
Table  1.  Because  of  the  fact  that  the  temperature 
dependence  of  the  capture  cross  section  is  not 
known,  we  assumed  the  following  two  cases  for  the 
evaluation  of  AE  and  a:  ffozT°  (multi-phonon 
capture)  or  a  ocT^^  (cascade  capture  process). 

At  the  present  stage,  the  chemical  nature  and 
microscopic  structure  of  the  Tl  and  T2  defects  are 
not  known.  In  order  to  decide  whether  Tl  and  T2 
are  donor-  or  acceptor-like,  we  conducted  double 
correlated  DLTS  (DDLTS)  measurements.  It  turns 
out  that  the  ionization  energy  A£(T1)  decreases 


with  increasing  applied  electric  field  indicating  that 
center  Tl  acts  as  a  donor.  The  peak  height  of  level 
T2  is  too  small  to  get  any  reliable  information  from 
a  DDLTS  analysis. 


6.  Summary 

An  n-type  3C-SiC  MBE  layer  was  grown  on 
a  p-type  6H-SiC  substrate  at  a  growth  temperature 
of  r  =  1100°C  by  using  alternating  gas  supply 
(SiH4,  C2H2).  The  growth  rate  was  50nm/h.  In 
order  to  achieve  step  controlled  growth,  it  seems 
that  the  growth  temperature  has  to  be  above 
1100°C.  Double  positioning  boundaries  are  ob¬ 
served  in  the  MBE  layer.  DLTS  spectra  reveal  two 
deep  levels. 
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Abstract 

Beryllium  chalcogenides  are  semiconductors  with  a  large  band  gap.  They  have  a  higher-degree  of  covalent  bonding 
than  all  of  the  other  II-VI  compounds.  The  bond  energies  of  BeTe,  BeSe  and  BeS  are  comparable  to  those  of  GaN.  Due 
to  their  band  gaps  and  their  lattice  constants  they  can  be  incorporated  in  quaternary  mixed  crystals  which  are  lattice 
matched  to  GaAs.  The  hardness  of  II-VI  materials  containing  beryllium  offers  new  possibilities  to  enlarge  the  lifetime  of 
laser  diodes,  emitting  in  the  green  and  blue  spectral  range.  First  light-emitting  diodes  (LEDs)  with  beryllium  as 
a  constituent  have  been  produced  on  GaAs  substrates  by  molecular  beam  epitaxy  (MBE).  Double  heterostructure  devices 
were  realized  with  quantum  wells  either  of  BeZnSeTe,  ZnSe  or  BeZnSe.  Special  ohmic  contacts  consisting  of  BeTe-ZnSe 
graded  superlattices  were  employed.  Although  for  the  first  devices  the  growth  conditions  were  not  optimized,  the  lifetime 
at  typical  operating  currents  was  very  promising. 

Keywords:  Be-chalcogenides;  Laser  diode;  Light  emitting  diodes 


1.  Introduction 

Since  the  first  demonstration  of  blue-green-emit¬ 
ting  lasers  on  the  basis  of  ZnSe  by  Haase  et  al.  [1], 
rapid  progress  has  been  made  in  the  improvement 
of  the  devices.  The  first  lasers  allowed  only  opera¬ 
tion  at  77  K  and  had  a  rather  short  lifetime.  How¬ 
ever,  DC  operation  at  room  temperature  was 
achieved  soon  and  the  lifetime  steadily  increased  to 
more  than  100  h  [2]. 
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A  similar  development  occurred  with  the  GaAs 
lasers  before  their  lifetime  exceeded  10000  h.  The 
first  devices  were  simple  diodes  with  excessive  thre¬ 
shold  current  densities  [3],  The  introduction  of  the 
heterostructure  principle  by  Kroemer  [4]  marked 
a  significant  progress  and  the  first  DC  operation 
was  achieved  in  1980  by  Alferov  et  al.  [5]  and  by 
Hayashi  et  al.  [6].  It  took  several  years  to  get 
lifetimes  which  allowed  technical  applications.  It 
was  soon  recognized  that  the  origin  of  the  degrada¬ 
tion  was  nonradiative  recombination  at  dark  line 
defects.  A  similar  situation  holds  for  the  ZnSe- 
based  lasers  at  present.  It  has  become  clear  that 
nonradiative  recombination  at  defects  in  the  active 
zone  is  limiting  the  lifetime.  Systematic  efforts  to 
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reduce  the  density  of  extended  defects  led  to 
a  steady  increase  of  the  lifetime.  However,  the  situ¬ 
ation  for  ZnSe-based  lasers  differs  somewhat  from 
that  in  GaAs,  because  the  II-VI  devices  usually  are 
grown  by  heteroepitaxy  on  GaAs  substrates.  It 
became  clear  that  stacking  faults  existing  at  the 
interface  GaAs-ZnSe  have  a  tendency  to  grow  dur¬ 
ing  operation  and  that  an  increase  in  dislocation 
and  stacking  fault  density  is  eventually  limiting  the 
active  life  of  a  ZnSe  laser  diode.  The  density  of 
defects  at  the  interface  also  depends  on  the  disloca¬ 
tion  density  of  the  GaAs  substrate.  The  increase  in 
lifetime  of  ZnSe  lasers  from  a  few  seconds  to  more 
than  100  h  resulted  mainly  from  the  use  of  substra¬ 
tes  with  a  dislocation  density  of  less  than  10^  cm“^ 
and  an  optimized  growth  start  of  the  subsequent 
ZnSe  layers.  If  dark  line  defects  were  the  only 
reason  of  degradation,  a  very  substantial  increase 
of  the  lifetime  had  to  be  expected  at  such  low 
dislocation  densities.  It  turned  out  however,  that 
the  lifetime  did  not  increase  according  to  the  expec¬ 
tations  [7].  Consequently,  other  defects  or  defect 
complexes  had  to  be  invoked. 

In  this  situation,  we  were  looking  for  another 
approach.  It  is  well-known  that  due  to  the  ionicity 
of  the  chemical  bond  in  II-VI  semiconductors, 
these  materials  are  relatively  soft  compared  to  ma¬ 
terials  with  covalent  bonds  like  silicon.  Employing 
II-VI  compounds  with  a  larger  percentage  of 
covalent  bonding  than  ZnSe  should  result  in  harder 
materials  and  a  reduced  mobility  of  extended  de¬ 
fects.  Recently,  Verie  has  checked  the  possibility  of 
using  harder  wide  gap  II-VI  materials  for  optoelec¬ 
tronic  devices.  He  came  to  the  conclusion,  that 
beryllium  chalcogenides  are  promising  in  this  re¬ 
spect  due  to  their  pronounced  covalent  bonding 
and  due  to  their  small  bond  length.  Because  prac¬ 
tically  no  experimental  data  on  the  mechanical 
rigidity  of  BeTe  and  BeSe  as  well  as  BeS  were 
available,  the  suitability  of  beryllium  chalcogenides 
as  a  constituent  of  II-VI  optoelectronic  devices  was 
estimated  theoretically  on  a  semiempirical  basis 
[8].  A  relation  linking  the  shear  modulus  with  the 
covalency  was  obtained,  making  use  of  the  LCAO- 
based  model  of  Harrisson  [9].  It  is  predicted  that 
the  shear  modulus  of  BeS  is  higher  than  that  of 
GaAs  and  that  the  shear  modulus  of  BeTe  and 
BeSe  will  be  considerably  larger  than  that  of  ZnSe. 


Only  very  few  data  on  the  basic  properties  of 
Be-compounds  are  available  in  the  literature  [10]. 
But  it  turned  out  that  the  beryllium  chalcogenides 
are  interesting  for  light-emitting  diodes  (LEDs)  and 
for  laser  diodes  (LDs)  as  well  also  for  other  reasons. 
These  materials  have  lattice  constants,  which  allow 
to  grow  thin  films  lattice  matched  to  GaAs.  The 
large  band  gap  of  BeSe  makes  it  possible,  to  grow 
heterostructure  lasers  in  which  the  band  gap  of  the 
material  in  the  cladding  layer  is  large  enough  to 
facilitate  operation  in  the  blue  spectral  range.  It  is 
well-known  that  one  of  the  problems  with  the 
ZnSe-based  lasers  with  ZnMgSSe  waveguides  is  the 
limitation  in  p-type  doping  of  alloys  with  more 
than  20%  Mg.  The  large  band  gap  of  BeSe  requires 
only  relatively  small  Be  and  Mg  contents  of  quater¬ 
nary  BeZnMgSe  barrier  layers  in  order  to  achieve 
sufficient  carrier  confinement  at  room  temperature. 

Motivated  by  the  above  considerations,  we  be¬ 
gan  to  grow  beryllium  chalcogenide  structures  by 
molecular  beam  epitaxy  (MBE)  [11].  The  proper¬ 
ties  of  MBE  grown  thin  films  and  quantum  well 
structures  have  been  investigated  by  a  variety  of 
characterization  methods  and  the  first  LEDs  with 
a  rather  long  lifetime  have  been  demonstrated  [12]. 
It  turned  out  that  due  to  the  close  matching  of  the 
lattice  constants  of  BeTe,  GaAs  and  ZnSe  it  has 
been  possible  to  grow  epilayers  and  quantum  well 
structures  of  rather  high  perfection.  Also,  it  has 
been  shown,  that  BeTe  can  be  very  heavily  p-type 
doped,  allowing  a  novel  contact  structure  with  high 
crystalline  quality.  In  passing,  it  should  be  men¬ 
tioned  that  beryllium  chalcogenides  are  also  suit¬ 
able  for  producing  quantum  well  structures  with 
properties  very  interesting  for  basic  semiconductor 
physics  [13].  In  the  following,  we  shall  present  data 
on  beryllium  chalcogenide  structures  and  devices. 
These  novel  materials  have  been  produced  and 
investigated  in  our  group  during  the  last  12 
months.  The  progress  has  been  very  encouraging. 

In  the  last  few  years  LEDs  and  LDs  based  on  the 
III-V  compound  GaN  have  been  realized.  LEDs 
grown  by  metal  organic  chemical  vapour  depo¬ 
sition  (MOCVD)  on  sapphire  substrates  with 
bright  emission  in  the  blue  or  green  spectral  range 
are  produced  commercially  in  large  numbers  at 
present.  The  first  operation  of  a  GaN  laser  was 
reported  by  Nakamura  et  al.  [14].  Although  the 
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first  devices  operated  at  low-temperature  in  the 
pulsed  mode,  steady  progress  has  been  reported 
and  continuous  operation  has  become  possible  in 
the  meantime.  The  success  of  the  GaN  devices  has 
several  reasons,  one  of  them  being  the  considerable 
hardness  of  this  material.  In  the  following,  it  will  be 
pointed  out  that  beryllium  chalcogenides  have 
a  bond  strength  comparable  to  that  of  GaN.  There¬ 
fore,  incorporating  beryllium  in  II-VI  devices 
should  allow  to  overcome  the  existing  lifetime 
problems.  The  competition  between  ZnSe  and 
GaN  is  far  from  being  over.  One  should  also  keep 
in  mind  that  devices  made  from  different  materials 
usually  complement  each  other. 


2.  Experimental  procedure 

The  epitaxial  layers  and  devices  which  will  be 
discussed  subsequently,  have  been  grown  in  a  Riber 
2300  four  chamber  system.  GaAs  substrates  were 
overgrown  by  an  epitaxial  buffer  layer.  Elemental 
Be,  Se,  Te,  Mg,  Cd  and  Zn  effusion  cells  have  been 
employed.  For  n-type  doping  zinc  iodine  has  been 
used,  p-type  doping  was  achieved  by  a  plasma- 
activated  nitrogen  source.  Usually,  a  substrate 
temperature  of  300°C  was  chosen.  Reflection  high- 
energy  electron  diffraction  (RHEED)  has  been  in¬ 
tensively  used  to  investigate  the  growth  in  situ. 
A  35  kV  electron  gun  with  a  computerized  detec¬ 
tion  system  based  on  a  CCD  camera  has  been 
employed.  Photoluminescence  at  2  K  and  high- 
resolution  X-ray  diffraction  (HRXD)  served  to 
characterize  the  specimens.  Electrical  measure¬ 
ments  have  been  performed  with  a  HP4145B 
semiconductor  parameter  analyzer  at  300  K, 


3.  Results  and  discussion 

3.1.  Binding  energy 

The  bond  strength  of  binary  semiconductor  com¬ 
pounds  is  expected  to  correlate  with  the  degree  of 
covalency.  This  can  be  seen  in  Fig.  1,  where  the 
cohesive  energy  per  bond  (bond  energy)  has  been 
plotted  versus  the  hybrid  covalency.  The  latter 
term  is  used  following  Harrisson  [9].  Plotting  the 


Fig.  1.  Bond  energy  (cohesive  energy)  versus  hybrid  covalency 
for  various  binary  semiconductors  (from  Ref.  [9]).  The  lines 
indicate  an  empirical  rule  for  isoelectronic  compounds. 


cohesive  energy  versus  the  hybrid  covalency,  one 
finds  that  both  quantities  are  linearly  related  for 
isoelectronic  compounds.  This  means  that  binary 
compounds  with  a  same  total  number  of  electrons 
show  a  scaling  behavior.  Therefore,  one  can  use 
Fig.  1  to  estimate  the  bond  energy  of  beryllium 
chalcogenides  by  making  use  of  their  theoretically 
calculated  covalencies.  This  was  done  for  BeS,  BeSe 
and  BeTe.  All  other  values  shown  for  the  cohesive 
energy  per  bond  were  experimentally  determined 
and  were  taken  from  Ref.  [9].  One  can  recognize  in 
Fig.  1,  that  the  bond  energies  of  the  beryllium  chal¬ 
cogenides  are  significantly  larger  than  those  ob¬ 
tained  for  the  II-VI  compounds  CdTe  and  ZnSe.  It 
should  be  noted  that  GaN  has  almost  the  same 
hybrid  covalency  as  BeS,  BeSe  and  BeTe  and  that 
its  bond  energy  is  hardly  different  from  that  of  the 
Be-compounds.  It  should  also  be  noted  that  the 
bond  strength  of  GaAs  is  below  that  of  the  beryl¬ 
lium  chalcogenides. 

Experimentally,  the  high  bond  energy  of  beryl¬ 
lium  chalcogenides  can  be  demonstrated  by 
measuring  the  desorption  of  the  compound  in  vac¬ 
uum.  The  influence  of  the  desorption  can  be  deter¬ 
mined  by  measuring  the  dependence  of  the  growth 
rate  of  a  binary  compound  as  a  function  of  substra¬ 
te  temperature  [15].  With  increasing  substrate  tem¬ 
perature  the  desorption  exponentially  increases, 
thereby  decreasing  the  growth  rate.  The  RHEED 
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substrate  temperature  [°C] 

Fig.  2.  MBE  growth  rates  of  II-VI  compounds:  for  BeTe  no 
significant  onset  of  desorption  at  high  substrate  temperatures 
can  be  observed. 


oscillation  technique  has  been  used  to  measure  the 
growth  rate  of  BeTe  as  a  function  of  substrate 
temperature.  Due  to  the  relatively  good  lattice 
matching  of  BeTe  to  the  GaAs  substrate  (0.47%), 
well-pronounced  and  long-lasting  RHEED  oscilla¬ 
tions  can  be  observed  in  general.  In  Fig.  2,  the 
growth  rate  of  BeTe  has  been  plotted  as  a  function 
of  the  substrate  temperature  and  the  results  are 
compared  with  that  of  the  conventional  II-VI 
semiconductors  like  CdTe,  ZnSe  and  ZnTe.  For  the 
whole  range  of  substrate  temperatures  used,  the 
growth  rate  of  BeTe  stays  constant.  This  indicates 
that  desorption  does  not  play  a  role  even  for  sub¬ 
strate  temperatures  of  up  to  550°C.  Therefore,  the 
molecular  beam  epitaxial  growth  of  BeTe  is  com¬ 
patible  to  that  of  GaAs,  and  BeTe-GaAs  hetero¬ 
structures  can  be  fabricated  even  at  the  high 
substrate  temperatures  typical  for  the  growth  of 
high-quality  GaAs.  In  contrast  to  that,  the  growth 
rate  of  the  conventional  II-VI  compounds  de¬ 
creases  due  to  the  desorption  at  much  lower  sub¬ 
strate  temperatures,  demonstrating  that  the  bond 
energy  of  BeTe  is  high  compared  to  that  of  the 
conventional  II-VI  compounds. 


Fig.  3.  Energy  gap  versus  lattice  constant  for  binary  Be-chal- 
cogenides. 


3.2.  Defect  generation 

Another  important  property  of  beryllium  chal- 
cogenides  is  the  fact  that  quaternary  compounds 
can  be  lattice-matched  to  both  GaAs  and  Si.  This 
can  be  seen  in  Fig.  3,  where  the  band  gaps  of 
conventional  II-VI  semiconductors  as  well  as  ber¬ 
yllium  chalcogenides  have  been  plotted  versus  their 
lattice  constants.  The  position  of  the  beryllium 
chalcogenides  in  the  band  gap-lattice  constant  plot 
opens  some  new  possibilities:  ZnS  with  its  smaller 
lattice  constant  as  compared  to  GaAs  is  in  general 
used  in  quaternary  ZnMgSSe  for  the  fabrication  of 
blue-green  laser  diodes.  ZnS  can  now  be  replaced 
by  BeSe  which  can  be  combined  with  MgSe  for 
lattice  matching  to  GaAs.  In  this  way  only  the 
incorporation  of  3  metals  -  Be,  Mg  and  Zn  -  has  to 
be  controlled.  The  sticking  coefficient  of  the  3  meta¬ 
ls  is  high  and  relatively  independent  of  the  substra¬ 
te  temperature,  resulting  in  a  precise  control  of  the 
lattice  parameter  for  the  quaternary  BeMgZnSe. 
Experiments  showed  that  n-type  doping  of  quater¬ 
nary  BeMgZnSe  by  iodine  can  easily  be  achieved 
for  electron  concentrations  exceeding  lO^^cm"^ 
[16].  However,  the  situation  is  different  for  the  case 
of  p-type  doping.  As  in  ZnMgSSe  [17],  we  see 
a  decrease  in  p-type  doping  levels  as  the  band  gap 
of  the  quaternary  BeMgZnSe  is  increased.  How¬ 
ever,  the  absolute  limits  have  not  been  determined 
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yet.  Doping  with  nitrogen  goes  along  with  the 
incorporation  of  point  defects  which  can  dramati¬ 
cally  enhance  interdiffusion  as  it  has  been  shown  in 
CdTe-based  superlattices  [18].  Usually,  it  is  not 
possible  to  dope  wide  gap  II-VI  compounds 
strongly  n-type  as  well  as  p-type.  For  instance, 
ZnSe  can  be  readily  n-type  doped,  but  p-type  dop¬ 
ing  causes  difficulties.  Whenever  the  nitrogen  con¬ 
centration  is  increased  to  enhance  the  hole  density 
beyond  10^^  cm"^,  the  hole  concentration  de¬ 
creases.  This  is  usually  attributed  to  the  generation 
of  compensating  defects.  The  creation  of  donors 
due  to  addition  of  acceptors  has  been  dubbed  ‘self¬ 
compensation’.  It  was  shown  by  Mandel  [19]  that 
the  effect  of  self-compensation  can  be  at  least  quali¬ 
tatively  understood  by  taking  into  account  the 
band-gap  energy  and  the  enthalpy  of  the  formation 
of  a  vacancy  —  Fr  ~  ^Fcohesive-  The 

expression  AHm""  is  the  formation  enthalpy  of 
a  neutral  vacancy  and  AifMN  corresponds  to  the 
standard  molar  enthalpy  of  the  mixed  crystal  MN. 
Fr  is  the  so-called  relaxation  energy  of  the  vacancy 
and  is  neglected  for  our  purposes  [19].  It  was 
shown  that  AHmn  is  essentially  twice  the  cohesive 
energy  Fcohesive-  Thus,  one  can  roughly  judge  the 
tendency  of  a  semiconductor  mixed  crystal  towards 
self-compensation  by  comparing  the  ratio  of  the 
band  gap  and  the  formation  enthalpy  of  a  neutral 
vacancy  Fg/2Fcohesive-  For  our  considerations  we 
use  the  cohesive  energy  per  bond  derived  from 
Fig.  1.  However,  we  do  not  consider  the  formation 
of  a  charged  vacancy  which  would  be  a  more  realis¬ 
tic  approximation.  Nevertheless,  the  ratio  EJ 
2Fcohesive  Can  be  considered  as  a  rough  estimation 
of  the  self-compensation  ‘boundary’  [19].  In  Fig.  4, 
the  ratio  Fg/2Fcohesive  has  been  plotted  versus  the 
covalency  of  the  bonding  (from  [9])  for  some  bi¬ 
nary  semiconductor  compounds.  Unfortunately, 
the  band  gaps  of  BeSe  and  BeS  are  not  known  very 
precisely.  In  preliminary  studies  we  determined  the 
optical  band  gap  of  BeSe  to  be  5.6  eV  but  there  are 
indications,  that  an  indirect  gap  at  around  4.4  eV 
can  exist  [11].  We  did  not  investigate  BeS,  there¬ 
fore,  the  literature  values  [10]  were  used.  From  the 
values  Fg/2Fcohesive  for  BeSe  and  BeS  (Fig.  4),  which 
are  close  to  unity,  one  can  conclude  that  the  tend¬ 
ency  of  BeS  and  BeSe  towards  self-compensation  is 
not  negligible.  In  contrast  to  that  BeTe  seems  to 
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Fig.  4.  Estimation  of  the  tendency  towards  the  generation  of 
compensating  vacancy  defects  according  to  Ref  [19].  Explana¬ 
tions  are  given  in  the  text. 


have  a  low  probability  to  generate  vacancy  corre¬ 
lated  defects.  From  that  point  of  view  the  genera¬ 
tion  of  vacancy-correlated  compensating  defects  in 
n-  and  p-type  BeTe  could  be  very  different  from 
other  II-VI  semiconductors. 

3.3.  Electrical  contacts  using  BeTe 

In  our  first  studies  on  Be-VI  compounds  it 
turned  out  that  BeTe  can  play  a  key  role  in  the 
fabrication  of  light  emitters.  The  valence  band 
offset  between  this  binary  and  ZnSe  was  measured 
by  photoluminescence  (PL)  to  be  about  0.9  eV 
[11],  very  similar  to  that  in  ZnTe/ZnSe.  Thus,  the 
absolute  valence  band  energy  nearly  coincides  with 
the  valence  band  of  GaAs.  Therefore,  the  device 
architecture  of  light-emitting  devices  can  be  based 
on  two  schemes,  which  are  shown  in  Fig.  5.  In 
Fig.  5a,  the  substrate  is  p-type  GaAs  with  an  adjac¬ 
ent  BeTe/ZnSe  superlattice  providing  hole  injec¬ 
tion.  Fig.  5b  shows  a  variation  of  the  conventional 
ZnMgSSe  laser  diode  grown  on  a  n-type  GaAs 
substrate.  In  our  case,  Be-alloys  and  a  BeTe/ZnSe 
pseudograding  are  used  instead  of  ZnTe/ZnSe  as 
p-type  contact.  In  the  following,  the  main  compo¬ 
nents  of  these  devices  will  be  discussed  in  detail. 
One  major  advantage  of  BeTe  is  the  possibility  of 
high  p-type  doping,  which  is  discussed  in  Ref.  [20]. 
Together  with  the  high  valence  band  energy,  which 
has  already  been  expected  by  Mensz  [21]  and 
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Fig.  5.  Proposed  structures  of  laser  diodes  based  on  Be-compounds  (a)  on  p-GaAs  and  (b)  n-type  GaAs  substrates. 


Dandrea  et  al.  [22],  BeTe  can  easily  replace  ZnTe 
in  p-type  digital  contacts  to  ZnSe  based  layers. 
Hence,  it  can  provide  an  appreciable  improvement 
of  the  structural  quality  of  the  graded  gap  contact 
sequence.  BeTe  is  usually  grown  under  Te-rich  con¬ 
ditions  with  VI :  II  ratios  of  about  4  to  20.  In  this 
regime,  one  can  obtain  well-pronounced  and  long- 
lasting  RHEED  intensity  oscillations  indicating 
a  smooth  layer-by-layer  growth  mode.  At  optimum 
growth  conditions  thick  BeTe  layers  can  be  fab¬ 
ricated  with  excellent  surface  morphology  which 
can  be  seen  in  sharp  RHEED  patterns  as  shown  in 
Fig.  6.  For  the  growth  of  BeTe/ZnSe  heterostruc¬ 
tures  the  conditions  have  to  be  carefully  adjusted  in 
order  to  get  smooth  interfaces.  At  a  substrate  tem¬ 
perature  of  300°C  one  can  observe  a  degradation  of 
the  RHEED  patterns,  if  Se  impinges  onto  the  2  x  1 
reconstructed  Te-rich  surface  of  BeTe.  We  attribute 
this  to  the  repulsion  of  Te  by  Se  atoms,  which  leads 
to  an  inhomogeneous  distribution  of  Be-Te  and 
Be-Se  bonds  at  the  interface.  Both  the  competition 
between  Se  and  Te  as  well  as  the  high  sticking 
coefficient  of  Be  have  consequences  on  the  growth 
of  BeTe/ZnSe  heterostructures:  before  the  growth 
of  ZnSe  on  BeTe  a  Zn  flux  can  be  applied  to  the 
Te-rich  BeTe  surface  in  order  to  reduce  the  Se~Te 


Fig.  6.  [1  1  0]  RHEED  patterns  of  the  Te-rich  BeTe  surface 
(35  keV). 


exchange  reaction.  On  top  of  the  ZnSe  layer  a  Zn- 
rich  surface  can  be  prepared  by  an  additional  Zn 
flux  (c(2  X  2)  reconstruction)  which  is  followed  by 
the  growth  of  BeTe  again. 

In  first  experiments  the  application  of  a  thin 
BeTe  layer  as  a  buffer  layer  on  GaAs  seems  to 
reduce  the  grown-in  stacking  fault  density  in 
ZnSe-based  materials.  The  reason  for  that  could  be 
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the  prevention  from  Se  reaching  the  clean  GaAs 
surface  where  it  can  nucleate  a  lattice  defect  [23]. 

3.4.  New  materials  for  the  active  region 

Using  mixed  crystals  containing  Be  for  the  active 
layer  the  rigidity  of  this  region  will  be  increased. 
Recently,  Law  et  al.  [24]  improved  the  lifetime  of 
a  blue-green  ZnMgSSe  laser  diode  by  using  a  quat¬ 
ernary  ZnCdSSe  quantum  well  (QW)  in  the  active 
zone,  instead  of  a  ternary  ZnCdSe  QW.  They  at¬ 
tribute  this  effect  to  a  reduced  growth  of  dark  line 
defects,  which  can  be  interpreted  in  terms  of  a  re¬ 
duced  defect  mobility.  By  the  use  of  Be-compounds, 
it  is  possible  to  tailor  the  optical  as  well  as  the 
lattice  properties  like  rigidity  and  stress.  Thereby, 
the  lattice  hardening  effect  is  expected  to  be  signifi¬ 
cantly  stronger  than  in  conventional  II-VI  alloys. 
For  exploiting  the  properties  of  new  materials  like 
BeZnSeTe  or  BeZnCdSe,  it  has  to  be  guaranteed 
that  the  electrical  confinement  will  still  be  sufficient 
if  the  concentration  of  Be  as  a  constituent  of  the 
active  material  is  increased.  In  Fig.  7  the  PL 
spectra  of  thin  layers  from  (a)  ZnCdSe  (70  A  quan¬ 
tum  well),  (b)  BeZnCdSe  (70  A  quantum  well),  (c) 
lattice-matched  BeZnSeTe  (1  |xm  epilayer),  and 
BeTe/ZnSe  superlattices  with  various  period 
widths  (spectra  (d)  and  (e))  have  been  plotted.  For 
the  BeZnCdSe  QW  the  luminescence  energy  is  shif¬ 
ted  by  94  meV  with  respect  to  the  ZnCdSe  QW. 


Fig.  7.  PL  spectra  (2  K)  derived  from  (a)  ZnCdSe  QW,  (b) 
BeZnCdSe  QW,  (c)  BeZnSeTe  epilayer,  (d)  BeTe/ZnSe  super¬ 
lattice  (period  300  A)  and  (e)  BeTe/ZnSe  superlattice  (period 
39  A).  All  spectra  are  normalized  to  their  maximum. 


The  amount  of  Cd  is  equal  in  both  QWs.  The  Be 
content  of  about  3%  inside  the  QW  was  kept  the 
same  as  in  the  BeZnSe  barriers,  which  can  be  the 
material  for  the  optical  waveguide  in  a  laser  diode. 
The  material  BeZnSeTe  can  also  be  used  for  the 
light  emitting  zone  in  a  LED  or  laser  diode.  Due  to 
a  pronounced  bowing  which  is  observed  in  this 
system,  the  emission  line  can  be  shifted  over  a  wide 
range.  In  Fig.  7  one  can  see  the  PL  spectrum  of 
a  BeZnSeTe  layer.  It  exhibits  a  relatively  broad  line 
shape  with  a  maximum  at  2.46  eV.  The  concentra¬ 
tion  of  Be  and  Te  was  chosen  to  match  the  GaAs 
substrate  (8.4%  Be,  9.5%  Te  as  measured  by 
wavelength-dispersive  X-ray  analysis  WDX).  For 
a  better  control  of  the  composition  BeTe/ZnSe 
superlattices  (SL)  can  be  considered  for  the  device 
design.  By  adjusting  period  width  and  layer  thick¬ 
nesses,  the  miniband  energies  for  electrons  and 
holes  can  be  varied.  The  type  II  transition  between 
BeTe  and  ZnSe  allows  to  tune  the  luminescence  line 
between  1.9  and  about  3  eV  [25].  In  Fig.  7  the 
spectrum  (d)  is  shown  for  a  BeTe/ZnSe  superlattice 
with  a  wide  period  (100  A  BeTe,  200  A  ZnSe)  which 
is  nearly  lattice-matched  to  the  GaAs  substrate.  In 
that  case,  the  spectrum  is  dominated  by  the  inten¬ 
sive  type  II  transition  at  1.9  eV.  Decreasing  the 
period  of  the  SL  from  300  to  e.g.  39  A  (13  A  BeTe, 
26  A  ZnSe)  the  luminescence  line  shifts  to  2.249  eV 
(spectrum  (e)).  Major  advantage  of  that  technique  is 
the  easy  control  of  composition  and  energy  by 
digital  alloying  and  the  introduction  of  high  Be 
concentrations  into  the  QW  region, 

3.5.  Light  emitting  diodes  based  on  BeMgZnSe 

The  first  LED  structures  have  been  grown  by 
MBE  on  p-type  GaAs  substrates  according  to  the 
sketch  in  Fig.  5a.  For  the  quantum  well  BeZnSeTe 
(LEDl),  ZnSe  (LED2)  and  BeZnSe  (LED3)  have 
been  used.  For  LEDl  no  waveguide  layers  have 
been  used.  In  the  case  of  LED2  and  LED3  the 
waveguide  consists  of  100  nm  BeZnSe  and  Be¬ 
MgZnSe  with  low  Mg  and  Be  content,  respectively. 
All  cladding  layers  were  made  from  BeMgZnSe 
with  a  band  gap  of  about  3.0  eV  at  room  temper¬ 
ature.  The  n-type  contact  was  made  with  Al  [16]. 
In  Fig.  8  current-voltage  (IV)  characteristics  of 
LEDs  have  been  plotted.  One  can  see  a  steep 
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Fig.  8.  Current-voltage  characteristics  of  BeMgZnSe-LED 
structures  at  room  temperature  under  cw  excitation. 


energy  [eV] 


Fig.  9.  Electroluminescence  spectra  of  light  emitting  diodes. 
LEDl:  BeZnSeTe  QW  active  region,  LED2:  ZnSe  QW,  LEDS: 
BeZnSe  QW.  All  spectra  are  normalized  to  their  maximum. 


increase  of  the  current  under  low  forward  bias 
which  can  be  attributed  to  recombination-control¬ 
led  current.  At  bias  voltages  exceeding  3  V  the 
series  resistance  seems  to  become  dominant.  The 
spectra  of  the  LEDs  (Fig.  9)  have  been  measured 
under  cw  excitation  at  room  temperature  at  moder¬ 
ate  current  densities  of  15A/cm^.  LEDl  shows 
a  broad  emission  line  with  a  maximum  peak  at 
2.41  eV.  The  emission  of  LED2  and  LEDS  have 
a  maximum  at  2.68  and  2.74  eV,  respectively.  All 
LEDs  show  bright  luminescence  in  the  vicinity  of 
the  nontransparent  Al  contact.  For  the  optical 
measurements  only  the  light  from  the  edge  of  the 
contact  pad  was  collected,  thus,  it  is  not  reasonable 
to  present  any  value  of  the  external  efficiency  yet. 
Concerning  the  device  lifetimes  of  LEDs,  first  ex¬ 
periments  have  been  carried  out  on  LEDS.  At  mod¬ 
erate  current  densities  (15  A/cm^)  a  slow  decay  of 
the  light  output  can  be  observed  over  a  long  time. 
Extrapolated  exponential  time  constants  of  this 
decay  to  reach  \  of  the  initial  output  have  been 
determined  to  be  in  the  range  of  4000  h.  At  current 
densities  exceeding  100  A/cm^  a  catastrophic 
degradation  was  observed  after  several  hours. 
From  scanning  electron  microscopy  this  can  defi¬ 
nitely  be  ascribed  to  the  degradation  of  the  metal 


pad  which  was  attached  by  a  contact  needle.  There¬ 
fore,  the  design  of  the  LED  structures  has  to  be 
improved  in  order  to  investigate  the  real  mecha¬ 
nism  of  degradation. 


4.  Conclusion 

The  potential  of  beryllium  chalcogenides  for  the 
development  of  blue-green  light  emitters  has  been 
demonstrated.  It  turned  out  that  quaternary  mixed 
crystals  of  the  composition  BeZnMgSe  can  be  pro¬ 
duced  in  high-quality  with  high-precision.  The  first 
results  obtained  for  light  emitting  devices  have 
been  very  encouraging.  The  main  task  for  the  future 
will  be  the  optimization  of  the  growth  conditions 
and  the  device  design  as  well  as  the  realization  of 
laser  diodes,  based  on  this  novel  class  of  II-VI 
semiconductors. 


5.  Note  added  in  proof 

The  first  laser  diodes  containing  beryllium  have 
been  realized  in  the  meantime  [26]. 
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Abstract 

We  report  the  molecular  beam  epitaxial  (MBE)  growth  of  lattice-matched  Znj,CdyMgi^;f-j,Se  quaternaries  on  InP 
substrates  having  a  wide  range  of  band  gaps.  The  composition  and,  thus,  band  gap  and  lattice  constant,  can  be  accurately 
controlled  by  adjusting  the  group  II  fluxes.  By  optimizing  the  growth  condition  and  incorporating  of  a  III-V  buffer  layer, 
we  have  grown  very  high-quality  quaternary  layers.  Our  best  lattice-matched  samples  exhibit  double  crystal  X-ray 
rocking  curves  with  full-width-at-half-maximum  (FWHM)  about  460  arcsec  and  photoluminescence  line  widths  about 
60  meV  at  77  K  for  a  band  gap  of  2.8  eV.  These  materials  can  be  used  for  the  fabrication  of  lattice-matched  semiconduc¬ 
tor  lasers  that  can  emit  throughout  most  of  the  visible  range,  from  yellow  to  blue. 


1.  Introduction 

Wide  band  gap  II-VI  compounds  have  potential 
applications  as  blue-green  light  emitters.  Current¬ 
ly,  reported  blue-green  lasers  [1-4]  are  based  on 
heterostructures  of  ZnSe-based  alloys  grown  on 
GaAs  substrates.  Pseudomorphic  structures  are 
obtained  by  using  ZnMgSSe  and  ZnSSe  lattice- 
matched  to  the  GaAs  substrate  as  the  barrier  and 
wave-guiding  layers,  respectively.  A  thin,  strained 
Zno.8Cdo.2Se  quantum  well  layer  is  used  in  the 
active  region,  and  a  ZnSe/ZnTe  graded  superlattice 
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is  used  to  obtain  ohmic  contacts  to  the  top  p- 
cladding  layers.  Using  this  material  system,  Sony 
Corporation  [4]  has  succeeded  in  fabricating 
a  blue-green  laser  diode  with  a  room  temperature 
cw  operating  lifetime  in  excess  of  100  h,  showing 
that  significant  improvements  have  been  achieved. 

However,  the  performance  of  the  devices  is  still 
not  adequate.  Some  of  the  issues  that  remain  to  be 
solved  before  practical  devices  are  realized  are  the 
defects  originating  at  the  II-VI/III-V  interface  pos¬ 
sibly  due  to  the  influence  of  sulfur  and  selenium  on 
the  GaAs  substrates  [5],  p-doping  [6],  the  presence 
of  strain  in  the  active  layer  and  the  formation  of 
misfit  dislocations  in  the  contact  layers  due  to  the 
large  lattice-mismatch  between  ZnTe  and  the  rest 
of  the  structure.  Therefore,  it  is  of  interest  to 
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explore  other  wide  band  gap  II-VI  materials  that 
may  be  used  to  design  entirely  lattice-matched 
structures  that  also  meet  the  band-structure  re¬ 
quirements  of  this  complex  device. 

Recently  [7-9],  we  reported  the  growth  and 
properties  of  Zn;,Cd^Mgi  -;c-j,Se,  a  new  quaternary 
materials  system  that  can  be  used  in  the  design  and 
fabrication  of  blue  (visible)  lasers.  These  lattice- 
matched  quaternary  layers  encompass  a  wide  range 
of  band  gaps,  from  2.18  eV  to  above  3.5  eV,  en¬ 
abling  the  growth  of  device  structures  that  can  emit 
throughout  most  of  the  visible  range  [8].  By  grow¬ 
ing  these  on  InP  substrates,  entirely  lattice-match¬ 
ed  heterostructures  can  be  obtained.  The  use  of  InP 
substrates  also  allows  the  growth  of  a  symmetric¬ 
ally  strained  ZnSe/ZnTe  superlattice  for  the  ohmic 
contact,  eliminating  the  formation  of  misfit  disloca¬ 
tions  in  the  contact  layer.  These  features  are  ex¬ 
pected  to  improve  the  overall  material  quality  and 
the  performance  of  the  laser  structure. 

In  this  paper,  we  report  the  molecular  beam 
epitaxial  (MBE)  growth  and  properties  of  high- 
quality  lattice-matched  Zn^fCd^Mgi  -^-ySe  quater¬ 
naries  with  a  wide  range  of  compositions.  We 
investigate  the  relationship  between  the  growth 
parameters  and  the  material  properties  such  as 
lattice  mismatch  and  band  gap.  By  optimizing  the 
growth  condition  and  incorporating  a  III-V  buffer 
layer,  we  have  grown  high-quality  layers  with 
double  crystal  X-ray  rocking  curve  full-width-at- 
half-maximum  (FWHM)  460  arcsec  and  77  K 
photoluminescence  (PL)  line  widths  of  about 
60  meV  for  a  band  gap  of  2.8  eV.  Further  improve¬ 
ments  in  crystalline  quality  may  be  achieved  by 
modification  of  the  nucleation  process. 


2.  Experimental  procedure 

The  layers  were  grown  by  molecular  beam  epi¬ 
taxy  (MBE)  in  a  Riber  2300P  system  which  includes 
a  III-V  chamber  and  a  II-VI  chamber  connected 
by  UHV.  InP  (10  0)  substrates  having  defect  dens¬ 
ities  of  ~  10^  cm"^  were  obtained  from  Sumitomo 
Electric.  Prior  to  use,  the  substrates  were  etched  in 
H2SO4  :  H2O2  :  H2O  (4:1:1)  for  1  min.  Oxide  de¬ 
sorption  of  the  InP  substrate  was  performed  by 
heating  with  an  As  flux  inpingent  on  the  InP  surface 


[10].  The  best  results  were  obtained  by  heating 
quickly  to  500°C,  once  the  oxide  is  removed  we 
adjust  the  temperature  to  the  growth  temperature 
of  the  III-V  buffers.  It  is  expected  that  1  or 
2  strained  monolayers  of  InAs  may  form  during 
this  step,  A  lattice-matched  InGaAs  or  InP  buffer 
layer  (  ~  200  nm)  was  grown  on  the  InP  substrate, 
then  the  substrate  with  the  buffer  layer  was  trans¬ 
ferred  to  the  II-VI  chamber  in  vacuum  to  grow  the 
ZnCdMgSe  quaternaries.  Growth  was  performed 
under  Se-rich  conditions  with  a  beam  equivalent 
pressure  (BEP)  ratio  of  the  group-VI  to  group-II 
fluxes  of  ~  4.  The  growth  was  initiated  at  growth 
temperature  of  HO'^C,  and  after  1  min  of  growth, 
the  temperature  was  raised  to  the  optimum  growth 
temperature  of  270°C  without  interruption  [9], 
After  the  growth  of  the  quaternary  for  1  h;  a  thin 
(  ~  10  nm)  ZnCdSe  layer  was  grown  as  a  cap  layer 
to  protect  magnesium  from  oxidation.  The  quater¬ 
nary  layer  thickness  ranged  from  0.4  to  0.8  pm  for 
the  different  quaternary  compositions. 

In  these  experiments,  the  equivalent  beam  flux  of 
Zn  was  fixed  to  about  2x  10“^Torr  and  the  Cd 
flux  was  changed  so  that  the  Cd  to  Zn  (Cd/Zn)  flux 
ratio  would  vary  from  0.5  to  2.2.  Flux  measure¬ 
ments  of  Mg  could  not  be  performed  accurately 
with  our  chamber  geometry  so  we  adjusted  the  Mg 
flux  by  controlling  the  Mg  cell  temperature,  which 
was  varied  from  245°C  to  280°C. 

The  layers  were  characterized  by  low-temper¬ 
ature  photoluminescence  (PL)  at  10  and  77  K  using 
the  325  nm  line  of  a  He-Cd  laser,  the  excitation 
power  is  0.25  mw  for  10  K  and  1.5  mw  for  77  K. 
Lattice  mismatch  was  determined  by  single-crystal 
X-ray  diffraction  and  crystalline  quality  was  as¬ 
sessed  in  a  few  samples  using  double-crystal  X-ray 
rocking  curves.  The  surface  morphology  was  ob¬ 
served  with  a  Nomarski  microscope.  The  thickness 
was  measured  using  a  Philtec  sectioner. 


3.  Results  and  discussion 

Fig.  1  shows  the  percent  lattice  mismatch  of 
the  quaternary  layer  to  InP  (%Aa/u)  as  a  func¬ 
tion  of  Cd/Zn  flux  ratio  used  during  growth  for 
various  Mg  fluxes.  The  zero  mismatch  position  is 
indicated  in  the  figure  by  a  dashed-line.  The  solid 
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Fig.  1.  Dependence  of  Cd  to  Zn  flux  ratio  on  the  lattice-mis¬ 
match  of  ZnCdMgSe  layers  grown  on  InP  with  various  Mg 
fluxes.  The  dashed  line  indicates  the  lattice  matched  conditions. 
The  solid  line  shows  the  dependence  for  ZnCdSe. 


line  represents  the  empirical  fit  to  the  ZnCdSe 
ternary.  For  Cd/Zn  =  2  which  is  the  condition  for 
ZnCdSe  lattice-matched  to  InP,  changing  the  Mg 
flux  does  not  affect  the  mismatch  very  much,  but  it 
is  always  greater  than  0,  and  the  layers  tend  to  have 
spotty  RHEED  patterns.  Therefore  to  obtain  lat¬ 
tice-matched  quaternaries  we  must  reduce  the 
Cd/Zn  ratio:  in  order  to  incorporate  more  Mg  and 
get  higher  band  gaps,  one  must  lower  the  Cd/Zn 
ratio  further. 

Fig.  2  shows  the  dependence  of  the  quaternary 
band  gap  on  Mg  flux  for  two  different  Cd/Zn  flux 
ratios  both  of  which  are  less  than  2.  The  band  gap 
energy  was  estimated  from  the  photoluminescence 
spectra  at  77  K.  A  comparison  between  the  PL 
emission  wavelength  and  photoreflectance  signals 
for  several  samples  confirmed  that  the  PL  spectra 
are  in  fact  dominated  by  bandedge  emission.  For 
the  band  gap  estimates  we  did  not  account  for  any 
exciton  binding  energy  at  77  K.  We  feel  that  this 
will  not  have  a  significant  influence  on  our  results. 
For  Cd/Zn  =  1,  changing  the  Mg  temperature 
from  245°C  to  275"'C  causes  the  mismatch  to 
change  from  —  0.7%  to  —  0.2%  and  the  band  gap 
to  change  from  2.6  to  2.9  eV.  For  this  Cd/Zn  ratio, 
in  order  to  get  less  mismatch  and  higher  band  gap, 
one  must  increase  the  Mg  flux  further.  However, 
when  we  increase  the  Mg  temperature  above 


Fig.  2.  Dependence  of  quaternary  band  gap  on  Mg  cell  temper¬ 
ature  (flux)  for  two  Cd  to  Zn  flux  ratios.  The  Zn  flux  is  kept 
costant  at  2  X  10^  Torr. 
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Fig.  3.  Variation  of  the  77  K  photoluminescence  line  width 
(FWHM)  as  a  function  of  Mg  cell  temperature  (flux).  Two  data 
points  measured  at  10  K  are  also  shown  (squares). 
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280°C,  the  layer  quality  degrades.  When  the  Cd/Zn 
flux  ratio  is  about  1.6,  if  we  change  the  Mg  temper¬ 
ature  from  245°C  to  280°C,  the  mismatch  changes 
from  —  0.2%  to  0.1%,  and  the  band  gap  changes 
from  2.8  to  3.2  eV.  At  this  flux  ratio,  for  small 
changes  in  mismatch  we  can  obtain  a  wide  range  of 
band  gaps,  making  it  useful  for  the  laser  design. 

Fig.  3  shows  the  relationship  between  the 
FWHM  of  the  PL  measured  at  77  K  and  the  Mg 
composition  in  the  solid  for  layers  having  a  mis¬ 
match  range  from  —  1%  to  0.2%.  The  Mg  com¬ 
positions  (1  —  X  —  y)  in  the  solid  were  calculated 
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from  the  PL  and  X-ray  data  by  constructing 
a  mathematical  expression  to  describe  the  relations 
between  the  band  gap,  lattice  constant  of  the  quat¬ 
ernary  and  its  composition,  based  on  the  known 
ZnCdSe  function  and  assuming  linear  depend¬ 
encies  for  the  ZnMgSe  and  MgCdSe  ternary 
boundaries.  Similar  calculations  have  been  re¬ 
ported  previously  for  ZnCdSeTe  [11]-  From  the 
figure,  we  find  that  the  PL  FWHM  increases  lin¬ 
early  with  increasing  Mg  composition  and  indepen¬ 
dently  of  the  mismatch.  Thus,  we  conclude  that  the 
large  widths  are  not  caused  by  defects  resulting 
from  a  large  mismatch.  One  possible  explanation 
for  the  broadening  of  the  PL  peak  with  Mg  fraction 
is  possible  compositional  non-uniformities  for  high 
Mg  compositions.  From  observations  during 
growth,  we  note  that  it  is  very  difficulty  to  grow 
Zn^-Cd^.Mgi  -x-ySe  quaternaries  with  Mg  composi¬ 
tions  higher  than  0.6,  because  the  RHEED  pattern 
tends  to  be  spotty.  When  the  Cd/Zn  flux  ratio  is 
either  too  low  (less  than  1)  or  too  high  (greater  than 
2),  one  needs  to  incorporate  a  large  amount  of  Mg 
in  the  quaternaries  to  keep  the  layers  well  lattice- 
matched  and  with  high  band  gaps;  and  the  growth 
is  difficult.  So  we  conclude  that  the  best  Cd/Zn  flux 
ratio  to  use  should  be  around  1,6.  Two  PL  FWHM 
data  points  taken  at  10  K  are  also  shown  in  Fig.  3. 
Even  for  high  Mg  composition,  ~  0.4,  the  FWHM 
at  10  K  is  about  50meV  which  is  significantly 
lower  than  the  reported  value  of  100  meV  [12]  for 
quaternaries  of  the  same  composition. 

The  relationship  between  the  Cd/Zn  composi¬ 
tion  ratio  in  the  solid  and  the  Cd/Zn  flux  ratio  used 
during  growth  is  shown  in  Fig.  4  for  samples  grown 
with  different  Mg  cell  temperatures.  The  Cd  and 
Zn  compositions  are  calculated  the  same  way  we 
calculated  Mg  composition.  We  note  that  the 


calculated  Cd/Zn  ratio  is  proportional  to  the  meas¬ 
ured  Cd/Zn  flux  ratio  which  suggests  that  incorpo¬ 
ration  of  Mg  does  not  affect  the  sticking  efficiency 
of  Zn  and  Cd.  Taking  advantage  of  this  observa¬ 
tion  we  have  grown  ZnCdSe  ternary  and 
ZnCdMgSe  quaternary  layers  under  the  same 
growth  conditions  (including  the  growth  time,  Zn 
and  Cd  fluxes,  etc.),  and  used  the  thickness  differ¬ 
ence  between  the  ZnCdSe  and  ZnCdMgSe  layers 
(i.e.,  the  difference  in  growth  rate)  to  estimate  the 
Mg  composition.  Table  1  compares  the  calculated 
Mg  composition  based  on  our  mathematical  ex¬ 
pression  with  the  Mg  composition  estimated  from 
thickness.  Good  agreement  (better  than  10%)  be¬ 
tween  the  two  values  was  observed. 

With  the  optimum  growth  conditions  and  with 
the  incorporation  of  a  III-V  buffer  layer,  we  have 
grown  very  high-quality  ZnCdMgSe  quaternaries. 
Fig.  5  shows  the  77  K  PL  spectra  for  two  of  our 
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Fig.  4.  Relationship  between  the  Cd  to  Zn  composition  ratio  in 
the  solid,  calculated  as  described  in  the  text,  to  the  experimental 
Cd  to  Zn  flux  ratios. 


Table  1 

Comparison  of  the  calculated  Mg  composition  in  the  layer  and  measured  Mg  composition,  as  described  in  the  text 


Sample  Mg  composition 


Calculated  Measured 


1 

0.57 

0.62 

2 

0.47 

0.53 

3 

0.43 

0.45 

4 

0.39 

0.43 

5 

0.5 

0.52 
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Fig.  5.  Photoluminescence  spectra  at  77  K  for  two 
Zn^^CdyMgi -;,_j,Se  layers  grown  on  InP  substrates  with  InP 
buffer  layers. 


- 1 - , - 1 - , - 

Zn  24Cd  26Mg  ggSe  J 

.V 

FWHM:  900  arcsec 
^^^ismatch:  0.1% 

Zn  syCd  27^9 

|k  FWHM:  460  arcsec 
UVismatch:  -0.16% 

— 1 - - - 1  I _ ^--1 

-1.0  -0.5  0.0  0.5  1.0 


Diffraction  Angle  (degree) 

Fig.  6.  Double  crystal  X-ray  rocking  curves  for  two 
Zn*Cdj,Mgi-;c-ySe  layers  grown  on  InP  substrates  with  InP 
buffer  layers. 

samples,  having  band  gaps  of  2.8  and  3.0  eV.  The 
PL  data  shows  that  the  quaternaries  have  very 
strong  and  narrow  band  edge  emission  peaks  with¬ 
out  any  significant  deep-levels.  The  double  crystal 
X-ray  rocking  curves,  shown  in  Fig.  6,  exhibit 
FWHM  of  about  460  and  900  arcsec,  respectively. 
Preliminary  results  suggest  that  further  improve¬ 
ments  in  the  crystalline  quality  can  be  achieved  by 
using  a  ternary  ZnCdSe  buffer  layer. 


4.  Conclusions 

We  have  investigated  the  growth  conditions  of 
ZnCdMgSe  quaternaries  and  have  obtained  rela¬ 
tionships  that  allow  the  determination  of  the  ap¬ 
propriate  group  II  fluxes  needed  to  grow  lattice- 
matched  layers  with  band  gaps  varying  over  the 
entire  range  of  the  quaternary  system.  Using  these 
conditions  we  have  grown  high-quality  lattice- 
matched  quaternary  layers  having  band  gap  up  to 
3.1  eV.  These  materials  have  applications  in  the 
design  and  fabrication  of  lattice-matched  wide 
band  gap  II-VI  emitters  (lasers  and  LEDs)  that  can 
be  designed  to  emit  throughout  the  visible  range. 
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Abstract 

This  paper  describes  substrate  surface  preparation  techniques  used  in  the  development  II-VI  light  emitting  diode  and 
laser  diode  structures  on  high-quality,  bulk  ZnSe  substrates  supplied  by  Eagle-Picher  Industries.  The  use  of  ZnSe 
substrates  eliminates  many  of  the  problems  associated  with  lattice  mismatch  in  heteroepitaxy  of  II-VI  light  emitters  on 
GaAs  substrates.  However,  defects  still  form  during  nucleation  of  an  epitaxial  layer  on  ZnSe  substrates  because  of  surface 
roughness,  contamination,  and  defects.  We  have  employed  a  variety  of  wet  chemical  etches,  vacuum  anneals,  plasma 
treatments,  and  characterization  techniques  such  as  RHEED,  Auger  electron  spectroscopy,  and  SEM  studies  to  improve 
the  ZnSe  substrate  surface  prior  to  MBE  film  growth.  A  combination  of  hydrogen  plasma  exposure  and  annealing  was 
found  to  be  the  most  effective  way  to  remove  contaminants  from  ZnSe  substrates  but  less  than  optimum  homoepitaxial 
quality  showed  that  the  surface  preparation  is  more  complex  than  simply  cleaning  the  polished  surface.  Since  polishing 
can  leave  residual  damage  in  the  form  of  near-surface  defects,  the  top  layer  of  these  substrates  was  removed  by  reactive 
ion  etching  with  BCI3.  Parameters  were  chosen  such  that  this  etch  was  homogeneous  and  smoothed  the  ZnSe  surface. 
Etch  pit  density  measurements  revealed  that  the  polish-induced  damage  to  ZnSe  extended  up  to  about  5  pm  deep. 
A  dramatic  improvement  in  the  characteristics  of  blue/green  light  emitting  devices  was  observed  for  devices  grown  on 
ZnSe  substrates  from  which  this  damaged  layer  had  been  removed.  This  surface  preparation  procedure  has  led  to  the 
brightest  and  longest  lasting  II-VI  green  LEDs  made  in  the  world  today. 


1.  Introduction 

Many  demonstrations  have  recently  been  made 
of  both  light  emitting  diodes  and  laser  diodes 
grown  from  ZnSe-based  materials  on  both  GaAs 
and  ZnSe  substrates.  However,  full  commercializ¬ 
ation  of  this  technology  will  not  be  possible  as  long 
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as  high  defect  densities  limit  device  lifetimes.  While 
advances  have  been  made  in  extending  the  lifetime 
by  improving  the  quality  of  the  heterointerface  in 
ZnSe-based  devices  grown  on  GaAs,  in  other  ma¬ 
terial  systems  the  best  quality  films  are  always 
grown  homoepitaxially. 

The  development  of  high-quality  ZnSe  substra¬ 
tes  at  Eagle-Picher  Industries  in  Oklahoma  has  led 
to  an  improvement  in  homoepitaxial  films  and  de¬ 
vices.  Dislocation  densities  in  these  bulk  crystals  is 
now  as  low  as  10^  cm~^.  At  North  Carolina  State, 
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we  have  demonstrated  that  molecular  beam  epitaxy 
(MBE)  on  these  substrates  can  lead  to  improved 
LED  properties  such  as  lower  threshold  current, 
higher  quantum  efficiency,  and  longer  lifetime.  Fur¬ 
ther  improvement  depends  upon  the  elimination  of 
defects  arising  at  the  interface  between  the  substra¬ 
te  and  the  film  which  are  possibly  caused  by  the 
homoepitaxial  nucleation.  These  defects  can  be 
reduced  by  eliminating  contamination,  surface 
roughness,  and  defects  in  the  substrate  itself. 

Wet  cleaning  and  thermal  annealing  techniques 
have  either  not  been  sufficient  to  remove  carbon 
and  oxygen  or  have  been  too  destructive  for  use  in 
preparation  of  ZnSe  substrates  for  MBE  growth. 
Br/methanol  solutions  of  varying  strengths  can 
remove  the  native  oxide  from  ZnSe  surfaces 
but  either  do  not  remove  carbon  or  add  carbon 
to  the  surface  [1].  Furthermore,  this  etch  has 
been  found  to  roughen  the  surface  of  ZnSe  in 
some  cases.  Similar  contamination  has  been 
observed  from  other  acid  treatments  and  addi¬ 
tional  contamination  with  Cl  or  S  was  seen  in  some 
cases. 

Contamination  control  is  not  a  new  field,  and 
much  of  what  has  been  learned  from  the  surface 
preparation  of  Si  and  GaAs  can  be  used  on  ZnSe. 
Oxygen  and  nitrogen  can  be  removed  from  Si  by 
dipping  in  HF  [2,  3].  This  does  contaminate  the 
surface  further  with  carbon,  but  this  can  be  re¬ 
moved  by  exposing  the  substrate  to  a  hydrogen- 
containing  plasma  in  a  UHV  system.  This  plasma 
cleaning  also  passivates  the  surface  by  hydrogen 
termination.  Similar  techniques  have  been  used  to 
remove  contaminants  on  other  semiconductors. 
This  includes  the  use  of  atomic  hydrogen  generated 
in  an  rf  plasma  to  clean  GaAs  used  for  ZnSe  hetero¬ 
epitaxy  [4],  and  6H-SiC  [5]  and  GaN  [6]  surfaces 
for  the  MBE  growth  of  GaN.  Green  light-emitting 
diodes  have  been  grown  on  ZnSe  substrates  which 
were  hydrogen  cleaned  by  the  University  of  Florida 

[7]. 

In  this  study,  we  have  optimized  the  cleaning  of 
ZnSe  substrates  using  plasmas  by  observing  the 
Auger  electron  spectra,  RHEED  patterns  from  the 
surface  before  and  during  growth,  and  the  defect 
density  and  device  characteristics  of  structures 
grown  on  the  substrates.  We  cover  not  only  the 
growth  of  homoepitaxial  ZnSe,  but  also  lattice- 


matched  quaternary  compounds  containing  mag¬ 
nesium,  tellurium,  and  sulfur. 

We  have  also  considered  the  necessity  of  remov¬ 
ing  a  layer  of  polishing-induced  damage  in  the  first 
few  microns  of  the  substrate.  Since  polishing  can 
leave  behind  a  smooth  surface  covering  a  layer  of 
increased  defect  density,  a  technique  was  devised  to 
remove  the  top  5  pm  of  the  substrate  without 
roughening  the  surface.  We  sought  a  correlation 
between  the  depth  of  material  removed  and  the 
etch  pit  density  of  the  substrate  and  characteristics 
of  devices  grown  on  these  substrates. 

2.  Wet  etching  and  annealing 

The  ZnSe  substrates  were  sawed  and  polished 
into  smooth,  flat  surfaces  by  Eagle-Picher  Indus¬ 
tries  and  degreased  with  a  standard  technique  prior 
to  MBE  growth.  The  substrates  were  then  loaded 
into  a  multichamber  MBE  growth  system  equipped 
with  a  RHEED  gun  for  in  situ  surface  analysis.  The 
sample  could  be  transferred  in  ultra-high  vacuum 
to  an  analysis  station,  where  Auger  electron  spec¬ 
troscopy  was  performed. 

RHEED  images  taken  from  the  surface  of  an 
as-received  substrate  show  diffuse  streaks  indica¬ 
tive  of  a  smooth  surface  coated  with  a  native  oxide 
(Fig.  la).  Vacuum  annealing  at  550"’C  leads  to 
a  slight  improvement  in  the  RHEED  pattern 
(Fig.  lb).  However,  the  Auger  spectrum  showed 
that  the  annealing  removed  all  the  chlorine  from 
the  degrease  but  only  a  small  amount  of  the  oxygen 
or  carbon  (Fig.  2a  and  Fig.  2b).  Higher  temperature 
anneals  could  remove  more  oxide  but  at  the  cost  of 
thermally  etching  and  roughening  the  substrate. 

Several  substrates  were  wet  etched  and/or  pre¬ 
heated  before  film  growth.  These  treatments  re¬ 
move  oxygen  but  not  carbon  from  the  surface  of 
ZnSe.  However,  films  grown  on  these  substrates  did 
not  show  high  quality  and  contained  large  numbers 
of  defects  which  led  to  reduced  device  lifetimes. 

A  related  method  of  removing  oxide  is  the  sul- 
fidization  of  the  surface.  This  method  has  been 
shown  to  improve  heteroepitaxial  growth  rates 
when  used  on  GaAs  substrates  [8].  The  ZnSe  sub¬ 
strates  were  pretreated  with  ammonium  sulfide  to 
strip  away  native  oxides  and  terminate  the  surface 
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(a)  (b) 


Fig.  1.  (a)  RHEED  pattern  from  the  surface  of  a  bulk  ZnSe  substrate  as  loaded  into  the  growth  chamber  after  a  degrease  with  TCE, 
acetone,  and  methanol,  (b)  RHEED  pattern  from  the  same  sample  after  annealing  in  vacuum  at  550'’C  for  10  min. 


AUGER  ELECTRON  ENERGY  (eV) 

Fig.  2.  Auger  spectra  of  bulk  ZnSe  substrates  (a)  after  a  stan¬ 
dard  degrease  with  TCE,  acetone  and  methanol;  (b)  after  sub¬ 
sequent  vacuum  annealing  at  550°C  for  10  min;  (c)  after  expo¬ 
sure  to  325  W,  5  X  10““^  Torr  hydrogen  plasma  at  200'"C. 


with  sulfur.  Again,  there  was  no  improvement  in 
film  quality  and  device  lifetimes  remained  low  so 
this  technique  was  abandoned. 

3.  Hydrogen  plasma  cleaning 

Hydrogen  plasma  cleaning  experiments  were 
performed  in  the  MBE  growth  chamber  using  an 
Oxford  applied  research  MPD21  rf  plasma  source 
located  approximately  10  in  from  the  substrate  sur¬ 


face.  In  order  to  ignite  the  hydrogen  mixtures  of 
hydrogen  with  argon  or  helium  were  sometimes 
used. 

A  series  of  experiments  were  performed  to  deter¬ 
mine  the  best  plasma  exposure  time  and  sample 
temperature  for  removing  carbon  and  oxygen. 
Since  hydrogen  can  also  be  used  as  an  etchant  for 
ZnSe  or  other  II-VFs  with  reactive  ion  etching 
[9-11]  in  which  hydrogen  removes  Se  by  forming 
the  highly  volatile  H2Se.  Therefore,  to  avoid  deplet¬ 
ing  our  surface  of  selenium,  we  must  be  careful  to 
avoid  conditions  of  high  ion  energy  and  flux  which 
are  useful  in  etching.  This  can  be  done  by  using 
lower  power  in  a  remote  plasma  source. 

We  found  that  a  pressure  measured  at  the  sub¬ 
strate  of  IxlO""^  Torr,  rf  power  of  325  W,  and 
substrate  temperature  of  200°C  were  the  best  para¬ 
meters  for  oxygen  and  carbon  removal  without 
surface  roughening.  An  Auger  spectrum  taken  of 
the  surface  of  ZnSe  after  cleaning  showed  almost 
complete  removal  of  oxygen  and  a  large  reduction 
in  carbon  (Fig.  2c).  RHEED  images  (Fig.  3a) 
showed  a  slightly  more  diffuse,  streaky  pattern  after 
cleaning  than  from  an  identical  substrate  without 
plasma  cleaning  (Fig.  la).  After  preheating,  the 
RHEED  pattern  was  much  sharper  and  evidence  of 
a  (2x1)  surface  reconstruction  was  observed 
(Fig.  3b).  Surface  reconstruction  was  not  seen  in  the 
substrate  which  had  not  been  plasma  cleaned 
(Fig.  lb). 
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Fig.  3.  (a)  RHEED  pattern  from  the  surface  of  a  bulk  ZnSe  substrate  after  exposure  to  325  W,  5  x  10  Torr  hydrogen  plasma  at  200'"C. 
(b)  RHEED  pattern  from  the  same  sample  after  annealing  in  vacuum  at  550''C  for  10  min. 


The  quality  of  the  MBE  growth  reveals  the  true 
usefulness  of  these  substrates.  Despite  more  impres¬ 
sive  RHEED  patterns  and  Auger  spectra,  the 
plasma  cleaned  substrates  do  not  produce  defect- 
free  films.  The  films  grown  on  substrates  which 
were  exposed  to  the  plasma  exhibit  a  higher  defect 
density.  Hillock  densities  observed  by  optical 
microscopy  in  the  film  grown  on  the  cleaned  sub¬ 
strate  are  higher  by  two  orders  of  magnitude.  SEM 
imaging  shows  dark  spots  indicative  of  defects  that 
have  been  correlated  with  reduced  device  lifetime. 

Experiments  were  also  performed  on  ZnSe  sub¬ 
strates  used  for  the  growth  of  the  sulfur-containing, 
quaternary  alloys  used  for  blue  laser  diodes.  Sim¬ 
ilar  results  were  observed  in  which  substrates 
cleaned  with  the  hydrogen  plasma  appeared  better 
in  terms  of  cleanliness  and  smoothness,  but  did  not 
produce  better  quality  films. 

An  additional  technical  difficulty  was  observed 
when  attempting  to  clean  substrates  in  the  growth 
chamber  of  an  MBE  system  designed  for  quater¬ 
nary  growth.  Upon  heating  the  sulfur  furnace, 
a  large  increase  in  background  pressure  was  seen 
probably  due  to  the  reaction  of  the  hydrogen  from 
the  cleaning  process  with  the  sulfur.  Not  only  did 
this  lead  to  an  extended  delay  while  waiting  for  the 
sulfur  source  to  outgas,  but  it  also  caused  large 
instabilities  in  the  group  VI  flux  during  growth. 
Although  a  valved  source  was  used  to  control 
the  sulfur  flux,  this  instability  created  difficulties 
when  trying  to  adjust  the  critically  important 


stoichiometry  of  the  layers  needed  for  a  hetero¬ 
structure  such  as  a  laser  diode. 


4.  Reactive  ion  etching  using  BCI3 

It  is  believed  that  even  a  clean  surface  is  insuffi¬ 
cient  for  high-quality  homoepitaxy  because  of  nu¬ 
merous  dislocations  at  the  surface  caused  by  the 
polishing  of  the  substrate.  As-polished  substrates 
appear  smooth  when  viewed  under  an  optical 
microscope.  However,  this  smoothness  does  not 
reveal  the  truly  defective  nature  of  the  underlying 
material  in  which  etch  pit  densities  greater  than 
10^  cm”^  can  be  seen  (Fig.  4a)  These  defects  are 
believed  to  be  related  to  the  polishing  of  the  surface 
since  the  bulk  material  has  been  determined  to  have 
dislocation  densities  of  the  order  of  10^  cm“^  by 
high  resolution  X-ray  methods.  If  this  damaged 
layer  could  be  removed  without  roughening  the 
surface,  the  number  of  dislocations  which  propa¬ 
gate  across  the  substrate  film  interface  could  be 
greatly  reduced. 

To  remove  this  damaged  layer,  substrates  were 
etched  in  a  Plasma-Therm  Batch-Top  reactive  ion 
etching  system.  This  system  uses  a  capacitively 
coupled  plasma  generated  over  a  7  in.  diameter 
susceptor  plate.  BCI3  was  used  as  an  etchant  since 
it  has  been  shown  to  be  effective  for  patterning 
ZnSe  films  on  GaAs  [12].  Substrates  were  analyzed 
before  and  after  dry  etching  for  smoothness  and 
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(a) 


(b) 


Fig.  4.  .Scanning  electron  micrographs  of  etch  pits  in  the  surface  of  ZnSe  after  etching  in  0.4%  Br/methanol.  (a)  As-polished  substrate, 
(b)  Substrate  after  reactive  ion  etching  to  remove  5  pm  of  polishing-damaged  material. 


cleanliness.  The  defect  densities  in  both  the  substra¬ 
tes  and  films  were  determined  by  etch-pit  density 
measurements  using  a  solution  of  0.4%  Br/meth¬ 
anol  as  described  in  the  literature  [13]. 

Various  parameters  were  tested  to  determine  the 
optimum  conditions  for  etching  the  surface  of  ZnSe 
using  BCI3.  Plasma  powers  from  50  to  250  W,  pres¬ 
sures  from  5  to  50  mTorr,  and  BCI3  flow  rates  from 
5  to  30  seem  were  used.  At  higher  powers  and  lower 
pressures,  surface  roughening  was  observed  due  to 
the  large  self-bias  generated.  Likewise,  at  low  flow 
rates  surface  contamination  and  roughening  were 
observed,  most  likely  because  of  redeposition  of 
etch  products.  An  etch  rate  of  100  A/  min  was 
measured  for  etching  done  at  150  W,  10  mTorr, 
and  20  seem. 

Samples  were  etched  to  varying  depths  to  deter¬ 
mine  the  dislocation  density  as  a  function  of  depth. 
(Fig.  5)  It  can  be  seen  that  the  density  drops  off 
dramatically  in  the  bulk  of  the  material  to  the 
residual  level  of  about  10^  cm“^.  Fig.  4b  shows  the 
low-etch  pit  density  observed  on  the  surface  of 
a  sample  etched  to  a  depth  of  5  pm.  A  similar 
correlation  was  seen  between  the  hillock  density  on 
the  surface  of  epilayers  grown  on  these  substrates 
and  the  etch  depth.  Etch-pit  densities  in  these  epi¬ 
layers  are  similar  to  those  of  the  substrates;  that  is, 
the  film  replicates  the  quality  of  the  substrate. 

As  might  be  expected,  this  reduction  in  defect 
density  has  led  to  a  noticeable  improvement  in 


Fig.  5.  Dislocation  density  as  a  function  of  depth  in  ZnSe  sub¬ 
strates.  Density  determined  by  etch-pit  density. 

device  performance.  LEDs  grown  on  substrates 
which  were  etched  to  remove  the  damaged  layer 
had  longer  lifetimes,  lower  threshold  voltages,  and 
higher  brightness  than  those  grown  on  unetched 
substrates.  Green  LEDs  with  lifetimes  greater  than 
5000  h  and  external  quantum  efficiencies  of  6.9% 
have  been  produced.  These  are  the  brightest  green 
LEDs  in  the  world  today. 

5.  Conclusions 

We  have  observed  that  oxygen,  carbon,  and 
chlorine  contamination  can  be  removed  from  the 
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surface  of  ZnSe  by  exposure  to  a  remote  hydrogen- 
containing  plasma  and  vacuum  annealing.  This 
procedure  generates  surfaces  nearly  free  from  im¬ 
purities  and  with  atomic  scale  smoothness  as  mea¬ 
sured  by  RHEED.  However,  cleaning  alone  is 
insufficient  to  completely  prepare  the  substrate  sur¬ 
face  for  MBE  growth.  While  the  substrate  surface 
may  be  less  chemically  contaminated  after  hydro¬ 
gen  cleaning,  there  are  still  defects  remaining  from 
the  polishing  which  will  propagate  up  into  the 
epilayer  unless  removed.  It  is  possible  that  the 
problem  of  these  defects  are  even  exacerbated  by 
the  hydrogen-plasma  exposure. 

An  example  of  this  is  the  additional  difficulty 
experienced  with  the  growth  of  sulfur-containing 
compounds.  An  obvious  conclusion  is  that  the  hy¬ 
drogen  plasma  clean  cannot  be  done  in  the  same 
chamber  where  there  is  a  growth  of  sulfur-contain¬ 
ing  material.  This  chemical  compatibility  may  also 
influence  other  chalcogenides  and  lead  to  Se  de¬ 
pletion  of  the  surface  of  the  substrate.  This  chemical 
incompatibility  may  be  a  significant  technical  bar¬ 
rier  to  be  overcome  for  the  use  of  hydrogen-con¬ 
taining  plasmas  to  clean  II-VI  substrates  for 
homoepitaxial  MBE  growth. 

Our  work  has  shown  that  the  fundamental  prob¬ 
lem  is  not  the  removal  of  contaminants,  but  the 
removal  of  the  dislocated  layer  up  to  5  pm  deep 
remaining  from  the  polishing  of  the  substrate.  We 
have  found  that  reactive  ion  etching  with  BCI3  can 
be  used  to  remove  this  layer  without  adding  any 
additional  roughness  to  the  surface.  Using  this 
technique,  surfaces  with  dislocation  densities  sim¬ 
ilar  to  the  bulk  of  the  crystal  can  be  produced.  The 
chemical  contamination  of  the  surface  due  to 
the  RIE  can  easily  be  removed  by  either  vacuum 


annealing  or  hydrogen-plasma  exposure  to  ensure 
a  clean,  smooth,  and  low  dislocation-density  sur¬ 
face  on  which  to  grow  a  homoepitaxial  layer.  This 
preparation  technique  has  been  used  to  produce 
high-brightness,  long-lasting  green  and  blue  light 
emitting  diodes. 
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Abstract 

Early  blue/green  laser  diodes  based  on  ZnSe  exhibited  room  temperature,  continuous  wave  (cw)  lifetimes  of  the  order 
of  a  minute.  Similar  to  the  history  of  (Al,Ga)As  lasers,  the  source  of  the  degradation  was  the  presence  of  extended 
crystalline  defects.  The  dominant  extended  defects  in  the  early  room  temperature  cw  lasers  originated  as  stacking  faults 
generated  at  the  ZnSe/GaAs  heterovalent  nucleation  event,  and  exhibited  densities  of  the  order  of  10^  cm  In  this  paper 
a  procedure  is  described  which  will  reduce  the  density  of  such  extended  defects  to  the  mid  to  low  10^  cm  ^  over  a  3  in 
diameter  wafer. 


1.  Introduction 

Since  the  successful  demonstration  of  room  tem¬ 
perature  continuous  wave  (cw)  ZnSe-based  injec¬ 
tion  laser  diodes  emitting  in  the  blue-green  region 
[1,2],  extending  the  laser  lifetime  has  been  a  criti¬ 
cal  challenge.  Early  cw  ZnSe-based  lasers  had  life¬ 
times  typically  of  the  order  of  a  minute. 
Degradation  studies  using  electroluminescence 
(EL)  microscopy  revealed  the  formation  of  triangu¬ 
lar  dark  defects  in  the  laser  stripe  region.  Plan-view 
transmission  electron  microscope  (TEM)  imaging 
of  the  degraded  lasers  identified  the  dark  regions  to 
consist  of  patches  of  dislocation  networks  de- 
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veloped  at  the  quantum-well  region  during  lasing 
[3].  The  dislocation  networks  appeared  to  be  nu¬ 
cleated  at  threading  dislocations  originated  from 
stacking  faults.  Complexes  of  defects  consisting  of 
stacking  faults  nucleated  in  a  range  of  depth  up  to 
120  nm  above  the  II-VI/GaAs  interface  [4],  and 
their  associated  threading  dislocations,  are  the 
most  commonly  observed  extended  defects  present 
throughout  the  separate  confinement  heterostruc¬ 
ture  (SCH)  laser  structures.  A  quantitative  correla¬ 
tion  of  the  grown-in  structural  defect  density  with 
the  laser  diode  cw  lifetime  has  been  suggested  by 
Ishibashi  [5],  similar  to  the  (Al,Ga)As  experience. 
Currently,  laser  diodes  with  cw  lifetimes  between 
1  and  3  h  are  reported  to  generally  have  a  defect 
density  of  between  5  x  lO'^  to  1  x  10^  cm“^.  There  is 
a  recent  report  from  SONY  of  a  lifetime  of  more 
than  100  h  from  a  particular  device  for  which  the 
defect  density  is  less  than  10"^  cm“^  [6]. 
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The  presence  of  stacking  fault/dislocation  com¬ 
plexes  appears  to  be  associated  with  the  hetero- 
valent  nucleation  of  ZnSe  on  GaAs,  since  extended 
defects  originating  from  the  subsequent 
II-VI/II-VI  (for  example  cladding/wave  guiding) 
heterointerfaces  have  not  been  observed  provided 
that  growth  conditions  are  appropriate.  Studies  of 
the  initial  nucleation  of  ZnSe  on  GaAs  epilayers 
had  shown  that  variation  of  the  growth  mode  from 
a  two-dimensional  (2D)  layer-by-layer  growth  to 
a  3D  island  mode  can  be  achieved  by  modifying  the 
stoichiometry  of  the  starting  GaAs  surface  [7,  8]. 
The  latter  has  often  led  to  the  generation  of  ex¬ 
tended  structural  defects  during  the  coalescence  of 
incoherent  island  surface.  Reports  on  the  nuclea¬ 
tion  behavior  of  ZnSe  on  GaAs,  though  not  directly 
linked  to  the  control  and  suppression  of  extended 
defects,  include  observations  of  the  tendency  of 
GaAs  to  react  with  column  VI  cations  (Se  and  S) 
and  led  to  subsequently  a  3D  nucleation  [9,  10],  the 
employment  of  Zn  irradiation  to  promote  2D  nu¬ 
cleation  [11],  and  the  use  of  migration-enhanced 
epitaxy  (MEE)  to  improve  the  structure  quality  and 
extend  the  critical  thickness  [12].  In  this  paper  we 
investigate  the  ZnSe/GaAs  heterovalent  nucleation 
in  relation  to  defect  generation,  and  describe  the 
means  for  a  consistent  reduction  in  the  density  of 
the  extended  defects  into  the  mid  to  low  10^  cm“^ 
range  over  a  significant  portion  of  a  3  in  wafer. 

2.  Experimental  procedure 

A  Perkin-Elmer  430  molecular  beam  epitaxy 
(MBE)  system  with  separate  II-VI  and  III-V 
growth  chambers  was  used  for  all  the  epitaxial 
growth.  The  need  for  a  III-V  chamber  is  due  to  the 
previous  observation  that  the  use  of  a  GaAs  buffer 
layer  grown  on  the  GaAs  substrate  prior  to  the 
II-VI  epitaxy  improves  the  surface  for  ZnSe  nu¬ 
cleation  by  burying  the  effects  of  chemomechanical 
polishing,  residual  surface  contaminants,  and 
sometimes  surface  damage  due  to  thermal  oxide 
desorption  from  the  substrate  [13],  while  at  the 
same  time  allowing  for  the  control  of  the  surface 
stoichiometry  of  the  GaAs  prior  to  nucleation  [14]. 
About  0.25  pm  of  GaAs  buffer  layer  was  grown  on 
a  3  in  epi-ready  AXT  GaAs  substrate  with  a  speci¬ 


fied  etch-pit-density  (EPD)  of  less  than  300  cm 
After  the  GaAs  epitaxy,  samples  were  annealed  at 
600°C  under  an  As2  flux  to  improve  the  surface 
smoothness,  before  being  transferred  under  ultra- 
high  vacuum  to  the  II-VI  chamber  for  the  ZnSe- 
related  epitaxy. 

The  growth  of  ZnSe-based  separate  confinement 
heterostructure  (SCH)  laser  diodes  begins  with 
a  nominally  200  A  thick  ZnSe  layer  nucleated  on 
the  n-GaAs  buffer  layer.  The  next  layer  typically 
consists  of  approximately  1500  A  of  ZnS^^Sei-^c 
(x  6-7%;  same  for  all  references  to  ZnSSe  hence¬ 
forth).  The  purpose  of  the  ZnSSe  layer  is  to  aid 
electron  injection  into  the  lower  Zni-yWlgyS^SQ^^ 

(y  7%;  X  14%;  same  for  all  references  to 
ZnMgSSe  henceforth)  cladding  layer  [15].  Since 
TEM  studies  have  shown  the  extended  defects  to  be 
nucleated  at  or  near  the  ZnSe/GaAs  interface,  it 
was  envisaged  that  test  structures  consisting  of 
a  ZnSe  nucleation  layer  followed  by  a  1  or  2  pm 
ZnSSe  growth  were  adequate  for  a  systematic  study 
of  nucleation  conditions  to  explore  means  to  min¬ 
imize  defect  densities.  The  same  nucleation  tech¬ 
niques  were  then  employed  for  laser  structures. 
Although  paired  stacking  faults  bounded  by 
Shockley  partial  dislocations  formed  by  far  the 
dominant  character  of  the  extended  defects  ob¬ 
served  in  our  ZnMgSSe-based  laser  structures, 
a  variety  of  other  types  of  extended  defects,  all 
manifestations  of  phase  indecision  [16]  in  stacking 
sequence  at  the  II-VI/III-V  interface  have  been 
observed.  In  the  case  of  the  ZnSSe  test  structures, 
the  most  common  defects  as  observed  by  TEM 
have  been  identified  as  micro  twins  [4].  Paired 
Shockley-type  and  single  Frank-type  stacking 
faults  have  also  been  observed. 

While  plan-view  TEM  has  been  a  crucial  tech¬ 
nique  in  identifying  defect  types  and  their  charac¬ 
teristics,  as  an  estimator  of  defect  density  it  quickly 
loses  its  accuracy  when  the  defect  density  drops 
below  10^cm“^,  mainly  due  to  the  limited  area 
imaged.  An  etch  pit  decoration  technique  using 
bromine-methanol  etchant  was  proposed  as  a  way 
to  reveal  dislocations  in  ZnSe  and  ZnSSe  [17]. 
However,  the  same  formula  (0.04%  Br  at  0°C)  fail¬ 
ed  to  work  on  ZnMgSSe  epilayers  due  to  the  ap¬ 
pearance  of  a  rough  surface  morphology  after 
etching.  A  modified  etch  involving  a  1-2  s  dip  in 
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a  2%  Br-methanol  solution  at  room  temperature 
was  employed  to  reveal  the  defects  in  ZnMgSSe- 
containing  structures  such  as  diode  lasers  [18]. 
Despite  the  presence  of  textured  background  after 
etching,  distinct  paired  etch  pits  with  consistent 
spacing  indicative  of  Shockley-type  stacking  faults 
were  revealed,  in  agreement  with  observations  by 
TEM  [3, 19].  EPD  provides  a  reliable  estimate  for 
the  defect  density  range  from  mid- 10^  to  10^  cm"^. 
In  addition  to  EPD  counts,  cathodoluminescence 
(CL)  and  X-ray  topography  (XRT)  were  also  em¬ 
ployed  as  independent  confirmations. 


3.  Results 

In  recognition  of  the  existence  of  various  extrin¬ 
sic  factors  which  a  wafer  is  exposed  to  in  the  course 
of  substrate  preparation  that  could  lead  to  nuclea- 
tion  of  extended  defects,  it  was  found  necessary  to 
minimize  the  wafer  handling  steps  which  include 
wafer  cleaving,  chemical  cleaning  and  indium 
mounting.  Such  external  factors  add  additional  un¬ 
certainties  to  the  study  and  tend  to  mask  the  behav¬ 
ior  related  specifically  to  the  ZnSe/GaAs 
heterovalent  nucleation.  The  appearance  of  slip 
lines  near  and  perpendicular  to  the  GaAs  wafer 
cleaved  edges  following  simple  thermal  desorption 
of  surface  oxide,  as  well  as  the  presence  of  surface 
GaAs  dust  attributed  to  chips  formed  both  during 
cleaving  and  In-mounting,  raised  questions  as  to 
the  influence  of  difficulties  associated  with  wafer 
cleaving  and  indium  mounting.  Clearly,  such  fac¬ 
tors  would  serve  to  mislead  an  investigation  to 
explore  the  possibility  of  an  intrinsic  minimum 
defect  density  associated  with  the  heterovalent  nu¬ 
cleation  chemistry.  The  Nomarski  micrograph  of 
a  Br-methanol-etched  ZnSSe  epilayer  surface 
where  a  quarter  of  the  2"  GaAs  substrate  was 
In-bonded  to  the  molybdenum  sample  block  is 
shown  in  Fig.  1.  The  initial  defect  density  of  around 
lO^cm"^  (Fig.  la)  was  subsequently  reduced  to 
a  level  around  2xl0^cm"^  through  the  use  of 
a  whole  unbonded  “epi-ready”  3"  GaAs  wafer 
(AXT  Inc.,  EPD  <  300  cm~^).  However,  EPD  from 
high  10^  to  2xl0^cm"^  had  been  also  occa¬ 
sionally  observed  without  apparent  reason.  This 
somewhat  poor  reproducibility  of  a  procedure  sim¬ 


ply  based  on  the  principle  of  minimum  wafer  hand¬ 
ling  pointed  to  the  presence  of  other  contributing 
factors. 

The  aforementioned  studies  of  the  effects  of  sub¬ 
jecting  the  surface  to  a  Zn  flux  had  led  to  the  use  of 
the  procedure  by  several  groups.  The  energetics 
between  the  elements  involved  posed  little  reason 
to  expect  the  reaction  of  Zn  with  a  GaAs  surface, 
especially  at  the  growth  temperatures  employed  for 


Fig.  1.  Nomarski  micrograph  of  the  Br-methanol  etched  surfa¬ 
ces  of  (a)  an  early  ZnSSe  epilayer  grown  on  an  indium  bonded 
block  showing  an  EPD  of  about  1  x  10^  cm“^;  the  magnifica¬ 
tion  is  400  X  and  the  viewing  area  is  272  pm  x  210  pm;  (b) 
a  ZnSSe  epilayer  grown  on  indium-free  block  with  Zn  irradia¬ 
tion  and  MEE  nucleation  of  ZnSe  at  260°C  showing  an  EPD  of 
6x  lO^cm"^;  magnification  is  200  x  and  the  viewing  area  is 
545  pm  X  421  pm. 
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ZnSe  growth.  We  nevertheless  adopted  the  tech¬ 
nique  based  on  a  speculation  that  the  presence  of 
a  flux  of  Zn  would  tend  to  inhibit  the  reaction  of  the 
GaAs  surface  with  Se  and  S,  either  from  the  back¬ 
ground  in  the  chamber  or  from  “blow-by”  from  the 
imperfectly  shuttered  Se  oven.  Thus,  when  the 
GaAs  is  brought  up  to  the  orientation  for  growth, 
all  the  shutters  are  closed  except  for  the  Zn  oven. 
The  surface  is  then  subjected  to  the  Zn  flux  for  an 
additional  60s,  followed  by  a  “recovery”  of  10 
s  during  which  the  shutter  is  closed  prior  to  a  nu- 
cleation  employing  MEE. 

The  terminology  of  MEE  is  employed  here  to 
refer  to  the  growth  method  of  alternating  the  sup¬ 
ply  of  anion  and  cation  species  to  the  growing 
surface,  which  does  not  necessarily  result  in  en¬ 
hanced  migration  [12].  Our  initial  investigation  of 
the  effect  of  using  MEE  on  the  density  of  extended 
defects  was  carried  out  at  300°C.  Zn  and  Se  fluxes 
were  alternatively  supplied  for  a  complete  mono- 
layer  coverage;  the  typical  thickness  of  the  MEE 
layer  was  determined  by  TEM  to  be  about  35  A. 
EPD  measurements  showed  a  defect  density  in  the 
mid-lO"^  cm“^.  Since  a  reduced  growth  rate  and/or 
a  higher  growth  temperature  are  known  to  lead  to 
a  surface  roughening  in  other  strained  epitaxial 
systems,  e.g.  the  case  of  InAs  on  GaAs,  the  substra¬ 
te  temperature  was  reduced  to  260°C  during  MEE 
in  an  attempt  to  further  suppress  the  tendency 
toward  islanding.  (It  was  also  observed  that  there 
appeared  to  be  a  benefit  from  higher  flux  levels.) 
The  result  seen  in  Fig.  lb  shows  an  EPD  study 
indicating  an  average  density,  over  the  area  of  a  3" 
wafer,  to  be  in  the  low  lO'^cm”^  with  certain  re¬ 
gions  into  the  mid- 10^  cm"^.  The  same  procedure 
was  incorporated  into  the  growths  of  SCH  lasers. 
To  complement  the  etching,  a  CL  study  was  per¬ 
formed  on  several  laser  structures  at  MIT.  Samples 
grown  early  in  the  study  were  compared  to  samples 
grown  using  the  Zn  irradiation  and  MEE  nuclea- 
tion.  The  CL  emission  was  analyzed  by  a  mono¬ 
chromator  to  ensure  that  emission  from  the 
quantum  wells  was  measured.  While  many  spots 
corresponding  to  nonradiative  recombination 
show  up  in  the  early  sample  (Fig.  2a),  a  more  recent 
structure  appeared  featureless  over  the  area  illu¬ 
minated  by  the  electron  beam  (Fig.  2b),  consistent 
with  the  EPD  study.  XRT  was  performed  on  an¬ 


other  SCH  laser  structure  using  a  four-crystal  Si 
monochromator,  and  (422)  diffraction  peaks  were 
employed;  the  defect  density  over  an  imaged  area  of 
0.8  X  0.5  mm^  is  around  4  x  10^  cm"^. 

A  number  of  models  have  been  proposed  to 
explain  the  formation  mechanism  of  planar  defects 
like  stacking  faults  and  microtwins.  Planar  defects 
have  been  shown  to  contribute  little  toward  the 
relaxation  of  strain  and  are  thus  unlikely  to  be 
directly  caused  by  the  lattice  mismatch  in  the  het¬ 
eroepitaxy  [20].  However,  there  have  been  reports 
that  stacking  faults  can  be  generated  through  the 
dissociation  of  misfit  dislocations  [21],  and  also  by 
the  coalescence  of  3D  nucleation  islands  [22],  or 
through  stacking  errors  of  atoms  depositing  on  the 


Fig.  2.  Cathodoluminescence  imaging  with  detection  tuned  to 
the  quantum  well  emission  of  a  ZnMgSSe-based  SCH  laser 
diode  (a)  grown  by  nucleation  at  300°C  without  Zn  irradiation 
and  MEE;  (b)  grown  by  nucleation  at  260°C  with  Zn  irradiation 
and  MEE.  The  area  shown  in  each  picture  is  5  x  10”^  cm^.  The 
electron  beam  voltage  used  is  20  kV  and  probe  current  30  nA. 
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facets  of  growth  islands  [20].  In  our  case,  the  dis¬ 
sociation  of  misfit  dislocation  is  not  likely  to  be  the 
dominant  cause  of  planar  defects  since  the  epilayers 
were  pseudomorphic  as  confirmed  by  cross-sec¬ 
tional  TEM.  The  observations  that  a  lower  growth 
temperature  and  a  higher  deposition  rate  reduce 
the  defect  density  seem  to  imply  a  correlation  be¬ 
tween  island  formation  and  defect  generation 
[20,  22]. 

At  this  stage,  it  was  observed  that  some  defects 
were  associated  with  an  anomalously  high  density 
and  non-uniformity  of  surface  morphological  fea¬ 
tures  such  as  oval  defects  on  the  as-grown  GaAs 
buffer  layers.We  recently  replaced  the  Ga  crucible 
and  subsequently  noticed  an  even  lower  EPD  on 
both  the  ZnSSe  test  structures  and  laser  structures. 
Fig.  3  is  a  map  of  a  3  in  wafer  showing  the  values  of 
etch  pit  densities.  These  results  are  consistent  from 


growth  to  growth,  and  reveal  densities  of  extended 
defects  in  the  low  to  mid-10^  cm"^  over  most  of 
a  wafer.  Nucleation  experiments  were  also  per¬ 
formed  on  a  limited  number  of  (2  x  4)  reconstructed 
GaAs  surfaces;  the  densities  were  found  to  be  in  the 
10^  cm~^  range  over  a  large  portion  of  the  wafer, 
but  in  general  were  not  as  low  as  found  for  the 
normally  c(4  x  4)  samples. 

A  light  emitting  diode  (LED)  aging  test  under 
current  injection  condition  comparable  to  the  laser 
threshold  (100Acm~^)  has  been  conducted  on 
a  laser  sample  with  these  reduced  defect  densities 
[23].  LEDs  were  used  due  to  their  minimal  re¬ 
quired  processing  in  order  to  avoid  possible  defects 
generated  during  the  laser  device  fabrication  steps. 
It  was  found  that  the  LEDs  degraded  by  a  different 
mechanism,  no  longer  related  to  the  localized 
pre-existing  extended  defects.  Instead,  the  active 


Etch  pit  density  (cm"^) 


(011) 


Fig.  3.  Map  of  a  sample  showing  the  EPD  at  12  spots  across  the  3  in  wafer.  The  sample  consists  of  a  1  pm  ZnSSe  epilayer  grown  on 
a  c{4  X  4)  GaAs  surface  with  Zn  irradiation  and  MEE  nucleation  at  260°C.  The  GaAs  buffer  layer  had  an  improved  surface  morphology 
after  a  replacement  of  the  Ga  crucible. 
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quantum  well  appeared  to  degrade  uniformly 
through  some  recombination  enhanced  defect  gen¬ 
eration/reaction  (REDG/REDR)  processes. 

4.  Conclusion 

In  conclusion,  the  defect  densities  which  were 
observed  to  limit  the  lifetimes  of  early  room  tem¬ 
perature  cw  lasers,  typically  in  the  range  of 
10^cm“^,  are  found  not  to  be  intrinsic  to  the 
ZnSe/GaAs  heteronucleation  process.  A  procedure 
is  described  in  which  the  densities  are  consistently 
reduced  to  the  low  to  mid-10^cm“^  over  a  3  in 
wafer.  At  these  densities  the  extended  defects  no 
longer  appeared  to  be  the  limiting  factor  in  deter¬ 
mining  the  device  lifetime;  studies  of  laser  struc¬ 
tures  are  in  progress.  In  our  laboratory  it  now 
appears  that  the  densities  in  the  low  10^  cm“^  may 
be  determined  by  the  GaAs  growth  stage,  and 
hence  could  be  further  reduced,  possibly  by  the  use 
of  a  more  optimized  Ga  source  oven. 
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Abstract 

Ternaries  and  quaternaries  of  ZnCd(Mg)Se  can  be  grown  lattice-matched  to  InP  substrates  with  band  gaps  spanning 
most  of  the  visible  range,  having  potential  applications  as  visible  light  emitters.  The  quality  of  these  materials  is  very 
sensitive  to  the  surface  preparation  of  InP  substrates  and  the  initiation  of  growth.  In  this  paper,  we  report  the  details  of 
the  growth  initiation  of  ZnCdSe  epilayers  on  InP  substrates.  The  composition  of  ternary  alloy,  and  thus  the  lattice- 
mismatch  to  InP,  was  controlled  by  adjusting  the  Zn  and  Cd  fluxes.  A  fast  substrate  deoxidation,  followed  by  initial 
low-temperature  growth  results  in  two-dimensional  growth  and  substantial  improvements  of  ZnCdSe  epilayers.  These 
results  along  with  observations  on  the  use  of  InGaAs  and  InP  buffer  layers  indicate  that  control  of  the  interface  chemistry 
is  essential  to  obtain  high-quality  materials. 

PACS:  81.05.Dz;  81.15.Hi 

Keywords:  Molecular  beam  epitaxy;  II-VI/III-V  heteroepitaxy 


1.  Introduction 

Visible  cw  semiconductor  lasers  and  light-emit¬ 
ting  diodes  (LEDs)  may  have  many  commercial 
applications  in  visible  displays  and  optical  data 
storage.  Even  though  there  are  several  materials 
being  studied,  ZnSe-based  II-VI  alloys  have  been 
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successfully  used  to  demonstrate  blue-green  cw  in¬ 
jection  lasers  [1-6].  In  current  devices  ZnMgSSe 
and  ZnSSe  epilayers  grown  lattice-matched  to 
GaAs  substrates  are  used  as  optical  cladding  and 
waveguiding  layers,  respectively.  A  strained 
ZnCdSe  quantum  well  (QW)  with  about  1.7%  mis¬ 
match  to  the  GaAs  substrate  is  being  used  as  the 
active  layer.  The  most  successful  method  to  form 
the  ohmic  p-type  contact  layer  has  been  graded 
ZnSe/ZnTe  superlattice  structure  [7].  Large  lat¬ 
tice-mismatch  between  ZnTe  and  rest  of  the  struc¬ 
ture  is  a  source  of  misfit  dislocations  in  this  layer. 
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The  strained  QW  active  layer  and  the  p-type  con¬ 
tact  layer  may  contribute  to  the  degradation  of 
these  devices,  which  have  maximum  reported  life¬ 
times  of  about  100  h  [6]. 

Recently,  we  proposed  to  investigate  a  new  series 
of  wide  band  gap  II-VI  materials  with  possible  use 
in  cw  semiconductor  lasers  and  LEDs.  We  have 
successfully  grown  ZnCdSe  and  ZnCdMgSe  epi- 
layers  lattice-matched  to  InP  substrates  [8-11].  In 
laser  structures,  ZnCdSe  with  a  band  gap  of  2.2  eV 
can  be  used  as  the  active  layer,  whereas  ZnCdMgSe 
quaternary  layers  grown  with  various  band  gaps 
ranging  from  2.2  to  3.7  eV  maintaining  lattice- 
matched  compositions  can  be  used  as  the  optical 
cladding  and  waveguiding  layers.  A  symmetrically 
strained  ZnSe/ZnTe  superlattice  structure  or  a  lat¬ 
tice  matched  ZnSeTe  alloy  can  be  used  as  the 
p-type  contact  layer.  Thus,  the  laser  structure  in¬ 
cluding  the  active  layer  and  the  p-type  contact  layer 
can  be  grown  entirely  lattice-matched  to  InP  by 
using  these  alloys.  Another  interesting  feature  of 
these  structures  is  that  because  of  the  band-gap 
range  of  these  materials,  yellow,  green,  and  blue 
luminescence  emission  can  be  obtained  from  the 
same  materials  by  only  varying  the  quantum  well 
thicknesses  [12]. 

However,  as  in  ZnSe  growth  on  GaAs,  the  qual¬ 
ity  of  the  ZnSe-based  II-VI  materials  grown  on  InP 
is  very  sensitive  to  the  surface  preparation  of  the 
InP  substrates.  In  this  paper,  we  report  the  details 
of  the  growth  conditions  for  lattice-matched 
ZnCdSe  layers  on  InP  substrates.  We  investigate 
the  growth  initiation  procedure  for  these  new  ma¬ 
terials  and  the  quality  improvements  of  the 
ZnCdSe  epilayers  grown  directly  on  InP  substrates 
obtained  with  optimized  conditions.  We  also  report 
preliminary  observations  on  use  of  InGaAs  and 
InP  buffer  layers  to  achieve  further  improvements. 

2.  Experimental  procedure 

The  samples  were  grown  in  a  Riber  2300P  mo¬ 
lecular  beam  epitaxy  system  equipped  with  conven¬ 
tional  effusion  cells  for  Zn,  Cd,  Mg,  Se,  ZnCl2,  and 
a  nitrogen  RF-plasma  source.  InP(l  0  0)  substrates 
obtained  from  Sumitomo  Electric  were  etched  in 
H2SO4  :  H2O2  :  H2O  (4:1:1)  for  1  min  prior  to  use. 


As  a  result  of  our  early  studies  [8-9],  the  growth 
conditions  of  ZnSe-based  II-VI  materials  were  ini¬ 
tially  set  as  follows:  First,  InP  substrate  was  heated 
up  to  200°C  and  then  the  As  shutter  was  opened  for 
surface  passivation.  The  As  flux  used  during  the 
deoxidation,  measured  by  a  flux  gauge  placed  in  the 
substrate  position,  was  about  1  x  10"^  Torr.  After 
opening  the  As  shutter,  the  substrate  temperature 
was  increased  to  420°C  and  left  at  this  temperature 
for  about  20-30  min  as  the  RHEED  pattern  be¬ 
came  streaky  and  bright  with  a  (2  x  1)  reconstruc¬ 
tion.  We  believe  that  this  may  be  a  disordered  (or 
possibly  Se-decorated)  InP  (2  x  4)  surface.  Later, 
the  substrate  temperature  was  lowered  to  250°C 
and  the  As  shutter  was  closed  at  this  temperature, 
ending  the  deoxidation  procedure.  In  order  to  ob¬ 
tain  a  two-dimensional  nucleation  our  experiments 
indicated  that  it  was  necessary  to  start  the  growth 
of  ZnCdSe  on  InP  at  a  temperature  lower  than 
270°C,  which  is  the  optimum  growth  temperature. 
Therefore,  right  after  the  deoxidation  procedure  the 
substrate  temperature  was  set  to  170°C.  Once  the 
substrate  temperature  was  stabilized,  the  Zn,  Cd 
and  Se  shutters  were  opened,  and  low-temperature 
initial  growth  was  started.  Within  a  couple  of  sec¬ 
onds,  a  clear  II-VI  (2x1)  reconstruction  was  ob¬ 
served  in  the  RHEED  pattern.  The  initial  growth 
temperature  and  the  time  period  of  the  low-temper¬ 
ature  growth  were  determined  by  a  detailed  study 
of  various  combinations.  It  was  found  that  starting 
the  growth  at  170°C  and  remaining  at  this  temper¬ 
ature  for  only  1  min  results  in  a  two-dimensional 
growth  mode,  supported  by  the  presence  of 
a  streaky,  bright  (2x1)  RHEED  pattern.  After  this, 
the  substrate  temperature  was  increased  to  270°C. 
It  takes  approximately  4  min  in  our  system  for  the 
temperature  to  reach  270"’C  while  growth  con¬ 
tinues.  The  rest  of  the  growth  was  performed  at 
270°C.  We  will  refer  the  growth  conditions  de¬ 
scribed  as  early  conditions  throughout  the  rest  of 
the  text. 

In  the  present  study,  two  changes  were  imple¬ 
mented  regarding  our  growth  technique  that  result¬ 
ed  in  further  improvements.  One  of  these  changes 
was  in  the  deoxidation  procedure,  where  the  sub¬ 
strate  was  heated  up  to  500°C  for  only  a  few  sec¬ 
onds.  This  gave  us  a  clear  (2  x  4)  reconstruction  on 
the  InP  before  growth.  The  other  change  was  the 
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interruption  of  the  growth  immediately  after  the 
initial  low-temperature  growth  was  performed  at 
170°C  for  1  min.  During  the  interruption,  the  sub¬ 
strate  temperature  was  set  to  270°C  and  then  the 
growth  was  resumed.  We  will  refer  to  the  growth 
conditions  with  these  changes  as  improved  condi¬ 
tions. 


3.  Results  and  discussion 

We  have  grown  a  series  of  near-lattice-matched 
1  pm  thick  ZnCdSe  epilayers  directly  on  InP  sub¬ 
strates,  including  lattice-matched  layers.  Fluxes 
were  measured  with  an  ionization  gauge  immedi¬ 
ately  before  the  growth.  Fig.  1  shows  the  relation¬ 
ship  between  the  ratio  of  the  Cd  flux  ((/>(Cd))  to  the 
total  group  II  flux  (0(Zn  -h  Cd))  used  during 
growth  and  the  Cd  fraction  (y)  in  the  grown 
Zni-jCdj.Se  layer.  The  values  of  y  were  obtained 
from  measured  lattice  mismatch  by  using  known 
lattice  constants  for  InP  (5.8686  A),  ZnSe  (5.667  A), 
and  CdSe  (6.077  A)  [13]  and  assuming  that  the 
alloys  are  fully  relaxed  and  that  they  follow 
Vegard’s  law.  The  dotted  straight  line  represents 
the  ideal  case  where  the  fraction  of  Cd  in  the  fluxes 
((/;(Cd)/i(/)(Zn  +  Cd))  equal  the  fraction  of  Cd  (y)  in 
the  epilayer.  The  non-linear  relationship  indicates 
that  less  Cd  is  incorporated  than  expected  from  the 
flux  ratios.  Thus,  based  on  the  data  presented  in 
Fig.  1,  the  sticking  coeflicient  of  Cd  under  our 
growth  conditions  is  calculated  to  be  0.5  by  assum¬ 
ing  that  Zn  has  unity  sticking  coeflicient  [14]. 
These  data  agree  qualitatively  with  earlier  data  for 
ZnCdSe  grown  on  GaAs  substrates  [15].  The  lat¬ 
tice-matched  composition  Zno.51Cdo.49Se  is  ob¬ 
tained  with  a  flux  ratio  (j){Cd)/(j){Zn  -h  Cd)  0.67. 
The  VI/II  flux  ratio  was  kept  at  about  4  to  maintain 
group-VI  rich  growth  conditions. 

ZnCdSe  epilayers  on  InP  substrates  with  good 
surface  quality  were  obtained  under  the  growth 
conditions  described  as  early  conditions.  Photo¬ 
luminescence  spectra  of  ZnCdSe  epilayers  grown 
with  these  conditions  are  shown  in  Fig.  2.  Sharp 
and  intense  band  edge  emission  with  a  full-width  at 
half-maximum  (FWHM)  of  1 1  meV  was  obtained 
from  1  pm  thick  ZnCdSe  epilayer  as  seen  in  Fig.  2a. 
This  emission  was  accompanied  by  a  broad  second 


Fig.  1.  Plot  of  Cd  content  (y)  in  Zn^.^Cd^Se  epilayers  as  a  func¬ 
tion  of  the  ratio  of  Cd  flux  ((^(Cd))  to  the  total  group  II  flux 
((^(Zn  +  Cd)).  The  dotted  straight  line  represents  the  ideal  case 
where  the  fraction  of  Cd  in  the  fluxes  equals  the  Cd  fraction  in 
the  epitaxial  layer. 


Fig.  2.  Photoluminescence  spectra  at  10  K  for  (a)  I  pm  and  (b) 
1500  A  thick  ZnCdSe  epilayer  grown  on  InP  substrates  under 
the  early  conditions. 
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peak  about  100  meV  below  the  band  gap,  tentative¬ 
ly  assigned  to  a  donor-acceptor  pairs  [9]  sugges¬ 
ting  some  impurities  in  the  epilayer.  A  thin  ZnCdSe 
epilayer  was  grown  to  investigate  the  quality  near 
the  II-VI/III-V  interface.  The  PL  spectrum  of  this 
1500  A  thick  ZnCdSe  epilayer  exhibits  a  strong 
deep  level  emission  as  shown  in  Fig.  2b.  This  sug¬ 
gests  that  the  quality  near  the  II-YI/III-V  interface 
is  poor. 

To  improve  the  quality  of  our  layers  two  changes 
in  the  growth  initiation  procedure  were  imple¬ 
mented:  First,  the  substrate  was  heated  to  500°C 
quickly  and  kept  there  only  for  several  seconds 
during  the  deoxidation  and  secondly,  a  growth 
interruption  was  included  during  the  adjustment  of 
the  substrate  temperature  right  after  the  initial 
low-temperature  growth.  The  optical  properties  of 
ZnCdSe  epilayers  obtained  with  these  improved 
conditions  can  be  seen  from  PL  measurements 
shown  in  Fig.  3.  As  seen  in  Fig.  3a,  the  FWHM  of 


■  T=10K 
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Fig.  3.  Photoluminescence  spectra  at  10  K  for  (a)  1  pm  and  (b) 
1500  A  thick  ZnCdSe  epilayer  grown  on  InP  substrates  under 
the  improved  conditions. 


band  edge  emission  for  1  pm  thick  sample  is  re¬ 
duced  to  8  meV  and  the  second  peak  ~  100  meV 
below  the  band  gap  becomes  much  less  pro¬ 
nounced,  indicating  improved  optical  quality  in 
these  epilayers.  More  dramatic  enhancements  were 
observed  in  the  PL  spectra  from  thin  samples, 
where  the  deep  level  emission  previously  seen  in  the 
1500  A  thick  samples  has  almost  disappeared,  as 
seen  in  Fig.  3b.  These  PL  spectra,  especially  from 
the  thin  samples,  are  clear  indication  of  a  better 
II-VI/III-V  interface  obtained  with  the  improved 
conditions. 

ZnCdSe  epilayers  were  previously  grown  on 
GaAs  substrates  with  various  Cd  compositions  in 
the  range  between  the  two  binaries  ZnSe  and  CdSe 
[15].  Even  though  PL  measurements  of  these  sam¬ 
ples  exhibited  efficient  and  narrow  band-edge  emis¬ 
sion  for  the  samples  with  low  Cd  content  (  ~  0.2), 
strong  deep  level  emission  was  observed  for  the 
samples  with  higher  Cd  contents  and  large  mis¬ 
match.  These  results  emphasize  the  importance  of 
lattice-matched  growth  for  improved  layer  quality. 

The  difference  in  the  crystalline  quality  between 
1  pm  thick  samples  grown  with  the  early  and  the 
improved  conditions  can  be  seen  clearly  from  single 
crystal  X-ray  rocking  curve  measurements,  shown 
in  Fig.  4.  Layers  having  a  slight  lattice-mismatch  of 
Aa/a  —  0.5%  were  intentionally  selected  so  that 
X-ray  peaks  from  the  epilayer  and  the  substrate  are 
easily  seen.  The  characteristic  X-ray  data  for  a  1  pm 
thick  ZnCdSe  epilayer  grown  under  early  condi¬ 
tions  exhibits  unresolved  koti  and  ka2  peaks  as  seen 
in  Fig.  4a.  FWHM  of  the  X-ray  peaks  were  deter¬ 
mined  from  double-crystal  X-ray  rocking  curves  to 
be  greater  than  1000  arcsec.  With  the  improved  con¬ 
ditions,  the  single-crystal  X-ray  measurement  of 
1  pm  thick  sample  shows  well-resolved  kaj  and  ka2 
peaks  as  seen  in  Fig.  4b.  The  double-crystal  X-ray 
rocking  curve  measurements  for  a  1  pm  thick 
ZnCdSe  lattice-matched  sample  exhibited  an  X-ray 
peak  with  about  300  arcsec  FWHM,  as  shown  in 
Fig.  5.  The  lattice  mismatch  of  this  epilayer  to  InP 
substrate  is  about  —  0.07%. 

The  improvements  in  quality  by  the  modifica¬ 
tions  of  our  growth  conditions  can  be  explained  in 
part  on  the  basis  of  the  thermal  stability  of  InP  in 
comparison  to  GaAs.  Growth  of  II-VI  materials  on 
GaAs  substrates  has  been  investigated  previously 
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Fig.  4.  Single-crystal  X-ray  rocking  curve  data  for  1  \im 
ZnCdSe  epilayers  grown  under  (a)  early  and  (b)  improved  condi¬ 
tions.  The  two  peaks  assigned  to  InP  correspond  to  the  and 
peaks.  These  peaks  are  well  resolved  for  the  ZnCdSe  epi- 
layer  only  in  case  (b).  The  lattice-mismatch  in  these  epilayers  is 
Aa/a  ~  —  0.5%. 

in  detail.  Deoxidation  of  GaAs  substrates  is  per¬ 
formed  at  600-620°C  with  (or  without)  As  flux, 
followed  by  II-VI  growth  at  around  270°C. 
Transition  of  the  RHEED  pattern  from  GaAs 
(2  X  4)  to  ZnSe  (2x1)  can  be  observed  very  readily. 
GaAs  has  a  congruent  evaporation  temperature  of 
650°C  [16],  so  that  no  substantial  As  loss  is  ex¬ 
pected  during  the  deoxidation.  Since  the  oxide  is 
removed  around  600°C,  the  use  of  an  As  flux  may 
be  sufficient  to  protect  the  GaAs  substrate  and 
maintain  As-rich  surface  conditions.  In  the  case  of 
InP  the  congruent  evaporation  temperature  is 
363°C  [16].  So  we  must  be  concerned  about  the 
loss  of  P  atoms  from  the  InP  surface  during  deoxi¬ 
dation  when  the  substrate  temperature  is  increased 
as  high  as  500°C.  Once  P  has  been  lost,  the  excess 
In  in  the  surface  may  react  with  Se  to  form  various 
undesirable  interfacial  layers.  The  use  of  an  As  flux 
during  the  deoxidation  is  expected  to  minimize  this 


Angle  (arcsec) 


Fig.  5.  Double-crystal  X-ray  rocking  curve  data  for  a  near  lat¬ 
tice-matched  1  pm  thick  ZnCdSe  epilayer  grown  under  the  im¬ 
proved  conditions.  The  mismatch  in  this  epilayer  is  Aa/a 
- 0.07%. 

problem.  Furthermore,  faster  heating  during  deoxi¬ 
dation  produces  a  better  interface  because  it  is 
likely  to  reduce  P  loss  and  interactions  with  Se. 

Other  groups  investigating  the  growth  of  ZnSe- 
based  materials  on  GaAs  substrates  have  con¬ 
cluded  that  interaction  of  Se  with  the  substrate 
surface,  forming  Ga2Se3,  reduces  the  epilayer  and 
interface  quality  [17].  It  is  reasonable  to  expect 
that  a  similar  interfacial  compound  such  as  In2Se3 
may  be  forming  at  the  InP/ZnCdSe  interface.  Steps 
that  result  in  a  suppression  of  this  mixed  III-VI 
layer,  such  as  fast  substrate  heating  and  low  initial 
growth  temperature,  are  probably  useful  for  im¬ 
proving  the  interface.  Low  initial  growth  temper¬ 
ature  has  recently  been  adopted  in  the  growth  of 
ZnSSe  on  GaAs  for  the  reduction  of  stacking  faults 
at  the  interface  [18]. 

The  second  step  in  our  improved  conditions  was 
the  incorporation  of  a  growth  interruption  while 
increasing  the  substrate  temperature  from  the  in¬ 
itial  170°C  to  the  optimum  growth  temperature  of 
270°C.  Growth  was  interrupted  to  avoid  deposition 
at  the  low  temperatures  any  longer  than  necessary. 
An  additional  effect  of  the  growth  interruption  was 
observed  from  the  RHEED  pattern  behavior  indic¬ 
ating  that  the  growth  surface  was  becoming 
smoother  during  the  interruption.  Growth  interrup¬ 
tions  have  been  used  in  other  materials  systems  as 
a  means  of  smoothening  the  growth  surfaces  [19]. 

A  way  of  improving  the  quality  of  the 
II-VI/III-V  interface  further  is  to  first  grow  a  III-V 
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buffer  layer  such  as  InGaAs  and  InP.  Use  of  buffer 
layers  is  expected  to  provide  a  smoother  and  chemi¬ 
cally  more  controlled  surface  resulting  in  improve¬ 
ments  of  the  epilayer  quality.  Studies  on  the  use  of 
these  buffer  layers  show  very  dramatic  improve¬ 
ments  in  epilayer  quality  of  ZnCdSe.  Very  narrow 
band-edge  emissions  were  obtained  in  photo¬ 
luminescence  spectra,  which  exhibited  FWHM  of 
3-5  meV  and  double-crystal  X-ray  measurements 
which  gave  line  widths  of  70-100  arcsec.  TEM 
measurements  on  these  samples  also  indicated  dra¬ 
matic  reduction  in  the  defect  densities.  Details  of 
these  further  improvements  for  ZnCdSe  epilayers 
grown  on  InP  substrates  with  InP  or  InGaAs  buffer 
layers  have  been  reported  elsewhere  [20]. 


4.  Conclusions 

We  investigate  the  MBE  growth  conditions  for 
lattice-matched  ZnCdSe  epilayers  on  InP  substra¬ 
tes.  In  particular,  an  optimized  method  for  the 
treatment  of  InP(l  0  0)  substrates  and  initiation  of 
the  growth  for  ZnSe-based  II-VI  compounds  on 
these  substrates  is  reported.  Improved  optical  and 
crystalline  quality  were  achieved  by  implementing 
a  faster  deoxidation  step  and  a  growth  interruption 
right  after  the  low-temperature  initial  growth  of  the 
II-VI  epilayer.  The  improvements  are  attributed  to 
reduced  P  loss  from  the  substrate  surface  and  re¬ 
duced  interaction  of  the  substrate  with  Se  by  the 
faster  deoxidation  and  to  annealing  and  smoothen- 
ing  of  the  growth  front  by  the  growth  interruption. 
Further  improvements  can  be  obtained  with  the 
use  of  III-V  buffer  layers  such  as  lattice-matched 
InGaAs  and  InP. 
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Abstract 

The  defect  densities  that  are  observed  in  1  \xm  ZnSe  films  grown  by  molecular  beam  epitaxy  on  various  III-V  buffer 
layers  are  compared.  Cathodoluminescence  (CL)  imaging  has  been  used  to  provide  a  rapid  and  non-destructive  method 
of  characterizing  the  defect  densities  and  was  found  to  be  in  agreement  with  both  etch  pit  density  and  transmission 
electron  microscopy  characterizations.  We  also  examined  the  defect  density  of  ZnSe  epilayers  grown  on  relaxed  buffer 
layers  of  (In,Ga)P  (lattice-matched  to  ZnSe)  with  the  phosphide  surface  capped  with  eight  monolayers  of  GaAs  exhibiting 
various  surface  reconstructions.  In  this  manner,  the  ZnSe/GaAs  surface  chemistry  is  maintained  while  simultaneously 
achieving  a  lattice-matched  buffer  layer  to  ZnSe.  Films  grown  without  special  nucleation  precautions  on  c(4  x  4)- 
reconstructed  GaAs  were  typically  found  to  result  in  defect  densities  larger  than  10^  cm  Using  a  Zn  pre-exposure  on 
(2  X  4)-reconstructed  GaAs,  the  defect  densities  were  decreased  by  over  an  order  of  magnitude.  In  this  paper,  the 
microstructural  and  optical  properties  of  ZnSe  on  phosphide-containing  III-V  buffer  layers  will  be  described  and 
contrasted  to  the  more  conventional  ZnSe/GaAs  heterostructure,  using  atomic  force  microscopy  and  CL. 

Keywords:  ZnSe;  (In,Ga,Al)P;  MBE;  Nucleation  methods;  Defect  density 


1.  Introduction 

The  need  for  compact,  inexpensive,  long-lived 
blue-green  semiconductor  injection  lasers  is  driven 
by  the  advantages  afforded  by  implementing 
a  short  wavelength  laser  in  technologies  utilizing 
high  density  optical  recording.  Currently,  the  two 
wide-bandgap  material  systems  that  promise  to 
meet  the  aforementioned  challenge  are  Zn  chal- 
cogenides-based  II- VI  materials  and  GaN-based 
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III-V  materials.  In  both  cases,  defect  generation 
and  control  is  at  the  forefront  of  the  issues  requiring 
investigation.  Here,  we  explore  the  use  of  III-V 
phosphide-based  (In,Ga,Al)P  buffer  layers,  placed 
between  the  wide-bandgap  ZnSe  layer  and  the  nar- 
rower-bandgap  GaAs  substrate.  The  phosphorus- 
containing  III-V  alloy  enables  one  to  vary  the 
energy  bandgap  (and  the  lattice  constant),  sugges¬ 
ting  that  the  large  1  eV  valence  band  discontinuity 
present  between  the  ZnSe  and  the  GaAs  substrate 
can  be  greatly  reduced,  thus  facilitating  hole  injec¬ 
tion  [1].  A  lattice-matched  ohmic  contact  com¬ 
posed  of  III-V  materials  on  a  p-type  III-V 
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substrate  will  offer  an  alternative  to  the  use  of 
a  highly  lattice-mismatched  Zn(Se,Te)  graded-layer 
ohmic  contact  [2].  Simultaneously,  however, 
proper  nucleation  of  the  II-VI  layer  on  the  III-V 
surface  is  required  to  minimize  defect  generation, 
subsequently  increasing  both  the  luminescence  effi¬ 
ciency  and  optical  device  lifetime  [3]. 

A  variety  of  phosphide-based  ITI-V  buffer  layers 
have  been  grown  by  gas  source  molecular  beam 
epitaxy  (GSMBE)  on  GaAs  substrates.  These  III~V 
layers  were  then  used  as  epitaxial  substrates  for  the 
ZnSe  epilayers.  To  provide  a  lattice-matched 
II-VI/III-V  interface,  the  alloy  fraction  of  the 
phosphide-based  buffer  layer  was  varied  to  grade 
the  in-plane  lattice  constant  from  that  of  the  GaAs 
substrate  to  that  of  the  ZnSe  device  layer  [4].  A  set 
of  experiments  was  first  carried  out  to  study  the 
nucleation  of  ZnSe  on  c(4  x  4)-  and  (2  x  4)-recon- 
structed  GaAs  surfaces.  To  isolate  the  effect  of 
lattice  constant  mismatch,  this  same  II-VI/ITI-V 
interface  chemistry  was  preserved  on  the  phosph¬ 
ide-based  lattice-matched  III-V  surface  by  the  de¬ 
position  of  eight  monolayers  of  GaAs  exhibiting 
the  selected  c(4x4)  or  (2x4)  surface  reconstruc¬ 
tion.  The  multitude  of  structures  were  monitored  in 
situ  using  reflection  high  energy  electron  diffraction 
(RHEED),  both  before  and  after  transferring  the 
sample  in  vacuum  from  the  III-V -dedicated  reactor 
to  the  Il-VI-dedicated  reactor.  The  samples  were 
further  characterized  ex  situ  by  X-ray  diffraction 
double  crystal  rocking  curves,  photoluminescence 
(PL),  cathodoluminescence  (CL),  transmission  elec¬ 
tron  microscopy  (TEM),  and  atomic  force  micro¬ 
scopy  (AFM).  Confirmation  of  the  defect  densities 
was  provided  by  wet  chemical  etching  to  illucidate 
extended  defects  intersecting  the  surface. 

2.  Experimental  procedure 

The  ZnSe/III-V  heterostructures  were  grown  on 
epi-ready  p  +  GaAs  (10  0)  wafers.  In  all  cases, 
a  GaAs  buffer  layer  was  first  grown  at  a  substrate 
temperature  of  600°C  at  1  pmh”^  with  an  arsine 
flow  rate  of  1.0  seem  using  an  indium-free  sample 
holder.  For  the  ZnSe/GaAs  heterostructures,  the 
thickness  of  the  GaAs  epilayers  was  0.75  pm. 
A  0.5  pm  GaAs  epilayer  was  grown  for  the  samples 


containing  an  (In,Ga,Al)P  buffer  layer.  These 
(In,Ga,Al)P  layers  were  grown  at  Ipmh"^  at 
a  substrate  temperature  of  470°C  with  a  phosphine 
flow  rate  of  3.0  seem.  The  lattice  constant  of  the 
(In,Ga,Al)P  was  graded  from  that  of  GaAs  to  that 
of  ZnSe  during  the  growth  of  the  4  pm  thick  relaxed 
buffer  layer.  Both  (4  0  0)  and  (5  1  1)  double  crystal 
X-ray  rocking  curves  were  used  to  determine  the 
in-plane  and  out-of-plane  lattice  constants. 

In  order  to  examine  the  effect  of  the  GaAs  surface 
reconstruction  on  the  subsequent  growth  of  the 
ZnSe,  buffer  layers  were  prepared  that  exhibited 
either  a  c(4  x  4)  or  a  (2  x  4)  surface  reconstruction. 
After  the  growth  of  the  buffer  layer  at  600°C,  the 
surface  exhibited  an  As-stabilized  (2  x  4)  recon¬ 
struction.  As  the  substrate  temperature  fell  below 
530''C  in  an  As  flux,  the  (2  x  4)  surface  reconstruc¬ 
tion  changed  to  a  c(4  x  4)  reconstruction.  This  re¬ 
construction  remained  stable  even  after  the  arsine 
flow  into  the  chamber  was  terminated  at  350°C.  To 
prepare  a  buffer  layer  exhibiting  a  (2x4)  recon¬ 
struction  at  room  temperature,  the  substrate  tem¬ 
perature  and  the  As  flux  were  simultaneously 
lowered  after  growth.  The  As  flow  was  reduced  to 
0.1  seem,  which  was  sufficient  to  maintain  the 
(2  X  4)  reconstruction.  As  the  sample  temperature 
was  lowered  to  100°C,  the  arsine  flow  was  termin¬ 
ated  at  520°C.  The  RHEED  pattern  was  closely 
monitored  during  this  process. 

To  maintain  the  ZnSe/GaAs  interfacial  chem¬ 
istry  while  studying  the  effects  of  the  (In,Ga,Al)P 
buffer  layers,  a  thin  layer  of  GaAs  was  deposited 
onto  the  phosphide-containing  surface.  Eight 
monolayers  of  GaAs  were  grown  at  a  substrate 
temperature  of  470°C  at  a  rate  of  two  monolayers 
per  shutter  opening.  Eight  monolayers  were  re¬ 
quired  to  provide  the  initial  (2  x  4)-reconstructed 
GaAs  surface.  When  the  III-V  growth  was  finished, 
the  arsine  flow  and  the  substrate  temperature  were 
adjusted  to  create  either  a  c(4  x  4)-  or  a  (2  x  4)- 
reconstructed  GaAs  surface  cap. 

The  completed  III-V  buffer  layers  were  then 
transferred  in  situ  via  an  ultrahigh  vacuum  transfer 
chamber  to  the  II-VI  MBE  reactor;  the  MBE 
chamber  employs  ultra-high  purity  (6N)  Zn  and  Se 
as  sources  of  the  constituent  species.  The  Zn  and  Se 
fluxes  were  measured  with  a  water  cooled  quartz 
crystal  monitor  and  the  shutters  closed  prior  to 
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introduction  of  the  III-V  buffer  layer.  The  stability 
of  the  Ill-V-reconstructed  surface  was  verified  in 
the  II-VI  reactor  by  RHEED  observations.  The 
growth  temperature  for  the  experiments  was  deter¬ 
mined  by  the  use  of  a  calibrated  low  temperature 
optical  pyrometer  and  was  approximately  290°C. 
During  growth,  optical  pyrometer  temperature 
oscillations  were  used  to  control  the  film  thickness. 
The  flux  ratio,  FzJFse,  was  0.7  in  all  cases.  The 
surface  Zn-to-Se  stoichiometry  was  monitored  with 
RHEED  during  growth. 

The  representative  set  of  structures  to  be  dis¬ 
cussed  in  this  paper  are  listed  in  Table  1.  Each 
structure  contains  a  1  pm  fully  relaxed  ZnSe  epi- 
layer.  With  the  exception  of  sample  C,  the  ZnSe 
growth  was  initiated  with  a  120  s  Zn  pre-exposure, 
directly  followed  by  the  opening  of  the  Se  source 
shutter.  Sample  A  denotes  a  ZnSe  epilayer  grown 
on  c(4  X  4)-reconstructed  GaAs,  and  sample  B 
denotes  a  ZnSe  epilayer  grown  on  (2x4)-recon- 
structed  GaAs.  The  second  set  of  three  samples 
involved  the  growth  of  ZnSe  on  a  lattice-matched 
III-V  buffer  layer  with  4  pm  of  relaxed  (In,Ga)P, 
graded  from  the  lattice  constant  of  GaAs  to  that  of 
ZnSe.  In  sample  C,  ZnSe  was  grown  directly  on 
(In,Ga)P  by  opening  the  Zn  and  Se  shutters  simul¬ 
taneously.  Samples  D  and  E  are  ZnSe  epilayers 
grown  on  graded  (In,Ga)P  buffer  layers  with 
c(4x4)-  and  (2  x  4)-reconstructed  GaAs  caps,  re¬ 
spectively.  Zn  pre-exposure  of  a  c(4  x  4)-reconstruc- 
ted  GaAs  surface  changed  the  surface  to  exhibit 
a  (2  X  1)  surface  reconstruction;  Zn  pre-exposure  of 
a  (2  X  4)-reconstructed  GaAs  surface  resulted  in 
a  (1  X  4)  surface  reconstruction. 

The  luminescence  was  evaluated  at  room  tem¬ 
perature  by  CL  employing  a  JEOL  840-A  scanning 
electron  microscope.  The  collection  system 


employs  an  Oxford  Instruments’  MonoCL.  The 
electron  beam  accelerating  energy  was  20  keV  to 
insure  full  excitation  of  the  1  pm  ZnSe  epilayers 
[5].  Surface  morphology  was  characterized  in  air 
by  AFM  using  a  Digital  3000  Nanoscope  in  the 
tapping  mode.  Threading  dislocation  estimates 
were  determined  by  room  temperature  etch  pit  den¬ 
sity  measurements  using  a  solution  of  1  %  bromine 
in  methanol  to  etch  250  nm  of  ZnSe. 


3.  Results  and  discussion 

Initial  growth  experiments  of  ZnSe  on  lattice- 
matched  (In,Ga,Al)P  surfaces  indicated  the 
presence  of  an  unexpectedly  high  density  of 
dislocations.  The  origin  of  such  a  high  density  of 
defects  is  speculated  to  be  due  to  surface  chemistry 
and/or  ZnSe  nucleation  conditions.  Our  initial  ef¬ 
fort  examined  the  role  of  surface  chemistry  by  using 
GaAs  buffer  layers  with  a  c(4  x  4)  or  a  (2  x  4)  surface 
reconstruction.  Fig.  1  shows  atomic  force  micro¬ 
graphs  of  samples  A  and  B.  In  the  case  of  a  ZnSe 
epilayer  grown  on  a  c(4  x  4)-reconstructed  buffer 
layer,  a  mean  roughness  (R^)  of  9  A  was  measured 
over  a  500  nm  x  500  nm  area,  as  shown  in  Fig.  la. 
In  contrast,  the  mean  roughness  from  the  1  pm 
ZnSe  epilayer  grown  on  a  (2  x  4)-reconstructed 
GaAs  buffer  layer  was  7  A,  as  seen  in  Fig.  lb.  In 
other  sets  of  similar  films,  the  values  from  the 
ZnSe  epilayer  grown  on  c(4  x  4)-reconstructed  GaAs 
were  consistantly  larger  than  the  values  measured 
from  the  ZnSe  epilayer  grown  on  (2  x  4)-reconstruc- 
ted  GaAs.  Utilizing  migration  enhanced  epitaxy 
(MEE)  at  the  initial  stage  of  heteroepitaxy  resulted 
in  the  same  conclusion  that  a  (2  x  4)-reconstructed 
GaAs  surface  gives  rise  to  a  smoother  ZnSe  layer. 


Table  1 

Examples  of  ZnSe/III-V  heterostructures  under  investigation 


Sample  III-V  buffer  layer  GaAs  reconstruction  Zn  pre-exposure 


A  GaAs  c{4  x  4) 

B  GaAs  (2  x  4) 

C  Graded  (In,Ga)P  NA 

D  Graded  (In,Ga)P/GaAs  cap  c(4  x  4) 

E  Graded  (In,Ga)P/GaAs  cap  (2  x  4) 


120  s  Zn 
120  s  Zn 
NA 

120  s  Zn 
120  s  Zn 
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A  dramatic  difference  between  the  CL  images  of 
the  ZnSe  films  grown  on  the  c(4  x  4)-  and  the 
(2  X  4)-reconstructed  GaAs  buffer  layers  was  ob¬ 
served,  as  demonstrated  in  Fig.  2.  The  contrast  in 


Fig.  1.  Atomic  force  micrographs  of  1  pm  ZnSe  films  grown  by 
MBE  on  (a)  a  Zn-exposed  c{4  x  4)-reconstructed  GaAs  buffer 
layer  (sample  A)  and  (b)  a  Zn  exposed  (2  x  4)-reconstructed 
GaAs  buffer  layer  (sample  B).  The  mean  roughnesses  in  the 
500  nm  x  500  nm  area  were  9  and  7  A,  respectively. 


the  CL  images  is  due  to  variations  in  the  amount  of 
non-radiative  recombination.  The  dark  regions  in 
the  CL  images  have  been  attributed  to  threading 
dislocations  which  act  as  non-radiative  recombina¬ 
tion  sites  [6].  Fig.  2a  and  Fig.  2b  show  the  CL 
images  from  samples  A  and  B,  respectively.  Using 
CL,  the  defect  densities  of  ZnSe  grown  on  c(4  x  4)- 
reconstructed  GaAs  buffer  layers  was  estimated  to 
be  7  X  10^  cm  while  the  defect  density  of  ZnSe 
grown  on  (2  x  4)-reconstructed  GaAs  buffer  layers 
was  estimated  to  be  9xl0^em”^.  These  defect 
densities  were  well  correlated  to  the  etch  pit  density 
(EPD)  values  of  10^  and  lO^cm”^  for  samples 
A  and  B,  respectively.  Characterization  of  the  set  of 
M EE-initiated  samples  did  not  demonstrate  a  no¬ 
ticeable  difference  in  defect  densities  between  the 
MBE  and  MEE  growth  of  ZnSe  on  GaAs  exhibi¬ 
ting  a  (2  X  4)  reconstruction. 

Thus,  our  studies  suggest  that  the  growth  of 
relaxed  ZnSe  with  a  Zn  pre-exposure  on  a  (2  x  4)- 
reconstructed  GaAs  surface  results  in  a  lower 
threading  dislocation  density  and  a  smoother  sur¬ 
face  than  ZnSe  grown  on  a  c(4  x  4)-reconstructed 
surface.  Reduced  defect  densities  in  ZnSe  epilayers 
grown  on  (2  x  4)-reconstructed  GaAs  agrees  with 
other  recent  studies  [7].  The  complexity  of  the 
ZnSe/GaAs  interfacial  layer  makes  it  difficult  to 
isolate  the  reason  for  the  reduced  defect  density  in 
ZnSe  grown  on  (2  x  4)-reconstructed  GaAs  sur¬ 
faces  compared  to  ZnSe  on  c(4  x  4)-reconstructed 


Fig.  2.  The  room  temperature  cathodoluminescence  of  1  pm  ZnSe  films  grown  by  MBE  on  (a)  a  Zn-exposed  c(4  x  4)-reconstructed 
GaAs  buffer  layer  (sample  A)  and  (b)  a  Zn-exposed  (2  x  4)-reconstructed  GaAs  buffer  layer  (sample  B).  The  defect  density  was  estimated 
to  be  7  X  10^  and  9  x  10^  cm"^,  respectively.  The  electron  probe  parameters  were:  30  nA,  20  keV.  The  magnification  was  1700  times. 
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surfaces.  A  contributing  factor  for  the  difference  is 
that  a  more  charge  neutral  interface  is  formed  on 
a  (2  X  4)>reconstructed  surface  as  opposed  to 
a  c(4  X  4)-reconstructed  surface.  A  completely 
charge  neutral  interface  can  be  formed  if  the  anion 
plane  is  50%  As  and  50%  Se.  (2  x  4)-reconstructed 
GaAs  has  a  75%  As  surface  coverage,  which  is 
lower  than  the  100%  surface  coverage  of  c(4x4)- 
reconstructed  GaAs  [8].  MEE  was  also  examined 
in  response  to  recent  reports  which  indicated  an 
improvement  in  the  ZnSe  quality  with  the  use  of 
MEE  for  growth  initiation  [9].  We  have  not  seen 


a  noticeable  improvement  with  this  technique  using 
the  (2  X  4)-reconstructed  GaAs  surface,  although 
further  study  is  required  before  a  definitive  con¬ 
clusion  may  be  reached. 

The  insertion  of  the  (In,Ga)P  buffer  layer  be¬ 
tween  ZnSe  and  the  GaAs  substrate  allows  modifi¬ 
cation  of  the  in-plane  lattice  constant  to  be 
matched  to  ZnSe.  Fig.  3  shows  the  CL  images  of 
samples  C,  D,  and  E.  The  dark  spots  seen  in  Fig.  3a 
and  Fig.  3b  are  due  to  threading  dislocations,  while 
the  dark  lines  seen  in  Fig.  3c  are  due  to  misfit 
dislocations.  The  images  taken  of  samples  C  and 


Fig.  3.  The  room  temperature  cathodoluminescence  of  1  pm  ZnSe  films  grown  by  MBE  on  4  pm  linearly  graded  (In,Ga)P  buffer  layers 
(afwithout  a  GaAs  layer  between  the  (In,Ga)P  and  ZnSe  (sample  C),  (b)  with  a  Zn-exposed  8  monolayer,  c{4  x  4)-reconstructed  GaAs 
layer  between  the  (In,Ga)P  and  ZnSe  (sample  D)  and  (c)  with  a  Zn-exposed  8  monolayer  (2  x  4)-reconstructed  GaAs  layer  between  the 
(In,Ga)P  and  ZnSe  (sample  E).  The  (In,Ga)P  lattice  constant  was  graded  from  that  of  GaAs  to  that  of  ZnSe.  The  electron  probe 
parameters  were:  30  nA,  20  keV,  The  magnification  was  1700  times. 
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D  appear  nearly  identical  to  those  of  sample  A. 
This  suggests  that  the  high  dislocation  density  in 
these  samples  is  due  to  poor  nucleation  and  that 
the  reduction  of  the  lattice-match  did  not  have 
a  noticeable  effect.  The  density  of  threading  dislo¬ 
cations  in  these  samples  was  estimated  to  be  ap¬ 
proximately  lO^cm"^,  both  from  the  CL  images 
and  from  etch  pit  density  measurements. 

In  contrast,  an  image  of  sample  E  primarily  ex¬ 
hibits  misfit  dislocations  with  faint  features  due  to 
various  types  of  irregularities  in  the  crystal  lattice 
as  shown  in  Fig.  3c.  Since  CL  imaging  shows  en¬ 
hanced  contrast  at  misfit  dislocations,  these  repres¬ 
ent  the  dominant  form  of  dislocations  in  this  film. 
This  suggests  that  the  growth  of  ZnSe  on  (2  x  4)- 
reconstructed  GaAs  minimizes  threading  disloca¬ 
tions  arising  from  the  II-VI/III-V  nucleation  such 
that  the  lattice-match  in  sample  E  plays  the  pri¬ 
mary  role  in  the  dislocation  structure.  The  average 
spacing  of  the  misfit  lines  in  sample  E  is  approxim¬ 
ately  3  pm,  indicative  of  the  close  lattice  match  [10] 
which  is  confirmed  by  X-ray  diffraction  measure¬ 
ments.  CL  and  EPD  both  suggest  a  threading  dislo¬ 
cation  density  of  lO^cm”^  in  this  sample.  The 
remaining  dislocations  are  speculated  to  arise 
either  from  the  fully-strained  pseudomorphic  GaAs 
cap  layer  or  from  the  relaxed  III-V/III-V  buffer 
layer. 

Fig.  4  shows  the  results  of  the  AFM  character¬ 
ization  of  the  1  pm  ZnSe  layer  on  various  lattice- 
matched  III-V  epitaxial  substrates.  In  Fig.  4a, 
ZnSe  was  nucleated  by  MBE  on  an  (In,Ga)P  sur¬ 
face  by  simultaneously  opening  the  Zn  and  Se  shut¬ 
ters.  Although  Fig.  3a  shows  a  large  percentage  of 
non-radiative  recombination  in  CL,  the  AFM  re¬ 
sults  are  very  encouraging  as  the  measured  value 
is  about  4  A,  indicative  of  a  very  smooth  growth 
front.  The  AFM  result  was  not  completely  un¬ 
expected  as  RHEED  intensity  oscillations  are 
routinely  observed  during  the  nucleation  of  ZnSe 
on  phosphorus-containing  III-V  surfaces.  In 
Fig.  4b  and  Fig.  4c,  the  AFM  images  are  shown  for 
ZnSe  grown  on  GaAs  caps  exhibiting  c(4  x  4)  and 
(2  X  4)  reconstructions,  respectively.  ZnSe  grown  on 
the  (2  X  4)-reconstructed  GaAs  surface  resulted  in 
a  much  smoother  ZnSe  layer  ~  3  A)  as  com¬ 
pared  to  ZnSe  grown  on  the  c(4  x  4)-reconstructed 
GaAs  surface  {R^  ~  7  A). 


Fig.  4.  Atomic  force  micrographs  of  1  pm  ZnSe  films  grown  by 
MBE  on  4  pm  linearly  graded  (In,Ga)P  buffer  layers  (a)  without 
a  GaAs  layer  between  the  (In,Ga)P  and  ZnSe  (sample  C),  (b) 
with  a  Zn-exposed  8  monolayer,  c(4  x  4)-reconstructed  GaAs 
layer  between  the  (In,Ga)P  and  ZnSe  (sample  D)  and  (c)  with 
a  Zn-exposed  8  monolayer  (2  x  4)-reconstructed  GaAs  layer 
between  the  (In,Ga)P  and  ZnSe  (sample  E).  The  (In,Ga)P  lattice 
constant  was  graded  from  that  of  GaAs  to  that  of  ZnSe.  The 
mean  roughnesses  values  in  the  500  nm  x  500  nm  areas  were  4, 7, 
and  3  A,  respectively. 

4.  Summary 

The  nucleation  study  of  ZnSe  on  c(4  x  4)-  and 
(2  X  4)-reconstructed  GaAs  surfaces  identified  the 
(2  X  4)-reconstructed  surface  as  contributing  to 
a  lower  density  of  extended  defects  and  to 
a  smoother  overall  surface.  However,  a  0.27%  in¬ 
plane  lattice  constant  mismatch  is  present,  and  also 


570 


E.L.  Warlick  et  al.  {  Journal  of  Crystal  Growth  1751176  (1997)  564-570 


contributes  to  the  generation  of  defects  due  to  plas¬ 
tic  strain  relief.  To  examine  the  role  of  lattice¬ 
matching,  the  surface  chemistry,  i.e.  ZnSe  on  GaAs, 
was  maintained,  while  the  underlying  in-plane  lat¬ 
tice  constant  was  varied.  This  was  accomplished  by 
the  deposition  of  eight  monolayers  of  GaAs  on 
phosphorus-containing  III-V  buffer  layers.  Elimin¬ 
ating  the  lattice-mismatch  by  the  use  of  (In,Ga,Al)P 
buffer  layers  shows  a  dislocation  density  of  less 
than  10^  cm"^  with  the  residual  dislocations  most 
likely  originating  in  the  relaxed  but  lattice-mis¬ 
matched  III-V  epilayer.  MEE  was  also  examined  in 
response  to  recent  studies  which  indicated  an  im¬ 
provement  in  the  ZnSe  quality  with  the  use  of  MEE 
for  growth  initiation.  We  have  not  seen  a  noticeable 
improvement  with  this  technique,  although  further 
study  is  required  before  a  definitive  conclusion  may 
be  reached. 

The  quality  of  the  II-VI/III-V  heterointerface 
has  improved  to  enable  a  study  of  the  electrical 
injection  of  holes  from  the  p-type  III-V  layer  into 
the  P’type  II-VI  layer. 
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Abstract 

The  results  of  photoluminescence  and  Raman  spectroscopies,  high  resolution  X-ray  diffraction,  and  Auger  electron 
spectroscopy  are  analyzed  in  terms  of  the  structural  properties  of  the  ZnSe/GaAs(l  0  0)  system  as  a  function  of  film 
thickness  and  substrate  temperature.  The  results  of  Raman  spectroscopy  and  X-ray  diffraction  clearly  show  that  the 
strain  in  the  film  is  inhomogeneous  and  depends  only  on  film  thickness  and  not  on  growth  temperature  in  the  285-325°C 
range.  From  these  experiments  a  value  of  ~  0.17  pm  is  inferred  for  the  critical  thickness  of  ZnSe  on  GaAs.  Photolumines¬ 
cence  experiments  sensitive  to  the  ZnSe/GaAs  interface  reveal  the  presence  of  strain  in  the  GaAs  substrate.  Analysis  of  the 
intensities  of  the  LMM  Auger  transitions  of  Zn  and  Se  indicate  the  formation  of  an  interfacial  layer  with  excess  of  Se, 
suggesting  the  formation  of  a  pseudomorphic  Ga-Se  compound  mixed  with  ZnSe  at  the  interfacial  region. 

PACS:  61.10.  ~  i;  68.35.Ct;  68.55.Vk;  78.30.Fs;  78.66.  ~  w;  78.66.Hf 

Keywords:  ZnSe;  ZnSe/GaAs  heterostructures;  Semiconductor  interfaces;  Auger;  X-ray  diffraction;  Raman;  Photo¬ 
luminescence;  Critical  thickness 


1.  Introduction 

The  study  of  ZnSe/GaAs  interfaces  has  attracted 
the  attention  of  researchers  since  the  last  decade 
[1],  However,  the  recent  increase  in  the  investiga¬ 
tion  of  the  physical  properties  of  ZnSe/GaAs  het- 
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erostructures  is  noteworthy.  One  of  the  main  rea¬ 
sons  is  that  the  improvement  of  their  structural  and 
chemical  properties  is  of  fundamental  relevance  for 
the  elaboration  of  green-blue  emission  lasers  based 
on  ZnSe  [2].  Recently,  Sony  reported  a  green  laser 
with  a  lifetime  larger  than  100  h  [3].  The  notice¬ 
able  improvement  was  attributed  to  the  reduction 
of  defect  density  from  10^  to  around  lO'^cm"^. 
It  needs  to  be  further  reduced  to  inhibit  defect  pro¬ 
pagation  during  laser  operation  [4].  Wu  and 
coworkers  very  recently  reported  that  low  defect 
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density  (less  than  10"^  cm"^)  pseudomorphic  ZnSSe 
and  ZnSe  layers  can  be  grown  on  an  As-rich  GaAs 
buffer  layer  initially  exposed  to  Zn  [5].  Some  of  the 
intrinsic  defects  at  the  interface  are  caused  by  the 
chemical  and  structural  differences  between  the 
GaAs  substrate  and  the  ZnSe  film.  The  lattice  mis¬ 
match  produces  biaxially  compressed  films  which 
release  the  strain  after  reaching  the  critical  thick¬ 
ness  through  the  formation  of  misfit  dislocations.  It 
has  also  been  shown  that  the  charge  imbalance  at 
the  ZnSe/GaAs  interface  can  lead  to  3D  nucleation 
and  interface  roughening  [6].  Interdiffusion  and 
crystalline  degradation  can  occur  as  a  result  of 
variations  in  the  ZnSe  stoichiometry  near  the  inter¬ 
face  [7].  The  quality  of  the  epilayers  is  strongly 
affected  by  initial  growth  conditions  such  as  sub¬ 
strate  preparation,  growth  temperature,  and  Zn  to 
Se  flux  ratios  [8].  Here,  we  report  results  on  the 
investigation  of  the  structural  properties  of  ZnSe/ 
GaAs(l  0  0)  heterostructures  grown  by  molecular 
beam  epitaxy  (MBE)  by  means  of  photolumines¬ 
cence  (PL)  and  Raman  (RS)  spectroscopies,  high 
resolution  X-ray  diffraction  (HRXRD)  experiments, 
and  Auger  electron  spectroscopy  (AES). 

2.  Experimental  details 

The  films  were  grown  in  a  RISER  32P  MBE 
system.  A  series  of  epitaxial  ZnSe  films  were  depo¬ 
sited  on  semi-insulating  GaAs(l  0  0)  substrates  at 
temperatures  between  285  and  325°C.  Prior  to  their 
introduction  to  the  MBE  chamber  the  substrates 
were  chemically  treated  as  described  in  Ref  [11]. 
The  native  oxide  layer  was  removed  by  heating  the 
indium  glued  substrate  at  about  550°C  in  ultrahigh 
vacuum  (in  the  low  10”^^  Torr  range).  The  reflec¬ 
tion  high  energy  electron  diffraction  (RHEED)  ex¬ 
periment  of  the  annealed  surface  showed  a  (2  x  1) 
reconstruction  pattern,  indicating  that  residual 
Se  from  the  background  atmosphere  reacted  with 
the  GaAs(l  0  0)  surface  [5, 9,  10].  The  typical  Zn/ 
Se  beam  pressure  ratio  was  ^0,3.  The  RHEED 
patterns  confirmed  the  Se  rich  growth  through 
the  ZnSe(2  x  1)  surface  reconstruction.  A  typical 
growth  rate  of  ~  1  pm/h  was  employed  [11].  The 
PL  experiments  were  performed  in  a  standard 
setup  equipped  with  He-Ne  and  Kr-Ar  lasers, 


a  0.5  m  monochromator  and  a  closed  cycle  He 
refrigerator.  The  Raman  experiments  were  done 
with  a  double  monochromator  equipped  with  CCD 
detection  and  the  4880  A  line  of  an  Ar  laser.  To 
verify  the  selection  rules  of  RS  we  used  a  perfect 
backscattering  x{z,  z)x  configuration;  x,  y,  and 
z  correspond  to  the  <  1  0  0>  crystal  directions.  The 
HRXRD  experiments  were  done  using  CuK^^  radi¬ 
ation  and  a  four-crystal  Bartels  monochromator 
[12].  The  AES  spectra  were  taken  in  an  analysis 
chamber  connected  through  UHV  to  the  growth 
chamber.  The  Auger  spectra  were  measured  im¬ 
mediately  after  growth  of  the  films  employing 
a  MAC3  analyzer  set  to  2  eV  resolution;  the  energy 
of  the  primary  electrons  was  3  keV. 

3.  Results  and  discussion 

At  room  temperature  (RT)  the  0.26%  lattice  mis¬ 
match  between  GaAs  (a  =  5.6532  A,  RT)  and  ZnSe 
(a  =  5.6676  A,  RT)  gives  place  to  biaxial  stress  at 
the  interface.  Most  of  the  elastic  deformation  is 
accumulated  in  the  ZnSe  film,  and  it  is  customary 
to  neglect  the  substrate  deformation.  A  precise 
analysis  of  the  strain  must  take  into  account  the 
differences  between  the  thermal  expansion  coeffi¬ 
cients  of  ZnSe  and  GaAs,  since  in  most  cases  the 
temperature  of  the  sample  during  characterization 
or  device  operation  is  different  from  the  growth 
temperature.  A  systematic  analysis  of  the  deforma¬ 
tion,  both  in  the  substrate  and  in  the  films,  is 
needed  to  have  a  better  understanding  of  the  inter¬ 
face  strain.  With  the  purpose  of  directly  identifying 
the  presence  of  substrate  strain,  we  performed  PL 
measurements  sensitive  to  the  GaAs  surface. 
Fig.  la  shows  the  PL  of  covered  and  clean  GaAs 
substrates.  Since  ZnSe  is  transparent  to  the  4880  A 
photons  (2.54  eV),  we  can  easily  reach  the  GaAs/ 
ZnSe  interfacial  region.  We  observe  a  broad 
transition  around  1.52  eV  associated  to  excitonic 
transitions  [13]  and  carbon  impurities  [14]. 
Transitions  around  1.45  eV  have  been  attributed  to 
GaAs  antisites  [15]  and  those  around  1.41  eV 
to  Mn  impurities  [16].  There  are  additional  tran¬ 
sitions  at  lower  energies,  but  here  we  are  only 
interested  in  their  energy  shifts  with  film  thickness. 
It  is  worth  mentioning  that  the  PL  spectra  taken 
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Energy  (eV)  Thickness  (fim) 

Fig.  1.  (a)  PL  spectra  of  the  clean  and  ZnSe  covered  substrates, 
(b)  Energy  shifts  of  the  PL  peaks  of  GaAs  as  a  function  of 
thickness  of  the  ZnSe  epilayer. 

with  the  6328  A  line  of  a  He-Ne  laser,  which  sam- 

o 

pies  a  larger  GaAs  volume  than  the  4880  A  line, 
exhibited  sharper,  stronger  and  much  better  re¬ 
solved  excitonic  peaks  than  those  of  Fig.  la,  indic¬ 


ating  that  the  uppermost  interfacial  region  detected 
with  the  4880  A  line  has  structural  imperfections. 
At  first  glance  the  spectra  shown  in  Fig.  la  could 
indicate  that  the  substrate  is  not  affected  by  the 
epilayer.  However,  a  careful  analysis  of  the  PL 
peaks  for  samples  with  different  thickness  shows 
very  small  but  noticeable  and  consistent  energy 
shifts  (see  Fig.  lb).  The  general  trend  is  an  increase 
in  energy  with  ZnSe  film  thickness  up  to  around 
0.2  pm  and  then  a  slight  decrease.  Considering  the 
reduced  magnitude  of  these  changes,  we  realize  this 
description  may  appear  a  bit  imprecise,  but  as  we 
will  see  later  it  can  be  understood  in  terms  of  the 
evolution  of  the  strain  in  the  substrate  and  the  film 
before  and  after  the  critical  thickness  is  reached  and 
of  the  difference  in  the  thermal  expansion  coeffi¬ 
cients  of  ZnSe  and  GaAs. 

As  expected  from  high  quality  films,  the  RS  ex¬ 
periments  in  the  backscattering  configuration, 
x(z,  z)x,  did  not  show  the  TO  phonon  of  the  ZnSe 
film  but  a  very  weak  TO  signal  from  GaAs,  indicat¬ 
ing  some  degree  of  disorder  at  the  interface.  Fig.  2a 
shows  the  spectra  of  the  films  grown  at  325°C;  the 
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Fig.  2.  (a)  Raman  spectra  of  ZnSe/GaAs  heterostructures  in  a  perfect  backscattering  configuration,  (b)  Changes  in  the  energy  of  the  LO 
phonon  of  ZnSe  as  a  function  of  film  thickness,  (c)  Changes  in  the  FWHM  of  the  LO  phonon  of  ZnSe.  The  straight  lines  are  just  guides  to 
the  eye. 
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variations  in  intensity  between  the  spectra  are  due 
to  interference  effects  caused  by  different  film  thick¬ 
nesses.  Fig.  2b  shows  the  observed  shift  in  the  en¬ 
ergy  of  the  ZnSe  LO  phonon  and  Fig.  2c  the 
change  in  its  full  width  at  half  maximum  (FWHM) 
as  a  function  of  the  ZnSe  thickness.  We  observe 
that  the  LO  peak  moves  towards  lower  energies  up 
to  around  0.17  pm  and  then  remains  at  a  value 
of  250.8 cm"^  The  total  shift  is  around  Icm"^ 
A  similar  shift  was  observed  between  thin  and  thick 
ZnSe  films  grown  by  chemical  vapor  deposition 
[17].  In  Fig.  2c  we  observe  that  the  FWHM  of  the 
LO  phonon  increases  from  around  4  cm"^  for  the 
thinnest  film  to  around  8cm"^  for  the  0.25  pm 
thick  ZnSe  film;  afterwards  it  remains  at  around 
7cm“k  Looking  at  the  straight  lines  (which  are 
drawn  just  as  a  guide  to  the  eye),  we  can  describe 
the  general  behavior  of  the  FWHM  as  an  increase 
to  around  0.18  pm  and  constant  afterwards.  Then, 
from  the  evolution  of  the  LO  energy  shift  and  its 
FWHM,  we  can  conclude  that  the  changes  depend 
on  the  thickness  but  not  on  the  substrate  temper¬ 
ature.  These  changes  also  indicate  that  the  critical 
thickness  (h^,)  of  ZnSe  in  GaAs(l  0  0)  is  around 
0.17  pm.  This  value  is  consistent  with  previously 
reported  values  [18, 19].  The  fact  that  the  FWHM 
shows  an  important  increase  around  is  an  indica¬ 
tion  of  the  presence  of  structural  disorder  produced 
by  the  appearance  of  misfit  dislocations  which  re¬ 
lease  the  strain  caused  by  the  lattice  mismatch.  The 
observation  in  Fig.  2  that  the  average  compressive 
biaxial  strain  of  the  ZnSe  film  is  continuously  re¬ 
duced  with  increasing  film  thickness  up  to  is 
a  direct  indication  of  nonuniform  (or  inhomoge¬ 
neous)  stress  in  the  films,  in  agreement  with  pre¬ 
vious  results  of  Olego  et  al.  [20]. 

In  Fig.  3  we  have  summarized  the  results  of 
HRXRD  experiments.  Fig.  3a  presents  the  differ¬ 
ence  between  the  angle  of  the  (0  0  4)  reflection  of 
ZnSe  with  respect  to  that  of  GaAs  as  a  function  of 
film  thickness.  We  can  see  a  very  close  similarity  in 
the  behavior  oi  AG  and  that  of  the  LO  phonon 
energy  shown  in  Fig.  2a.  Again,  no  dependence  in 
the  substrate  temperature  is  observed.  However,  for 
HRXRD  the  changes  reveal  directly  the  modifica¬ 
tion  of  the  (10  0)  interplanar  distance  parallel  to 
the  substrate,  indicating  a  value  of  around 
0.17  pm,  consistent  with  the  Raman  measurements. 


ZnSe  film  thickness  (|xm) 

Fig.  3.  (a)  Difference  between  the  angle  of  the  (0  0  4)  reflection  of 
ZnSe  and  GaAs  as  a  function  of  film  thickness,  (b)  Changes  in 
the  FWHM  of  the  (0  0  4)  reflection  of  ZnSe  as  a  function  of  film 
thickness.  The  lines  are  just  guides  to  the  eye. 


The  presence  of  residual  strain  is  observed  even  for 
the  thickest  film.  Fig.  3b  shows  the  modification  of 
the  FWHM  of  the  (0  0  4)  reflection  of  the  HRXRD 
patterns  of  the  heterostructures.  Analogous  to  the 
previous  findings,  we  can  see  two  types  of  behavior: 
a  fast  decrease  up  to  around  and  then  a  very  slow 
decrease  with  thickness.  Recent  similar  experiments 
by  other  groups  show  a  variety  of  behaviors  of  the 
FWHM  of  the  (0  0  4)  reflection  with  ZnSe  film 
thickness.  Reichow  et  al.  [21]  found  a  continuous 
decrease  of  the  FWHM  with  thickness  of  MBE 
deposited  films,  very  close  to  our  results.  The  report 
of  Sou  et  al.  [19]  does  not  show  a  clear  trend  of  the 
FWHM  with  film  thickness  in  MBE  deposited 
films.  Lee  et  al.  [17]  found  a  reduction  of  the 
FWHM  with  film  thickness  of  chemical  vapor  de¬ 
posited  films.  Then,  apparently  the  modification  of 
the  FWHM  of  the  (0  0  4)  reflection  depends  on  the 
type  and  conditions  of  growth.  In  our  case,  we 
attribute  the  continuous  decrease  of  the  FWHM  to 
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the  improvement  of  the  overall  film  structural  qual¬ 
ity  with  thickness.  We  start  with  a  relatively  rough 
substrate  and  the  film  becomes  smooth  with  in¬ 
creasing  ZnSe  thickness.  The  apparent  discrepancy 
between  the  conclusions  from  Fig.  2c  and  Fig.  3b  is 
easily  understood  when  we  consider  that  Raman 
spectroscopy  is  very  sensitive  to  the  microscopic 
structure,  while  HRXRD  is  more  sensitive  to  the 
average  macroscopic  structure  of  the  films. 

Based  on  the  previous  results  it  is  easier  to  ex¬ 
plain  the  shifts  observed  in  PL  in  Fig.  la.  First,  we 
have  to  consider  the  fact  that  the  measurements 
were  done  at  low  temperature.  Since  the  thermal 
expansion  coefficient  of  ZnSe  is  larger  than  that  of 
GaAs  [22],  after  cooling  to  17  K  the  situation  will 
be  reversed  in  relation  to  the  one  at  growth  temper¬ 
ature,  the  ZnSe  film  will  be  under  biaxial  tensile 
stress  and  the  GaAs  interfacial  region  will  suffer 
biaxial  compressive  strain.  The  result  is  an  increase 
in  the  band  gap  of  GaAs  with  a  maximum  value 
just  around  he-  The  transitions  observed  in  the  PL 
spectra  of  Fig.  1  indicate  this  behavior.  After  is 
reached  most  of  the  strain  is  released  through  the 
misfit  dislocations  and  then  the  band  gap  energy  of 
GaAs  tends  to  decrease.  Then,  from  the  PL  measure¬ 
ments  we  have  obtained  a  direct  indication  of  sub¬ 
strate  strain. 

We  performed  Auger  experiments  of  the  ZnSe/ 
GaAs  heterostructure  as  a  function  of  ZnSe  depos¬ 
ition  of  very  thin  films.  Fig.  4  illustrates  the  ratio  of 
the  peak  to  peak  intensities  of  the  LMM  transitions 
of  Zn  and  Se  from  Auger  derivative  spectra.  The 
intensities  were  measured  at  5,  1 5,  30,  60  and  300  s 
deposition  time.  The  typical  growth  rate  of  the 
films  was  ~lpm/h  (-^2.8  A/s);  however,  since 
growth  conditions  can  change  with  film  thickness 
we  prefer  to  indicate  a  deposition  time  scale.  From 
this  figure  is  clear  that  the  initial  growth  produces 
films  with  excess  Se  (or  deficient  in  Zn).  The 
stoichiometric  regime  is  only  reached  around  30  s 
(around  60  monolayers,  ML).  The  Zn/Se  beam 
pressure  ratio  was  maintained  at  ^^0.3  for  all  the 
films  during  the  whole  growth,  so  the  excess  in  Se 
with  respect  to  Zn  must  be  attributed  to  the  chem¬ 
ical  composition  of  the  interfacial  region.  It  is  well 
known  that  the  heating  process  employed  to  elim¬ 
inate  the  native  oxides  of  the  GaAs  substrate  pro¬ 
duces  surfaces  rich  in  Ga;  even  Ga  clusters  can  be 
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Fig.  4.  Ratio  of  the  peak  to  peak  intensities  of  the  LMM 
transitions  of  Zn  and  Se  from  Auger  derivative  spectra.  The 
intensities  were  measured  after  5, 15,  30,  60  and  300  s  deposition 
time. 


expected.  We  infer  from  the  Auger  data  that  an 
interfacial  layer,  which  is  a  mixture  of  ZnSe  and 
a  Ga-Se  compound,  is  formed  during  the  first  30  s 
of  growth.  The  possibility  of  formation  of  a 
pseudomorphic  Ga2Se3  film  has  been  mentioned 
frequently  [1,  23-25]  but  it  is  still  a  matter  of  active 
discussion;  however,  our  results  point  towards  this 
direction.  Another  possibility  could  be  the  forma¬ 
tion  of  a  more  complex  pseudomorphic  Zn-Ga-Se 
interfacial  compound.  The  RHEED  patterns  show 
a  clear  transition  between  a  spotty  pattern  at  the 
beginning  of  the  growth  and  a  streaky  pattern  after 
around  20-30  s  deposition.  Additionally,  the  Auger 
spectra  show  the  Ga  and  As  transitions  before  30  s 
deposition,  afterwards  no  signal  from  the  substrate 
can  be  detected.  From  all  the  previous  discussions 
we  can  conclude  that,  under  the  growth  conditions 
employed,  the  interfacial  region  is  formed  during 
the  first  30  s  of  growth,  which  is  the  time  needed  to 
cover  the  whole  substrate  and  also  time  needed  to 
go  from  a  3D  to  2D  growth  mode.  It  is  unclear  if 
this  30  s  deposition  time  represents  ^^60  ML.  The 
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initial  growth  can  proceed  at  probably  lower  de¬ 
position  rates,  and  could  also  vary  as  a  function  of 
substrate  preparation.  These  results  indicate  that 
additional  and  systematic  studies  of  the  interfacial 
region  are  required  to  understand  its  nature  and 
influence  on  the  performance  of  ZnSe  based  devices. 

4.  Conclusions 

We  employed  PL,  RS,  HRXRD  and  AES  to  inves¬ 
tigate  the  structural  properties  of  MBE  grown  ZnSe/ 
GaAs  heterostructures  as  a  function  of  growth  tem¬ 
perature  and  ZnSe  film  thickness.  The  presence  of 
stress  in  the  GaAs  substrate  was  directly  observed 
by  PL.  The  results  of  RS  and  HRXRD  show  very 
good  agreement  and  clearly  indicate  that  the  strain 
in  the  ZnSe  film  is  inhomogeneous  and  depends  on 
the  film  thickness,  but  not  on  the  substrate  temper¬ 
ature  in  the  285-325°C  range.  From  these  experi¬ 
ments  we  infer  a  value  of  0.17  pm  for  h^.  From  the 
analysis  of  the  Auger  spectra  it  is  concluded  that 
the  interfacial  region  is  composed  of  a  mixture  of 
a  Ga-Se  compound  (probably  Ga2Se3)  and  ZnSe. 
After  the  formation  of  this  interfacial  layer  a 
stoichiometric  regime  is  reached  and  the  depos¬ 
ition  proceeds  in  a  2D  growth  mode.  We  expect 
that  these  results  will  contribute  to  a  better  under¬ 
standing  of  the  ZnSe/GaAs  interface.  It  is  well 
known  that  important  mechanisms  of  defect  gen¬ 
eration  and  propagation,  that  severely  affect  the 
performance  of  ZnSe-based  green— blue  emitting 
devices,  take  place  in  this  interfacial  region. 
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Abstract 

We  study  the  preparation,  before  homoepitaxy,  of  ZnSe  substrates  grown  by  solid-phase  recrystallization.  We  show 
that  an  ex  situ  etch  based  on  the  Br2 :  HBr :  H2O  solution  provides  a  good  quality  surface.  Further,  we  demonstrate  that 
the  in  situ  heat  treatment  plays  a  key  role  in  the  ZnSe  nucleation.  A  Zn  flux  has  to  be  impinging  on  the  surface  during 
heating  if  a  2D  nucleation  is  to  be  obtained.  This  procedure  allows  to  grow  ZnSe  homoepitaxial  layers  exhibiting 
superior  optical  properties  with  PL  spectra  dominated  by  the  near-band  edge  emission,  with  negligible  deep-level  related 
and  defect-related  emissions. 

PACS:  81.15.Hi;  61.14.Hg;  78.55.Et 

Keywords:  ZnSe;  Homoepitaxy;  MBE 


1.  Introduction 

Molecular-beam  epitaxy  (MBE)  of  “blue-green” 
light  emitters  based  on  ZnSe  and  related  com¬ 
pounds  has  up  to  now  been  developed  mainly  on 
GaAs  substrates  -  available  at  low  cost,  large  size 
and  very  high  quality  -  because  of  the  lack  of 
substrate-quality  ZnSe  bulk  material.  However, 
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this  solution  looks  rather  like  makeshift  because 
the  necessary  optimization  of  the  heteropolar 
II-VI/III-Y  interface  is  extremely  delicate.  Conse¬ 
quently,  in  recent  years  serious  efforts  have  been 
undertaken  to  improve  the  quality  of  ZnSe  bulk 
material  and  significant  progress  has  been  achieved 
in  terms  of  material  purity  [1-3]  and  structural 
quality  [2,4].  High-performance  light-emitting 
diodes  grown  on  ZnSe  substrates  are  indeed  emerg¬ 
ing  [5,  6]. 

Recently,  we  have  demonstrated  that  solid-phase 
recrystallization  (SPR)  allows  to  obtain  ZnSe  single 
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crystals  of  the  highest  quality  currently  achievable 
[7-9].  Line  widths  of  the  X-ray  rocking  curves  lie  in 
the  14-20  arcsec  range.  The  low-temperature 
photoluminescence  (PL)  spectra  are  dominated  by 
excitonic  recombinations  with  negligible  donor-ac¬ 
ceptor  pair  (DAP)  bands.  More  importantly  no 
Cu-related  deep-level  emission  is  detected.  In  this 
work,  we  study  the  potential  of  these  wafers  for  use 
as  homoepitaxial  substrates.  We  compare  various 
substrate  preparations.  We  show  that  both  the  ex 
situ  and  in  situ  preparations  are  critical  to  obtain 
a  high-quality  homoepitaxial  growth.  High-quality 
epitaxial  layers  exhibit  PL  spectra  dominated  by 
excitonic  emission  with  negligible  deep-level  related 
and  defect-related  emissions. 


2,  Experimental  procedure 

For  the  growth  of  ZnSe  single  crystals  by  SPR, 
microcrystalline  ZnSe  boules,  grown  by  chemical- 
vapour  deposition  at  II-VI  Inc.,  were  annealed  in 
the  1000-1 100°C  temperature  range  under  Se-rich 
conditions  for  20  days.  As  a  result  large 
( 20  cm^)  single  crystals  were  obtained.  As-grown 
samples  are  highly  resistive.  More  details  on  the 
growth  procedure  can  be  found  in  Ref.  [7].  After 
growth,  the  boules  were  oriented  along  the  [1  0  0] 
azimuth  and  cut  into  1.5  x  3  x  0.2  cm^  pieces.  Each 
sample  was  then  mechanically  polished  with 
alumina  powder  to  a  mirror-like  finish.  The  sam¬ 
ples  were  then  further  mechano-chemically 
polished  (MCP)  or  chemically  polished  (CP)  with 
various  solutions  and  soldered  with  an  In-Ga  alloy 
on  the  Mo  substrate-holders. 

The  homoepitaxial  layers  have  been  grown  by 
solid-source  MBE  in  a  three-chamber  system 
equipped  with  an  in  situ  reflection  high-energy  elec¬ 
tron  diffraction  (RHEED)  set-up.  The  electron  gun 
was  operated  at  20  keV.  The  growth  temperature 
was  280°C  and  the  Se/Zn  beam  equivalent- 
pressure  ratio  ~  2,  i.e.,  the  surface  stoichiometry 
during  growth  was  close  to  equilibrium  as  evid¬ 
enced  by  the  coexistence  of  both  (2  x  1)  and  c(2  x  2) 
reconstructions.  The  growth  rate  was  ~  0.5  ML/s. 
As-grown  samples  have  been  characterized  by 
low-temperature  PL  spectroscopy.  The  samples 
were  mounted  on  the  cold  finger  of  a  closed-cycle 


He  cryostat  regulated  at  10  K.  PL  was  excited  by 
the  325  nm  line  of  an  He-Cd  laser  (excitation 
power  ~5Wcm'’^),  and  detected  by  a  CO2- 
cooled  GaAs  detector  located  at  the  exit  of  a  64  cm 
spectrometer. 

3.  Results  and  discussion 

An  additional  reason  why  ZnSe  homoepitaxy  is 
not  more  popular  is  that  the  ideal  surface  prepara¬ 
tion,  a  critical  step  in  epitaxy,  is  not  yet  established. 
Various  wet  chemical  etches  based  on 
K2Cr207:H2S04  [10],  NH40H:H202  [10,11], 
Br2-methanol  [12],  or  a  combination  of  them  [13], 
have  been  proposed,  but  with  only  mitigated  suc¬ 
cess.  Dry  etching  using  either  BCI3  gas  [14]  or 
a  H2  plasma  [6]  have  also  been  implemented, 
this  last  technique  apparently  giving  satisfactory 
results. 

In  this  work,  all  mechanically  polished  ZnSe 
wafers  have  been  first  MCP  with  a 
KMn04:H2S04.  solution.  Then,  they  have  been 
MCP  and/or  CP  with  various  wet  etches.  The  re¬ 
sults  have  been  compared  in  terms  of  RHEED 
patterns  and  PL  properties. 

When  the  substrate  is  further  MCP  and/or  CP 
with  a  K2Cr207 :  H2SO4  solution,  a  weak  RHEED 
pattern  is  already  visible  when  introducing  the 
sample  into  the  growth  chamber  at  100°C.  This 
pattern  is  invariably  spotty  and  no  improvement, 
beside  an  increase  of  the  intensity,  can  be  detected 
when  heating  up  under  a  Se  or  Zn  flux  to  the  limit 
of  substrate  degradation  ( 550°C).  The  growth 
starts  in  a  3D  mode  and  a  streaky  pattern  appears 
after  ^  50  nm  growth.  The  PL  spectra  are  domin¬ 
ated  by  defect-related  lines  which  reveal  that  this 
preparation  procedure  is  not  suitable. 

When  the  ZnSe  wafer  is  further  CP  with  the 
KMn04;H2S04  solution,  the  RHEED  pattern  at 
the  introduction  in  the  growth  chamber  is  either 
a  spotty  pattern  or  a  modulated  (1x1)  pattern.  In 
the  former  case,  no  amelioration  can  be  seen  when 
heating  up  the  substrate.  In  the  latter  case,  the 
streaks  get  longer  and  their  intensity  increase  with 
the  temperature.  When  heating  up  under  a  Zn  flux, 
a  faint  c(2  x  2)  reconstruction  progressively  emerges 
above  ~  400-450°C.  When  heating  up  under  a  Se 
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flux,  on  the  other  hand,  a  clear  (3x1)  reconstruc¬ 
tion  develops  above  400°C  (see  the  comment  given 
below  concerning  this  reconstruction).  Both  pat¬ 
terns  remain  unchanged  either  when  heating  up  the 
substrate  to  degradation  or  when  cooling  down  to 
the  growth  temperature.  In  both  cases,  the  growth 
starts  in  a  3D  mode  and  the  RHEED  returns  to 
streaky  after  deposition  of  ~  10  nm.  The  observed 
reconstructions  are  then  the  standard  (2x1)  or 
c(2  X  2)  or  a  mixture  of  both,  depending  on  the  flux 
conditions  [15].  The  PL  spectra  taken  from  such- 
prepared  samples  reveal  large  inhomogeneities  of 
the  layer  properties  as  well  as  a  poor  reproducibil¬ 
ity  from  sample  to  sample.  We  show  in  Fig.  1 
typical  PL  spectra  taken  from  two  different  points 
of  the  same  epilayer.  These  spectra  are  markedly 
different.  Spectrum  (a)  is  dominated  by  DAP  bands, 
the  position  of  which  corresponds  well  to  oxygen- 
related  DAP  [16].  A  weak  Y-line  at  2.60  eV  is  also 
visible  revealing  the  presence  of  extended  defects 
[17].  Spectrum  (b)  on  the  other  hand  is  dominated 


Fig.  1.  PL  spectra  taken  from  two  different  points  of  a  single 
ZnSe  homoepitaxial  layer.  The  ZnSe  substrate  surface  had  been 
MCP  and  CP  with  the  KMn04:H2S04  solution. 


by  the  Y  line.  In  both  cases  the  near  band-edge 
(NBE)  emission  is  composed  of  free  exciton  (FX), 
neutral-donor  bound-exciton  (I2),  neutral-acceptor 
bound-exciton  (Ij),  deep-acceptor  bound-exciton 
(fdeep)  defect-related  (I®)  recombinations.  The 
presence  of  intense  Y  and  I®  lines  indicates  that  the 
epilayers  contain  a  high  density  of  extended  defects 

[17] ,  which  should  not  be  the  case  for  ho¬ 
moepitaxial  layers.  The  inhomogeneity  of  the  PL 
properties  leads  us  to  conclude  that  the 
KMn04 :  H2SO4  solution  produces  either  an  in¬ 
homogeneous  oxide  or  an  oxide  which  desorbs  non 
uniformly.  In  addition,  the  sample-to-sample  vari¬ 
ation  can  be  attributed  to  the  very  poor  stability  of 
the  solution.  Although  good  results  could  occa¬ 
sionally  be  obtained,  this  etch  thus  does  not  appear 
to  be  suitable. 

Finally,  we  have  tested  a  third  solution,  namely 
Br2  :HBr :  H2O,  which  is  often  used  to  prepare  the 
surface  of  InP  substrates.  After  MCP  with  this 
solution  the  initial  RHEED  exhibits  invariably 
a  streaky,  although  dim  and  sometimes  modulated, 
(1x1)  pattern  (Fig.  2a).  A  faint  c(2  x  2)  or  a  clear 
(3x1)  reconstruction  develops  when  heating  above 
~  400-450°C  under  a  Zn  or  Se  flux,  respectively. 
These  patterns  are  stable  when  heating  the  substra¬ 
te  up  to  degradation  or  when  cooling  down  to  the 
growth  temperature  (Fig.  2b  and  Fig.  2c).  When 
starting  the  growth  the  (3x1)  reconstruction  disap¬ 
pears  immediately  and  the  RHEED  turns  spotty 
(Fig.  3a).  Streaks  appear  again  after  ~  6  nm 
growth.  On  the  other  hand,  when  starting  the 
growth  the  c(2  x  2)  reconstruction  leads  to  a  con¬ 
tinuous  improvement  of  the  RHEED  pattern  which 
remains  streaky,  if  sometimes  modulated  (Fig.  3b). 
In  both  cases  the  classical  reconstructions  then 
develop. 

Before  turning  to  the  PL  properties  of  these 
layers  we  open  a  parenthesis  to  comment  on  the 
(3  X  1)  reconstruction  that  we  observe  when  heating 
the  substrates  under  a  Se  flux.  To  our  knowledge, 
this  pattern  has  never  been  observed  when  growing 
homo-  or  heteroepitaxial  ZnSe  layers.  On  the  other 
hand,  it  has  been  previously  reported  to  develop 
when  heating  up  ZnSe  substrates  before  epitaxy 

[18] .  This  reconstruction  disappears  as  soon  as  the 
growth  starts.  In  addition,  extensive  annealing  of 
ZnSe  homo-  or  hetero-epitaxial  layers  under  a  Se 
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flux  in  the  400-500°C  temperature  range  does  not 
lead  to  a  recovery  of  this  reconstruction.  We  are 
thus  inclined  to  attribute  this  reconstruction  to 
adsorbates,  probably  stemming  from  the  polishing 
procedures.  Further  work  is  necessary  to  clarify 
this  point. 

We  believe  that  the  different  qualities  of  the 
RHEED  patterns  observed  when  starting  the 
growth  are  directly  linked  to  the  pre-growth  recon¬ 
structions.  Starting  from  a  (3  x  1)  surface,  a  reor¬ 
ganization  of  the  surface  is  necessary  to  evolve 
toward  a  classical  reconstruction  and  results  in  the 
systematically  observed  transient  spotty  RHEED- 
pattern.  On  the  other  hand,  since  the  c(2  x  2)  recon¬ 
struction  is  a  standard  reconstruction  for  a  ZnSe 
surface  the  growth  on  such  a  surface  can  start  in 
a  smooth  2D  mode. 

These  initial  stages  of  the  MBE  growth  have  also 
a  dramatic  impact  on  the  PL  properties  of  the 
layers.  We  show  in  Fig.  4  the  PL  spectra  taken 
from  homoepitaxial  layers  grown  from  (3  x  1)  and 
c(2  X  2)  starting  surfaces.  Both  spectra  are  domin¬ 
ated  by  similar  NBE  emission  which  will  be  com¬ 
mented  below.  Important  in  our  context  is  to 
compare  the  deep-level  emissions.  The  spectrum  of 
the  layer  grown  from  the  (3x1)  surface  exhibits 
weak  DAP  bands  as  well  as  a  pronounced  Y  line 
(Fig.  4a).  The  defect  related  I®  line  is  also  clearly 
detected.  On  the  other  hand,  negligible  DAP  emis¬ 
sion  as  well  as  Y  line  are  detected  when  growth 
starts  on  the  c{2  x  2)  reconstruction  (Fig.  4b).  This 
is  consistent  with  the  fact  that  ZnSe  grows  initially 
in  a  3D  mode  on  the  (3  x  1)  surface  and  in  a  2D 
mode  on  the  c(2  x  2)  surface.  After  3D  nucleation, 
extended  defects  are  generated  during  island  co¬ 
alescence  and  give  rise  to  the  1°  and  Y  lines  in  the 
PL  spectra.  These  data  reveal  that  the  in  situ  heat 


- - - - - - - 

Fig.  2.  RHEED  patterns  observed  from  a  ZnSe  MCP  with  the 
KMn04:H2S04  and  Br2:HBr:H20  solutions  in  sequence; 
(a)  at  the  introduction  in  the  growth  chamber  a  (1  x  1)  recon¬ 
struction  is  observed  ([1  10]  azimuth);  (b)  after  heating  to  500‘"C 
under  a  Se  flux  and  cooling  down  to  growth  temperature  a  clear 
(3x1)  reconstruction  is  observed  ([1  10]  azimuth);  (c)  after 
heating  to  500°C  under  a  Zn  flux  and  cooling  down  to  growth 
temperature  a  weak  c(2  x  2)  reconstruction  is  observed  ([1  0  0] 
azimuth). 
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Fig.  3.  RHEED  pattern  observed  after  3  nm  growth.  The  ZnSe 
substrate  was  MCP  ex  situ  with  the  KMn04 :  H2SO4  and 
Br2 :  HBr ;  H2O  solutions  in  sequence.  One  sample  was  heated 
up  in  situ  under  a  Se  flux  leading  to  a  (3  x  1)  reconstruction  prior 
to  growth  (a),  the  other  one  was  heated  up  in  situ  under  a  Zn  flux 
leading  to  a  c(2  x  2)  reconstruction  prior  to  growth  (b). 

treatment  of  the  sample  has  a  decisive  effect  on  the 
quality  of  the  homoepitaxial  growth. 

The  NBE  emission  is  dominated  by  a  neutral- 
donor  bound-exciton  I2,  the  free  exciton  FX  and 
a  neutral-acceptor  bound-exciton  recombina¬ 
tions  (Fig.  4).  We  have  shown  by  selective  PL  [19] 
that  the  impurities  responsible  for  the  I2  line  are  Ga 
and  In,  most  probably  coming  from  the  alloy  used 


2.80  2,75  2,70  2.65  2.60  2.55 

Energy  (eV) 

Fig.  4.  PL  spectra  taken  from  two  ZnSe  homoepitaxial  layers 
grown  on  substrates  etched  with  the  KMn04 :  H2SO4  and 
Br2:HBr:H20  solutions  in  sequence.  One  sample  was  heated 
up  in  situ  under  a  Se  flux  leading  to  a  (3  x  1)  reconstruction  prior 
to  growth  (a),  the  other  one  was  heated  up  in  situ  under  a  Zn  flux 
leading  to  a  c{2  x  2)  reconstruction  prior  to  growth  (b). 

to  mount  the  samples  on  the  Mo  substrate  holders, 
and  that  Li  diffusing  from  the  substrate  where  it  is 
the  dominant  impurity  [8,  9]  is  responsible  for  the 
Ii  line. 

These  results  thus  indicate  that  preparing  the 
ZnSe  substrate  by  an  ex  situ  etching  with  the 
Br2 :  HBr :  H2O  solution  followed  by  an  in  situ  heat 
treatment  under  a  Zn  flux  appears  as  a  satisfactory, 
albeit  not  yet  optimized,  procedure  to  grow  high- 
quality  ZnSe  homoepitaxial  layers.  In  addition,  our 
data  provide  further  evidence  that  ZnSe  single  crys¬ 
tals  grown  by  SPR  are  of  sufficient  high-quality  to 
be  used  as  substrates  in  epitaxy.  We  point  out  here 
that  homoepitaxial  growth  proceeds  much  better 
than  heteroepitaxial  growth  on  GaAs  substrates,  as 
evidenced  by  the  observation  of  much  thinner 
streaks  in  the  RHEED  patterns  and  many  more 
oscillations  of  the  specular  spot.  Finally,  we  wish  to 
stress  that  the  PL  spectrum  displayed  in  Fig.  4b  is 
among  the  best  ever  published  for  ZnSe  homo¬ 
epitaxial  layers.  The  absence  of  defect-related  lines, 
in  contrast  to  recent  reports  [10-12,20],  is  the 
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signature  of  a  remarkable  improvement  of  ZnSe 
homoepitaxial  growth. 


4.  Conclusions 

We  have  studied  different  preparations  of  the 
ZnSe  surface  before  homoepitaxial  growth.  We 
have  shown  that  an  ex  situ  etch  based  on  the 
Br2:HBr:H20  solution  provides  a  good  quality 
surface.  Further,  we  have  shown  that  the  in  situ 
heat  treatment  plays  a  key  role  in  the  ZnSe  nuclea- 
tion.  A  Zn  flux  has  to  be  impinging  on  the  surface 
during  heating  in  order  to  achieve  a  2D  nucleation. 
This  procedure  allowed  us  to  grow  ZnSe  ho¬ 
moepitaxial  layers  exhibiting  superior  optical  prop¬ 
erties.  This  paves  the  way  for  the  growth  and  study 
of  ZnSe-based  heterostructures  aiming  at  prepar¬ 
ing  light-emitting  devices. 
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Abstract 

A  new  gas  source  n-type  dopant,  ethylchloride  (EtCl),  was  used  for  MBE  growth  of  ZnSe  and  ZnS.  Carrier 
concentrations  up  to  3.2  x  lOig  and  3.5  x  10^^  cm“^  were  achieved  for  ZnSe  and  ZnS,  respectively.  The  use  of  the  gas 
source  dopant  is  advantageous  in  maintaining  the  MBE  chamber. 

PACS:  72.80.Ey 
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1.  Introduction 

Recent  progress  on  p-  and  n-type  conductivity 
control  of  ZnSe-based  II-VI  compounds  has  facilit¬ 
ated  the  use  of  these  compounds  in  blue-green  laser 
applications  [1,2].  Nitrogen  gas  activated  by  an 
RF  plasma  cell  is  an  efficient  p-type  dopant  vyhich 
can  be  introduced  into  the  growth  chamber 
through  a  variable  leak  valve  [3,  4].  The  source  of 
the  dopant  gas  can  be  separated  completely  from 
the  vacuum  chamber,  which  is  advantageous  in 
maintaining  the  MBE  chamber.  A  solid  source  of 
zinc  chloride  (ZnCla),  which  is  evaporated  by  a  con- 
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ventional  Knudsen  cell  in  the  vacuum  chamber,  is 
used  extensively  as  an  n-type  dopant.  ZnCl2  is  an 
efficient  n-type  dopant  for  ZnSe.  However,  the  rela¬ 
tively  high  vapor  pressure  of  this  source  material 
limits  the  baking  temperature  of  the  chamber  to 
about  lOO'^C  because  the  diffusion  of  ZnCl2  in  the 
MBE  chamber  contaminates  the  other  sources. 
Therefore,  considerable  attention  is  necessary  when 
utilizing  ZnCl2  during  MBE  growth. 

In  this  study  we  used  ethylchloride  (EtCl),  an 
alternate  n-type  dopant  source.  EtCl  is  a  liquid 
source  with  high  vapor  pressure  at  room  temper¬ 
ature  and  can  be  introduced  into  the  chamber 
through  a  variable  leak  valve.  The  use  of  EtCl 
makes  it  possible  to  place  the  dopant  source  out¬ 
side  of  the  growth  chamber  and,  therefore,  enables 
a  higher  chamber  baking  temperature.  In  addition. 
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EtCl  can  be  easily  baked  out  due  to  its  high  vapor 
pressure.  This  new  design  also  allows  us  to  main¬ 
tain  the  dopant  source  and  the  vacuum  chamber 
separately. 


2.  Experimental  procedure 

ZnSe  layers  were  grown  by  conventional  MBE 
using  high-purity  zinc  (6  N)  and  selenium  (6  N)  as 
sources.  The  growth  was  performed  at  250°C  with 
an  equivalent  beam  pressure  ratio  (VI/II)  between 
3  and  5.  High-purity  elemental  sulfur  (6N)  was 
used  for  the  ZnS  growth.  A  specially  designed 
cracker-efifusion  cell  was  used  as  the  sulfur  source 
[5].  The  growth  temperature  was  kept  between 
150°C  and  190°C,  and  the  VI-II  beam  equivalent 
pressure  ratio  ranged  from  3  to  10. 

GaAs(lOO)  wafers  were  used  as  substrates  for  the 
growth  of  both  ZnSe  and  ZnS.  After  organic  sol¬ 
vent  degreasing,  the  wafer  was  etched  in  a  solution 
of  Semicoclean  23  (Furuuchi)  for  60  min.  Prior  to 
the  growth,  the  wafer  was  thermally  cleaned  in  the 
growth  chamber  at  600°C  for  30-60  min  to  remove 
the  oxide  layer.  A  streaky  RHEED  pattern  was 
observed  after  these  preparations. 

EtCl  was  introduced  into  the  MBE  chamber 
through  a  variable  leak  valve.  The  beam  pressure 
was  monitored  by  an  ion  gauge.  No  cracking  was 
performed  in  this  study.  The  EtCl  stream  was 
switched  between  a  vent  line  and  the  MBE  cham¬ 
ber  by  a  computer-controlled  air  valve  system,  as 
shown  in  Fig.  1.  This  switching  procedure  pre¬ 
vented  an  inadvertent  introduction  of  EtCl  into  the 
MBE  chamber. 


Variable  Leak  Valve 


Manual 

Valve 


Air 

Vaive 


Air  Valve 


Main  Chamber 


CoH.CI 


Vent  Line 
(Vacuum) 


Liquid  at  RT 


Fig.  1.  Schematic  diagram  of  gas  lines  for  EtCl  introduction. 


The  carrier  concentration,  resistivity,  and  mobil¬ 
ity  were  measured  using  the  Van  der  Pauw  method 
at  room  temperature.  Indium  soldering  was  used  to 
make  ohmic  contacts  on  both  n-ZnSe  and  n-ZnS 
layers. 

The  photoluminescence  was  excited  by  a  He-Cd 
laser  (325  nm,  1.5  mW),  and  was  detected  by 
a  photon  counter  with  a  cooled  GaAs  photomultip¬ 
lier.  The  samples  were  immersed  in  liquid  helium, 
which  could  be  pumped  below  the  %  point. 


3.  Results  and  discussion 

To  control  the  doping  level  of  ZnSe,  the  Knud- 
sen  cell  for  ZnCU  must  be  operated  accurately  at 
a  low  temperature  (below  200‘’C)  because  of  its  high 
vapor  pressure.  However,  such  low-temperature 
operation  makes  it  difficult  to  maintain  an  accurate 
temperature  for  the  commonly  used  Knudsen  cell. 
In  contrast,  the  beam  pressure  of  EtCl  can  be  main¬ 
tained  mechanically  by  using  a  variable  leak  valve, 
which  is  an  established  technique  for  introducing 
gas  sources  into  an  MBE  chamber.  Therefore,  the 
extensive  beam  pressure  range  of  EtCl  was  accu¬ 
rately  achieved. 

Fig.  2  shows  the  EtCl  beam  pressure  dependence 
of  the  carrier  concentration  and  the  mobility  of  the 
Cl-doped  ZnSe  layers.  When  the  beam  pressure 
of  EtCl  was  increased  from  2.0  x  10"^  to 
1.0  X  10"^  Torr,  the  carrier  concentrations  of  the 


Fig.  2.  The  EtCl  beam  pressure  dependence  of  the  carrier  con¬ 
centration  and  the  mobility  of  Cl-doped  ZnSe  layers. 
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ZnSe  samples  increased  almost  linearly  from 
7.9x10^^  to  3.2  X 10^^  cm The  highest  carrier 
concentration  obtained  in  this  study  was  limited  by 
the  achievable  beam  pressure  of  EtCl  in  the  MBE 
system.  An  electron  concentration  of  1  x  10^^  cm” ^ 
can  be  achieved  by  the  use  of  ZnCl2  as  an  n-type 
dopant  [6];  this  value  is  higher  than  that  obtained 
in  this  study.  An  increase  of  the  Cl  incorporation  in 
ZnSe  is  essential  to  obtain  samples  with  higher 
electron  concentrations.  The  use  of  a  thermal 
cracking  cell  will  promote  the  decomposition  of 
EtCl  and  enable  us  to  obtain  heavily  doped  ZnSe 
samples. 

Fig.  3  indicates  the  low-temperature  photo¬ 
luminescence  spectra  of  the  Cl-doped  ZnSe  layers 
with  different  electron  concentrations.  The  lightly 
doped  sample  exhibited  a  dominant  excitonic  emis¬ 
sion  at  2.795  eV,  which  agrees  well  with  the  donor 
bound  exciton  observed  in  ZnSe  epitaxial  layers 
grown  on  GaAs  substrates.  The  spectral  line  shape 
broadened  as  the  carrier  concentration  increased, 
and  the  peak  position  finally  shifted  to  the  higher 
energy  side,  due  to  the  degenerate  conduction  band 
resulting  from  the  highly  incorporated  Cl  donors 
(Fig.  3c). 

Orange  deep  emission  from  the  Cl-doped  ZnSe  is 
known  as  a  self-activated  (SA)  emission,  which  is 
a  donor-acceptor  (DA)  pair  transition  between 
a  shallow  donor  (Cl)  and  a  complex  of  Cl  and 


PHOTON  ENERGY  (eV) 


Fig.  3.  Excitonic  emission  of  Cl-doped  ZnSe  using  EtCl  as 
a  dopant:  (a)  n  =  1.1  x  10^^  cm“^;  (b)  n  =  1.4  x  10^®  cm"^;  (c) 
n  =  3.2  X  10^^  cm“^. 


Zn-vacancy,  which  acts  as  a  deep  acceptor  [7].  The 
increase  of  SA  emission  intensity  is  reflected  by  the 
high  compensation  ratio  of  Cl  donors.  However,  in 
this  study,  even  the  heavily  doped  sample  with 
3.2xl0^^cm”^  electrons  exhibited  intense  edge 
emission  but  very  weak  orange  deep  emission,  as 
shown  in  Fig.  4.  This  result  indicates  that  the  com¬ 
pensation  of  the  doped  donor  in  these  samples  is 
suppressed  considerably  under  doping  conditions 
using  EtCl  as  a  dopant  source. 

Cl-doping  into  ZnS  is  difficult  compared  to 
ZnSe.  The  optimum  temperature  of  ZnS  growth 
using  an  elemental  sulfur  as  a  group- VI  source  is 
lower  than  that  of  ZnSe  growth  because  the  stick¬ 
ing  coefficient  of  sulfur  is  lower  than  that  of 
selenium.  When  the  ZnS  layers  were  grown  at 
150°C,  the  maximum  carrier  concentration  was 
5  X  10^^  cm“^,  which  is  low  compared  to  Cl-doped 
ZnSe  (Table  1).  We  suspect  that  the  lower  growth 
temperature  of  ZnS  affected  the  decomposition  rate 
of  EtCl.  When  we  increased  the  growth  temper¬ 
ature  to  190°C,  the  carrier  concentration  increased 
to  3.5  X  10^^  cm"^  (Table  1),  while  the  growth  rate 
reduction  was  only  30%.  Therefore,  the  primary 
reason  for  the  increase  in  carrier  concentration  was 
the  increase  in  the  EtCl  decomposition  efficiency  at 
a  higher  growth  temperature. 

MBE  growth  of  ZnS  has  not  been  investigated 
extensively,  therefore  there  are  only  a  few  reports 


Fig.  4.  Photoluminescence  spectrum  of  heavily  doped 
ZnSe :  Cl. 
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Table  1 

Electrical  properties  of  Cl-doped  ZnS  layers 


Sample 

no. 

EtCl  beam 
pressure  (Torr) 

Uub  (°C) 

Carrier 

concentrations  (cm"^) 

334 

9x10"® 

150 

High  resistivity  (<10^®) 

333 

3x10"'' 

150 

High  resistivity  (<10^®) 

332 

5x10"^ 

150 

High  resistivity  (<I0^®) 

362 

5xl0~® 

150 

3.5x10'^ 

429 

1  xlO"^ 

150 

5.0  X  10^^ 

430 

X 

o 

190 

3.5x10^^ 

2.40  2.70  3.00  3.30  3.60  3.90 

PHOTON  ENERGY  (eV) 


Fig.  5.  Photoluminescence  spectra  of  (a)  undoped  ZnS  and  (b) 
Cl-doped  ZnS  using  EtCl  as  a  dopant. 


on  n-type  doping  by  MBE.  The  electron  concentra¬ 
tion  of  10^^  cm"^  was  achieved  for  homo-epitaxial 
ZnS  using  an  Al  metal  as  a  dopant  [8].  However, 
the  doping  limit  of  group-III  donors  in  ZnSe  pro¬ 
ved  to  be  in  the  order  of  10^^  cm"^  [9].  Therefore, 
it  is  important  to  find  an  efficient  group- VII  dopant 
for  ZnS,  which  can  be  used  for  ZnSe  as  well.  The 
increase  in  carrier  concentration  is  the  key  issue  for 
utilizing  EtCl  as  an  n-type  dopant.  In  this  study, 
EtCl  was  introduced  to  the  substrate  without 
cracking;  however,  the  use  of  a  cracking  cell  for 


EtCl  might  be  important  in  increasing  the  doping 
concentrations,  as  mentioned  above. 

The  photoluminescence  of  undoped  ZnS  exhib¬ 
ited  a  dominant  excitonic  emission,  such  as  a  do¬ 
nor-bound  exciton  and  an  acceptor-bound  exciton 
(Fig.  5a).  However,  even  the  lightly  Cl-doped 
sample  ( #  334)  exhibited  a  dominant  blue  SA  emis¬ 
sion,  resulting  in  a  high  compensation  ratio  of  the 
Cl  donor  in  ZnS  (Fig.  5b).  Further  investigation 
into  this  compensation  behavior  is  required  to  in¬ 
crease  the  doping  level  in  ZnS. 

4.  Conclusions 

EtCl  was  used  as  an  n-type  dopant  source  for 
ZnSe  and  ZnS  during  MBE  growth.  Carrier  con¬ 
centrations  up  to  3.2  X  10^®  cm for  ZnSe  and 
3.5  X  10^^  cm  for  ZnS  were  successfully  achieved. 
Using  this  liquid  dopant  source  with  high  vapor 
pressure  enables  us  to  separate  the  dopant  from  the 
MBE  chamber. 
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Abstract 

The  basic  model  of  MBE  growth  of  ZnMgSSe  at  275°C  is  considered.  The  net  flux  intensity  is  expressed  by  the  product 
of  the  flux  intensity  and  the  maximum  sticking  coefficient  for  the  cracked  or  heated  beam  flux.  The  surface  of  the  crystal  is 
divided  into  a  surface  covered  with  group  II  elements  (surface  II)  and  a  surface  covered  with  group  VI  elements  (surface 
VI)  and  the  adatom  density  is  almost  the  same  at  surface  II  and  surface  VI.  The  desorption  of  these  adatoms  is  expressed 
by  considering  the  effect  of  cluster  such  as  S2  and  Se2.  The  desorption  from  the  surface  is  disregarded  because  the  growth 
temperature  is  low.  The  experimental  composition  and  the  growth  rate  of  ZnMgSSe  agrees  with  the  values  calculated 
using  this  theory  and  the  tendency  of  these  properties  when  the  c(2  x  2)  pattern  is  observed  is  different  from  the  tendency 
when  (2  X  1)  is  observed. 

PACS:  68.22;  68.55;  81.10.B;  81.15 

Keywords:  ZnMgSSe;  MBE;  Adatom;  Desorption;  Cluster;  RHEED 


1.  Introduction 

The  properties  of  II-VI  compound  semiconduc¬ 
tors  laser  diodes  (LDs)  are  improved  and  100  h 
device  lifetime  vyas  reported  [1].  For  further  im¬ 
provement,  basic  investigation  in  the  crystal 
growth  is  necessary.  The  vapor  pressure  of  group  II 
and  VI  elements  is  relatively  high,  although  that  of 
II-VI  compound  semiconductor  is  relatively  low. 
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Thus,  the  mechanism  of  molecular  beam  epitaxy 
(MBE)  growth  of  II-VI  compound  semiconductors 
may  be  different  from  that  of  III-V  compound 
semiconductors  [2-4],  whose  growth  mechanism  is 
similar  to  that  of  group  VI  semiconductors.  In  the 
crystal  growth  of  II-VI  compound  semiconductors 
[5-7],  we  must  consider  the  surface  covered  with 
group  II  elements  and  that  covered  with  group  VI 
elements.  Although  we  can  understand  the  basic 
mechanism  of  MBE  growth  of  ZnSe  from  these 
works,  many  details  are  not  yet  clear.  In  this  paper, 
we  consider  the  basic  model  of  MBE  growth  of 
ZnMgSSe.  And  we  aim  to  establish  the  growth 
mechanism  of  II-VI  compound  semiconductors. 
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2.  Experimental  procedure 

ZnMgSSe  films  were  grown  on  semi-insulated 
(10  0)  GaAs  substrates  by  MBE.  The  source  mater¬ 
ials  were  elemental  Zn  (6N),  Se  (6N),  S  (6N),  Mg 
(6N).  As  the  element  S  source,  we  used  a  valved 
cracking  S  cell  The  evaporating  temperature  was 
110°C.  The  growth  temperature  was  275°C.  At 
present  most  II-VI  LDs  are  fabricated  at  the 
growth  temperature  of  280°C  [1].  The  growth  rate 
was  measured  in  reference  to  an  image  of  the 
cleaved  facet  which  was  taken  using  a  scanning 
electron  microscope  (SEM).  The  composition  x  and 
y  of  Zni_;cMg:,Sj,Sei_y  were  determined  by  elec¬ 
tron-probe  microanalysis  (EPMA).  Reflection 
high-energy  electron  diffraction  (RHEED)  was 
used  to  monitor  the  surface  reconstruction  pattern 
of  each  sample.  When  group- VI  element  (group-II 
element)  flux  is  irradiated,  a  (2  x  1)  (c(2  x  2))  pattern 
is  observed. 

The  beam  flux  intensity  was  estimated  by 
measuring  the  mass  of  the  deposition  on  a  liquid- 
nitrogen-cooled  (below  0°C)  GaAs  substrate.  From 
a  comparison  between  the  flux  intensity  estimated 
from  the  mass  of  the  elements  and  the  beam  pres¬ 
sure  measured  using  a  Bayard-Alpert  (BA)  ioniz¬ 
ation  gauge,  we  obtained  the  sensitivity  of  the  BA 
gauge  in  the  following  equation: 

Ji(10^"  cm"^  s"^)  =  Torr),  (1) 

where  J\  is  the  flux  intensity  and  Pj  is  the  beam 
pressure  measured  by  the  BA  gauge  (i  =  Mg,  Zn,  S, 
Se).  The  inverse  of  the  sensitivity  (x)  of  Mg,  Zn,  S,  Se 
are  estimated  to  be  1.8, 1.1, 0.7  and  0.5,  respectively. 
Generally,  BA  gauge  sensitivity  is  a  function  of  the 
electron  number/molecule  [8].  The  lower  x  of  an 
anion  such  as  S  and  Se  than  that  of  a  cation  is 
explained  by  the  effect  of  a  cluster  such  as  S2  and 
Se.. 


3.  Theory 

In  this  paper  we  propose  the  following  model: 

(1)  The  net  flux  intensity  is  expressed  by  the 
product  of  the  flux  intensity  from  the  effusion  cell 
(Jj)  and  the  maximum  sticking  coefiicient  (kj).  Gen¬ 
erally,  the  sticking  coefficient  of  cation  (anion)  in¬ 


creases  with  increasing  flux  intensity  of  anion  (ca¬ 
tion).  We  define  the  maximum  sticking  coefficient 
ki  as  the  limit  of  this  sticking  coefficient. 

(2)  The  surface  of  the  crystal  is  divided  into 
a  surface  covered  with  group  II  elements  (surface  II) 
and  a  surface  covered  with  group  VI  elements  (sur¬ 
face  VI)  and  the  following  equation  applies: 

Coverage  of  surface  II  (^2)  and  surface  VI  (9^) 
may  correspond  to  the  intensity  of  c(2  x  2)  and 
(2x1),  respectively.  When  the  desorption  is  not 
large,  the  adatom  density  (nO  is  almost  the  same  at 
surfaces  II  and  VI  because  the  adatom  moves  be¬ 
tween  surfaces  II  and  VI  [7]. 

(3)  The  incorporation  of  an  adatom  is  propor¬ 
tional  to  nj  of  group  II  (VI)  elements  and  06  (02)- 
Group  II  (VI)  elements  are  incorporated  on  surface 
VI  (II). 

(4)  The  desorption  of  a  cation  such  as  Zn  or  Mg 
on  surface  II  (VI)  is  proportional  to  Ui  and  62  (de)- 
When  the  anion  beam  flux,  which  is  a  cluster  beam, 
reaches  the  crystal  surface,  the  adatoms  may  be 
dissolved  to  smaller  clusters  or  atoms.  The  desorp¬ 
tion  of  these  adatoms  on  surface  II  (VI)  is  expressed 
by  D2inJ62  (DeinlOel  The  desorption  rate  on  surface 
II  D2i  is  different  from  the  desorption  rate  on  sur¬ 
face  VI  Dei. 

(5)  The  desorption  from  the  surface  is  expressed 
by  D,2Ni92  +  DseNiOe  where  DsiiDse)  is  the  de¬ 
sorption  rate  from  surface  II  (surface  VI),  and  Vj  is 
the  density  of  the  atom  sites.  When  the  growth 
temperature  is  below  280°C,  we  observed  that  the 
reconstruction  pattern  of  (2x1)  (c(2  x  2))  did  not 
change  to  c(2  x  2)  ((2  x  1))  during  the  time  of  1  ML 
growth  without  beam  irradiation.  Thus,  Ds2 

Ds6  is  determined  to  be  0. 

The  following  equations  can  be  derived  when 
these  equations  are  applied  to  ZnMgSSe: 

d(ni)/dt  =  kiJi  -  (D2i02  +  Dei9e)nJ  -  ^02 

=  0  (i  =  S,  Se),  (3) 

d{nd/dt  =  kji  -  {D2i92  +  Defiehi  -  PiVifie 

=  0  (i  =  Mg,Zn),  (4) 

where  ^21  and  D^i  are  the  desorption  rate  of 
adatoms  on  surface  II  and  surface  VI,  and  Pi  is  the 
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incorporation  rate  of  adatoms.  In  this  paper,  we  use 
y  =  2  because  we  assume  adatoms  of  S  and  Se 
dissolved  at  the  surface  desorb  as  clusters  such  as 
S2  and  Se2  and  because  7  =  1  cannot  explain  the 
experimental  results.  Although  S  and  Se  (bulk)  may 
desorb  as  another  type  of  cluster  such  as  82-83, 
Se2-Se8  at  near  RT,  the  species  desorbed  from  the 
surface  are  assumed  to  be  82  and  Se2  at  275°C.  In 
steady  state,  the  following  equation  applies: 

NydQJdt  =  Pse^Se^l  +  ~  PZn^Zn^6 

PMg^Mg^6  (^) 

From  these  equations,  the  coverage  9^  and  the 
adatom  density  n-^  can  be  calculated.  We  consider 
that  both  the  group  II  element  stabilized  pattern 
c(2  X  2)  and  the  group  VI  element  stabilized  pattern 
(2  X  1)  can  be  observed  when  the  coverage  is  the 
same,  O2  =  9^.  When  02  is  nearly  equal  to  1,  c(2  x  2) 
is  dominant.  When  9^  is  nearly  equal  to  1,  (2  x  1)  is 
dominant.  When  both  patterns  are  observed,  the 
surface  may  be  stoichiometric.  The  growth  rate 
g  (cm“^  s”^)  is  expressed  by  the  adatom  incorpor¬ 
ated,  when  the  crystal  is  stoichiometric,  as 

g  =  Pznnzrfie  +  PMg^Mg^e  =  PSe«Se^2  +  Ps^S^2-  (6) 

The  growth  rate  whose  unit  is  pm/h  is 

G(pm/h)  =  g/6.26  x  10'^  x  2.83  x  10”^  x  3600.  (7) 

The  mole  fraction  of  Mg  and  that  of  8  is  expressed 
by  the  following  equations: 

^  =  PMg^Mg/(PMg^Mg  +  PZn^ZnX  (8) 

y  =  Psns/iPsris  +  PSe^Se)  (9) 


4.  Sticking  coefficient  of  cracked  S 

To  obtain  the  sticking  coefficient,  we  fab¬ 
ricated  ZnMg88e  under  the  same  growth  condi¬ 
tions  except  for  the  cracking  temperature  of  the 
8  cell,  Tcrack-  The  sticking  coefficient  was  obtained 
from  the  growth  rate,  the  composition  and  the 
beam  flux  intensity.  When  T^rack  of  the  S  cell  is 
increased,  the  sticking  coefficient  of  8  decreased 
(Fig.  1).  From  Fig.  1,  we  see  that  the  sticking  coef- 


0  0.5  1  1.5  2  2.5  3 

1000/W[1/K] 


Fig.  1.  Cracking  temperature  dependence  of  the  sticking  coeffic¬ 
ient  of  S  in  ZnMgSSe. 


ficient  of  8  is  about  0.5  when  the  cracking  temper¬ 
ature  is  250°C.  Although  the  sticking  coefficient  of 
8  becomes  higher  at  a  higher  group  II  flux  intensity, 
the  maximum  sticking  coefficient  is  considered  to 
be  smaller  than  1. 

In  the  first  stage  of  the  desorption  of  adatoms, 
the  energy  received  from  the  cracking  cell  plays 
a  crucial  role.  8  clusters  (8fc)  are  heated  in  the 
cracking  zone  at  250°C.  At  800°C,  the  dominant 
species  of  8  is  82  from  the  analogy  of  Zn8  [9], 
whose  cell  temperature  is  about  800°C,  although 
the  dominant  species  of  8  is  82,  83,  84,  85,  85,  83 
when  it  is  not  cracked  [9].  When  dissolved 
8t  reaches  the  substrate,  cracked  releases  the 
excess  energy,  which  increases  the  desorption  rate 
and  determines  the  maximum  sticking  coefficient. 
Thus,  with  increasing  cracking  temperature,  the 
excess  desorption  caused  by  the  excess  energy  in¬ 
creases  and  the  sticking  coefficient  of  8  decreases. 
After  8  releases  the  excess  energy,  the  desorption  is 
determined  by  the  same  method  as  that  of  8e. 


5.  Determination  of  the  growth  parameters 

The  growth  parameters  in  Eqs.  (3)  and  (4)  in 
Fig.  2  is  determined  in  this  section.  First  the  max¬ 
imum  sticking  coefficients  /cj  were  determined.  We 


590 


H.  Okuyama  et  al.  j  Journal  of  Crystal  Growth  1751176  (1997)  587-592 


Flux 

_ i 

1  Dg/egH/r 

-2j-L  Dq  i  Oq  ny 

IT 

1  Adatoms 

Pi  rii  62  or  Pi  Hi  Oq 

♦ _ 

Crystal 

/ 

Zn 

Mg 

S 

Se 

k 

1 

1 

0.65 

1 

D2  j 

0,5 

0.01 

0 

0 

Dei 

0 

0 

M 

0.15 

Y 

1 

1 

2 

2 

Pi 

1 

1 

1 

1 

Fig.  2.  Summary  of  the  growth  mechanism  of  ZnMgSSe.  Jj  is 
the  flux  intensity,  h,  is  the  maximum  sticking  coefficient,  D2i  is 
the  desorption  rate  from  surface  II,  D^i  is  the  desorption  rate 
from  surface  VI,  p;  is  the  adatom  incorporation  rate. 


confirmed  that  the  sticking  coefficient  of  Zn  (Se)  is 
1  when  the  flux  intensity  of  Se  (Zn)  is  about  ten 
times  larger  than  that  of  Zn  (Se),  as  previously 
reported  by  Venkatasubramanian  [7].  From  this 
experiment  and  by  analogy,  kzn,  ksc,  ^Mg  =  F  Next, 
Pi  (i:  Zn,  Mg,  S,  Se)  were  defined  as  1.  D^zn,  Deug, 
D2S  and  D2Se  are  considered  to  be  zero  because  the 
growth  temperature  is  low.  This  is  further  substan¬ 
tiated  by  the  analogy  between  D^2  =  0  and  =  0, 
because  D^zn  and  0^2  are  similar  parameters  be¬ 
cause  Z)s2  is  the  desorption  of  Zn  and  Mg  on  the 
second  layer  of  S  and  Se  and  D^zn  is  the  desorption 
of  Zn  on  surface  VI  which  is  made  from  S  and  Se. 
Thus,  to  determine  the  other  five  parameters  of 
Eqs.  (3)  and  (4),  about  15  samples  of  ZnSe,  ZnSSe, 
ZnMgSe  and  ZnMgSSe  were  fabricated  under  vari¬ 
ous  flux  conditions  and  we  applied  the  above  the¬ 
ory  to  the  experimental  results  of  the  growth  rate 
G  and  the  composition  of  Mg  (x)  and  S  (y),  al¬ 
though  we  do  not  show  the  experimental  data  of 
ZnSe,  ZnMgSe  and  ZnSSe.  Figs.  3-5  show  the 
comparison  between  the  experimental  x,  y,  G  and 
the  calculated  ones  of  Zni-^cMg^^S^^Sei-j,.  The  ex¬ 
perimental  value  of  ZnMgSSe  agrees  with  the  value 
calculated  using  this  theory  and  parameters  D2Zn^ 
DzMg,  Dgse  and  ks.  These  parameters  are  shown 
in  Fig.  2. 

For  group  II  elements,  the  composition  and  the 
growth  rate  can  be  explained  because  the  desorp¬ 


tion  of  Zn  is  larger  than  that  of  Mg.  When  the 
temperature  is  about  275°C,  the  vapor  pressure  of 
Zn  is  1.2xl0"^Torr  and  that  of  Mg  is 
1-2  X  10“^  Torr.  When  there  is  equilibrium,  the 
desorption  can  be  determined  from  the  following 
equation: 

PJ{2nmkBTY^^  =  njz,  (10) 

where  is  the  vapor  pressure  at  equilibrium,  k^  is 
Boltzman’s  constant,  T  and  m  are  the  substrate 
temperature  and  the  mass  of  adatoms,  is  the 
adatom  density  and  t  is  the  time  constant  of  the 
desorption.  The  ratio  of  the  desorption  rates 
D2Zn  and  Dzug  on  surface  II  used  in  Eq.  (4)  is  50 : 1, 
which  is  almost  the  same  as  the  ratio  (50 :  1)  ob¬ 
tained  from  Eq.  (10).  The  reason  is  that  Zn  and  Mg 
stick  to  surface  II  by  the  van  del  Waals  force,  which 
is  the  same  force  as  the  bond  between  the  atoms  of 
the  elements.  The  relation  between  the  desorption 
of  S  and  Se  {Des  >  F>6Se)  is  similar. 

For  group  VI  elements,  it  is  important  to  con¬ 
sider  the  cluster.  When  clusters  of  group  VI  ele¬ 
ments  desorb  on  the  surface,  some  atoms  or  some 
small  clusters  migrate,  meeting  to  form  larger  clus¬ 
ters.  Desorption  of  the  anion  is  usually  larger  than 
the  cation.  It  is  curious  that  the  desorption  of  Se 
(F>6Se  is  low  although  the  vapor  pressure  of  Se  is 
very  high.  In  our  experimental  results,  both  c(2  x  2) 
and  (2  x  1)  can  be  observed  when  ZnSe  is  grown 
and  the  ratio  of  the  beam  flux  intensity  of  Zn  to 
that  of  Se  is  7  :  5.  We  assume  that  the  desorption  of 
Se  becomes  low  when  the  adatom  density  is  low 
and  that  the  desorption  of  Se  becomes  large  when 
the  adatom  density  is  very  high. 


6.  Growth  of  ZnMgSSe 

The  samples  of  ZnMgSSe  were  grown  under  the 
growth  conditions  in  which  one  flux  intensity  is 
varied  and  other  three  flux  intensity  are  fixed.  The 
value  of  the  cracking  temperature  Tcrack  was  250°C. 
The  surface  reconstruction  patterns  were  classified 
into  A,  where  c(2  x  2)  is  dominant;  B,  where  both 
c(2  X  2)  and  (2  x  1)  is  observed;  and  C,  where  (2x1) 
is  dominant.  Fig.  3  shows  the  Zn  flux-intensity  de¬ 
pendence  of  the  composition,  the  surface  pattern, 
and  the  growth  rate.  When  C  pattern  is  observed, 
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Fig.  3.  Zn  flux-intensity  dependence  of  the  composition  of  Mg 
(x),  S  (y),  the  surface  coverage  (tig)  and  the  growth  rate  (G)  of 
ZnMgSSe.  The  symbols  show  the  experimental  data  (exp.)  and 
the  curves  show  the  calculated  value  (cal.). 

the  mole  fraction  of  Mg  increases  and  that  of  S  de¬ 
creases  and  the  growth  rate  decreases  with  decreas¬ 
ing  Zn  flux  intensity.  When  A  pattern  is  observed, 
the  mole  fraction  of  Mg  and  S  and  the  growth  rate 
remain  almost  constant  with  increasing  Zn  flux 
intensity.  Fig.  4  shows  the  S  flux-intensity  depend¬ 
ence  of  the  composition,  the  surface  pattern,  and 
the  growth  rate.  When  the  S  flux  intensity  increase, 
the  surface  reconstruction  pattern  changed  from 
A  to  B.  Under  the  growth  condition  in  Fig.  4,  the 
C  pattern  was  not  observed.  The  mole  fraction  of 
Mg  decreases  and  that  of  S  increases  and  the 
growth  rate  increases  with  increasing  S  flux  inten¬ 
sity.  Fig.  5  shows  the  Se  flux-intensity  dependence 
of  the  composition,  the  surface  pattern,  and  the 
growth  rate.  When  the  Se  flux  intensity  was  in¬ 
creased,  the  surface  reconstruction  pattern  changed 
from  A  to  B.  The  mole  fraction  of  Mg  and  S  de¬ 
creases  and  the  growth  rate  increases  with  increas¬ 
ing  Se  flux  intensity.  When  the  flux  intensity  of  Mg 
increases,  the  mole  fraction  of  Mg  and  S  increases, 
although  this  is  not  shown  in  the  figure.  From  these 
results,  the  tendency  of  these  properties  when 
c(2  X  2)  is  observed  are  different  from  the  tendency 
when  (2  x  1)  is  observed. 

The  origin  of  the  difference  between  the  cal¬ 
culated  value  and  the  experimental  value  is  con- 


'Izn'  "^Mg'  ‘^Se  “ 


Flux  Intensity,  Jq  [10'^^  cnr^  s'l] 


Fig.  4.  S  flux-intensity  dependence  of  the  composition  of  Mg 
(x),  S  (y),  the  surface  coverage  {Of)  and  the  growth  rate  (G)  of 
ZnMgSSe.  The  symbols  show  the  experimental  data  (exp.)  and 
the  curves  show  the  calculated  value  (cal.). 

•^Zn>  ‘^Mg-  4s  = 


Flux  Intensity,  Jse  [‘•0''®  cm-2  s*^] 

Fig.  5.  Se  flux-intensity  dependence  of  the  composition  of  Mg 
(x),  S  (y),  the  surface  coverage  (Og)  and  the  growth  rate  (G)  of 
ZnMgSSe.  The  symbols  show  the  experimental  data  (exp.)  and 
the  curves  show  the  calculated  value  (cal.). 

sidered  to  be  as  follows.  First,  the  relation  between 
the  flux  intensity  and  the  beam  pressure  is  a  difficult 
measurement  because  the  mass  of  the  flux  is  very 
small.  Second,  the  desorption  of  Se  is  relatively 
large  and  that  of  S  is  relatively  small  if  these 
adatoms  of  S  and  Se  are  desorbed  as  large  clusters 
which  include  both  S  and  Se.  Third,  the  unevenness 
of  the  crystal  surface  and  the  free  energy  balance 
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may  affect  the  growth.  Fourth,  the  desorption  from 
the  surface  may  not  be  disregarded. 

7.  Conclusions 

The  basic  model  of  MBE  growth  of  ZnMgSSe  at 
275''C  is  considered.  The  composition  and  the 
growth  rate  of  ZnMgSSe  were  measured.  They  are 
explained  by  a  theory  which  assumes  that  the  de¬ 
sorption  rate  of  adatoms  on  surface  II  is  different 
from  that  on  surface  VI  and  the  effect  of  clusters  is 
taken  into  consideration.  The  experimental  com¬ 
position,  growth  rate  of  ZnMgSSe  agrees  with  the 
value  calculated  using  this  theory  and  the  tendency 
of  these  properties  when  c(2x2)  is  observed  are 
different  from  the  tendency  when  (2  x  1)  is  ob¬ 
served. 
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Hydrogen  sulfide  treatment  of  GaAs  substrate  and  its  effects 
on  initial  stage  of  ZnSe  growth 
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Abstract 

Hydrogen  sulfide  (H2S)  treatment  of  GaAs  substrates  was  examined  by  means  of  in  situ  reflection  high  energy  electron 
diffraction  (RHEED)  and  ex  situ  atomic  force  microscope  (AFM)  observations.  Its  effects  on  initial  stage  of  molecular 
beam  epitaxy  (MBE)  of  ZnSe  were  also  investigated.  According  to  the  H2S  treatment  conditions,  an  atomically  flat 
surface  with  (4  x  3)  reconstruction  or  a  faceted  surface  with  (2  x  6)  reconstruction  was  obtained.  Clear  RHEED  intensity 
oscillations  over  40  cycles  were  observed  just  after  starting  the  growth  on  the  (4  x  3)  surface,  showing  two-dimensional 
(2D)  nucleation,  i.e.,  layer-by-layer  growth  of  ZnSe.  Etch  pit  density  (EPD)  of  the  epilayer  was  about  2.5  x  10^  cm“^, 
which  was  much  lower  than  that  obtained  by  the  ever  applied  ammonium-sulfide  ((NH4)2SJ  treatment. 

FACS:  81.60.Cp;  68.55.Bd;  68.55.Jk 

Keywords:  ZnSe;  MBE;  GaAs;  Sulfur  treatment 


1.  Introduction 

Since  it  has  been  revealed  that  rapid  degradation 
of  ZnSe-based  laser  diodes  is  due  to  pre-existing 
stacking  faults  seeded  at  ZnSe/GaAs  heterointer¬ 
face,  intensive  studies  have  been  done  for  reduction 
of  the  defects  [1,  2],  Now  it  is  commonly  under¬ 
stood  that  the  control  of  GaAs  substrate  surface 
and  initial  stage  of  growth  of  ZnSe  is  essentially 
important  for  high  quality  ZnSe/GaAs  hetero¬ 
epitaxy. 


*  Corresponding  author.  Fax:  -I-  81  75  753  5898;  e-mail:  suda@ 
kuee.kyoto-u.ac.jp. 


So  far,  thermal  cleaning  of  GaAs  substrate  in 
a  II-VI  growth  chamber  without  arsenic  over 
pressure  has  generally  been  employed,  but  high 
vapor  pressure  of  arsenic  makes  it  difficult 
to  control  the  surface  stoichiometry.  The  surface 
usually  became  Ga-rich,  which  obstructed  two- 
dimensional  (2D)  nucleation  of  ZnSe  and  resulted 
in  high  density  (10^-10^  cm“^)  of  the  stacking 
faults. 

As  one  of  the  solutions,  a  two  chamber  system  is 
used  to  grow  a  GaAs  epitaxial  buffer  layer  and  to 
control  the  surface  stoichiometry  precisely.  Re¬ 
cently,  it  was  reported  that  (2  x  4)  As-stabilized 
GaAs  surface  followed  by  pre-irradiation  of  Zn 
brought  2D  nucleation  of  ZnSe  and  very  high 


0022-0248/97/$  17.00  Copyright  ©  1997  Elsevier  Science  B.V.  All  rights  reserved 
PII  80022-0248(96)00997-9 


594 


J.  Suda  et  al  I  Journal  of  Crystal  Growth  1751176  (1997)  593-597 


quality  ZnSe  epilayers  with  the  stacking  fault  den¬ 
sity  of  10"^  cm"^  [3,  4]. 

As  other  approaches,  surface  treatment  tech¬ 
niques  such  as  ammonium  sulfide  ((NH4)2SJ 
treatment  [5]  and  hydrogen  plasma  cleaning 
[6]  have  been  proposed.  These  techniques,  if 
they  contribute  to  high  quality  ZnSe,  are  more 
handy  and  convenient,  and  will  be  applicable  to 
regrowth  of  II-VI  on  patterned  III-V  layers  for 
future  novel  opto-electronic  integrated  devices 
(OEIDs). 

The  (NH4)2S^.  treatment  was  shown  to  be  effec¬ 
tive  for  the  improvement  of  photoluminescence 
(PL)  spectra  and  full  width  at  half  maximum 
(FWHM)  of  X-ray  rocking  curves  (XRCs)  of  ZnSe 
epilayers,  but  the  fabricated  laser  devices  degraded 
very  rapidly.  It  was  found  that  etch  pit  density 
(EPD)  was  still  higher  than  10^  cm~^,  which  can  be 
attributed  to  the  following:  (i)  The  (2x1)  surface 
obtained  by  the  (NH4)2S;c  treatment  is  due  to  com¬ 
plete  coverage  of  S  on  Ga,  which  can  generate  a  lot 
of  defects  as  has  been  observed  for  pre-irradiation 
of  Se  on  Ga  surface  [3,  4].  (ii)  The  (NH4)2Sjc  treat¬ 
ment  results  in  rough  GaAs  surface  due  to  etching 
effect  [7],  which  is  unfavorable  for  uniform  nuclea- 
tion  at  the  initial  stage  of  growth. 

In  this  paper,  we  propose  new  in  situ  sulfur 
treatment  technique  by  using  hydrogen  sulfide 
(H2S).  Its  effects  on  initial  stage  of  molecular  beam 
epitaxy  (MBE)  of  ZnSe  and  defect  density  of  the 
epilayer  are  discussed. 

2.  Experimental  procedure 

Substrates  used  in  the  experiments  were  Zn- 
doped  p'^-GaAs  (0  0  1)  just  oriented  wafers  whose 
EPD  was  about  2  x  10^  cm“^.  The  substrates  were 
prepared  by  the  standard  cleaning  and  etching  pro¬ 
cedures.  Then,  they  were  mounted  onto  a  molyb¬ 
denum  holder  by  indium  welding,  and  loaded  into 
the  exchange  chamber  immediately. 

The  main  chamber  is  pumped  by  a  diffusion 
pump  with  liquid  nitrogen  trap.  It  is  equipped  with 
Zn  and  Se  Knudsen-cells,  a  H2S  gas-cell  and  a  re¬ 
flection  high  energy  electron  diffraction  (RHEED) 
system.  The  background  pressure  is  lower  than 
I  X  lO"^  Torr  after  chamber  baking. 


The  H2S  treatment  was  done  under  the  H2S 
environment  pressure  of  5x10“®  Torr.  H2S  was 
supplied  through  the  gas-cell  without  pre-cracking. 
It  should  be  noted  that  due  to  high  vapor  pressure 
of  H2S,  the  H2S  partial  pressure  could  not  be 
reduced  to  lower  than  5x10“^  Torr  even  after 
turning  off  the  supply. 

The  treated  substrate  surface  was  characterized 
by  in  situ  RHEED  and  ex  situ  atomic  force  micro¬ 
scope  (AFM)  observations.  In  order  for  the  AFM 
observation,  the  substrate  heater  was  switched 
off  when  desirable  surface  was  obtained,  then 
after  cooling  down  to  300°C  the  sample  was 
transferred  to  the  exchanging  chamber  and  mea¬ 
sured  by  the  AFM  system  in  the  air  as  soon  as 
possible.  It  is  thought  that  the  surface  morphology 
is  basically  unchanged  during  the  cooling  down 
and  in  the  air. 

Initial  stage  of  MBE  growth  of  ZnSe  was  evalu¬ 
ated  by  means  of  RHEED  observations.  ZnS^cSci  _^/ 
ZnSe  heterostructures  were  grown  on  the  H2S 
treated  GaAs  substrates  by  gas-source  MBE  to 
evaluate  quality  of  epilayers.  Source  materials  were 
elemental  Zn  (6N)  and  Se  (6N),  and  gaseous  H2S 
(4N).  H2S  was  pre-cracked  by  the  gas-cell  at  950°C. 
There  was  20  min  growth  interruption  between 
ZnSe  and  ZnSSe  layers  to  increase  the  gas-cell 
temperature.  During  the  interruptions,  the  growth 
surface  stabilized  by  Se.  The  defect  density  was 
evaluated  by  EPD  measurements  using  0.24  vol% 
bromine-methanol  at  0°C  for  20  s  [8, 9]. 


3.  Results  and  discussion 

3.1.  H2S  treatment  of  GaAs  substrate 

Variations  of  in  situ  RHEED  patterns  and  ex  situ 
AFM  images  with  the  increase  of  substrate  temper¬ 
ature  under  H2S  environment  are  shown  in  Figs.  1 
and  2,  respectively.  Below  500°C,  a  halo  pattern 
originated  from  the  surface  oxide  layer  was  ob¬ 
served.  Then,  faint  streaks  began  to  appear  with 
increasing  substrate  temperature.  At  about  590''C, 
the  intensity  of  RHEED  greatly  increased  and  an 
arrow  head-like  spotty  pattern  appeared  as  shown 
in  Fig.  la.  The  surface  oxide  seems  to  begin  to  be 
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(a)  590®C  (b)  600  ®C  (c)  6 10  ®C 


Fig.  1.  Evolution  of  in  situ  RHEED  patterns  for  [1  T  0]  direction  with  increase  of  substrate  temperature  in  H2S  environment,  (a)  Arrow 
head-like  spotty  pattern,  (b)  sharp  streaks  with  (4  x  3)  reconstruction  and  Laue  zone  reflection,  and  (c)  arrow  head-like  streaks  with 
(4  X  6)  reconstruction. 


(a)  590®C  (b)  600  ®C 


Imaging  area  200nm  x  200nm 


►[110] 


Fig.  2.  Ex  situ  AFM  images  observed  in  the  air  for  the  GaAs  surface  corresponding  to  (a)-(c)  in  Fig.  1.  (a)  Wavy  surface,  (b)  atomically 
flat  surface  with  monolayer  height  steps,  and  (c)  faceted  surface  with  Ga-droplets. 


desorbed  at  this  temperature.  The  AFM  images  for 
this  surface  is  shown  in  Fig.  2a.  Wavy  surface  was 
observed  due  to  partial  oxide  desorption. 

After  10-20  s,  the  RHEED  pattern  changed  into 
sharp  streaks  with  (4  x  3)  reconstruction  as  shown 
in  Fig.  lb.  Laue  zone  reflections  were  also  clearly 
observed  for  [1  T  0]  directions.  Fig.  2b  shows  the 
AFM  image  for  this  surface.  The  surface  was  atomi¬ 
cally  flat  with  monolayer  height  (~3  A)  steps.  Ob¬ 
servation  of  Laue  zone  reflections  may  be  due  to 


such  a  high  flatness.  Obtaining  such  a  flat  surface 
only  by  annealing  the  GaAs  substrate  in  H2S  envi¬ 
ronment  is  the  new  finding  and  will  be  useful  not 
only  for  growth  applications  but  also  for  other 
applications.  The  (4  x  3)  reconstruction  was  known 
for  GaAs  thermally  annealed  with  selenium  irra¬ 
diation  [10-12],  and  was  attributed  to  partially 
Se-adsorbed  Ga-stabilized  surface.  The  (4  x  3)  re¬ 
construction  observed  in  our  experiment  may  be 
the  same  kind  of  structure  except  for  replacing  Se 
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with  S.  As  reported  by  previous  works,  the  surface 
partially  adsorbed  by  group  VI  elements  can  achieve 
charge  neutrality  at  heterointerface  [13].  In  addition 
to  that,  high  flatness  of  GaAs  surface  is  also  favor¬ 
able  for  high  quality  ZnSe/GaAs  heterointerface. 

If  the  substrate  temperature  is  further  increased 
to  610°C,  the  RHEED  pattern  changed  into  arrow 
head-like  streaks  as  shown  in  Fig.  Ic.  Although 
surface  reconstruction  seems  to  depend  on  H2S 
pressure,  (4  x  6)-like  reconstruction  which  was  as¬ 
signed  to  Ga-stabilized  surface  was  generally  ob¬ 
served.  If  the  substrate  was  cooled  down  to  300°C, 
the  surface  reconstruction  changed  into  (2  x  6)  [14]. 
This  surface  is  thought  to  be  really  energetically 
stable  S-terminated  surface  proposed  by  Tsuka- 
moto  and  Koguchi  [7].  Fig.  2c  shows  the  AFM 
image  for  this  surface.  The  surface  was  faceting,  i.e., 
composed  of  small  atomically  flat  domains  with 
different  height  (~  15  A).  Some  protrusions  (~ 40  A 
height,  shown  as  bright  spots  in  the  image)  were 
also  observed.  Taking  into  account  of  the  treatment 
temperature,  610°C,  they  seem  to  be  Ga-droplets. 
For  ZnSe  heteroepitaxy,  existence  of  Ga-droplets 
will  affect  quality  of  epilayers,  because  formation  of 
Ga^^Se^,  compound  at  the  interface  and/or  Ga-dififu- 
sion  to  the  epilayer  are  expected. 

3.2.  Growth  of  ZnSe 

Fig.  3  shows  RHEED  specular  spot  intensity  just 
after  starting  the  MBE  growth  of  ZnSe  on  the  (4  x  3) 
or  (2  X  6)  GaAs  surface  prepared  by  the  H2S  treat¬ 
ment.  Before  starting  the  growth,  Zn  flux  was  pre¬ 
irradiated  for  10  s.  Very  clear  intensity  oscillations 
over  40  cycles  were  observed  for  the  growth  on 
(4  X  3)  surface,  showing  2D  nucleation,  i.e.,  layer-by- 
layer  growth  of  ZnSe.  To  the  best  of  our  knowledge, 
this  is  the  first  observation  of  2D  initial  growth  of 
ZnSe  directly  onto  GaAs  substrates.  In  spite  of  clear 
RHEED  intensity  oscillations,  RHEED  patterns 
changed  into  rather  diffuse  streaks  after  starting  the 
growth.  It  takes  10-20  s  before  the  pattern  changed 
into  clear  and  sharp  streaks. 

Although  RHEED  oscillations  over  40  cycles 
were  observed  for  the  growth  directly  onto  GaAs 
substrates,  only  1 5  cycle  oscillations  were  observed 
for  that  onto  ZnSe  buffer  layer  stabilized  by  Zn  or 
Se.  It  differs  from  the  case  of  GaAs  homoepitaxy. 


Fig.  3.  Intensity  oscillations  of  RHEED  specular  spot  for  just 
after  starting  growth  of  ZnSe  on  H2S  treated  GaAs  surfaces. 

(a)  Clear  intensity  oscillation  is  observed  for  (4  x  3)  surface  and 

(b)  no  oscillation  is  observed  for  (2  x  6)  surface. 

Stabilization  of  GaAs  surface  by  arsenic  flux  makes 
the  surface  flat,  and  clear  RHEED  intensity  oscilla¬ 
tions  can  be  observed  repeatedly  by  the  stabilization. 

On  the  other  hand,  no  oscillations  was  observed 
for  the  growth  on  the  (2  x  6)  surface.  The  (2  x  6) 
surface  is  basically  the  same  as  (2  x  1)  S-terminated 
surface  except  for  existing  one-missing  dimer  per 
six  S-dimer  cites  [7].  In  addition  to  the  unfavorable 
nature  of  the  (2x6)  surface  such  as  faceting  and 
existing  Ga-droplets,  the  surface  stoichiometry  sim¬ 
ilar  to  the  (2x1)  surface  would  be  against  2D 
nucleation. 

To  evaluate  defect  density  of  ZnSe  epilayer  on 
the  (4  X  3)  surface,  EPD  measurements  were  done. 
The  samples  were  ZnSo.07Seo.93  (2500-5000  A)/ 
ZnSe  (300  A)  heterostructures.  XRC  of  the  struc¬ 
ture  was  well  fitted  by  the  theoretical  calculation. 
In  other  words,  FWHM  of  ZnSSe  is  close  to  the 
theoretical  value  and  many  fringes  due  to  interfer¬ 
ence  in  the  structure  were  clearly  observed.  4.2  K 
PL  spectrum  was  dominated  by  free  exciton  emis¬ 
sion  and  donor  bound  exciton  emission.  No  deep- 
level  emissions  were  observed.  Fig.  4  shows  a 
typical  Nomarski  micrograph  of  the  etch  pits.  The 
EPD  was  about  2.5  x  10^  cm^  lower  by  two  orders 
in  magnitude  compared  to  the  (NH4.)2S^treatment. 
The  reduction  may  be  brought  by  2D  nucleation  of 
ZnSe  at  the  initial  stage  of  growth  due  to  the  H2S 
treatment  of  GaAs  substrate.  Further  efforts  by 
optimizing  the  growth  sequence  and/or  the  H2S 
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Fig.  4.  Nomarski  micrograph  of  ZnSSe  surface  etched  by 
0.24  vol%  bromine-methanol  solution  at  O^C  for  20  s.  ZnSSe 
epilayer  with  ZnSe  buffer  layer  is  grown  on  (4  x  3)  H2S  treated 
surface  with  pre-irradiation  of  Zn. 

treatment  conditions  will  lead  to  more  reduction  of 
the  defects.  It  is  necessary  to  determine  the  type  of 
the  defects  in  the  layers  by  transmission  electron 
microscope  (TEM). 

4.  Conclusions 

Atomically  flat  GaAs  surface  with  (4  x  3)  recon¬ 
struction  was  obtained  by  the  H2S  treatment.  Very 
clear  RHEED  intensity  oscillations  over  40  cycles 
were  observed  for  the  initial  stage  of  growth  of 
ZnSe  on  the  (4  x  3)  surface,  showing  2D  nucleation 
of  ZnSe.  EPD  of  the  epilayer  was  about  2.5  x 
10^cm“^,  which  was  much  lower  than  that  ob¬ 
tained  by  the  (NH4)2S;c  treament.  Further  optim¬ 
ization  of  growth  and/or  treatment  conditions  will 
bring  lower  EPD. 
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Abstract 

An  investigation  is  reported  on  the  growth  of  homogeneously  and  6-doped  ZnS:Mn  layers.  Both  undoped  and 
Mn-doped  ZnS  thin  films  were  grown  by  MBE  and  GSMBE  using  a  sulfur  overpressure.  Photoluminescence  measure¬ 
ments  on  undoped  material  indicated  that  high  crystal  quality  was  obtained,  with  band  edge  emission  intensity  several 
orders  of  magnitude  higher  than  that  from  the  self-activation  peak,  for  a  growth  temperature  of  180°C.  Homogeneously 
doped  ZnS:Mn  films  showed  a  maximum  brightness  at  a  Mn  concentration  of  3  mol%  Mn  before  luminescence 
quenching  was  observed.  The  6-doping  technique  was  shown  to  quadruple  the  photoluminescence  intensity  compared  to 
equivalently  doped  homogeneous  material  grown  under  the  same  conditions.  The  optimum  distance  between  doping 
planes  for  a  constant  in-plane  concentration  was  found  to  be  9-15  nm.  SIMS  studies  of  the  diffusion  behavior  of  Mn  into 
the  undoped  ZnS  layers  revealed  broad  Mn  peaks  with  a  FWHM  of  about  10  nm. 


1.  Introduction 

The  wide  bandgap  compound  semiconductor 
ZnS  has  many  applications  in  optoelectronic  devi¬ 
ces.  Manganese  doped  ZnS  is  used  to  fabricate  AC- 
and  DC-based  electroluminescent  flat  panel  display 
devices.  The  luminescence  intensity  strongly  de¬ 
pends  on  the  crystallinity,  the  nature  of  the 
luminescence  center,  its  coordination  in  the  crystal 
lattice  and  its  concentration.  Like  most  of  the 
luminescent  materials  ZnS:Mn  shows  a  reduction 
in  the  photoluminescent  efficiency  of  Mn^"^  ions  as 
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their  concentration  is  increased  beyond  a  critical 
value  of  approximately  1-2  mol%  [1].  This  con¬ 
centration  quenching  is  explained  by  the  migration 
of  the  excitation  among  the  centers  and  finally  to 
a  non-radiative  or  to  a  red  or  infrared  emitting 
center.  It  is  assumed  that  an  excited  Mn  center  can 
transfer  energy  to  an  unexcited  one  through  a  res¬ 
onant  non-radiative  transfer  process  much  faster 
than  to  a  trap  in  form  of  a  red,  infrared  or  non- 
radiative  center.  The  energy  loss  to  a  trap  depends 
on  the  probability  of  finding  a  trap  near  the  path  of 
excitation.  On  one  hand,  it  is  suggested  that  this 
energy  loss  can  depend  on  the  growth  technique  by 
decreasing  the  concentration  of  defects  [2].  On  the 
other  hand,  the  probability  of  finding  a  trap  can  be 
lowered  by  reducing  the  three-dimensional  Mn 
coupling  to  a  two-dimensional  one  by  concentrating 
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the  Mn  atoms  in  separate  atomic  layers  (5-doping) 
[3,4], 

In  this  paper  we  report  the  development  of  MBE 
coupled  with  or  without  a  gas  sulfur  source  to 
improve  crystal  quality,  and  the  exploitation  of  the 
5-doping  technique  to  both  change  the  coordina¬ 
tion  and  coupling  characteristics  of  Mn  in  the 
ZnS  lattice.  5-doping  is  expected  to  confine  the 
excitation  energy  transfer  within  separate  two- 
dimensional  planes  and  therefore  suppress  the 
three-dimensional  coupling  between  Mn  ions  and 
non-radiative  defects  which  cause  luminescence 
quenching. 

2.  Experimental  procedure 

The  ZnS:Mn  films  were  grown  by  molecular 
beam  epitaxy  (MBE)  on  GaAs  (1  0  0),  glass/ITO 
and  glass/ITO/dielectric  stacks  using  a  solid  ZnS 
source.  The  gas  sulfur  precursor,  t-butyl  mercaptan 
(C4H9)SH  (t-BuSH)  was  precracked  to  (CH3)3C 
(t-butyl)  and  SH  at  700°C  and  used  to  provide  an 
excess  sulfur  flux  for  some  of  the  undoped  and 
homogeneously  doped  films  [5].  Substrate  temper¬ 
atures  varied  between  174°C  and  250°C.  Homo¬ 
geneous  doping  was  carried  out  for  a  range  of 
Mn/ZnS  flux  ratios  using  a  Mn  solid  source.  5- 
doping  was  achieved  by  depositing  only  Mn  for 
a  time  period  of  50  s  periodically  during  the  thin 
film  growth.  A  Mn  coverage  of  one  atomic  layer  is 
expected.  All  5-doped  runs  were  performed  using 
a  constant  Mn  flux. 

The  doping  concentration  was  determined  by 
secondary  ion  mass  spectroscopy  (SIMS)  using 
oxygen  with  a  beam  energy  of  1 5  keV  and  a  current 
of  50  nA  at  normal  incidence.  The  sputter  rate  was 
20  nm/min  for  the  homogeneously  doped  samples 
and  was  reduced  to  1.3  nm/min  for  the  5-doped 
samples.  The  ion  concentration  was  analyzed  every 
5  s  with  a  quadrupole  analyzer.  Different  target 
voltages  were  applied  to  overcome  charging  prob¬ 
lems  for  films  grown  on  GaAs  substrates.  An  elec¬ 
tron  beam  was  used  for  neutralizing  the  films 
grown  on  glass  substrates.  A  homogeneously 
doped  ZnS:Mn  film  with  a  Mn  concentration 
of  0.5  wt%  determined  by  RBS  was  used  as  a 
reference. 


Photoluminescence  measurements  were  carried 
out  at  both  room  temperature  and  10  K  using  the 
275  nm  (4.51  eV)  line  from  an  argon  ion  laser.  The 
PL  signal  was  dispersed  by  a  lOOOM  Spex  mono¬ 
chromator  and  detected  with  a  photomultiplier 
tube  using  the  photon  counting  mode. 

3.  Results  and  discussion 

Undoped  ZnS  thin  films  were  studied  by  PL 
measurements  to  obtain  optimum  growth  condi¬ 
tions.  The  ratio  of  the  band  edge  (BE)  emission 
peak  to  the  self-activation  (SA)  peak  was  used  to 
determine  the  crystal  quality.  Best  results  were 
achieved  using  a  substrate  temperature  of  180°C. 
Fig.  1  shows  the  PL  spectrum  at  10  K  of  a  2.8  pm 
thick  ZnS  layer  grown  on  GaAs  (10  0).  The  inten¬ 
sity  of  the  band  edge  emission  peak  is  several  orders 
of  magnitude  higher  than  the  intensity  of  the  self¬ 
activation  peak  indicating  very  high  crystal  quality. 
In  contrast  to  previous  studies  this  spectrum 
showed  only  a  single,  dominant  defect  [6].  The 
application  of  the  sulfur  precursor  t-BuSH  during 
growth  lead  to  an  improvement  in  the  crystal  qual¬ 
ity  by  decreasing  the  number  of  sulfur  vacancies 
but  also  reduced  the  growth  rate.  The  optimum  flux 
was  found  to  be  0,25  seem  for  a  N2  calibrated  flow 
controller.  A  higher  flux  lead  to  an  increased  SA 
peak  intensity.  This  was  attributed  to  the  HS  on  the 


Fig.  1.  Photoluminescence  spectrum  at  10  K  of  an  undoped 
ZnS  film  grown  on  GaAs  (1  0  0). 
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growth  surface  leading  to  a  slight  increase  in  the 
defect  concentration.  The  application  of  precursors 
providing  monomer  sulfur  to  the  growth  surface  is 
expected  to  have  a  greater  influence.  For  the  un¬ 
doped  ZnS  films  the  application  of  t-BuSH  lead  to 
a  small,  but  significant  change  in  the  PL  intensity. 

Similar  to  the  results  obtained  on  undoped  ZnS 
films,  investigations  of  homogeneously  doped  ma¬ 
terial  revealed  that  the  defect  concentration  in  the 
crystalline  film  had  an  strong  influence  on  the  PL 
efiiciency.  The  use  of  substrate  temperatures  higher 
than  180°C  produced  more  defects  as  indicated  by 
an  increase  in  the  SA  peak  intensity  and  a  lower  PL 
efficiency  due  to  luminescence  quenching.  Fig.  2 
shows  the  dependence  of  the  PL  intensity  on  the 
flux  ratio  Mn/ZnS  for  ZnSiMn  single  crystal  films 
grown  on  GaAs  (1  0  0)  at  a  substrate  temperature 
of  180'"C.  Maximum  luminescence  was  obtained  at 
a  Mn/ZnS  flux  ratio  of  1.2%  which  corresponded 
to  a  Mn  concentration  of  about  3  mol%  and  was 
higher  than  the  observed  1~2  mol%  reported  by 
Thomas  et  al.  [1].  ZnS:Mn  films  grown  on  glass 
substrates  were  polycrystalline  with  a  strong 
<1  1  1>  texture.  They  always  showed  brighter 
photoluminescence  than  the  comparable  films 
grown  on  GaAs  (10  0)  substrates  due  to  multiple 
light  reflections  at  the  interface  film/glass. 

All  5-doped  ZnS:Mn  films  were  grown  at  a  sub¬ 
strate  temperature  of  180°C  with  the  same  thick¬ 


ness  of  d  =  0.3  pm  to  exclude  differences  in  the  PL 
intensity  due  to  absorption  effects.  For  a  constant 
in-plane  doping  concentration  the  distance  be¬ 
tween  planes  was  varied  from  7  to  33  nm  deter¬ 
mined  by  dividing  the  film  thickness  by  the  number 
of  doping  planes.  The  total  amount  of  Mn  in  the 
film  was  given  by  the  product  of  the  number  of 
planes  and  the  in-plane  Mn  concentration.  Fig.  3 
shows  the  normalized  PL  intensity  that  was  ob¬ 
tained  by  dividing  the  total  PL  intensity  by  the 
number  of  5-doped  layers.  The  best  luminescence 
was  obtained  for  planes  which  were  more  than 
30  nm  apart.  A  decrease  in  PL  intensity  was  ob¬ 
served  for  spacings  less  than  20  nm  indicating  the 
onset  of  three-dimensional  coupling  and  lumines¬ 
cence  quenching.  The  total  PL  intensity  reached 
a  maximum  at  a  doping  plane  spacing  of  about 
12  nm  despite  the  fact  that  the  concentration  of  Mn 
in  the  film  was  higher  at  lower  spacings  due  to  the 
higher  number  of  doping  planes.  According  to  both 
curves  the  window  for  optimum  5-spacing  was  be¬ 
tween  9  and  15  nm  for  the  in-plane  Mn  concentra¬ 
tion  investigated. 

The  appearance  of  luminescence  quenching  due 
to  three-dimensional  coupling  between  the  Mn^"^ 
ions  at  distances  less  than  12  nm  raises  the  question 
about  the  diffusion  behavior  of  Mn  in  ZnS.  Fig.  4 
shows  the  SIMS  depth  profiles  of  two  delta-doped 
ZnS:Mn  films  with  a  distance  of  33  nm  (9  layers) 
and  14  nm  (24  layers)  between  the  doping  planes.  In 
the  film  doped  with  9  layers  the  peaks  are  clearly 
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Fig.  2.  Photoluminescence  intensity  of  the  yellow  emission  peak 
at  2.1  eV  as  a  function  of  Mn/ZnS  flux  ratio  for  homogeneously 
doped  ZnS:Mn  grown  on  GaAs  (1  0  0). 


Fig.  3.  Photoluminescence  intensity  of  the  delta-doped  samples 
as  a  function  of  distance  between  doping  planes  (square  -  total 
PL  intensity,  circle  -  normalized  PL  intensity). 
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Fig.  4.  SIMS  depth  profile  for  films  with  9  and  24  layers  of  Mn. 


separated  from  each  other  in  the  SIMS  depth  pro¬ 
file.  The  broadness  of  the  peaks  indicates  a  diffu¬ 
sion  into  the  undoped  ZnS  region.  However,  the 
influence  of  SIMS  in  terms  of  beam  enhanced  diffu¬ 
sion  and  the  formation  of  manganese  oxide  MnO 
cannot  be  neglected.  Studies  indicated  that  the  use 
of  different  primary  beam  incidence  angles  and 
lower  energies  did  not  offset  the  leading  edge  but 
did  significantly  affect  the  trailing  edge  of  the  Mn 
peaks.  Thus,  it  was  assumed  that  the  asymmetry  in 
the  peak  shape  was  an  artifact  of  the  SIMS  method. 
Measurements  with  a  xenon  primary  beam  yielded 
asymmetric  but  narrower  peaks.  The  full  width  of 
the  half  maximum  of  the  Mn  peaks  was  about 
10  nm.  A  detailed  report  of  these  investigations  will 
be  given  elsewhere  [7].  For  the  ZnS:Mn  film  with 
a  14  nm  distance  between  the  doping  planes  the 
Mn  peaks  were  superposed  and  could  not  be  separ¬ 
ated.  Although  the  fact  that  the  influence  of  beam 
enhanced  diffusion  and  the  formation  of  MnO  has 
to  be  taken  into  consideration  a  remarkable 
amount  of  the  Mn  diffused  into  the  undoped  ZnS 
forming  a  homogeneous  doped  area  which  enabled 
three-dimensional  coupling  between  the  Mn  ions 
and  to  red,  infrared  or  non-radiative  centers.  The 
more  closely  spaced  doping  planes  give  higher  dop¬ 
ing.  Luminescence  quenching  appears  at  a  certain 
Mn  concentration  in  this  region  causing  a  decrease 
in  PL  intensity  even  though  a  higher  concentration 


Fig.  5.  Photoluminescence  spectra  at  300  K  for  homogeneously 
and  5-doped  ZnS:Mn  grown  under  the  same  conditions. 


of  Mn  ions  was  incorporated  into  the  film  due  to 
the  higher  number  of  planes  (see  Fig.  3).  It  seems 
that  a  distance  of  about  10  nm  between  the  doping 
planes  was  large  enough  to  avoid  three-dimen¬ 
sional  coupling  between  the  Mn  ions  and  signifi¬ 
cant  luminescence  quenching. 

In  Fig.  5,  the  PL  spectrum  of  a  homogeneously 
doped  ZnS:Mn  film  measured  at  room  temperature 
is  compared  with  that  of  a  5-doped  sample  grown 
at  the  same  substrate  temperature  and  flux  ratio. 
The  doping  planes  were  9  nm  apart.  Despite  the 
fact  that  the  5-doped  film  had  only  half  of  the 
number  of  Mn  ions,  in  comparison  to  the  homo¬ 
geneously  doped  film,  the  PL  intensity  was  doub¬ 
led.  This  clearly  proves  that  the  luminescence 
properties  can  be  improved  by  the  use  of  5-doping 
technique. 

4.  Summary 

It  has  been  shown  that  both  the  improvement  in 
the  crystal  quality  and  the  application  of  the  5- 
doping  technique  leads  to  a  significant  increase  in 
photoluminescence  efficiency.  Undoped  ZnS  films 
grown  at  very  low  substrate  temperatures  showed 
high  crystal  quality  as  reflected  by  the  intensity 
of  the  band  edge  emission  peak  being  several  orders 
of  magnitude  higher  than  that  of  the  self-activation 


602 


S.  Schbn  et  al.  /  Journal  of  Crystal  Growth  175/176  (1997)  598-602 


peak.  A  homogeneous  Mn  doping  concentration 
of  3  mol%  gave  the  highest  photoluminescence 
intensity.  Nevertheless,  a  quadrupling  in  brightness 
could  be  achieved  by  5-doping,  suggesting  that 
this  technique  suppresses  the  photoluminescence 
quenching  caused  by  three-dimensional  coupling 
between  the  Mn  ions. 
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Abstract 

Electrical  characterization  of  ZnSe/GaAs  n~p  heterodiodes  grown  by  molecular  beam  epitaxy  under  different  Zn/Se 
flux  ratios  is  reported.  Large  tunability  of  the  band  discontinuity  at  the  heterojunction  is  shown  by  photocurrent 
measurements  at  low  temperature  with  conduction-band  offsets  in  the  range  0.26-0.75  eV.  Achievement  of  device-grade 
heterostructures  with  engineered  offsets  is  shown  under  appropriate  growth  conditions. 

PACS:  73.40.  -  c;  73.40.Lq;  79.60.Jv 

Keywords:  Diodes;  Heterojuctions 


1.  Introduction 

One  of  the  most  important  tools  of  band-gap 
engineering  is  the  tuning  of  energy-band  discon¬ 
tinuities  at  heterojunctions.  Several  authors  [1-4] 
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attempted  to  achieve  such  tuning  through  the  con¬ 
trolled  introduction  of  impurities  in  the  junction 
region.These  efforts,  however,  have  had  limited  im¬ 
pact  on  device  applications.  This  is  mostly  because 
few  results  have  been  verified  for  heterojunctions 
incorporated  in  functional  devices,  and  because  the 
impurities  used  to  change  the  local  interface  elec¬ 
trostatics  [2]  are  poorly  suited  to  device  applica¬ 
tions,  since  they  are  known  to  give  rise  to  reliability 
problems  (alkali  metals),  or  deep  levels  (noble 
metals).  Recently,  however,  owing  to  the  growth 
of  high-quality  heterovalent  heterostructures  for 
optoelectronic  applications,  new  avenues  to 
achieve  such  tunability  have  become  available 
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[5-8].  In  heterovalent  heterojunctions  with  polar 
orientation  the  band  alignment  should  depend 
on  the  detail  of  the  local  atomic  configuration 
achieved  at  the  interface  during  growth  [5-8].  Off¬ 
set  changes  are  therefore  possible  even  in  the  ab¬ 
sence  of  foreign  impurities,  provided  that  the 
growth  kinetics  can  be  exploited  to  obtain  different 
interface  configurations.  A  few  applications  of  this 
technique  have  been  recently  demonstrated  in  het¬ 
erojunctions  -  including  ZnSe/GaAs  -  fabricated 
with  heterovalent  overlayers  thin  enough  (2-3  nm) 
for  the  offset  to  be  probed  by  photoemission  spec¬ 
troscopy  [7,  8]. 

In  this  article,  we  report  on  the  tunability  of 
ZnSe/GaAs(0  0  1)  heterovalent  heterojunctions, 
which  are  essential  elements  of  all  recently  demon¬ 
strated  II-VI  based  solid-state  blue-green  lasers 
[9],  in  fully  functional  heterojunction  diodes.  We 
analyzed  the  current-voltage  (I-V)  and  photo  I-V 
characteristics  of  two  sets  of  n-ZnSe/p-GaAs  diodes 
fabricated  by  molecular  beam  epitaxy  (MBE)  with 
different  interface  compositions.  Our  results  al¬ 
lowed  us  to  determine  the  band  discontinuity  and 
the  applicability  of  this  technique  to  the  fabrication 
of  complete  devices. 

2.  Experimental  procedure 

Samples  were  grown  by  solid-source  MBE  in 
a  system  that  includes  interconnected  chambers  for 
the  growth  of  III-V  and  II-VI  materials.  We  used 
GaAs(0  0  1)  wafers,  on  which  ZnSe  layers  were 
grown  with  a  Zn/Se  beam  pressure  ratio  (BPR)  of 
0.1,  1,  or  10.  We  employed  two  different  growth 
methods  to  modify  the  local  interface  composition. 
In  the  first  method,  the  whole  II-VI  overlayer  was 
grown  in  Se-rich  or  Zn-rich  conditions.  Alterna¬ 
tively,  the  Se-rich  or  Zn-rich  growth  conditions  were 
limited  to  a  2  nm-thick  composition-control  inter¬ 
face  layer  (CIL),  the  rest  of  the  II-VI  overlayer  being 
grown  with  BPR  =  1.  The  two  methods  have  been 
shown  to  yield  Se-rich  (for  low  BPRs)  or  Zn-rich  (for 
high  BPRs)  interface  compositions  under  an  essen¬ 
tially  stoichiometric  II-VI  overlayer  [8, 10]. 

Two  sets  of  samples  were  grown.  One  set  was 
used  for  the  determination  of  the  conduction-band 
offset  A£c  via  measurements  of  the  tunneling  cur¬ 


rent  from  photoinjected  carriers,  using  a  technique 
illustrated  elsewhere  in  detail  [11],  and  one  set  was 
used  for  I-V  characterization.  The  latter  samples 
were  grown  on  p-type  wafers  and  consisted  of 
a  500  nm-thick  GaAs  layer  grown  at  580°C  and 
doped  p  =  3-4  x  10^^  cm"^,  followed  by  a  500  nm- 
thick  ZnSe  overlayer  (including  the  CIL)  doped 
with  chlorine  at  n  =  3-4  x  10^^  cm"^.  A  graded 
n"^  Zni_^Cd;,Se  region  concluded  the  growth.  The 
latter  region  was  fabricated  to  promote  the  forma¬ 
tion  of  ohmic  contacts  [12]  which  were  realized  by 
e-beam  deposition  of  Al  with  no  thermal  treatment. 
Devices  were  fabricated  by  defining  circular  mesas 
(75  pm  diameter)  by  standard  photolithographic 
and  wet  etching  techniques  with  removal  of  the 
entire  II-VI  epilayer  around  each  mesa. 

Samples  used  for  photo  I-V  measurements  differ 
in  that  the  GaAs  region  adjacent  to  the  ZnSe  over- 
layer  was  limited  to  10  nm  and  was  grown  on 
a  Alo.2Gao.8As  layer  doped  p  =  3^  x  10^^  cm"^ 
The  compositional  profile  was  chosen  so  that  car¬ 
riers  could  be  photogenerated  only  in  the  thin  GaAs 
layer  near  the  interface  using  a  low-power  laser 
diode  tuned  at  1570  meV,  i.e.,  above  the  GaAs  band 
gap,  but  below  the  Alo.2Gao.8As  band  gap.  This 
allowed  us  to  avoid  carrier  generation  far  from  the 
interface  and  possible  transfer  into  GaAs  satellite 
valleys  before  tunneling.  All  photo  I-V  measure¬ 
ments  below  35  K  were  performed  in  a  closed-cycle 
refrigerator  in  order  to  suppress  thermally  activated 
transport.  More  detail  on  the  sample  structure  and 
experimental  protocol  can  be  found  elsewhere  [13]. 

3.  Results 

We  measured  the  photo  I-V  characteristics  at 
applied  bias  such  that  tunneling  through  the  ZnSe- 
related  triangular  barrier  is  the  dominant  mecha¬ 
nism  (i.e.,  in  the  range  12-20  V  [13]).  In  the  bias 
and  temperature  ranges  of  interest,  electrons  popu¬ 
late  only  the  ground-state  subband  Eq.  The  func¬ 
tional  dependence  of  the  current  on  the  applied  bias 
can  then  be  described  by  [14] 

/  =  af^exp[-B/f„,],  (1) 

where  5  =  mf=0.14mo  is  the 

ZnSe  electron  effective  mass  [15],  a  is  a  constant, 
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0a  is  the  activation  energy  and  is  the  relevant 
electric  field  in  the  ZnSe  layer.  Since  very  low 
carrier  densities  were  photogenerated,  AE^  = 
0a  +  Eq.  Eq  is  a  function  of  the  electric  field  in  the 
GaAs  interface  layer.  The  spatial  dependence  of  the 
electric  field  across  the  entire  structure  was  cal¬ 
culated  solving  Poisson’s  equation  in  the  de¬ 
pletion-layer  approximation  and  imposing  the 
continuity  of  the  displacement  vector  at  the  hetero¬ 
junction  interface  [13]. 

In  Fig.  1  we  show  representative  semilog  experi¬ 
mental  plots  of  1/Flt  versus  l/F^  for  diodes  with 
ZnSe  overlayers  grown  with  BPR  =  0.1  (top  left)  or 
10  (bottom  left)  throughout,  as  well  as  diodes  incor¬ 
porating  Se-rich  (top  right)  or  Zn-rich  (bottom 
right)  CIL.  The  solid  lines  are  linear  fits  of  the 
experimental  data  in  the  applied  bias  range  where 
Eq.  (1)  holds  [13, 14].  The  slope  of  the  fits  yields 
B  and,  therefore,  AE^. 


Fig.  1.  Fowler-Nordheim  plot  of  the  photocurrent  at  low  tem¬ 
perature  and  high  applied  bias  for  ZnSe/GaAs  diodes  incorpor¬ 
ating  Se-rich  (top)  or  Zn-rich  (bottom)  interfaces.  These  were 
obtained  by  growing  the  ZnSe  overlayer  with  Zn/Se  beam 
pressure  ratio  (BPR)  of  0.1  (top  left)  or  10  (bottom  left)  through¬ 
out,  or  by  incorporating  a  thin  composition  control  interfaces 
layer  (CIL)  grown  in  nonstoichiometric  conditions  (rightmost 
sections).  Also  shown  is  a  least-squares  fit  of  the  data  according 
to  Eq.  (1). 


In  Table  1  we  summarize  our  findings  for  the 
conduction  band  discontinuity  in  all  samples  at 
35  K  (first  column).  The  quoted  experimental 
errors  include  both  the  uncertainty  in  the  fitting 


Table  1 

Column  one:  Zn/Se  beam  pressure  ratio  (BPR)  used  for  fabrica¬ 
tion  of  ZnSe  overlayers  on  GaAs,  or  for  the  composition  control 
interface  layer  (CIL)  in  ZnSe/GaAs  heterojunctions;  column 
two;  Measured  conduction-band  discontinuities;  column  three: 
Valence-band  discontinuities  AE^  as  deduced  from  the  experi¬ 
mental  A£c  (this  work)  and  the  ZnSe/GaAs  bandgap  difference 
of  1301  meV;  column  four:  AE^  as  deduced  from  X-ray  photo¬ 
emission  (XPS)  data  on  thin  overlayer  samples;  the  quoted 
uncertainty  in  the  XPS  data  correspond  to  the  data  scatter 
among  several  dozen  thin  overlayer  samples  [8, 10] 


BPR 

AE,  (meV) 

AEy  (meV) 

A£,  (XPS)  (meV) 

0.1 

716  +  45 

585  ±  45 

620  +  70 

1 

361  ±  20 

940  ±  20 

850  +  100 

10 

251  ±  10 

1050+  10 

1120  +  80 

0.1  CIL 

751  +25 

550  +  25 

580  +  50 

10  CIL 

261  ±  10 

1040  +  10 

1050  +  50 

Fig.  2.  Current-voltage  characteristics  at  room  temperature  for 
representative  diodes  grown  with  different  Zn/Se  beam-pressure 
ratio  BPRs.  A  given  BPR  were  kept  at  the  value  indicated  for  the 
whole  overlayer  (upper  panel)  or  for  a  2  nm-thick  interface  layer 
(lower  panel). 
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procedure  and  the  scatter  among  the  different  indi¬ 
vidual  devices  measured.  Samples  grown  with  BPR 
=  1  yield  AE^  =  361  +  20meV  in  agreement  with 
values  reported  by  other  authors  [16].  Conduc¬ 
tion-band  offsets  in  the  range  from  0.26  to  0.75  eV 
are  observed  in  going  from  Zn-rich  to  Se-rich  inter¬ 
faces,  proving  both  the  efficacy  of  the  offset  modu¬ 
lation  technique  here  exploited  and  the  validity  of 
the  CIL  concept  in  functional  devices. 

To  study  further  the  validity  of  the  present  ap¬ 
proach  for  device  fabrication,  we  also  examined  the 
I-V  characteristics  of  a  set  of  GaAs/ZnSe  hetero¬ 
diodes  at  room  temperature  (for  the  case  of  GaAs 
extending  to  the  whole  p-doped  side).  Fig.  2  shows 
our  data  for  samples  grown  with  the  same  BPR 
throughout  the  overlayer  (upper  panel)  or  incor¬ 
porating  an  appropriate  CIL  (lower  panel). 

4.  Discussion 

Recent  XPS  studies  which  laid  a  background  for 
the  present  work  had  indicated  that  the  Zn/Se  BPR 
employed  during  the  early  stages  of  interface  fabri¬ 
cation  determine  the  local  interface  composition 
and  the  band  offset.  Specifically,  Nicolini  et  al.  [8] 
presented  the  first  X-ray  photoemission  spectro¬ 
scopy  (XPS)  evidence  of  a  valence  band  offset 
change  in  ZnSe-GaAs(0  0  1)  heterojunctions  in¬ 
volving  2-3  nm  overlayers,  discussed  the  variations 
in  interface  composition  that  correlate  with  the 
change,  and  examined  theoretically  the  interface 
configurations  that  may  account  for  offset  tuna- 
bility.  Bonanni  et  al.  [10]  showed  by  XPS  and 
photoluminescence  spectroscopy  that  the  growth 
conditions  responsible  for  the  change  in  interface 
composition  and  valence  band  offset  can  be  re¬ 
stricted  to  the  very  early  stages  of  interface  forma¬ 
tion,  with  a  corresponding  improvement  in  II-VI 
optical  material  quality. 

All  of  the  above  results  on  the  band  alignment 
[8, 10]  were  obtained  using  heterostructures  with 
ZnSe  overlayers  thin  enough  (2-3  nm)  for  the  offset 
to  be  probed  by  XPS.  The  results  in  Fig.  1  are 
instead,  to  our  knowledge,  the  first  verification  of 
a  locally  engineered  heterojunction  band  offset  in 
a  fully  functional  device  by  transport  methods. 
A  quantitative  comparison  with  the  early  XPS  re¬ 


sults  in  thin-overlayer  samples  can  be  made  using 
the  literature  value  of  the  ZnSe  band  gap  to  derive 
the  valence  band  offsets  from  the  conduction  band 
offsets  determined  in  Fig.  1.  The  resulting  valence 
band  discontinuities  are  listed  in  column  two  of 
Table  1,  while  the  results  obtained  earlier  by  XPS 
[8, 10]  are  listed  in  column  three.  The  agreement 
between  the  two  sets  of  values  is  very  satisfactory 
and  suggests  that  the  interface  configurations  re¬ 
sponsible  for  band-offset  tuning  are  sufficiently 
stable  to  withstand  the  fabrication  stages  required 
to  go  from  the  thin-overlayer  samples  to  fully  func¬ 
tional  devices. 

The  results  of  Fig.  2  further  support  the  possibili¬ 
ty  of  exploiting  the  tunability  of  heterovalent  het¬ 
erojunctions  in  actual  devices  while  pointing  out 
some  of  the  related  limitations.  The  poorer  struc¬ 
tural  quality  of  BPR  =  10  overlayers,  which  con¬ 
tain  a  comparatively  high  density  of  stacking  faults 
and  dislocations  [13,  17]  manifests  itself  in  Fig.  2 
with  the  large  leakage  current  (upper  panel,  dotted 
line),  and  is  only  marginally  improved  by  the  CIL 
technique  (lower  panel,  dotted  line).  On  the  con¬ 
trary,  diodes  fabricated  with  BPR  =  0.1  (dashed 
line)  show  acceptable  behavior  and  display  good 
rectifying  properties,  particularly  in  the  CIL  case. 
The  observed  reduced  reverse  current  as  compared 
to  the  BPR  =  1  control  samples  can  be  linked  to 
the  increased  conduction-band  discontinuity,  which 
hinders  the  transfer  of  thermally  generated  elec¬ 
trons  from  the  GaAs  side  into  the  ZnSe  layer. 

Diodes  with  engineered  interfaces  (dashed  and 
dotted  lines)  do  exhibit  a  somewhat  degraded  for¬ 
ward  characteristics.  Since  heterostructures  incor¬ 
porating  Se-rich  CILs  show  extended  defect 
densities  substantially  lower  than  those  observed  in 
the  control  samples  [17],  the  most  likely  explana¬ 
tion  is  to  be  found  in  the  presence  of  new  point 
defects  in  the  interface  region  leading  to  enhanced 
recombination  at  room  temperature.  Recent  cath- 
odoluminescence  studies  of  ZnSe/GaAs  hetero¬ 
junctions  [18]  have  shown  that  interfaces  grown  in 
Se-rich  conditions  are  less  stable  against  atomic 
interdiffusion  and  the  formation  of  defect  com¬ 
plexes  involving  substitutional  Ga  atoms.  System¬ 
atic  current-voltage  studies  in  progress  will  address 
the  relation  between  interfacial  engineering  and  the 
final  interface  state  density. 
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5.  Conclusions 

We  have  demonstrated  that  engineered  band  of¬ 
fsets  can  be  observed  and  exploited  in  practical 
devices.  In  particular,  reduction  of  the  large  val¬ 
ence-band  offsets  in  ZnSe/GaAs  heterojunctions 
can  be  obtained  without  degradation  of  the  electri¬ 
cal  properties  of  the  heterojunction.  This  result 
may  find  an  important  applications  in  II-VI  on 
III-V  blue-green  lasers  since  it  should  yield  a  re¬ 
duced  series  resistance  as  a  result  of  the  improved 
hole  injection  in  the  active  layer. 
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Abstract 

ZnSe  films  were  grown  on  GaAs(l  1  1)B  substrates  by  molecular  beam  epitaxy.  The  observation  of  reflection 
high-energy  electron  diffraction  confirmed  that  the  epilayers  on  both  just  and  10°-misoriented  (1  1  1)B  substrates  consist 
of  twins.  The  photoluminescence  of  the  undoped  epilayers  showed  defect-related  Y-line  emissions  and  deep  emissions 
owing  to  the  twins.  Nitrogen  was  doped  to  the  epilayers  using  an  RF  plasma  cell.  The  photoluminescence  spectra  of  the 
doped  epilayers  suggested  that  the  nitrogen  doping  to  ZnSe  is  enhanced  using  the  GaAs(l  1  1)B  substrates  instead  of  the 
GaAs(l  0  0)  substrates.  We  discussed  the  reason  based  on  the  bond  number  of  the  growing  surface. 


1.  Introduction 

In  the  molecular  beam  epitaxial  (MBE)  growth 
of  ZnSe  related  compound  semiconductors  on 
GaAs  substrates  (1  0  0)  surface  has  been  usually 
used  and  other  surfaces  such  as  (1  1  1)  surface  were 
hardly  used  [1^].  However,  there  is  an  attractive 
feature  of  (1  1  1)  growth,  that  is,  optical  properties 
of  strained-layer  superlattice  structure  are  modified 
by  the  piezoelectric  effect  and  new  optoelectronic 
devices  are  expected  [5-7],  Another  interest  is  the 
impurity  doping  to  ZnSe(l  1  1)  surface.  The  num¬ 
bers  of  chemical  bond  of  Zn  and  Se  atoms  to  (1  1  1) 
surface  are  different  from  those  on  (1  0  0)  surface. 
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and  consequently,  the  bond  numbers  of  impurities 
which  substitute  for  Zn  or  Se  atoms  are  different 
from  those  to  (1  0  0)  surface.  Therefore,  we  can 
expect  the  enhancement  of  doping  efficiency  by 
choosing  suitable  dopants. 

In  this  paper,  the  properties  of  ZnSe(l  1  1)  films 
grown  on  GaAs(l  1  1)B  substrates  by  MBE  and  the 
results  of  nitrogen  doping  are  reported.  MBE 
growth  of  ZnSe  films  on  GaAs(l  1  1)A  substrates 
and  nitrogen  doping  were  already  reported  [4]. 

2.  Experimental  procedure 

The  substrates  used  were  Cr-O  doped  just- 
oriented  (within  ±0.5°  misoriented)  and  10°-mis- 
oriented  GaAs(l  1  1)B  toward  [1  0  0]  direction.  In 
our  previous  study,  we  clarified  that  ZnSe  films 
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grown  on  just-oriented  GaAs(l  1  1)A  substrates 
consisted  of  twins,  but  by  using  lO^-misoriented 
substrates  single-crystalline  films  can  be  grown  [4]. 
Therefore,  we  expected  the  same  improvement  in 
the  films  on  10°-misoriented  GaAs(l  1  1)B  substra¬ 
tes.  For  comparison,  just-oriented  GaAs(l  0  0)  sub¬ 
strates  were  also  used  side  by  side.  The  substrates 
were  thermally  etched  prior  to  the  growth  without 
As  beam  irradiation  at  580°C  for  2  min.  The 
growth  temperature  was  varied  from  340  to  420''C 
(mainly  340°C).  6N~Zn  and  -Se  were  used  as 
source  materials.  The  effective  pressure  of  the  mo¬ 
lecular  beam  was  measured  by  a  movable  ion  gauge 
at  the  substrate  position,  and  corresponded  to  the 
molecular  beam  intensity  of  element  VI  and  ele¬ 
ment  II  (Jvi  and  Jii)  which  was  determined  from  the 
deposited  quantity  on  liquid  nitrogen-cooled  GaAs 
[8].  The  ratio  of  was  mainly  unity.  Nitrogen 
from  an  RF  plasma  cell  (Tech  Science,  RBS-30)  was 
used  as  a  p-type  dopant  [9].  The  plasma  power  was 
varied  from  0  to  100  W.  The  epilayers  were  cha¬ 
racterized  by  surface  morphology  observed  by 
Nomarski  interference  microscope,  reflection  high- 
energy  electron  diffraction  (RHEED)  at  4  kV,  photo¬ 
luminescence  (PL)  at  11  K  using  the  365  nm  line  of 
an  ultrahigh-pressure  Hg  lamp  as  an  exciting 
source  and  capacitance-voltage  (C-V)  measure¬ 
ment  at  30  kHz  using  Au  electrodes  of  ring-dot  type 
(double-Schottky  structure)  on  the  epilayer  surface. 

3.  Results  and  discussion 

3.L  Undoped  ZnSe(J  1  I)  films 

The  surface  of  epilayers  grown  on  GaAs(l  1  1)B 
substrates  was  mirror-like.  The  RHEED  patterns 
of  the  (1  1  1)B  epilayers  grown  on  just-  and  10°- 
misoriented  substrates  showed  elongated  spots  and 
chevron  plus  streaks  from  the  [2  11]  azimuth  of 
the  incident  electron  beam,  respectively.  The  twin 
spots  were  observed  in  the  epilayers  grown  on  both 
just-  and  10°-misoriented  substrates  from  the 
[0  T  1]  azimuth.  We  grew  ZnSe  films  under  various 
growth  conditions  for  obtaining  twin-free  crystals; 
with  the  JviMii  ratio  from  0.5  to  8,  under  the 
growth  temperature  from  340  to  420°C,  with  sub¬ 
strate  surface  treatment  under  Zn  or  Se  beam 


irradiation  just  before  the  ZnSe  growth,  using  ZnSe 
compound  source  for  supplying  hot  Zn  beam  and 
Se2  molecules  and  with  ALE  growth  technique 
(alternating  Zn  and  Se  beam  supply),  expecting  the 
migration  enhancement  of  adsorbed  atoms.  But  all 
films  consisted  of  twins.  On  just-oriented  (1  1  1)B 
substrate,  adsorbed  Zn  atoms  can  take  two  kinds  of 
orientations,  which  lead  to  the  growth  of  twins 
similar  to  the  growth  on  just-oriented  (1  1  1)A  sub¬ 
strates  [3].  The  RHEED  patterns  of  the  thermally 
etched  just-oriented  GaAs(l  1  1)B  substrates 
showed  elongated  spots  from  the  [2  1  1]  azimuth. 
But  the  patterns  of  misoriented  (1  1  1)B  substrates 
showed  chevron  from  the  [2  1  1]  azimuth  and  elon¬ 
gated  spots  from  the  [0  T  1]  azimuth.  The  angle 
between  adjacent  edges  of  the  chevron  indicates 
that  the  surface  consists  of  (3  2  1)  or  (3  3  1)  facets. 
This  is  due  to  the  thermal  etching  without  As  beam 
irradiation.  While,  in  the  thermal  etching  of 
GaAs(l  0  0)  and  (1  1  1)A  substrates,  streaks  or 
elongated  spots  without  chevron  patterns  were  ob¬ 
served  without  As  beam  irradiation  [3].  The 
growth  of  twins  on  the  misoriented  (1  1  1)B  sub¬ 
strate  seems  to  originate  from  the  facets  of  the 
substrates,  and  the  growth  from  the  step  edges  of 
the  misoriented  surface  may  not  be  dominant,  un¬ 
like  the  growth  of  twin-free  epilayers  on  mis¬ 
oriented  GaAs(l  1  1)A  substrates  [3]. 

Fig.  1  shows  the  PL  spectra  of  undoped  ZnSe 
epilayers  grown  on  10°-misoriented  and  just- 
oriented  GaAs(l  1  1)B  and  (10  0)  substrates.  PL 
spectra  of  undoped  ZnSe(l  1  1)  epilayers  on  the 
just-oriented  GaAs(l  1  1)B  substrate  showed  de¬ 
fect-related  Y-line  [10,  11]  and  deep  emissions. 
With  the  10°-misoriented  substrates,  the  emission 
intensity  increased  as  indicated  by  the  magnifica¬ 
tion  factor  in  the  figure  and  the  exciton  emissions 
appeared  weakly,  but  the  significant  improvement 
in  the  PL  spectra  was  not  observed.  While  the 
PL  spectra  of  the  ZnSe(l  0  0)  epilayers  showed 
dominant  strong  exciton  emissions  with  weak  Y- 
line  and  weak  deep  emissions  relative  to  the  exciton 
emissions. 

We  reported  that,  in  the  PL  spectra  of  ZnSe 
epilayers  grown  on  5°-  or  10°-misoriented 
GaAs(l  1  1)A  substrates,  the  strong  exciton  emis¬ 
sions,  which  were  comparable  with  that  of 
ZnSe(lOO),  were  observed  [3].  These  epilayers 
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were  revealed  to  be  twin-free  by  RHEED  observa¬ 
tion.  But  Y-line  and  deep  emissions  with  weak 
exciton  emissions  were  observed  in  the  epilayers 
grown  on  the  just-oriented  GaAs(l  1  1)A  substra¬ 
tes,  which  were  similar  to  the  PL  spectra  of  the 
epilayers  on  GaAs(l  1  1)B  substrates.  The  epilayers 
grown  on  the  just-oriented  GaAs(l  1  1)A  substrates 
were  revealed  to  consist  of  twins  by  RHEED  obser¬ 
vation  [3].  These  facts  mean  that  the  PL  spectra  of 
the  ZnSe  epilayers  which  consist  of  twins  show  the 
Y-line  and  deep  emissions.  It  can  be  concluded  that 
the  twin  boundaries  of  such  crystals  are  the  origin 
of  defects  and  non-radiative  centers. 

3.2.  N-doped  ZnSe(l  1 1)  films 

Fig.  2  shows  the  PL  spectra  of  the  N-doped 
ZnSe(l  1  1)  epilayers  grown  on  the  misoriented 
GaAs(l  1  1)B  substrate  under  the  various  plasma 
powers.  Y-line  and  deep  emissions,  which  are  domi¬ 
nant  in  the  undoped  epilayers,  diminish  and  nitro¬ 
gen-related  emissions  appear.  The  spectra  of  the 
N-doped  ZnSe(l  0  0)  epilayers  grown  in  the  same 
run  as  the  ZnSe(l  1  1)  epilayers  are  shown  in  Fig.  3 
as  references.  The  growth  rates  of  the  epilayers 
grown  on  the  GaAs(l  1  1)B  substrates  were  almost 
the  same  as  those  on  the  (1  0  0)  substrates.  Fig.  4 


shows  the  net  acceptor  concentrations  (Na-Nd)  of 
the  ZnSe(l  0  0)  epilayers  determined  from  the  C-V 
measurement.  It  is  clear  that  the  acceptor  concentra¬ 
tion  in  the  ZnSe(l  0  0)  epilayers  can  be  controlled 
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Fig.  2.  PL  spectra  of  N-doped  ZnSe(l  1  1)  epilayers  grown  on 
10°-misoriented  GaAs(l  1  1)B  substrates  with  the  various  plasma 
input  power. 


Fig.  1.  PL  spectra  of  undoped  ZnSe(l  1  1)  and  (1  0  0)  epilayers 
grown  on  GaAs(l  1  1)B  and  (1  00)  substrates,  respectively. 


Fig.  3.  PL  spectra  of  N-doped  ZnSe(l  0  0)  epilayers  grown  on 
GaAs(lOO)  substrates  with  the  various  plasma  input  power. 
The  epilayers  were  grown  in  the  same  run  as  the  ZnSe(l  1  1) 
epilayers. 
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Fig.  4.  Net  acceptor  concentrations  (Na-Nd)  of  the  ZnSe(l  0  0) 
epilayers  determined  from  the  C-V  measurement  as  a  function 
of  the  plasma  power. 


by  the  plasma  power,  that  is,  the  concentration 
increases  with  increasing  the  plasma  power.  We 
have  also  tried  the  C-V  measurement  to  obtain  the 
net  acceptor  concentration  of  ZnSe(l  1  1)  epilayers 
grown  on  GaAs(l  1  1)B  substrates.  But  all  the  sam¬ 
ples  showed  apparent  high  resistivity  and  the  C-V 
measurements  were  not  successful.  This  may  be  due 
to  the  presence  of  twin  boundaries.  The  grain  size 
was  examined  by  chemical-etching  technique  using 
HCl  as  an  etchant.  The  diameters  of  the  grains  were 
about  0.1-1  pm,  which  were  observed  with  a  scan¬ 
ning  electron  microscope.  The  gap  between  the  dot 
and  the  ring  of  the  double-Schottky  electrodes  was 
40  pm.  Therefore,  many  twin  boundaries  exist  in 
the  gap.  The  probable  reason  for  difficulty  in  the 
C-V  measurement  is  the  existence  of  highly  resis¬ 
tive  barrier  layers  at  the  twin  boundaries  between 
the  electrodes.  Therefore,  we  compare  the  nitrogen 
doping  properties  of  ZnSe(l  1  1)  and  (1  0  0)  films  by 
the  PL  spectra  in  the  following. 

When  we  compare  the  PL  spectra  with  the  net 
acceptor  concentration  in  the  (10  0)  epilayers,  gen¬ 
erally  reported  results  are  observed.  That  is,  in  the 
epilayers  with  low  acceptor  concentration  (below 
10^^  cm“^),  the  PL  spectra  show  dominant  accep¬ 
tor  bound  exciton  emission  (I\)  with  shallow  donor 
and  acceptor  pair  emissions  (Z)®AP).  With  increas¬ 


ing  the  acceptor  concentration,  the  Z)®AP  emissions 
diminish,  the  deep  donor  and  acceptor  pair  emis¬ 
sion  (D^AP)  emerges  and  the  intensity  of  /i  de¬ 
creased.  Under  over  doping  condition  at  100  W 
(compensated  situation),  the  D^^AP  emission 
broadens  and  the  emission  energy  shifts  to  the 
lower-energy  side  owing  to  the  reduction  in  the 
effective  band-gap  energy  caused  by  the  fluctuation 
of  the  conduction  and  valence  band  edge.  The  net 
acceptor  concentration  of  this  sample  saturates  as 
shown  in  Fig.  4.  In  the  ZnSe(l  1  1)A  epilayers 
grown  on  GaAs(l  1  1)A  substrates,  the  relation  be¬ 
tween  the  net  acceptor  concentration  and  the  PL 
properties,  in  which  the  Na-Nd  values  increased 
with  increasing  the  intensity  of  D^^AP  emissions, 
was  also  observed  [4]. 

The  PL  spectrum  of  N-doped  ZnSe(l  1  1)B  epi- 
layer  prepared  at  SOW  showed  D^AP  emissions, 
while  that  of  the  ZnSe(l  0  0)  epilayer  grown  under 
the  same  run  showed  combination  of  the  /i  and 
D^AP  emission,  and  D^^AP  emission  was  minor.  At 
a  plasma  power  of  100  W,  the  red  shift  of  the  D^AF 
emission  of  the  N-doped  ZnSe(l  1  1)B  epilayer  is 
more  serious  than  that  of  the  ZnSe(l  0  0)  epilayer. 
If  we  assume  that  the  relation  between  the  net 
acceptor  concentration  and  the  PL  spectrum  in  the 
(1  1  1)B  epilayers  is  the  same  as  that  in  the  (1  0  0) 
epilayers,  the  enhancement  of  the  nitrogen  doping 
to  ZnSe  epilayers  using  GaAs(l  1  1)B  substrates 
instead  of  GaAs(l  0  0)  substrates  is  suggested  by 
comparing  the  above  mentioned  PL  spectra  under 
the  same  conditions.  However,  it  was  not  clear 
whether  the  maximum  net  acceptor  concentration 
in  the  ZnSe(l  1  1)B  films  was  larger  than  that  in 
the  (10  0)  films,  because  of  the  unsuccessful  C-V 
measurement  in  the  (1  1  1)B  films.  A  study  of  the 
confirmation  of  the  doping  enhancement  by  electri¬ 
cal  measurements  in  twin-free  ZnSe(l  1  1)B  films 
remains  to  be  done. 

Now  we  discuss  a  probable  reason  of  the 
enhancement  of  the  nitrogen  doping  in  the 
ZnSe(l  1  1)  epilayers  grown  on  GaAs(l  1  1)B  sub¬ 
strates.  The  bond  number  of  adsorbing  nitrogen 
atoms  on  the  Zn-exposed  ZnSe(l  1  1)B  surface  is 
three  and  larger  than  the  bond  number  of  nitrogen 
atoms  on  the  Zn-exposed  ZnSe(l  0  0)  surface  (two). 
Therefore,  the  probable  reason  for  doping  enhance¬ 
ment  is  the  increase  in  the  sticking  probability  of 


612 


N.  Matsumura  et  al.  /  Journal  of  Crystal  Growth  1751176  (1997)  608-612 


nitrogen  on  the  ZnSe(l  1  1)B  surface.  This  consid¬ 
eration  is  supported  by  our  experimental  results 
of  the  nitrogen  doping  in  the  epilayers  grown 
on  GaAs(l  1  1)A  substrates  [4].  The  net  acceptor 
concentration  was  small  in  the  epilayers  on 
GaAs(l  1  1)A  substrates  compared  with  that  of 
epilayers  on  GaAs(l  0  0)  substrates  at  the  same 
nitrogen  doping  situation.  The  bond  number  of 
adsorbing  nitrogen  atoms  on  the  Zn-exposed 
ZnSe(l  1  1)  surface  grown  on  GaAs(l  1  1)A  sub¬ 
strate  is  one  and  smaller  than  that  on  the  (1  0  0) 
surface,  which  brings  the  smaller  sticking  probabil¬ 
ity  of  nitrogen  on  (1  1  1)A  surface. 

If  twin-free  single-crystalline  epilayers  can  be 
grown  on  GaAs(l  1  1)B  substrates  with  thermal 
etching  procedure  under  As  beam  irradiation  or 
using  (1  1  1)B  family  surfaces  such  as  (2  1  1)B  or 
(3  1  1)B  surfaces,  the  enhancement  of  nitrogen  dop¬ 
ing  in  (1  1  1)B  epilayers  will  be  useful. 

4.  Conclusions 

ZnSe  films  were  grown  on  GaAs(l  1  1)B  substra¬ 
tes  by  MBE.  The  observation  of  RHEED  con¬ 
firmed  that  the  epilayers  grown  on  both  just-  and 
IC^-misoriented  substrates  consist  of  twins.  The 
growth  of  twins  on  the  misoriented  substrate  seems 
to  originate  from  the  facets  of  the  substrates  owing 
to  the  thermal  etching  without  As  beam  irradiation. 
The  PL  spectra  of  the  undoped  epilayers  showed 
defect-related  Y-line  and  deep  emissions.  It  was 
concluded  that  the  twin  boundaries  of  the  films  are 
the  origin  of  defects  and  nonradiative  centers. 
Nitrogen  was  doped  to  the  epilayers  using  an  rf 
plasma  cell.  The  net  acceptor  concentration  of  the 


(1  1  1)B  epilayers  could  not  be  determined  by  C-V 
measurements  owing  to  the  presence  of  twin 
boundaries  although  that  of  the  twin-free  (1  0  0) 
epilayers  could  be  determined.  The  comparison  be¬ 
tween  the  PL  spectra  of  nitrogen  doped  (1  1  1)B 
epilayers  and  those  of  (1  0  0)  epilayers  suggested 
that  the  nitrogen  doping  to  ZnSe  films  is  enhanced 
using  the  GaAs(l  1  1)B  substrates  instead  of 
GaAs(l  0  0)  substrates.  A  probable  reason  for  dop¬ 
ing  enhancement  is  the  increase  in  the  sticking 
probability  of  nitrogen  on  (1  1  1)B  surfaces  owing 
to  the  larger  bond  number  of  the  adsorbing  nitro¬ 
gen  atoms  on  the  Zn-exposed  ZnSe(l  1  1)B  surface 
than  that  on  the  (1  0  0)  surface. 
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Abstract 

The  initial  growth  of  thin  ZnSe  layers,  grown  on  GaAs(0  0  1)  using  molecular  beam  epitaxy  (MBE),  has  been  studied 
using  real-time  reflection  high-energy  electron  diffraction  (RHEED),  as  well  as  X-ray  double-crystal  rocking  curves 
(DCRC),  reflectivity  difference  spectroscopy  (RDS)  and  transmission  electron  microscopy  (TEM).  A  noticeable  difference 
in  interface  quality  and  growth  was  observed  depending  upon  the  initial  precursor.  Exposure  to  Se  flux  before  growth  led 
initially  to  three-dimensional  growth,  whereas  exposure  to  Zn  flux  or  no  precursor  led  immediately  to  two-dimensional 
growth.  X-ray  DCRC  and  RDS  confirmed  that  the  overall  sample  quality  was  better  with  two-dimensional  growth,  and 
TEM  observations  were  consistent  with  previous  studies  which  have  shown  that  initial  three-dimensional  growth  is 
related  to  the  formation  of  Ga2Se3  at  the  interface,  leading  to  high  densities  of  stacking  faults  and  edge  dislocations. 

PACS:  81.10.Bk;  78.20.Ci;  61.14.Hg;  61.16.Bg 

Keywords:  MBE;  Precursor;  RHEED;  X-ray;  RDS;  Interface 


1.  Introduction 

ZnSe-based  alloy  systems  have  received  much 
attention  because  of  their  potential  as  laser  diodes 
in  the  blue-green  region  of  the  spectrum  [1].  The 
success  of  p-type  doping  [2]  and  the  first  demon¬ 
stration  of  green  laser  diodes  [3]  have  stimulated 
the  field.  Rapid  failure  during  device  operation  has, 
however,  delayed  the  development  of  commercial 
applications  [4].  The  rapid  failure  has  been  as- 
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cribed  to  pre-existing  defects  such  as  stacking  faults 
and  point  defects  originating  from  the  region  of  the 
interface.  Recent  research  has  focussed  on  improv¬ 
ing  the  interface  quality,  which  may  increase  device 
lifetime. 

The  ZnSe/GaAs  interface  is  strongly  influenced 
by  the  formation  of  mixed  interfacial  layers  and 
misfit  dislocations.  One  way  to  improve  the  inter¬ 
face  quality  is  to  optimize  initiation  of  the  ZnSe 
growth.  Several  groups  [5-10]  have  reported  on 
the  initial  growth  mode  of  ZnSe  on  GaAs.  Reichow 
et  al.  [8]  found  that  the  best  quality  ZnSe  layer  was 
achieved  when  the  GaAs  substrate  was  exposed  to 
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Zn  flux  for  0.5  s  prior  to  Se  flux.  Guha  et  al.  [9] 
conducted  more  detailed  studies  and  found  that  the 
initial  growth  mode  could  be  characterized  as 
three-dimensional  (3D)  mode,  intermediate  two- 
dimensional  (2D),  or  2D,  as  a  result  of  exposing  the 
GaAs  surface  to  Se,  Se  -I-  Zn,  or  Zn  fluxes,  respec¬ 
tively,  prior  to  ZnSe  growth.  Furthermore,  they 
found  that  the  2D  growth  mode  at  the  beginning 
produced  the  best  sample  quality,  with  dislocation 
densities  in  the  low  lO^crn”^  range.  Our  current 
study  using  real-time  RHEED  has  provided  direct 
in-situ  evidence  on  the  influence  of  the  precursor 
on  growth  initiation.  Ex-situ  characterization  by 
X-ray  DCRC,  RDS  and  TEM  also  indicated  that 
samples  grown  with  the  initial  2D  growth  mode 
had  better  quality,  supporting  previous  con¬ 
clusions.  The  cause  of  3D  growth  with  the  Se  pre¬ 
cursor  is  tentatively  ascribed  to  the  formation  of 
Ga2Se3  at  the  interface. 

2.  Experimental  procedure 

All  ZnSe-based  layers  were  grown  in  the  Riber 
2300  MBE  system  [11].  Elemental  Zn  and  Se  sour¬ 
ces  were  used  in  growing  ZnSe.  Si-doped 
GaAs(0  0  1)  substrates  (Sumitomo)  were  prepared 
by  conventional  chemical  cleaning  and  in-situ  ther¬ 
mal  oxide  desorption.  In-situ  RHEED  showed  the 
expected  bulk  GaAs  diffraction  pattern  and  X-ray 
photoemission  spectroscopy  (XPS)  of  representa¬ 
tive  samples  indicated  that  the  surface  was  oxide- 
free  (below  the  detection  limit  of  1.0%).  ZnSe  layers 
(1-3  pm  thick)  were  then  grown  under  Se-rich  con¬ 
ditions  on  GaAs  substrates  without  GaAs  buffer 
layers.  The  growth  temperature  was  nominally 
310°C  and  the  typical  growth  rate  was  about 
1-1.5  A/s.  ZnSe  growth  was  initiated  after  different 
surface  treatments  with  Zn  or  Se  flux  prior  to 
growth  as  follows: 

(1)  the  GaAs  substrate  surface  was  only  exposed 
to  Zn  or  Se  flux  at  the  growth  temperature  for  1  s, 
1  min  and  10  min; 

(2)  the  GaAs  substrate  surface  was  exposed  to 
both  Se  and  Zn  flux  at  the  growth  temperature; 
and 

(3)  the  GaAs  substrate  surface  was  exposed  to 
either  Zn  or  Se  flux  after  thermal  oxide  desorption 


and  during  cooling  of  the  substrate  to  the  growth 
temperature. 

Before  and  during  growth,  a  K-space  RHEED 
analysis  system  was  used  to  monitor  the  growth. 
After  growth,  all  samples  were  characterized  by 
spectroscopic  ellipsometry  (SE),  X-ray  DCRC, 
TEM  [12]  and  RDS  [13, 14]  . 

3.  Results  and  discussion 

The  differences  between  the  initial  growth 
modes  are  apparent  from  real-time  RHEED  pat¬ 
terns  of  the  ZnSe(0  0  1)  layers.  Fig.  1  shows  the 
patterns  from  the  GaAs(0  0  1)  substrates  and  the 
ZnSe(0  0  1)  layers  recorded  at  the  growth  temper¬ 
ature  immediately  before  and  during  the  initiation 
of  ZnSe  growth.  For  convenience,  the  samples  cor¬ 
responding  to  the  columns  from  left  to  right  are 
designated  as  Samples  A,  B,  and  C,  respectively. 


Se  precursor  Zn  precursor  No  precursor 
(Sample  A)  (Sample  B)  (Sample  C) 

Before!^'  •  ^  , 

h.  ,1,  -  I  i  ♦ 

growth  I  *1 


after 

30  sec  ^  i  * 

I  I 


after 
60  sec 


after 
120  sec ; 


Fig.  1.  RHEED  patterns  before  and  during  the  growth  of  ZnSe 
on  GaAs  substrates.  The  top  row  shows  the  patterns  before 
initiation  of  growth,  and  the  second,  third  and  fourth  rows  show 
patterns  at  30, 60,  and  120  s  after  initiation  of  growth,  respective¬ 
ly.  The  e-beam  is  along  [110]  direction. 
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The  patterns  were  taken  with  the  electron  beam 
along  [1  10]. 

When  the  GaAs  substrate  was  exposed  to  Se  flux 
for  1  min  before  Zn  flux  (Sample  A),  the  growth 
mode  was  clearly  3D,  as  indicated  by  the  spotty 
pattern  in  the  first  column.  Even  after  2  minutes, 
the  RHEED  pattern  still  remained  spotty.  The 
RHEED  patterns  usually  turned  to  streaks  after 
10-30  min.  Conversely,  when  the  GaAs  substrate 
was  exposed  to  Zn  flux  for  1  min  before  growth 
(Sample  B),  the  RHEED  patterns  remained  streaky 
throughout  growth,  as  shown  by  the  second  col¬ 
umn  in  Fig.  1.  These  results  are  consistent  with  the 
experimental  results  reported  by  Guha  et  al.  [9], 
where  it  was  proposed  that  Se  interacted  with  Ga 
to  form  Ga2Se3,  which  in  turn  led  to  the  develop¬ 
ment  of  ZnSe  islands.  Our  results  suggest,  however, 
that  the  coverage  by  Ga2Se3  is  likely  to  be  only  on 
the  order  of  a  monolayer,  since  RHEED  patterns  at 
the  onset  of  growth  do  not  show  any  noticeable 
change. 

To  determine  the  duration  of  Zn  treatment  ne¬ 
cessary  for  achieving  2D  growth,  we  initiated  ZnSe 
growth  by  opening  the  Zn  shutter  just  Is  before 
opening  the  Se  shutter.  The  RHEED  patterns  still 
showed  a  smooth  2D  start.  Finally,  ZnSe  growth 
was  initiated  by  opening  Zn  and  Se  simultaneously 
(Sample  C).  As  shown  by  the  third  column  of  Fig.  1, 
the  RHEED  patterns  remained  streaky  throughout 
the  entire  growth.  The  subtle  differences  between 
ZnSe  growth  with  and  without  any  Zn  treatment, 
as  observed  by  Guha  et  al.  [9],  was  not  observed  in 
our  experiment.  This  could  be  due  to  residual  sur¬ 
face  roughness,  probably  because  the  GaAs  surface 
oxide  was  thermally  desorbed  without  As  ffux. 

Some  ZnSe  layers  were  grown  on  GaAs  substra¬ 
tes  with  Zn  or  Se  treatment  immediately  after  oxide 
desorption,  while  the  substrate  was  cooling  to  the 
growth  temperature.  Others  were  grown  with 
10  min  exposure  to  Zn  or  Se  ffux.  In  all  cases,  when 
growth  of  ZnSe  layers  were  initiated  after  Se  treat¬ 
ment,  RHEED  patterns  always  showed  initial  3D 
growth.  The  results  are  understandable,  since  they 
always  involve  exposure  of  Se  ffux  to  the  GaAs 
surface  at  the  growth  temperature.  At  this  temper¬ 
ature,  the  likely  formation  of  Ga2Se3  would  cause 
initial  3D  growth  [7, 10].  Conversely,  when  the 
GaAs  substrate  was  exposed  first  to  Zn  flux,  ZnSe 


layers  tend  to  grow  in  a  2D  mode.  The  duration  of 
the  exposure  to  the  Zn  flux,  however,  has  some 
effect  on  initiation  of  growth  of  the  ZnSe  layers. 
RHEED  patterns  showed  that  prolonged  exposure 
of  the  GaAs  substrate  to  Zn  flux  tended  to  make 
the  initiation  slightly  rough.  After  a  period  of  2  min, 
however,  there  was  almost  no  difference  in  the 
RHEED  patterns,  regardless  of  treatment.  The 
RHEED  patterns  for  all  layers  showed  smooth 
streaks  with  the  Se  (2  x  1)  surface  reconstruction, 
indicating  a  smooth  growth  front. 

The  microstructure  of  the  samples  grown  with 
different  treatments  was  characterized  by  TEM. 
Overall,  the  electron  micrographs  confirmed  the 
differences  between  samples  grown  with  different 
treatments  as  revealed  by  RHEED.  Samples  grown 
either  with  no  treatment  or  with  Zn  treatment  had 
better  quality  than  those  with  Se  treatment.  For 
example,  samples  with  Se  treatment  usually  showed 
many  stacking  faults.  Fig.  2  compares  the  interface 


Fig.  2.  TEM  micrographs  for  Samples  D  and  E.  Sample 
D  grown  with  Zn  treatment  shows  better  quality  interface  than 
Sample  E  grown  with  Se  treatment.  More  stacking  faults  are 
observed  in  Sample  D  than  Sample  E. 
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of  Sample  D  grown  with  the  Zn  precursor  with  that 
of  Sample  E  grown  with  the  Se  precursor.  Sample 
D  shows  a  relatively  smooth  interface  without  any 
misfit  dislocations  visible  in  this  region.  On  the 
other  hand,  Sample  E  grown  with  Se  as  the  precur¬ 
sor  shows  a  rough  interface  and  some  stacking 
faults  that  penetrate  into  the  GaAs  side.  The 
greater  defect  density  in  this  sample  could  well  be 
caused  by  an  intermixed  phase  such  as  Ga2Se3  at 
the  interface  which  has  a  smaller  lattice  constant 
than  either  GaAs  or  ZnSe  [7, 10]. 

The  structural  quality  of  the  ZnSe  layers  was  also 
characterized  by  X-ray  DCRC.  Fig.  3  shows  a  sche¬ 
matic  diagram  which  relates  the  change  of  lattice 
constants  to  the  shift  of  X-ray  peaks.  The  out-of- 
plane  and  in-plane  lattice  constant  for  GaAs  are 


Arcsec 


Fig.  3.  Schematic  diagram  illustrating  the  relationship  between 
the  change  of  lattice  constants  and  the  shift  of  X-ray  peaks  which 
mimic  diffraction  from  the  (0  0  4)  planes.  The  solid  boxes  repres¬ 
ent  the  lattice  constant  for  bulk  ZnSe  and  GaAs,  and  the  dotted 
boxes,  for  film  ZnSe  and  GaAs.  Likewise,  the  solid  curve  shows 
the  X-ray  peak  from  bulk  ZnSe  and  GaAs  and  the  dotted  curve, 
from  film  ZnSe  and  GaAs. 


designated  by  a±  and  respectively.  The  out-of¬ 
plane  and  in-plane  lattice  constant  for  ZnSe  are 
designated  by  and  bi\,  respectively.  The  lattice 
constant  of  GaAs  (5.6533  A)  [15]  is  smaller  than 
that  of  ZnSe  (5.6696  A)  [16].  According  to  these 
values,  the  peak-to-peak  distance  should  be  386  ar¬ 
csec.  Under  the  ideal  condition  where  coherent 
growth  takes  place,  b_i  will  increase  and  aj_  near  the 
interface  will  decrease  as  illustrated  by  the  dotted 
boxes.  This  leads  to  the  further  separation  of  ZnSe 
peak  from  GaAs  peak  as  illustrated  by  the  dotted 
curves.  Fig.  4  shows  experimental  rocking  curves 
from  the  (0  0  4)  plane  for  Sample  B:  one  with  the 
X-ray  source  along  [1  10],  and  the  other  after 
rotating  the  sample  by  180°.  Two  measurements  for 
each  sample  were  performed  to  compensate  for  any 
misorientation  of  the  ZnSe  with  respect  to  GaAs. 
GaAs  peak  from  the  substrate  before  growing  ZnSe 
normally  shows  FWHM  less  than  30  arcsec.  The 
doublet  shown  in  this  figure  indicates  that  one  peak 


Fig.  4.  X-ray  DCRC  for  Sample  B.  One  is  taken  with  the  X-ray 
beam  along  [1  10],  the  other,  after  rotating  the  sample  by  180°. 
The  average  FWHM  is  133  arcsec,  and  the  average  peak-to- 
peak  distance  is  339  arcsec. 
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may  be  from  the  bulk  region  and  the  other,  from 
the  region  near  the  interface  subjected  to  the  larger 
strain.  The  average  distance  from  ZnSe  peak  to 
GaAs  peak  for  Sample  B  was  339  arcsec,  where  the 
average  position  of  the  GaAs  doublet  was  used  for 
the  GaAs  peak.  The  peak-to-peak  distance  for 
other  samples  was  also  similar  to  this  value,  which 
is  always  smaller  than  the  expected  value  386  ar¬ 
csec.  This  indicates  that  (i)  the  literature  value  for 
ZnSe  [16]  is  larger  than  the  true  value,  or  (ii)  the 
lattice  constant  of  film  ZnSe  is  less  than  that  of  bulk 
ZnSe,  implying  the  compressive  strain  even  along 
[0  0  1].  Rocking  curves  for  Sample  A  were  similar 
to  those  for  Sample  B.  But,  the  line  shape  of  the 
GaAs  doublet  for  the  two  samples  was  different  in 
the  sense  that  the  stronger  intensity  for  Sample 
B  was  at  the  position  away  from  the  ZnSe  peak, 
with  the  weaker  intensity  at  the  position  closer  to 
the  ZnSe  peak,  which  was  opposite  to  that  for 
Sample  A.  Considering  that  the  X-ray  intensity  is 
proportional  to  the  number  of  planes  having  the 
same  lattice  constant,  the  line  shape  of  the  GaAs 
doublet  for  the  two  samples  indicates  that  Sample 
B  has  more  portion  of  coherent  growth  at  the 
interface  than  Sample  A.  The  average  FWHM  of 


Fig.  5.  RDS  in  the  El  region  for  Samples  D  and  E.  Sample 
D  shows  about  three  times  stronger  strength  than  Sample  E. 


ZnSe  peak  for  Samples  B  and  A  was  133  and 
143  arcsec,  respectively,  indicating  that  film  ZnSe 
of  Sample  B  is  more  ordered  than  that  of  Sample  A. 
In  relation  to  the  RHEED  patterns  and  TEM  ob¬ 
servations  for  these  samples,  the  X-ray  results  again 
confirmed  that  better  interface  quality  led  to  better 
structural  quality. 

The  structural  quality  of  film  ZnSe  for  Sample 
D  and  E  could  not  be  determined  by  X-ray  DCRC, 
since  the  thickness  as  determined  by  SE  was  only  of 
the  order  700  nm  and  the  intensity  of  X-ray  diffrac¬ 
tometer  was  not  strong  enough  to  pick  up  the  ZnSe 
signal.  RDS  was,  however,  able  to  determine  the 
difference  in  the  structural  quality  for  thin  samples. 
The  setup  and  interpretation  of  RDS  data  are  re¬ 
ported  previously  [14].  Fig.  5  shows  RDS  data  for 
Samples  D  and  E.  The  derivative-like  structure 
around  the  E^  region  for  Sample  D  is  stronger  than 
that  for  Sample  E.  The  strength  of  the  peaks,  as 
shown  by  the  arrows,  is  0.011  and  0.004  for  Sample 
D  and  Sample  E,  respectively.  These  results  show 
that  the  structural  quality  of  Sample  D  is  better 
than  Sample  E,  since  it  is  proportional  to  the 
strength  of  the  derivative-like  structure  [14]. 


4.  Conclusions 

The  initial  growth  mode  of  ZnSe  layers  on 
GaAs(0  0  1)  without  GaAs  buffer  layers  has  been 
studied  in  detail  using  real-time  RHEED  images. 
ZnSe  grown  on  GaAs  substrates  with  Se  as  the 
precursor  always  showed  a  3D  growth  mode, 
whereas  layers  grown  with  Zn  as  a  precursor  always 
showed  the  2D  mode.  The  duration  of  Zn  exposure 
before  growth  was  not  critical  although  prolonged 
exposure  somewhat  roughened  the  surface.  Thus,  it 
is  not  necessary  to  prolong  Zn  exposure  in  order  to 
ensure  the  2D  start.  The  TEM  results  indicated  that 
samples  exposed  to  Se  treatment  prior  to  growth 
form  a  defective  interfacial  region,  possibly  due  to 
Ga2Se3,  causing  a  high  density  of  stacking  faults 
and  edge  dislocations,  originating  from  the  vicinity 
of  the  interface.  From  X-ray  DCRC  FWHM,  sam¬ 
ples  with  Zn  treatment  were  more  ordered  and 
coherent  than  those  with  Se  treatment.  RDS  also 
indicated  that  better  quality  was  associated  with 
samples  grown  with  Zn  treatment. 
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Abstract 

We  have  grown  Be-chalcogenides  for  the  first  time  by  molecular  beam  epitaxy  (MBE)  on  GaAs  substrates.  The  lattice 
constants  of  both  BeTe  and  BeSe  are  smaller  than  that  of  GaAs,  therefore  Be  containing  compounds  such  as  (BeMg)Te  or 
(BeZn)Se  and  (BeMgZn)Se  are  ideal  candidates  to  replace  ZnTe  or  Zn(SSe)  and  (ZnMg)(SSe)  ternaries  and  quaternaries, 
respectively.  In  this  contribution  we  present  first  results  on  the  p-type  doping  of  such  layers  using  a  modified  nitrogen 
plasma  source.  The  p-type  dopability  of  BeTe  as  determined  by  van-der-Pauw  measurements  is  comparable  to  that  of 
ZnTe,  free-hole  concentrations  of  more  than  1  x  10^^  cm'^  have  been  reached.  Heavily  p-doped  ternary  (BeMg)Te  or 
(BeMn)Te  layers  are  obtained  easily  which  are  fully  lattice-matched  to  GaAs.  On  the  other  hand,  (BeZn)Se  and 
(BeMgZn)Se  ternaries  and  quaternaries  seem  to  behave  similar  to  their  sulphur-containing  counterparts,  an  increase  of 
the  band  gap  leads  to  a  decrease  of  the  free-hole  concentration.  Based  on  these  results,  we  propose  an  alternative  for  the 
p-type  doping  of  wide  gap  II-VI  semiconductors.  The  small  lattice  mismatch  of  BeTe  to  GaAs  allows  to  grow  BeTe/ZnSe 
superlattices  with  excellent  structural  quality.  We  have  calculated  possible  superlattice  structures  which  should  have  an 
effective  band  gap  comparable  to  or  higher  than  ZnSe  and  at  the  same  time  are  highly  p-doped  and  almost  lattice- 
matched  to  the  GaAs  substrate. 

PACS:  68.55;  72.80.E;  73.60.F 

Keywords:  II-VI  semiconductors;  Beryllium  chalcogenides;  p-Type  doping;  Superlattice;  MBE 


1.  Introduction 

p-type  doping  is  the  key  issue  for  the  fabrication 
of  laser  diodes  emitting  in  the  short  wavelength 
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range.  The  first  demonstration  of  ZnSe-based 
blue-green  lasers  [1]  has  been  soon  after  the  suc¬ 
cessful  p-type  doping  of  ZnSe  with  carrier  concen¬ 
trations  of  up  to  p  =  2xl0^®  cm’^  by  using 
plasma  activated  nitrogen  as  acceptor  [2].  How¬ 
ever,  the  p-dopability  is  decreasing  with  increasing 
band  gap  in  the  quaternary  ZnMgSSe  which  is  used 
for  cladding  layers  in  blue-green  laser  diodes.  To 
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reduce  the  leakage  current  in  separate  confinement 
heterostructures,  a  difference  of  at  least  0.4  eV  be¬ 
tween  the  cladding  layers  and  the  active  region  is 
necessary  [3].  Together  with  the  band  gap  limit  of 
the  cladding  layers  of  about  2.9  eV  at  which  the 
p-type  doping  is  still  sufficient,  continuous  room 
temperature  operation  of  such  laser  structures  is 
possible  only  at  wavelengths  of  more  than  about 
490  nm. 

With  the  introduction  of  Be  containing  II-VI 
semiconductors,  a  totally  different  approach  for  the 
p-doping  can  be  considered.  We  suggest  to  use 
BeTe/ZnSe  superlattices  (SL)  which  can  be  highly 
p-doped  due  to  the  high  p-dopability  of  BeTe,  and 
at  the  same  time  are  lattice  matched  to  GaAs. 

We  present  experimental  results  on  the  p-type 
doping  of  (BeMg)Te  and  (BeMgZn)Se  with  nitro¬ 
gen,  and  calculate  the  effective  band  gap  of  the 
proposed  ZnSe/BeTe  superlattices  depending  on 
the  thickness  of  the  binary  layers. 


2.  Experimental  details 

The  structures  have  been  grown  in  a  RIBER 
2300  four  chamber  system  in  a  group  VI  rich  re¬ 
gime  at  growth  temperatures  between  270°C  and 
300°C  for  ZnSe-based  compounds  and  between 
270°C  and  400°C  for  (BeMg)Te.  The  g/owth  rates 
have  been  chosen  between  0.2  and  3  A/s.  Further 
details  about  the  properties  and  growth  of  Be  chal- 
cogenides  are  published  elsewhere  [4].  For  the  p- 
type  doping,  a  modified  nitrogen  plasma  source 
(Oxford  Applied  Research)  has  been  used  which 
allows  also  the  cracking  of  solid  materials  like  ar¬ 
senic  by  the  plasma  discharge  [5].  However,  for  the 
samples  presented  here  only  nitrogen  diluted  with 
argon  at  different  ratios  has  been  used. 

The  net  acceptor  concentration  of  the  Be  chal- 
cogenides  has  been  determined  by  means  of  electro¬ 
chemical  capacitance-voltage  (C-V)  profiling 
(BIORAD  PN4300)  and  mercury  probe  C-F  pro¬ 
filing  at  lower  concentration  and  Hall  measure¬ 
ments  in  the  van-der-Pauw  configuration  at  higher 
concentrations.  The  band  gaps  have  been  deter¬ 
mined  by  photoluminescence  (PL)  at  1.9  K  and  the 
structural  quality  of  the  thin  films  was  checked 
by  high-resolution  X-ray  diffraction  (HRXRD) 


rocking  curves  employing  a  six-crystal  diffrac¬ 
tometer. 

3.  Results  and  discussion 

3.1.  p-type  doping  of  Be  chalcogenides 

3.1.1.  Tellurides 

Te-based  compounds  like  (BeMg)Te  can  be 
grown  in  excellent  quality  lattice-matched  to  GaAs 
substrates.  The  full  width  at  half  maximum 
(FWHM)  of  the  rocking  curve  of  the  best  film  has 
been  24  arcsec  for  a  1  pm  thick  layer.  At  the  same 
time  the  p-type  doping  level  of  (BeMg)Te  using 
plasma  activated  nitrogen  as  acceptor  is  extremely 
high,  free-hole  concentration  of  p  =  (1.2  +  0.3)  x 
10^°  cm"^  with  a  mobility  of  p  =  9.9  ±  2.6  cm^/(V  s) 
at  300  K  have  been  determined  by  van-der-Pauw 
measurements.  Together  with  the  high  structural 
quality  this  material  is  the  ideal  replacement  for 
ZnTe :  N  which  is  commonly  used  in  the 
ZnSe/ZnTe  pseudograding  on  top  of  conventional 
ZnSe-based  laser  devices. 

BeTe  has  roughly  the  same  valence  band  posi¬ 
tion  as  GaAs  [4],  and  in  addition  to  the  good 
lattice  matching  to  GaAs  it  can  also  be  used  as 
pseudograding  from  p-type  GaAs  substrates  to  p- 
ZnSe  for  the  use  in  inverted  laser  structures  with 
the  n-contact  on  top. 

Finally,  one  can  now  even  think  of  replacing  the 
difficult  and  unstable  nitrogen-plasma  doping  by 
arsenic  doping  in  BeTe,  since  this  element  is  a  good 
choice  in  ZnTe,  as  reported  before  [5].  This  is  also 
a  very  promising  point  for  the  fabrication  of  light- 
emitting  devices  by  MOVPE,  because  p-type  dop¬ 
ing  is  still  a  big  problem  with  this  technique.  Espe¬ 
cially  the  use  of  a  BeTe/ZnSe  superlattice  as 
described  below  instead  of  a  quaternary  cladding 
layer  may  promote  the  fabrication  of  laser  diodes 
by  MOVPE. 

3.1.2.  Selenides 

The  structural  quality  of  the  Se-based  ternaries 
and  quaternaries  (BeZn)Se  and  (BeMgZn)Se  is  also 
very  high.  We  have  reproducibly  grown  quaternary 
layers  with  a  lattice  mismatch  lower  than  0.1  %,  the 
FWHM  of  the  rocking  curves  being  under  25  arcsec 
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with  a  best  value  of  17  arcsec  [4].  From  these 
results  we  can  conclude  that  Be  is  the  ideal  replace¬ 
ment  this  time  of  S,  which  -  from  the  epitaxial  point 
of  view  -  is  a  rather  inconvenient  material  because 
of  its  high  vapour  pressure,  the  strong  temperature 
dependence  of  the  sticking  coefficient  and  its  tend¬ 
ency  to  react  with  GaAs  leading  to  defects  at  the 
Ill/V-II/VI-interface. 

Concerning  p-type  doping  the  behaviour  of  the 
Be  selenides  is  also  similar  to  the  sulphides.  We 
have  grown  several  N-doped  quaternaries  with  dif¬ 
ferent  band  gap  energies,  and  above  3.0  eV  the  net 
acceptor  concentration  iV^  —  Nj)  falls  below 
10^^  cm"^.  Nevertheless,  at  lower  energies  of  about 
2.9  eV  we  have  still  measured  Na  —  No  =  2x10^^ 
by  C-F  profiling.  More  work  has  to  be  done  to 
clarify  whether  these  doping  values  are  limited  by 
similar  compensation  processes  as  compared  to  the 
ZnMgSSe :  N  system. 

Further  details  about  the  p-type  doping  of  Be 
chalcogenides  are  published  in  [6]. 

4.  BeTe/ZnSe  superlattices 

The  above  results  show  that  the  p-type  doping  of 
the  wide  band  gap  selenides  is  still  a  problem. 
(BeMg)Te  could  be  used  for  the  p-type  cladding 
layers  in  laser  diodes,  but  the  refractive  index  of  this 
material  is  higher  than  that  of  ZnSe  for 
wavelengths  above  about  450  nm,  therefore  the 
waveguiding  properties  of  the  laser  structures 
would  be  distorted.  On  the  other  hand,  this  could 
be  indeed  a  very  interesting  alternative  for  LEDs, 
where  waveguides  can  be  omitted.  Here,  we  explore 
the  possibility  to  use  BeTe/ZnSe  superlattices  for 
the  p-cladding.  Since  BeTe  can  be  p-doped  ex¬ 
tremely  high,  the  average  doping  level  in  such  an 
SL  should  still  remain  very  high,  depending  on  the 
“dilution  ratio”  with  ZnSe.  Also  the  refractive  index 
should  be  lower  than  that  in  ZnCdSe  in  these 
structures,  which  is  an  essential  prerequisite  for  the 
usage  as  a  cladding  in  laser  diodes. 

Fig.  1  shows  the  type  II  BeTe/ZnSe  superlattice, 
i.e.  ZnSe  acts  as  a  well  in  the  conduction  band  and 
as  a  barrier  in  the  valence  band.  Due  to  the  type-II 
transition  there  is  usually  a  local  indirect  absorp¬ 
tion  in  such  structures  at  about  1.8  eV  at  room 


Table  1 

Parameters  used  for  the  calculation  of  BeTe/ZnSe  superlattices 


ZnSe 

BeTe 

Direct  (indirect)  band  gap 

at  RT  (eV) 

2.67 

4.1  (2.8-2.9)  [4] 

Valence  band  offset  to 

ZnSe  (eV) 

- 

0.9 

Lattice  constant  Oq  (A) 

5.668 

5.622  [4] 

Effective  electron  mass  mf)mQ 

0.17  [8] 

0.17 

Effective  hole  mass  m^/mo 

0.65  [8] 

0.65 

temperature.  To  prevent  this  absorption,  one  has  to 
calculate  the  suitable  period  widths  of  the  superla¬ 
ttice  at  which  the  formation  of  minibands  starts. 
These  minibands  can  also  have  energies  far  higher 
than  the  type  Il-transition.  The  superlattice  calcu¬ 
lations  have  been  performed  by  employing  the  en¬ 
velope-function  method  in  form  of  a  standard 
Kronig-Penney  model  [7].  This  model  requires 
only  a  limited  set  of  parameters,  namely  valence 
and  conduction  band  offsets,  respectively,  and  the 
effective  electron  and  hole  masses  m*o  and  m*o- 
Also  the  modest  computing  time  needed  is  an  ad¬ 
vantage  as  compared  to  tight-binding,  pseudo¬ 
potential,  orthogonalized  plane  wave  methods,  etc. 

If  parameters  were  not  known  for  BeTe,  the 
values  of  ZnSe  have  been  taken  as  a  first  approxi¬ 
mation  (see  Table  1).  Strain  effects  have  been 
neglected,  because  both  elastic  constants  and  defor¬ 
mation  potentials  are  unknown  for  BeTe  until  now 
and  should  differ  significantly  from  other  II-VI- 
materials,  mainly  due  to  the  higher  covalent  bond¬ 
ing  of  this  compound.  An  influence  of  the  indirect 
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Fig.  2.  Effective  superlattice  band  gap  £g,eff  over  BeTe  and 
ZnSe  width.  The  strong  increase  towards  small  ZnSe  widths  has 
its  origin  in  the  high  confinement  energy  in  the  conduction  band. 

gap  of  BeTe  can  be  ignored,  because  the  miniband 
energies  in  the  conduction  band  of  the  SL  lie  below 
the  indirect  edge  in  the  band  structure  of  BeTe.  This 
is  the  case  for  confinement  energies  in  the  conduc¬ 
tion  band  not  higher  than  about  1.2  eV.  A  disad¬ 
vantage  of  this  model  is  that  it  loses  accuracy  if  we 
go  to  very  small  superlattice  periods  of  a  few  mono- 
layers,  but  nevertheless  the  feasibility  of  the  pro¬ 
posed  superlattice  concept  for  the  p-type  doping 
can  be  checked.  For  finding  a  suitable  combination 
of  barrier  and  well  thickness  for  a  given  effective 
band  gap  energy  £g,eff,  the  accuracy  of  the  calcu¬ 
lation  is  still  high  enough. 

The  dependence  of  £g,eff  on  the  thickness  of  the 
BeTe  and  ZnSe  layers  is  shown  as  an  overview  in 
Fig.  2.  The  biggest  influence  on  the  effective  band 
gap  comes  from  the  confinement  in  the  ZnSe  con¬ 
duction  band  quantum  well,  due  to  the  high  con¬ 
finement  energy  and  the  lower  effective  mass  of  the 
electrons.  The  most  important  result  is  that 
£g,eff  can  indeed  reach  values  of  2.9  eV  and  above 
by  reducing  the  ZnSe  thickness  accordingly. 

In  Fig.  3  the  dependence  of  Fg,eff  on  the  superla¬ 
ttice  period  for  different  thickness  ratios 
dzns^ :  daeTe  is  displayed.  To  obtain  an  effective  gap 
of,  e.g.  2.7  eV  and  fulfil  at  the  same  time  the  lattice¬ 
matching  condition  to  GaAs,  appropriate  values 


Fig.  3.  The  dependence  of  Fg.eff  on  the  superlattice  period,  for 
different  thickness  ratios  dznse  •  ^bcTc- 


superlattice  period  (A) 

Fig.  4.  Width  of  the  minibands  over  superlattice  period  d.  The 
thickness  ratio  of  dznse :  4eTc  =  2  has  been  chosen  to  obtain 
lattice  matching  to  GaAs. 

would  be  around  12  A  for  the  ZnSe  and  6  A  for  the 
BeTe  layer. 

The  width  of  the  minibands  over  the  superlattice 
period  d  is  plotted  in  Fig.  4.  For  this  calculation  the 
ZnSe/BeTe  thickness  ratio  has  been  chosen  to  ob¬ 
tain  lattice  matching  to  GaAs.  A  pronounced  split¬ 
ting  of  both  minibands  is  seen  only  for  values  of 
d  below  20  A,  which  has  again  its  origin  in  the  high 
confinement  energies  for  both  conduction  and  val¬ 
ence  band  wells.  This  indicates  that  vertical  trans¬ 
port  under  these  conditions  makes  sense  only  for 
rather  small  periods. 
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5.  Summary 

Results  concerning  the  p-type  doping  of  Be  chal- 
cogenides  have  been  presented.  The  possibility  of 
using  BeTe/ZnSe  superlattices  for  the  p-type  dop¬ 
ing  of  cladding  layers  has  been  examined  by  calcu¬ 
lating  the  miniband  structure  in  the  frame  of 
a  standard  Kronig-Penney  model.  This  concept 
may  circumvent  the  problems  with  the  p-type  dop¬ 
ing  of  wide  gap  quaternary  compounds  like 
ZnMgSSe  or  BeMgZnSe.  Experimental  investiga¬ 
tions  to  explore  the  feasibility  of  this  concept  are 
under  way. 
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Abstract 

BeTe  was  epitaxially  grown  on  vicinal  Si(l  0  0)  substrates  for  the  first  time.  Reflection  high  energy  electron  diffraction 
(RHEED)  was  used  to  study  the  initial  growth  mode  and  the  surface  structure.  Transmission  electron  microscopy  (TEM) 
was  used  to  study  the  crystal  quality.  The  material  was  grown  on  both  bare  and  arsenic  covered  vicinal  Si(l  0  0)  surfaces. 
Smooth  and  well-ordered  surface  structures  readily  formed  during  the  growth.  Low  stacking-fault  densities  were 
obtained  in  the  BeTe  epilayers.  The  potential  applications  of  the  new  material  are  discussed  briefly. 

PACS:  81.15.Hi;  81.05.Dz;  81.05.Cy 


1.  Introduction 

The  growth  of  compound  semiconductors  on 
silicon  substrates  has  been  extensively  studied  as 
a  means  of  integrating  silicon-based  electronic  de¬ 
vices  with  compound-semiconductor-based  op¬ 
toelectronic  devices  [1].  Such  studies  were  recently 
extended  to  the  development  of  silicon-based  quan¬ 
tum  devices,  in  which  silicon  and  compound 
semiconductors  are  both  involved  in  bandgap 
tailoring  [2].  The  growth  of  II-VI  compound 
semiconductors  on  Si(l  0  0)  surfaces  is  unique  be- 
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cause  the  interface  charge  problem  can  be  elimi¬ 
nated  by  the  use  of  a  monolayer  of  group  III  or 
group  V  elements  at  the  interface  [3].  The  use  of  an 
arsenic  passivation  layer  was  introduced  by 
Bringans  et  al.  for  the  purpose  of  growing  ZnSe  on 
Si(l  0  0)  substrates  [4].  We  later  used  the  arsenic 
passivation  method  to  grow  ZnS  layers  for  the 
purpose  of  developing  ZnS/Si  double-barrier  res¬ 
onant-tunneling  diodes,  in  which  ZnS  was  used  as 
a  wide-bandgap  tunneling  barrier  material  [5,  6]. 
While  the  crystallinity  of  the  ZnS  and  ZnSe  layers 
was  significantly  improved  by  use  of  the  arsenic 
passivation  method,  the  problem  of  high  stacking- 
fault  densities  in  both  layers  remained.  This  has 
been  attributed  to  the  intrinsically  low  stacking- 
fault  energies  of  ZnS  and  ZnSe  materials  [3],  We 
were,  therefore,  prompted  to  search  for  new 
semiconductor  materials  that  have  wide  bandgaps, 
could  be  grown  epitaxially  on  silicon  substrates, 
and  have  high  stacking-fault  energies. 
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The  result  of  our  search  has  focused  on  a  group 
of  beryllium- VI  compound  semiconductors,  includ¬ 
ing  BeS,  BeSe,  and  BeTe.  According  to  the  litera¬ 
ture,  BeS,  BeSe,  and  BeTe,  all  have  zincblende 
crystal  structures,  with  lattice  constants  of  4.8630, 
5.1477,  and  5.6269  A,  and  bandgaps  of  6.10,  4.50, 
and  2.7  eV,  respectively  [7-9].  Using  a  simple  lin¬ 
ear  interpolation,  we  find  that  an  alloy, 
BeSeo.45Teo.55,  can  be  lattice  matched  to  silicon 
with  a  bandgap  of  3.51  eV.  Therefore,  the  Be-VI 
compound  semiconductors  should  make  good  can¬ 
didates  for  our  study. 

Among  the  most  important  features  of  the  Be-VI 
compound  semiconductors  is  their  low  ionicities. 
According  to  Phillips  [10],  this  group  of  com¬ 
pounds  have  the  lowest  ionicities  among  all  II-VI 
compound  semiconductors.  As  a  matter  of  fact, 
according  to  the  same  reference,  their  ionicities  are 
even  lower  than  that  of  GaAs.  In  general,  there  is 
a  strong  correlation  between  the  stacking-fault  en¬ 
ergy  and  the  ionicity  of  III-V  and  II-VI  com¬ 
pounds.  For  example,  Takeuchi  et  al.  [11] 
developed  an  empirical  correlation  between  the 
stacking  fault  energy  and  the  charge  redistribution 
index  of  both  II-VI  and  III-V  compounds.  The 
charge  redistribution  index  measures  the  charge 
transfer  accompanying  the  strain  of  the  bond 
length  and  can  be  related  to  the  Phillips’  ionicity 
according  to  Phillips  and  Van  Vechten  [12].  Using 
Takeuchi’s  method,  we  calculated  the  stacking  fault 
energies  of  the  Be-VI  compound  semiconductors 
and  plotted  the  results  in  Fig.  1  along  with  the 
experimental  data  of  other  II-VI  and  III-V  com¬ 
pound  semiconductors.  According  to  this  predic¬ 
tion,  all  three  Be-VI  compounds  have  high 
stacking-fault  energies,  which  are  interestingly  even 
higher  than  that  of  GaAs. 

The  study  of  Be-VI  semiconductors  may  also 
have  an  impact  on  the  improvement  of  II-VI  blue 
lasers  [13].  The  short  lifetime  problem  of  the  pres¬ 
ent  II-VI  blue  lasers  arises  from  the  ease  with 
which  crystal  defects  generate  and  propagate  in 
ZnSe  based  materials  [14,  15]  and  this  is  believed 
to  be  the  result  of  the  weak  ionic  chemical  bonds 
[16].  The  source  of  the  dislocations  in  the  ZnSe- 
based  laser  structures  has  been  identified  with 
stacking  faults  that  originate  at  the  ZnSe/GaAs 
interface  regions  [14].  The  lower  ionicities,  stron- 
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Charge  Redistribution  Index 


Fig.  1.  Stacking  fault  energy  of  III-V  and  II-VI  compounds. 
Solid  dots  are  the  experimental  data,  from  Ref.  [11],  and  open 
circles  are  the  predicted  values  according  to  an  empirical  calcu¬ 
lation  method  given  in  the  same  reference. 


ger  chemical  bonds,  and  higher  stacking-fault  ener¬ 
gies  of  the  Be-VI  semiconductors  may  help  to 
strengthen  the  II-VI  laser  materials  and  to  increase 
the  lifetimes  of  the  laser  devices.  This  concept  is 
supported  by  a  recent  theoretical  study  of  lattice 
elastic  rigidity  of  II-VI  semiconductor  materials 
[17]. 

In  this  paper,  we  report  initial  results  of  molecu¬ 
lar  beam  epitaxial  growth  and  TEM  studies  of 
BeTe  on  vicinal  Si(l  0  0)  substrates. 

2.  Experimental  procedure 

Epitaxial  growth  was  carried  out  in  a  Fisons 
VG-V80S  MBE  system.  The  system  was  equipped 
with  an  e-beam  evaporator  for  silicon  deposition 
and  three  effusion  cells  for  Be,  Te,  and  As  sources. 
The  MBE  system  was  also  equipped  with  a  15  keV 
RHEED  system  for  surface  structural  studies  and 
a  Dycor  M200  residual  gas  analyzer  (RGA)  for 
gas-phase  composition  analysis.  The  RGA  was 
positioned  in  the  line  of  sight  of  the  substrate  and 
had  an  orifice  to  confine  the  detection  only  to  those 
atoms/molecules  backscattered  or  desorbed  from 
the  substrate  surface. 

N-type  vicinal  Si(l  0  0)  substrates  with  a  4°  offcut 
towards  [0  1  1]  direction  were  used.  The  silicon 
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substrates  were  chemically  cleaned  using  a  per¬ 
oxide  cleaning  procedure,  which  left  surfaces 
covered  with  a  thin  layer  of  oxide  formed  in 
a  HCl :  H2O2  :  H2O  =  3:1:1  solution  [18].  The 
substrates  were  annealed  in  the  MBE  preparation 
chamber  at  870°C  for  20  min  and  then  transferred 
into  the  growth  chamber.  A  1000  A  thick  silicon 
buffer  layer  was  grown  on  each  substrate  at  a  tem¬ 
perature  of  620°C  to  produce  a  smooth  starting 
surface.  Double  stepped  surfaces  were  obtained  by 
annealing  the  substrate  at  870°C  and  then  gradual¬ 
ly  lowering  the  temperature  to  room  temperature. 
RHEED  patterns  of  single-domain  2x1  recon¬ 
structed  Si(l  0  0)  surfaces  were  observed. 

Arsenic  deposition  on  the  silicon  substrates  was 
performed  by  using  the  procedures  described  by 
Bringans  et  al.  [19].  Single-domain  Si(10  0):As 
2x1  and  Si(l  0  0) :  As  1x2  reconstructed  surfaces 
were  obtained  by  depositing  arsenic  at  an  AS4- 
beam  partial  pressure  of  1.5  x  10"^^  mbar  and  at 
substrate  temperatures  of  570"’C  and  0°C,  respec¬ 
tively. 

BeTe  layers  were  grown  in  two  steps.  The  first 
50-100  A  thick  layer  was  grown  at  a  substrate 
temperature  of  400°C  and  the  remaining  layer  was 
grown  at  500'"C.  The  growth  rate  was  0.2-0.4  pm/h, 
and  the  Te2/Be  beam  partial-pressure  ratio  was 
about  10.  Since  this  work  represents  an  initial  ef¬ 
fort,  the  growth  conditions  have  by  no  means  been 
optimized.  The  layer  thickness  and  the  growth  rate 
was  determined  by  using  TEM.  It  was  found  that 
BeTe  was  somewhat  air  sensitive.  After  an  extended 
exposure  of  a  BeTe  film  to  air,  the  film  darkened  in 
color.  In  order  to  protect  the  BeTe  surfaces  from 
contacting  air,  we  deposited  a  100-300  A  thick  sili¬ 
con-cap  layer  on  top  of  the  BeTe  surface.  Accord¬ 
ing  to  the  observation  on  Be- VI  bulk  materials  by 
Yim  et  al.  [8],  BeSe  and  BeS  are  stable  in  air. 
Therefore,  the  formation  of  a  ternary  compound, 
such  as  BeSeTe  and  BeSTe,  is  expected  to  improve 
the  stability  in  air. 

Cross-sectional  TEM  samples  were  prepared  by 
standard  mechanical  cutting,  lapping  and  ion-mill¬ 
ing  procedures.  To  reduce  the  time  of  reaction  with 
air,  after  ion  milling,  the  samples  were  immediately 
transferred  into  a  TEM  system.  All  TEM  micro¬ 
graphs  were  taken  by  using  a  JEOL  2010  micro¬ 
scope  at  200  kV. 


3.  Results  and  discussions 

3.1.  BeTe  growth  on  a  bare  Si(l  0  0)  surface 

RHEED  was  used  to  study  the  growth  process. 
During  the  BeTe  growth  on  a  bare  Si{l  0  0)  2x1 
surface,  the  first  100  A  of  the  growth  was  deposited 
in  island-growth  mode,  as  characterized  by  spotty 
RHEED  patterns.  Although  the  island-growth 
mode  can  be  partially  attributed  to  the  lattice  mis¬ 
match  between  BeTe  and  the  silicon  substrate,  the 
main  reason  is  the  unfavorable  interfacial  chem¬ 
istry.  It  is  likely  that  the  formation  of  an  interface 
dipole  between  Si(l  0  0)  and  BeTe(l  0  0)  prevented 
the  formation  of  an  abrupt  interface  [20].  This  was 
demonstrated  in  our  previous  study  of  ZnS  growth 
on  Si(l  0  0)  surfaces  [5].  While  ZnS  and  silicon  are 
almost  lattice-matched,  the  initial  deposition  was 
characterized  as  island  growth. 

As  the  BeTe  film  grew  thicker,  from  about  100  to 
150  A  up,  streaky  2x1  RHEED  patterns  became 
apparent,  indicating  the  formation  of  a  smooth  and 
well  ordered  surface.  These  RHEED  patterns  are 
not  shown  here  because  they  are  very  similar  to  the 
ones  shown  in  Fig.  2c  and  Fig.  2d  for  a  BeTe  layer 
grown  on  a  Si(l  0  0) :  As  2x1  surface.  The  BeTe 
growth  was  conducted  under  a  tellurium  over-pres¬ 
sure  condition,  therefore  the  BeTe  surface  was  tel¬ 
lurium  rich  and  the  2x1  RHEED  pattern  was 
attributed  to  the  formation  of  Te-Te  dimers.  We 
noted  that  the  BeTe  surface  and  the  initial  Si(l  0  0) 
substrate  surface  had  the  same  2x1  reconstruction. 
This  indicates  that  the  surface  tellurium  dimers 
have  the  same  azimuthal  orientation  as  that  of 
silicon  dimers  on  the  substrate  surface,  both  being 
parallel  to  the  surface-step  edges.  Since,  in  silicon 
and  zincblende  crystal  structures  along  the  <1  0  0> 
directions,  atoms  in  every  two  atomic  layers  have 
the  same  bond  orientations,  the  atomic  sequence  at 
the  BeTe/Si(l  0  0)  interface  must  be  -Si-Si-Be-Te- 
In  other  words,  the  first  layer  on  the  Si(l  0  0)  sur¬ 
face  was  beryllium.  This  is  different  from  the  inter¬ 
face  structures  of  ZnS/Si(l  0  0)  and  ZnSe/Si{l  0  0), 
grown  by  molecular  beam  epitaxy.  In  those  cases, 
due  to  the  strong  chemical  adsorption  of  sulfur  and 
selenium  (group  VI  elements)  on  Si(l  0  0)  surfaces, 
the  first  layers  were  dominantly  sulfur  and  selenium 
[5, 4].  It  is  interesting  to  note  that  during  our  initial 
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growth  of  BeTe  on  a  Si(l  0  0)  surface,  the  tellurium 
shutter  was  actually  opened  first.  The  formation  of 
Si-Be  bonds  implies  a  stronger  adsorption  of  Be 
than  Te  on  a  Si(l  0  0)  surface.  A  detailed  study  on 
the  surface  structure  of  Te  adsorption  on  Si(l  0  0) 
2x1  surfaces  was  performed  by  Higuchi  et  al.  [21], 
who  found  that  Te  formed  ordered  phases  up  to 
one  monolayer  of  coverage  at  100°C.  However,  to 
our  knowledge,  no  study  of  Be  adsorption  on 
Si(l  0  0)  surfaces  has  yet  performed. 

3.2.  BeTe  growth  on  arsenic  passivated  Si(l  0  0) 
surfaces 

On  Si(l  0  0) :  As  2  X  1  and  Si(l  0  0) :  As  1  x  2  re¬ 
constructed  surfaces,  BeTe  growth  exhibited 
a  much  improved  initial  growth  mode,  as  com¬ 
pared  with  that  on  bare  Si(l  0  0)  2x1  surfaces. 
Fig.  2(a),  Fig.  2(b),  and  Fig.  3(a),  Fig.  3(b)  are  the 
RHEED  patterns  of  Si(l  0  0) :  As  2  x  1  and  Si(l  0  0) : 
As  1  X  2  surfaces,  respectively.  On  a  Si(l  0  0) :  As 


2  X  1  surface,  the  As-As  dimers  are  parallel  to  the 
surface-step  edges,  while  on  a  Si(l  0  0) :  As  1x2 
surface,  the  As-As  dimers  are  perpendicular  to  the 
surface-step  edges.  On  the  two  Si(l  0  0) :  As  surfa¬ 
ces,  we  observed  similar  BeTe  growth  behavior. 
During  the  first  one  or  two  monolayers  of  BeTe 
growth,  the  RHEED  patterns  became  diffused  and 
lost  reconstruction  lines.  However,  from  the  third 
monolayer  (about  8  A)  up,  the  RHEED  patterns 
became  streaky  and  contained  reconstruction  lines, 
implying  the  formation  of  smooth  and  ordered 
BeTe  surfaces.  It  is  interesting  to  note  that  the  BeTe 
growth  on  the  Si(l  0  0) :  As  surfaces  was  neither  in 
the  Volmer-Weber  growth  mode  (featured  with 
initial  three-dimensional  growth)  nor  in  the 
Stranski-Krastanov  growth  mode  (featured  with 
initial  two-dimensional  growth  followed  by  the 
formation  of  three-dimensional  islands).  The  dif¬ 
fused  RHEED  patterns  at  the  very  early  stage  of 
growth  suggest  that  some  initially  adsorbed  atoms 
do  not  occupy  the  exact  epitaxial  sites.  However, 


Fig.  2.  RHEED  patterns  of  a  Si(l  0  0) :  As  2  x  1  surface  at  (a)  [0  1  1]  and  (b)  [0  1  1]  azimuthal  directions,  and  of  a  BeTe  2  x  1  surface  at 
(c)  [0  T  T]  and  (d)  [0  T  T]  azimuthal  directions. 
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the  surface  quickly  became  smooth  and  well  or¬ 
dered  after  adding  just  a  couple  of  monolayers  of 
BeTe  to  the  surface,  a  similar  phenomenon  was 
observed  in  our  study  of  ZnS  growth  on 
Si(l  0  0) :  As  surfaces.  The  exact  growth  mechanism 
is  yet  to  be  understood. 

The  layer  thickness  in  the  initial  growth  period, 
as  given  above,  is  an  estimate,  and  was  derived 
from  the  growth  time  and  the  average  growth  rate. 
However,  by  using  a  residual-gas  analyzer  in  front 
of  the  substrate,  we  detected  the  desorption  of  ber¬ 
yllium  from  the  substrate  during  the  growth  even  at 
a  low  growth  temperature  of  400°C.  This  indicates 
that  the  sticking  coefficient  for  Be  is  less  than  one. 
We  also  observed  a  higher  beryllium  desorption,  as 
measured  by  the  Be  partial  pressure,  at  the  begin¬ 
ning  of  the  growth.  While  the  partial-pressure  tran¬ 
sient  might  be  attributed  to  the  temperature  change 
in  the  beryllium  effusion  cell  after  the  shutter  open¬ 
ing,  we  leave  open  the  possibility  that  the  observa¬ 
tion  was  due  to  a  transient  in  the  growth  rate 


during  the  initial  growth  period.  In  any  case,  it  is 
reasonable  to  expect  a  difference  in  the  sticking 
coefficient  of  beryllium  on  a  Si(l  0  0) :  As  surface  as 
compared  to  a  BeTe  surface.  Since  we  observed 
higher  Be  desorption  in  the  initial  growth  period, 
the  actual  growth-mode  transition  from  a  some¬ 
what  disordered  deposition  into  a  planar  epitaxial 
growth  could  have  occurred  at  a  BeTe  thickness 
less  than  3  monolayers. 

Shown  in  Fig.  2c,  Fig.  2d,  Fig.  3c  and  Fig.  3d  are 
the  RHEED  patterns  of  BeTe  layers  grown  on  the 
Si(l  0  0) :  As  2  X  1  and  Si(l  0  0) :  As  1x2  surfaces, 
respectively.  These  RHEED  patterns  indicate  the 
formation  of  BeTe  2x1  and  BeTe  1x2  reconstruc¬ 
ted  surfaces  on  the  two  Si(l  0  0) :  As  surfaces.  As 
mentioned  earlier,  the  BeTe  surfaces  were  termin¬ 
ated  with  tellurium  dimers.  For  the  same  reason  as 
explained  earlier,  we  find  that  the  BeTe  layers  have 
the  same  Te-bond  orientations  as  those  of  initial 
arsenic  atoms,  regardless  of  starting  with 
a  Si(l  0  0) :  As  2  X  1  or  a  Si(l  0  0) :  As  1  x  2  surface. 


Fig.  3.  RHEED  patterns  of  a  Si(l  0  0) :  As  1  x  2  surface  at  (a)  [0  1  1]  and  (b)  [0  1  1]  azimuthal  directions,  and  of  a  BeTe  1  x  2  surface  at 
(c)  [0  T  T]  and  (d)  [0 1 1]  azimuthal  directions. 
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Secondary-ion-mass-spectroscopy  (SIMS)  profile 
analysis  of  these  samples  revealed  the  arsenic  re¬ 
mained  at  the  interface  between  BeTe  and  silicon. 
Therefore,  our  RHEED  results  in  Figs.  2  and  3  sug¬ 
gest  an  interface  sequence  of-Si-Si-As-B-Te-,  for 
the  BeTe  layers  grown  on  the  Si(l  0  0) :  As  surfaces. 
According  to  an  electron-accounting  argument,  all 
atoms  in  this  interface  structure  are  fully  coor¬ 
dinated,  therefore  no  interfacial  dipoles  are  present 
and  the  structure  is  energetically  stable  [4]. 

When  compared  with  the  growth  of  ZnS,  ZnSe, 
and  GaAs  on  silicon  surfaces,  BeTe  exhibited 
unique  growth  behavior  of  easily  forming  smooth 
surfaces.  During  the  ZnS  and  ZnSe  growth  on 
Si(l  0  0)  surfaces,  even  with  the  arsenic  passivation 
layers,  it  was  difficult  to  produce  smooth  enough 
surfaces  for  the  observation  of  surface  reconstruc¬ 
tions  by  using  RHEED  [2,  22].  In  the  case  of  GaAs 
growth  on  silicon  substrates,  according  to  our  ex¬ 
perience,  three-dimensional  growth  continues  for 
several  hundred  to  even  a  thousand  angstroms  be¬ 
fore  the  surface  becomes  smooth.  BeTe  has  about 
the  same  lattice  mismatch  that  GaAs  has  on  silicon 
substrates.  However,  for  the  BeTe  growth  on 
Si(l  0  0) :  As  surfaces,  after  only  about  three  mono- 
layers  of  growth,  the  epitaxial  surface  became 
smooth  enough  to  observe  the  streaky  RHEED 
patterns  of  a  reconstructed  surface.  Even  on  a  bare 
Si(l  0  0)  surface,  as  discussed  earlier,  the  BeTe  eph 
taxial  film  became  smooth  within  about  100-150  A 
of  growth. 

3.3.  TEM  results 

Fig.  4  shows  a  cross-sectional  micrograph  of 
a  BeTe  layer  grown  on  a  bare  vicinal  Si(l  0  0) 
substrate.  In  the  BeTe/Si-substrate  interface  region, 
we  observed  relatively  high  densities  of  misfit  dislo¬ 
cations  “M”  and  stacking  faults  “S”.  The  misfit 
dislocations  were  expected  because  of  the  large 
lattice  mismatch  of  3.6%  between  BeTe  and  Si.  As 
for  the  stacking  faults,  most  of  them  were  annihi¬ 
lated  within  150  A.  This  thickness  relates  closely  to 
our  RHEED  observation  that  island  growth  pre¬ 
vailed  during  the  initial  growth  until  about 
100-150  A.  Most  likely  the  stacking  faults  were 
formed  at  the  peripheries  of  the  islands  when  the 
islands  collided  with  each  other.  Very  few  stacking 


Fig,  4.  Cross-sectional  TEM  micrograph  of  a  BeTe  layer  grown 
on  a  bare  vicinal  Si(lOO)  2x1  surface.  In  the  micrograph, 
arrows  “S”  point  to  stacking  faults  and  arrows  “M’’  point  to 
misfit  dislocations. 


faults  extended  to  the  upper  surface  of  the  1300  A 
thick  BeTe  layer.  We  also  note  that  the  crystal 
defect  structure  of  the  BeTe  layer,  shown  in  Fig.  4, 
is  significantly  different  from  that  of  ZnS  and  ZnSe 
layers  grown  on  the  same  type  of  bare  vicinal 
Si(l  0  0)  surfaces  [3,  4].  In  both  ZnS  and  ZnSe,  the 
crystal  defects  were  mostly  microtwins  lying  exclus¬ 
ively  in  one  of  the  two  {111}  planes  that  are 
parallel  with  the  surface-step  edges.  Although  we 
observed  the  formation  of  microtwins  in  the  BeTe 
layer,  in  high-resolution  micrographs  which  are  not 
shown  here,  we  did  not  observe  any  anisotropy  of 
the  stacking  faults  and  microtwins.  This  suggests 
a  different  nucleation  mechanism  occurred  for  the 
stacking  fault  formation.  More  importantly,  the 
stacking-fault  density  in  the  upper  portion  of  the 
BeTe  layer,  shown  in  Fig.  4,  is  about  2  to  3  orders 
of  magnitude  smaller  than  those  in  either  ZnS  or 
ZnSe  layers  of  similar  thickness  grown  on  the  same 
type  of  vicinal  Si(l  0  0)  surfaces. 

Fig.  5  shows  a  cross-sectional  TEM  micrograph 
of  a  BeTe  layer  grown  on  a  Si(l  0  0) :  As  2x1 
surface.  This  layer  showed  even  more  improved 
crystal  quality  over  the  one  grown  on  a  bare 
Si(l  0  0)  2  X  1  surface.  Very  few  stacking  faults  “S” 
can  be  observed  in  the  region  close  to  the  epi- 
layer/substrate  interface.  In  this  micrograph,  we  do 
not  observe  any  stacking  faults  extending  into  or 
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emerging  from  the  upper  portions  of  the  layer.  The 
stacking  fault  density  in  a  BeTe  layer  grown  on 
a  Si(10  0):As  2x1  surface  averages  about  one 
quarter  to  one  tenth  of  that  in  the  BeTe  layer  grown 
on  a  bare  Si(l  0  0)  2  x  1  surface.  This  demonstrates 
the  effectiveness  of  the  arsenic  passivation  method. 
Our  TEM  study  of  a  BeTe  layer  grown  on 
a  Si(l  0  0) :  As  1  X  2  surface  revealed  similar  crystal 
characteristics  as  the  one  shown  in  Fig.  5.  We  also 
compared  the  stacking  fault  density  in  the  BeTe 
layers  grown  on  Si(l  0  0) :  As  surfaces  with  that  of 
ZnS  layers  of  similar  thickness  grown  on  similarly 
prepared  Si(l  0  0) :  As  surfaces  [3].  We  found  about 
100  times  fewer  stacking  faults  in  the  BeTe  layers 
than  in  the  ZnS  layers.  From  Fig.  5  we  also  found 
that  all  the  misfit  dislocations  “M”  are  confined  to 
the  epilayer/substrate  interface  with  no  threading 
dislocations  observed,  indicating  a  threading  dislo¬ 
cation  density  below  approximately  10^  cm“^. 

The  TEM  results  in  Figs.  4  and  5  establish  that 
BeTe  has  a  low  tendency  to  form  stacking  faults. 
This  finding  is  consistent  with  our  prediction  of 
a  high  stacking  fault  energy  for  the  material,  as 
shown  in  Fig.  1.  With  the  optimization  of  the 
growth  conditions,  further  improvement  of  the 
crystal  quality  can  be  expected. 

The  demonstration  of  high-quality  BeTe  layers 
grown  on  Si(l  0  0) :  As  surfaces  opens  up  the  possi¬ 


Fig.  5.  Cross-sectional  TEM  micrograph  of  a  BeTe  layer  grown 
on  a  Si(l  0  0) :  As  2  x  1  surface.  In  the  micrograph,  arrows  “S” 
point  to  stacking  faults  and  arrows  “M”  point  to  misfit  disloca¬ 
tions. 


bility  for  many  applications.  In  addition  to  the  ones 
mentioned  in  the  introduction,  the  material  can 
also  be  used  as  a  template  or  as  an  interlayer  for  the 
epitaxial  growth  of  other  compound  semiconduc¬ 
tors  on  silicon  substrates.  According  to  our  estima¬ 
tion  shown  in  Fig.  1,  BeSe  and  BeS  also  have  high 
stacking  fault  energies.  Therefore,  it  is  reasonable 
to  expect  that  high  crystal-quality  layers  of  the 
alloys  of  these  Be- VI  compounds  can  be  grown 
epitaxially  on  silicon  substrates.  These  alloy  layers 
could  then  form  the  epitaxial  templates  of  a  wide 
range  of  lattice  constants. 


4.  Conclusions 

BeTe  was  shown  to  form  high-quality  epitaxial 
layers  of  low  stacking  fault  densities  on  Si(l  0  0) 
substrates.  On  arsenic  passivated  Si(l  0  0)  surfaces, 
a  two-dimensional  growth  mode  prevailed  in  the 
early  growth  stages  in  spite  of  a  large  lattice  mis¬ 
match  between  BeTe  and  the  silicon  substrate.  This 
study,  therefore,  provides  a  basis  for  the  study  of 
material  fabrication  and  device  development  in¬ 
volving  epitaxially  grown  Be- VI  compound 
semiconductors. 
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Abstract 

We  have  demonstrated  blue-light  emission  from  ZnSTe-based  electroluminescence  (EL)  devices.  Photoelectrolumines¬ 
cence  technique  is  used  to  study  field-quenching  effects  on  Te  isoelectronic  centers  in  undoped  ZnSTe  alloy.  Heavy 
doping  by  A1  in  ZnSTe  alloy  is  found  to  help  reduce  field  quenching  action  and  gives  rise  to  much  higher  EL  emission  in 
ZnSTe  :  Al-based  Schottky-barrier  type  structures.  I-V  characteristics  and  emission  spectra  reveal  that  a  tunneling 
dominated  mechanism  is  responsible  for  generating  the  carriers  for  impact  excitation  of  the  localized  states  associated 
with  Te  isoelectronic  centers  in  these  structures. 

PACS:  73.40.Q;  85.30.H;  85.30.K;  81.15.H 


1.  Introduction 

ZnS-based  thin  film  electroluminescence  (EL)  de¬ 
vices  are  of  growing  interest  because  of  their  ap¬ 
plication  for  monochrome  and  full-color  displays. 
[1]  A  well-known  example  is  amber  emitting 
ZnS  :  Mil  thin  film  device  initiated  by  Inoguchi  and 
Mito.  [2]  ZnS :  Te  owns  excellent  bound-exciton 
photoluminescence  properties  attributed  to  the 
large  difference  in  the  electronegativity  of  Te  (2.1) 
and  Se  (2.4),  which  results  in  efficient  trapped-ex- 
citon  recombination  at  Te  isoelectronic  traps 
[3-6].  The  recent  studies  reported  by  Mach  et  al. 
[7]  demonstrated  that  field  quenching  or  even 
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more  likely  impact  ionization  of  the  lower  bound 
excitons  by  the  energetic  carriers  occurs  in  the 
ZnS  :  Te  system  which  implies  that  this  system  may 
not  suitable  for  high-field  EL  applications.  How¬ 
ever,  it  does  not  rule  out  the  potential  use  of  Te 
isoelectronic  centers  as  low-field  EL  emitters  such 
as  schottky-barrier  and  carrier-injection  type  of 
optoelectronic  structures.  In  fact,  Yu  et  al.  [8]  have 
reported  the  operation  of  a  superbright-green- 
light-emitting  diode  (LED)  based  on  ZnSeTe  wells, 
the  superior  performance  of  which  is  attributed  to 
the  Te  isoelectronic  centers  present  in  the  active 
layers. 

Recently,  we  reported  the  first  successful  molecu¬ 
lar  beam  epitaxy  (MBE)  growth  of  ZnSi  -xTe;^  sys¬ 
tem  with  0  ^  X  ^  1  on  both  GaAs  and  Si  substrates 
[9].  Very  strong  photoluminescence  was  observed 
in  samples  with  x  smaller  than  10%.  The  color  of 
the  emitted  light  can  be  tuned  from  deep  blue  to 
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yellow  by  adjusting  Te  composition.  Room  temper¬ 
ature  external  quantum  efficiency  of  about  4%  has 
been  achieved  on  epilayers  as  thin  as  1000  A. 
ZnSTe  alloy  enjoys  the  advantage  that  at  3%  Te 
concentration,  the  alloy  is  perfectly  lattice-matched 
with  Si  substrate.  It  also  seems  to  have  stronger 
thermal-mechanical  strengths  than  those  of  ZnSe 
compound  according  to  our  photoluminescence 
and  cathodoluminescence  studies.  Quite  recently, 
we  successfully  demonstrated  n-type  doping  of  this 
alloy  system  using  incorporation  of  Al  during  MBE 
growth  [10].  Electron  carrier  concentration  as  high 
as  1.3  X  10^^  cm'^  has  been  achieved. 

In  this  work,  we  report  the  demonstration  of 
blue-light  EL  emission  from  various  ZnSTe-based 
metal-insulator-semiconductor  (MIS)  structures. 
The  role  of  n-type  doping  in  reducing  field  quench¬ 
ing  of  carriers  bound  to  Te  centers  in  the  active 
layer  is  discussed.  The  mechanism  of  light  emission 
from  these  structures  is  also  investigated  through 
their  I-V  and  emission  spectral  characteristics. 

2.  Experimental  procedure 

The  EL  structures  studied  in  this  work  are 
MBE-grown  undoped  and  Al-doped  ZnSj-^Te,. 
layers  with  x  value  chosen  for  blue-color  emission 
(  ~  1  %).  A  VG  V80H  MBE  system  was  used  for  the 
growth.  Epi-ready  semi-insulating  GaAs(lOO)  wa¬ 
fers  with  2  ±  0.1°  off  toward  <0  1  1>  direction  were 
used  as  substrates.  Detailed  growth  condition  and 
structural  characterization  have  been  described 
elsewhere  [10,  11]. 

A  5  X  5  mm^  piece  is  cut  from  each  as-grown 
structure  for  device  processing.  A  200  A  thick  Au 
layer  was  used  to  serve  as  a  transparent  electrode. 
It  was  deposited  by  RF  sputtering  technique  on  top 
of  the  as-grown  structure.  Array  of  square  EL  cells 
with  area  of  400  x  400  pm^  was  fabricated  on  each 
piece  by  standard  photolithography  together  with 
wet  chemical  etching  using  Br-C2H602  solution. 
The  device  wafer  was  then  mounted  on  a  copper 
sample  holder  using  conductive  silver  ink  for  fur¬ 
ther  optical  and  electrical  measurements. 

The  EL  cells  were  excited  electrically  using 
a  Keithley  237  source  measure  unit.  A  sharp  needle 
probe  was  used  to  make  contact  with  the  Au  elec¬ 


trode.  Photoexcitation  was  performed  using  a  fre¬ 
quency-doubled  output  (wavelength  =  395  nm, 
pulse  width  =  200  fs)  of  a  Ti-sapphire  laser.  The 
luminescence  spectrum  was  measured  using  a  spec¬ 
trometer  and  a  charge  coupled  device. 

3.  Field  quenching  effect  in  undoped  EL  structures 

In  our  earlier  studies,  structures  of  Au/undoped- 
ZnSi  _;cTe^/n'^-GaAs  substrate  are  used  with  the 
thickness  of  the  ZnSi_^-Te^  active  layer  ranges 
from  0.5  to  1  pm.  Fig.  1  shows  the  typical  PL  and 
EL  spectra  from  a  device  based  on  these  structures. 
The  similarity  between  these  two  spectra  indicates 
that  the  EL  emissions  are  likely  due  to  a  trapped- 
exciton  recombination  at  Te„  centers  as  in  the  case 
of  PL  emission.  Mach  et  al.  [7]  observed  that  the 
EL  spectrum  is  significantly  redshifted  compared  to 
the  PL  spectrum  of  a  ZnSTe  layer  with  similar 
composition  sandwiched  between  dielectrics  of  Al 
and  Zr  oxides  prepared  by  E-beam  evaporation. 
They  argued  that  their  observed  emission  was  due 
to  the  excitons  bound  by  Te„  (n  ^  4)  while  lower- 
bound  excitons  are  destroyed  by  field  action.  The 
difference  between  our  observations  may  be  at¬ 
tributed  to  the  better  crystalline  quality  of  our 
MBE-grown  structures.  In  fact,  the  threshold  field 
strength  for  our  EL  emission  is  about  a  factor  of 
two  lower  than  that  for  their  structures.  Thus  the 
field  quenching  effect  on  the  lower-bound  excitons 
is  less  serious  in  our  case. 

However,  similar  to  the  Mach  et  al.  observation, 
the  EL  emission  from  our  undoped  ZnSTe  layer  is 
much  weaker  than  its  strong  PL  emission.  We 
believe  that  this  is  not  due  to  impact  ionization  of 
the  bound  excitons  by  energetic  carriers  because  in 
separate  studies  we  reported  earlier  [12],  the  effi¬ 
ciency  of  cathodoluminescence  from  ZnSTe  alloy  is 
found  to  be  as  high  as  that  of  PL  emission.  We 
suspect  that  field  quenching  could  be  the  main 
reason  behind  the  poor  EL  emission  obtained  even 
in  our  MBE-grown  structures.  PL  measurements 
under  DC  bias,  the  so-called  photoelectrolumines¬ 
cence  (PEL),  were  performed  on  the  EL  cells  to 
further  investigate  the  light  emission  character¬ 
istics.  The  range  of  applied  bias  used  did  not  exceed 
the  threshold  for  EL  emission.  Fig.  2  shows  the 
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Fig.  1.  PL  and  EL  spectra  of  an  undoped  ZnSTe  EL  cell. 


Fig.  2.  PEL  spectra  of  an  undoped  ZnSTe  EL  cell  as  a  function 
of  DC  bias.  The  inset  displays  the  PEL  peak  intensity  versus 
applied  electric  field  strength. 


PEL  spectra  as  a  function  of  negative  bias  in  which 
Au  layer  was  connected  to  the  negative  electrode. 
One  can  see  that  a  monotonous  decrease  in  the 
PEL  intensity  occurs  with  increasing  bias.  Similar 
behaviors  also  appear  when  the  EL  cells  are  posit¬ 
ively  biased.  The  inset  in  Fig.  2  shows  the  change  of 
peak  intensity  of  the  overall  PEL  spectrum  as 
a  function  of  bias,  which  shows  that  the  monot¬ 
onous  decrease  is  nearly  symmetric  in  both  direc¬ 
tion  of  bias.  The  fact  that  the  whole  spectrum 
changes  nearly  uniformly  under  bias  indicates  that 
the  field  quenching  quite  evenly  attacks  the  differ¬ 
ent  Te„  centers,  in  consistency  with  their  EL  emis¬ 
sion  described  earlier.  These  results,  unfortunately, 
still  indicate  that  there  is  not  much  hope  for  devel¬ 


oping  ZnSTe  as  blue  EL  emitter  in  the  high-field 
regime  of  conventional  EL  design. 


4.  Strong  blue  EL  emission  from  doped-ZnSTe 
active  layers 

By  incorporating  Al  during  MBE  growth,  ZnSTe 
alloy  with  a  few  %  of  Te  can  be  heavily  doped  to 
n-type.  Detailed  results  of  our  doping  studies  have 
been  described  elsewhere  [10].  Following  success¬ 
ful  n-type  doping  of  ZnSTe  alloy,  we  prepared 
several  new  EL  structures.  The  first  one  (labeled 
#1)  was  fabricated  on  a  p'^-type  GaAs  substrate 
and  is  shown  in  the  inset  of  Fig.  3b.  Strong  blue  EL 
emission  with  a  few  pW  of  output  power  can  be 
detected  at  room  light  by  naked  eyes  using  12  V 
DC  excitation  with  Au  being  the  negative  electrode. 
Light  emission  can  also  be  detected  in  the  opposite 
bias  direction  though  the  intensity  is  at  least  an 
order  of  magnitude  lower.  Viewing  under  a  micro¬ 
scope,  the  luminescence  is  uniformly  distributed 
across  the  entire  square  EL  cell.  The  measured  EL 
spectrum  of  this  structure  is  shown  in  Fig.  3a.  It 
consists  of  a  blue  emission  centered  at  500  nm  and 
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Fig.  3.  PL  and  EL  spectra  of  two  ZnSTe ;  Al-based  EL  struc¬ 
tures. 
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a  rather  strong  infrared  peak  near  890  nm  which  is 
likely  due  to  the  carrier-injected  emission  from  the 
p-n  junction  in  the  GaAs  side  of  the  II-VI/III-V 
interface.  In  order  to  understand  the  mechanisms 
behind  the  blue  emission,  we  fabricated  a  similar 
structure  (labeled  #2)  on  an  n'^-GaAs  substrate  as 
shown  on  the  inset  of  Fig.  3d.  The  corresponding 
EL  spectrum  of  structure  #2  displayed  in  Fig.  3c 
only  shows  a  blue  emission  peak  centered  at 
500  nm.  The  non-existence  of  the  infrared  EL  peak 
for  structure  #  2  is  expected  since  the  p-n  junction 
that  appears  in  structure  #  1  is  not  present  in  this 
structure.  It  should  be  noted  that  the  blue  emission 
from  structure  #  2  is  as  strong  as  that  from  struc¬ 
ture  #  1  and  also  occurs  only  when  the  Au  elec¬ 
trode  is  negatively  biased.  Measurements  on 
structures  similar  to  #  1  and  #2  but  without  the 
undoped  ZnSTe  layer  still  show  similar  transport 
and  EL  emission  characteristics.  It  thus  indicates 
that  the  undoped  layer  does  not  play  much  a  role  in 
these  measurements.  These  observations  imply  that 
the  blue  emission  is  due  more  likely  to  localized 
states  in  the  ZnSTe  :  Al  layer  that  are  impact-excit¬ 
ed  by  hot  carriers  injected  from  the  Au  electrode. 
Fig.  3  shows  that  the  PL  spectra  for  both  structures 
are  very  similar.  Our  earlier  optical  studies  of  Al- 
doped  ZnSTe  alloy  show  that  Al  dopant  centers 
can  also  give  blue  luminescent  states  in  ZnS  matrix. 
A  ZnS  :  Al  EL  structure  similar  to  structure  #  2  but 
without  Te  incorporation  was  then  prepared  for 
comparison.  The  blue  EL  emission  from  this  struc¬ 
ture  was  found  to  be  about  an  order  of  magnitude 
weaker  than  that  from  structure  #  2.  These  obser¬ 
vations  suggest  that  the  efficient  localized  states  in 
the  ZnSTe  :  Al  layer  are  mainly  contributed  by  Te„ 
isoelectronic  centers.  It  should  also  be  noted  that 
the  relatively  much  higher  EL  efficiency  in  these 
new  EL  structures  is  a  result  of  the  fact  that  field 
quenching  effect  on  Te  centers  in  heavily  n-type 
doped  ZnSTe  active  layer  is  significantly  reduced 
since  no  bias  is  applied  to  this  conducting  layer. 
This  should  be  contrasted  with  the  case  for  un¬ 
doped  ZnSTe  active  layers  described  in  the  pre¬ 
vious  section. 

Room  temperature  l~V  measurements  were  also 
performed  on  these  structures  to  further  investigate 
their  light-emission  mechanisms.  The  character¬ 
istics  of  structure  #  1  is  made  complicated  by  the 


Fig.  4.  1-V  characteristics  of  EL  structure  #2  and  #3.  The 
inset  shows  the  proposed  electron  energy  diagram  for  these 
structures. 


existence  of  the  additional  p-n  junction  at  the  epi- 
layer/substrate  interface  and  thus  is  excluded  in  our 
discussion.  The  l-V  curve  recorded  for  structure 
#2  is  displayed  in  Fig.  4.  It  does  not  resemble  an 
ideal  Schottky-barrier  diode  and  show  two  distinct 
characteristics:  (1)  a  large  turn-on  voltage  is  re¬ 
quired  even  in  the  forward  bias  direction;  (2)  the 
diode  conducts  better  in  the  reverse  direction  than 
in  the  forward  direction.  The  large  turn-on  voltage 
possibly  results  from  high  contact  resistance  that 
exists  between  the  needle  probe  and  the  Au  elec¬ 
trode,  as  well  as  from  the  non-standard  ohmic 
contact  material  used  for  the  n'^-GaAs  substrates. 
Since  in  our  work  the  Au  electrode  is  formed  ex  situ 
after  the  MBE-grown  structures  are  exposed  to 
atmosphere,  a  thin  layer  of  oxide  or  other  con¬ 
taminants  is  expected  to  be  present  between  the  top 
epilayer  and  the  Au  electrode.  An  electron  energy 
diagram  including  interfacial  layer  5ox  and  surface 
states,  based  on  Bardeen’s  model  [13],  probably 
represents  our  EL  structures  better.  Such  a  sche¬ 
matic  drawing  is  shown  in  the  inset  of  Fig.  4.  The 
Al-doped  ZnSTe  layer  in  structure  #  2  is  doped  so 
heavily  (~  1x10^^  cm  that  the  depletion  layer 
width  is  sufficiently  reduced  and  the  field  emission 
and  tunneling  field  emission  dominate  the  current 
flow.  Rideout  [14]  has  pointed  out  that  in  tunnel¬ 
ing-dominated  metal-semiconductor  contacts,  the 
ideality  factor  n  should  also  appear  in  the  reverse 
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current  term  and  the  deviation  of  n  from  unity  can  practical  application  of  ZnSTe-based  structures  as 

be  assumed  to  be  mainly  due  to  tunneling.  The  light-emitting  devices  that  are  integrated  on  Si. 

current-voltage  relation  can  be  expressed  as  [15] 


I  -Is 


For  n>  2,  this  equation  predicts  that  the  diode 
conducts  better  in  the  reverse  direction  than  in  the 
forward  direction.  We  believe  that  this  offers  a  rea¬ 
sonable  explanation  for  the  similar  I-V  relation 
observed  in  our  structure  #  2.  Fig.  4  also  displays 
the  I-V  relation  for  a  structure  labeled  #  3  which  is 
similar  to  structure  #  2  except  that  the  Al  doping 
level  is  reduced  to  approximately  SxlO^^cm"*^. 
The  curve  for  structure  #  3  shows  a  more  symmet¬ 
ric  relation  upon  the  two  opposite  bias  directions. 
This  result  provides  additional  qualitative  support 
for  the  above  explanation. 

In  this  work,  we  have  not  made  much  effort  to 
optimize  the  efficiency  of  light  emission  from  the 
Schottky-barrier-type  EL  structures  discussed  here. 
Significant  improvement  in  performance  can  be 
expected  if  (1)  a  dielectric  isolation  is  provided  for 
each  cell  to  reduce  leakage  current;  (2)  wire-bond¬ 
ing  technique  is  developed  for  the  Au  electrode 
instead  of  needle  probe  touching  to  reduce  contact 
resistance;  (3)  a  standard  Au/Ge/Ni  alloy  ohmic 
contact  is  employed  for  the  n'*‘-type  GaAs  substra¬ 
tes;  (4)  optimization  is  performed  as  a  function  of 
the  doping  density  and  the  thicknesses  of  the  inter¬ 
facial  layer  and  the  n-ZnSTe  layers.  Despite  the 
lack  of  these  efforts,  plus  the  existence  of  extremely 
high  density  of  misfit  dislocations  at  the  boundary 
between  the  GaAs  substrate  and  the  epilayer  due  to 
their  large  lattice  mismatch,  the  best  external  quan¬ 
tum  efficiency  (EQE)  of  blue  emission  achieved  in 
these  structures  is  at  mid  10“  ^  with  up  to  a  few  pW 
of  output  power.  Of  course,  the  conventional  p-n- 
j unction-type  LED  structure  will  be  much  more 
efficient,  an  increase  in  EQE  of  more  than  three 
orders  of  magnitude  than  the  current  value  can  be 
expected  for  the  optimal  structure.  Development  of 
controlled  p-type  doping  in  ZnSTe  alloy  and  its 
pseudomorphic  growth  on  lattice-matched  Si  sub¬ 
strate  are  underway  in  our  lab.  The  efforts  along 
this  direction  represent  important  steps  toward  the 


5.  Summary 

Field  quenching  effects  on  Te  isoelectronic 
centers  in  MBE-grown  undoped  ZnSTe  alloy  were 
studied.  Following  successful  n-type  doping  using 
Al,  strong  blue  emission  from  ZnSTe :  Al-based 
Schottky-barrier-type  EL  devices  has  been  demon¬ 
strated.  Based  on  the  analysis  of  1-V  characteristics 
and  emission  spectra,  the  blue  EL  emission  is  be¬ 
lieved  to  be  resulted  from  impact-excited  localized 
states  associated  with  Te  isoelectronic  centers  in 
the  heavily  doped  active  layer,  where  field  quench¬ 
ing  is  significantly  reduced.  The  hot  carriers  re¬ 
quired  for  impact  excitation  are  generated  by 
a  tunneling-dominated  transport  mechanism. 
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Abstract 

ZnSe-based  II-VI  laser  diodes  were  grown  by  using  molecular  beam  epitaxy  (MBE)  on  GaAs(l  0  0)  substrates. 
Continuous-wave,  stimulated  emission  at  room  temperature  was  observed  at  a  wavelength  of  536.5  nm  with  a  threshold 
current  of  45  mA  (642  A/cm^)  from  a  ZnCdSe/ZnSSe/ZnMgSSe  single  quantum  well  separate  confinement  heterostruc¬ 
ture  laser  diode.  A  lifetime  of  11  s  was  achieved  when  the  defect  density  of  laser  diode  structure  was  less  than  10^  cm"^. 
Electroluminescence  tests  were  conducted  to  find  the  origin  of  the  defect  generation  at  the  laser  diode  structure.  We 
monitored  the  generation  of  the  dark  line  defects  along  <1  0  0>  during  the  electroluminescence. 

Keywords:  ZnSe;  ZnSSe;  ZnMgSSe;  LD 


1.  Introduction 

Much  effort  has  been  devoted  in  recent  years 
to  studies  on  the  wide-gap  II-VI  semiconductor 
heterostructures  to  realize  blue-greenlaser  diodes 
(LDs).  In  1991,  the  first  blue-green  current  injec¬ 
tion  LD  was  demonstrated  under  pulsed  operation 
at  77  K  by  Hasse  et  al.  [1].  Since  then,  several 
groups  have  demonstrated  room-temperature  con¬ 
tinuous-wave  (CW)  operation  of  devices  with  emis¬ 
sion  at  or  near  520  nm  using  essentially  identical 
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structures  [2-4].  In  early  February  1996,  the  Sony 
group  had  succeeded  in  fabricating  a  blue/green 
laser  diode  with  a  room-temperature  CW  opera¬ 
tion  with  lifetime  in  excess  of  100  h  [5].  They  used 
a  separate  confinement  heterostructure  (SCH) 
ZnCdSe  single  quantum  well  (SQW)  with  ZnSSe 
guiding  layers  and  ZnMgSSe  cladding  layers  lat¬ 
tice-matched  on  the  GaAs  substrate.  However, 
there  still  remain  several  major  obstacles  to  achieve 
a  long-lived  laser  diode:  the  enhancement  of  p-type 
doping  in  ZnSe  and  ZnMgSSe,  p-ohmic  contact 
and  the  reduction  or  complete  elimination  of 
grown-in  defects  such  as  stacking  faults  which  are 
believed  to  be  sources  for  dark-spot  defects  (DSD). 
One  way  to  reduce  DSD  is  to  use  ZnSe  substrates 
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for  homoepitaxial  growth,  the  other  way  is  to  use 
GaAs  buffer  layers.  To  reduce  DSD,  it  is  necessary 
to  optimize  the  growth  conditions  of  the  II- VI/ 
III-V  interface  [6].  We  previously  have  reported 
CW  operation  of  a  blue-green  LD  at  room  temper¬ 
ature  without  GaAs  buffer  layer  (DSD:  <  10^  cm'^) 
[7].  In  this  paper,  we  report  an  LD  in  which 
improved  lifetime  has  been  obtained  owing  to 
GaAs  buffer  layer.  A  GaAs  buffer  layer  was  essen¬ 
tial  for  the  growth  of  high  quality  II-VI  epilayers 
on  GaAs  substrate.  Also,  we  have  investigated  the 
degradation  of  LDs  by  applying  electrolumines¬ 
cence  (EL). 

2.  Experimental  procedure 

Laser  diodes  were  grown  on  an  n-type 
GaAs(l  0  0)  substrate  using  a  dual  chamber 
molecular  beam  epitaxy,  employing  a  Riber  32P 
MBE  system.  Zn(6  N),  Se(6  N),  Mg(6  N),  Cd(6  N), 
Te(6  N),  and  ZnS(6  N)  were  used  as  molecular 
beam  sources.  The  n-  and  p-type  dopants  were 
ZnCla  and  atomic  nitrogen  generated  by  RF 
plasma  source,  respectively.  The  growth  temper¬ 
ature  was  fixed  at  280°C.  After  the  growth  of 
a  GaAs :  Si  buffer  layer  on  an  n-type  GaAs(l  0  0) 
substrate  in  a  III-V  chamber,  the  substrate  was 
rapidly  transferred  via  an  ultra-high  vacuum 
(UHV)  transfer  chamber  into  the  II-VI  growth 
chamber  and  the  growth  of  ZnSe  buffer  layer  was 
initiated.  We  believe  that  the  rapid  transfer 
preserves  the  (2  x  4)  surface  and  prevents  the  inter¬ 
action  between  the  fresh  GaAs  surface  with  the 
background  species  in  the  II-VI  growth  chamber. 
A  schematic  diagram  of  our  LD  structure  is  shown 
in  Fig.  1  and  consists  of  a  30  nm  thick  ZnSe :  Cl 
and  200  nm  thick  ZnSSe  :  Cl  buffer  layer,  a  800  nm 
thick  ZnMgSSe  :  Cl  cladding  layer,  a  100  nm  thick 
ZnSSe :  Cl  waveguiding  layer,  a  ZnCdSe  single 
QW,  a  100  nm  thick  ZnSSe  :  N  waveguiding  layer, 
a  800  nm  thick  ZnMgSSe :  N  cladding  layer, 
a  200  nm  thick  ZnSSe :  N  layer,  a  100  nm  thick 
ZnSe :  N  layer,  a  ZnSe/ZnTe  multiple  QW  and 
a  ZnTe  :  N  contact  layer.  The  n-ZnSe  buffer  layer 
(30  nm)  was  grown  on  top  of  GaAs  buffer  in  order 
to  keep  GaAs  buffer  surface  from  sulfur  attacks  [8], 
In  addition,  the  thickness  of  ZnSe  buffer  is  well 
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Fig.  1.  Schematic  of  ZnCdSe/ZnSSe/ZnMgSSe  SQW-SCH 
laser  diode. 


below  the  critical  thickness.  The  free-electron  con¬ 
centrations  of  all  n-type  layers  were  found  to  be 
lxl0^®cm“^  by  Hall  effect  measurements.  The 
acceptor  concentration  of  the  ZnSe  and  ZnMgSSe 
layers  were  found  to  be  8  x  10^^  and  7  x  10^^  cm"^, 
respectively.  The  p-type  doping  of  ZnTe  was  con¬ 
ducted  by  using  nitrogen  free-radical  generated  by 
RF  plasma  source.  The  lowest  free-hole  concentra¬ 
tion  we  achieved  was  greater  than  10^®  cm“^  and  we 
had  found  it  difficult  to  reduce  the  doping  level 
further  using  our  RF  plasma  system.  Therefore, 
a  modulation  doping  method  was  applied  to  de¬ 
crease  the  p-  type  doping  of  ZnTe  contact  layer  to 
(1-3)  X  10^®  cm"^.  The  nitrogen  concentration  of 
the  ZnTe  layer  affected  the  turn  on  voltage  and  the 
resistance  of  the  structure  [9].  The  modulation 
doping  for  the  ZnTe  contact  layer  is  composed  of 
alternating  undoped  and  doped  layers  for  one  pair 
of  period  and  total  10  pairs  were  grown.  The  thick¬ 
nesses  of  undoped  and  doped  ZnTe  layers  are  3  and 

I  nm,  respectively.  The  free-hole  concentration  of 
the  ZnTe :  N  was  found  to  be  3xl0^®cm’^  as 
shown  in  Fig.  2.  The  band-gap  energies  for  the 
ZnCdSe  and  the  ZnMgSSe  were  2.43  and  2.95  eV  at 

I I  K,  respectively.  The  quantum  well  width  of  our 
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Fig.  2.  The  hole  concentration  of  samples  with  various  undoped 
ZnTe  contact  layer  thickness  and  different  RF  plasma  power.  In 
the  inset,  the  DAP  emission  spectra  for  samples  grown  by 
modulation  doping  and  various  RF  plasma  power  are  also 
shown. 


LDs  determined  by  cross-sectional  transmission 
electron  microscopy  is  90  A  and  the  Cd  mole  frac¬ 
tion  of  the  QW  is  about  33%. 


3.  Results  and  discussion 

Fig.  2  shows  the  Hall  effect  data  for  samples  with 
various  undoped  ZnTe  contact  layer  thickness  and 
different  RF  plasma  power.  The  nitrogen  back¬ 
ground  pressure  in  the  chamber  was  kept  as  1.2  x 
10"^  Torr  for  all  sample  growth.  As  shown  in  Fig.  2, 
the  hole  concentrations  of  the  p-ZnTe  layers  meas¬ 
ured  by  van  der  Pauw  method  at  room  temperature 
ranged  from  3  x  10^®  to  1  x  10^^  cm"^  in  accord¬ 
ance  with  plasma  power  and  undoped  ZnTe  thick¬ 
ness.  The  inset  of  Fig.  2  shows  the  donor-acceptor 
pair  (DAP)  emission  spectra  recorded  by  low-tem¬ 
perature  photoluminescence  for  various  samples. 
The  DAP  emission  peaks  were  shifted  to  high- 
energy  region  as  the  nitrogen  doping  levels  in  the 
ZnTe  contact  layer  were  decreased.  Therefore,  we 
effectively  reduced  the  free-hole  concentration  in 
the  ZnTe  layer  by  using  modulation  doping 
method  (thicknesses  of  undoped/doped  ZnTe: 
30  A/10  A).  The  free-hole  concentration  was  found 
to  be  3.5  X  10^^  cm‘^  by  Hall  effect  measurement, 
a  low  doping  level  for  which  we  aimed  [9]. 


A  gain-guided  laser  devices  were  fabricated.  The 
p-ZnSe/ZnTe  multiple  quantum  well  ohmic  con¬ 
tact  layer  was  chemically  etched  off  to  leave 
a  10  pm  wide  mesa  stripe  region.  An  insulating 
layer  of  polycrystalline  ZnS  was  deposited  on 
the  open  stripe  region  for  reduction  of  the  current 
path.  This  enhances  the  lateral  optical  confine¬ 
ment  for  the  laser  waveguide.  Pd/Pt/Au  metallic 
multilayer  was  evaporated  as  a  p-electrode  on  the 
p-type  ZnTe  contact  layer.  Pd/Ge/Ti/Au  metal 
serves  as  an  n-electrode  to  the  n-GaAs  substrate. 
The  wafer  was  cleaved  into  700  pm  long,  and  high 
reflectivity  coating  was  made  on  the  facets.  The 
reflectivities  were  70%  for  the  front  and  95%  for 
the  rear  facet.  The  strips  were  then  cleaved  into 
500  pm  width  pellets.  The  fabricated  laser  diodes 
were  mounted  p-down  using  indium  on  a  copper 
block  as  a  heat  sink,  with  no  additional  cooling  for 
the  device. 

Fig.  3  shows  the  light  output  against  injection 
current  (L-I)  characteristics  of  this  laser  diode  at 
room  temperature  measured  under  continuous 
mode  of  operation.  The  threshold  current  (/th)  of 
a  laser  diode  without  facet  coating  (Fig.  3a)  under 
CW  conditions  was  75  mA.  The  voltage  at  lasing 
threshold  was  8  V.  After  facet  coating,  the  Ith  was 
about  45  mA  and  corresponding  threshold  current 
density  Jth  was  642  A/cm^. 

The  emission  spectra  taken  at  room  temperature 
are  shown  in  Fig.  4.  The  stimulated  emission 
was  observed  at  wavelength  of  533.5  nm  under 
pulsed  operation  and  536.5  nm  under  continuous 
operation,  respectively.  The  shift  in  emission  by 
30  A  is  believed  to  be  due  to  heating  in  the  SQW 
active  region  during  device  operation.  The  lifetimes 
of  the  tested  lasers  were  11  with  output  power 
1  mW.  After  11s  operation,  however,  the  laser 
diode  still  operated  in  the  LED  mode.  The  defect 
density  in  the  active  layer  for  this  diode  was  less 
than  10^  cm“^  by  etch-pit-density  (EPD)  measure¬ 
ment. 

Fig.  5  shows  EL  image  after  turn  on.  This  image 
was  observed  from  the  top  surface  through  the 
5  nm  Au  and  20  nm  Pd  film  using  a  charge  coupled 
device  (CCD)  video  camera  attached  to  an  optical 
microscope.  An  indium  metal  pad  was  used  as  an 
n-electrode  of  the  GaAs  substrate.  Electrical  injec¬ 
tion  was  provided  by  100  ps  pulses,  the  duty  cycle 
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Fig.  3.  L-1  characteristics  under  continuous  current  operation 
of  ZnCdSe/ZnSSe/ZnMgSSe  SQW-SCH  laser  diode  at  room 
temperature  without  (a)  and  with  (b)  facet  coating. 


Fig.  4.  Emission  spectra  of  ZnCdSe/ZnSSe/ZnMgSSe  SQW- 
SCH  laser  diode  operating  under  pulsed  and  continuous  wave. 


ranging  from  0.1%  to  10%  at  room  temperature. 
Fig.  5a  shows  an  EL  image  of  dark  line  defects 
30  min  after  the  power  was  turned  on.  At  the  begin¬ 
ning,  the  dark  spots  were  formed  at  or  near  the 
facet  coated  region  and  propagated  as  a  dark  line 
into  the  stripe  region  along  the  <10  0)  direction. 
Fig.  5b  shows  EL  micrograph  after  60  min.  In  this 
case,  DLDs  were  clearly  developed  along  the 
<10  0)  direction.  Fig.  5c  is  EL  after  90  min  with 
higher  current  density  than  used  in  Fig.  5a  and 
Fig.  5b.  The  images  were  taken  at  duty  cycle  of 
10%  and  current  density  of  642  A/cm^.  During  this 
EL  test,  the  length  of  the  <110)  DLDs  did  not 
change  as  indicated  by  ‘L’  in  the  figure.  Small  dark 
spots  were  also  observed(see  ‘S’  in  the  figure)  just 
after  turn  on.  In  the  next  stage  of  degradation,  the 
dark  spots  continue  to  propagate  along  <10  0). 
We  believe  that  the  formation  of  dark  spots  are  the 
pre-existing  defects  such  as  stacking  faults  formed 
at  the  substrate/epilayer  interface.  As  shown  by 
using  EL  measurements,  device  degradation 
begins  with  the  growth  of  DSDs,  which  become 
darker  and  spread  out  in  the  <10  0)  direction 
during  the  test.  Based  on  the  etch-pit  density  and 
EL  image  analysis,  the  defect  density  of  the  LD 
structure  was  found  to  be  about  less  than  10^  cm"^. 
Based  on  our  EL  test  results,  we  believe  that  the 
relatively  fast  degradation  of  our  LD  (11s  of  life¬ 
time)  seemed  to  be  due  to  defects  or  microcracks 
created  during  bar-cleaving  process  during  fabrica¬ 
tion. 


Fig.  5.  Electroluminescence  micrographs  taken  at  30  min  (a),  60  min  (b),  and  90  min  (c)  after  turn  on  are  viewed  from  the  top  surface. 
Arrows  marked  L  and  S  show  <110)  DLDs  and  dark  spots,  respectively. 
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4.  Conclusions 

We  achieved  the  CW  operation  of  blue-green 
quantum  well  laser  diodes  at  room  temperature 
with  the  emission  wavelength  of  536.5  nm.  A  thre¬ 
shold  current  of  45  mA  was  measured  under  CW 
operation  for  the  ZnCdSe/ZnSSe/ZnMgSSe  SQW- 
SCH  structure.  The  lifetime  of  our  laser  diode  was 
about  11s  with  the  output  power  of  1  mW.  The 
longest  lifetime  published  so  far  is  101  h  by  Sony. 
The  relatively  short  lifetime  is  believed  to  be  due  to 
the  growth  related  defects  and  defects  generated 
from  the  cleaved  facets.  Dark  spot  defects  were 
formed  initially  at  or  near  the  vicinity  of  the  facet 
coated  area  and  propagated  into  the  stripe  region. 
Dark  line  defects  were  eventually  formed  from  the 
dark  spot  as  time  progressed  along  the  <1  0  0> 
directions  during  current  injection.  Further  re¬ 
search  is  in  progress  to  reduce  the  grown-in  defects 
such  as  stacking  faults.  We  believe  that  the  opti¬ 
mum  growth  conditions  at  the  beginning  of  the 
growth  (that  is,  initial  ZnSe  buffer  layer  growth  on 
the  GaAs  buffer)  is  crucial  for  further  reduction  of 
defects.  In  addition,  the  careful  fabrication  is  also 


extremely  important  for  improving  the  lifetime  of 
LD. 
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Abstract 

HgSe  layer  on  ZnTe  and  ZnTei-^SC;,  layers  were  grown  by  molecular  beam  epitaxy.  The  introduction  of  a  GaSb 
substrate  reduces  the  lattice  mismatch  drastically  (/=  —  0.11%)  compared  to  GaAs  (/=  —  7.4%).  By  spatial  variation 
of  the  Se  content  from  0.016  <  x  ^  0.041  the  lattice  constant  of  the  buffer  layer  can  be  varied  between  that  of  the  GaSb 
substrate  and  that  of  the  HgSe  layer.  The  different  heterostructure  systems  were  investigated  by  high-resolution  X-ray 
diffraction  to  calculate  the  crystalline  perfection  and  the  strain  behavior.  A  150  nm  HgSe  layer  pseudomorphically  grown 
on  a  145  nm  ZnTeo.964Seo.036  buffer  layer  shows  pendelWsung  thickness  fringes  indicating  the  high  crystalline  perfection 
of  the  structures,  and  has  a  FWHM  of  84  arcsec.  Only  tensile  strain  is  present  in  this  structure.  The  carrier  concentration 
and  the  mobility  are  calculated  from  Shubnikov-de-Haas  oscillations  in  high  magnetic  fields  up  to  12  T.  The  best 
samples  have  a  high  mobility  of  up  to  2.1  x  10^  cm^V-  s  with  a  carrier  concentration  of  1.0  x  lO^"^  cm"^  at  4.2  K. 

PACS:  81.15.H;  81.05.E;  68.60.B 

Keywords:  Molecular  beam  epitaxy;  Mercury  selenide 


1.  Introduction 

Mercury  selenide  is  a  semiconductor  with  inter¬ 
esting  magnetic-optical  properties.  In  technical 
applications  undoped  HgSe  is  used  as  p-contact 
for  blue  ZnSe-based  devices  [1].  The  special 
modification  of  iron-doped  HgSe  is  characterized 
by  a  donor  level  pinned  to  the  Fermi  energy 
(Npe  ^  5  X  10^^  cm“^)  resulting  in  an  extremely 
high  carrier  mobility  especially  favorable  for  low¬ 
dimensional  structures.  Also  in  combination  with 
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Hgi-^Mn^Se  layers  (x  ^  2%)  a  spin  superlattice 
can  be  produced  [2]. 

Up  to  now  only  few  molecular  beam  epitaxial 
(MBE)  grown  HgSe  structures  have  been  reported 
[1,  3].  For  these  epitaxially  grown  HgSe  layers, 
ZnTe  buffers  on  GaAs  substrates  were  used.  How¬ 
ever,  the  large  lattice  mismatch  between  ZnTe  and 
GaAs  {/=  —  7.4%)  requires  a  thick  fully  relaxed 
buffer  layer  ( >2  pm)  to  reduce  the  high  defect  den¬ 
sity  generated  at  the  interface.  Despite  the  low 
mismatch  of  HgSe  and  ZnTe  (4-0.29%)  the  crystal 
perfection  of  the  HgSe  layer  is  mainly  limited  by  the 
defects  and  the  residual  strain  of  the  buffer  layer. 
Consequently,  the  reported  minimum  of  the  (0  0  4) 
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rocking  curve  full  width  at  half  maximum  (FWHM) 
for  a  HgSe  layer  of  220  arcsec  is  relatively  broad  for 
a  strained  layer  (200  nm)  as  well  as  fully  relaxed 
thick  layer  (2.3  |im)  [3, 4]. 

In  this  paper  we  report  on  two  fundamental 
improvements  for  the  epitaxial  growth  of  HgSe- 
based  heterostructures.  The  first  step  is  very  simple 
but  obvious,  which  is  to  replace  the  GaAs  substrate 
by  GaSb.  In  this  way  we  reduce  the  lattice  mis¬ 
match  drastically  (/=  —0.11%)  and  a  smaller 
thickness  of  the  buffer  layer  is  sufficient,  but  the 
strain  in  the  layer  remains  compressive.  The  second 
step  is  the  complete  fitting  of  the  buffer  to  HgSe  by 
the  introduction  of  the  ternary  layer  ZnTei-^Se^. 
By  spatial  variation  of  the  Se  content  from 
0.016  <  X  0.041,  the  lattice  constant  of  the  buffer 
layer  can  be  varied  between  those  of  the  GaSb 
substrate  and  the  HgSe  layer,  corresponding  to 
a  change  of  the  misfit  from  +0.2%  up  to  zero 
compared  to  HgSe.  Only  tensile  strain  is  expected 
in  this  case  [5].  For  an  optimized  heterostructure 
we  have  to  consider  the  large  difference  of  the 
thermal  expansion  coefficients  aoasb  =  6.2  x 
10-^  K-\  ocznTe  =  8.19  X  10-"  K-\  angse  =  1-48  x 
10"^  K"^). 

2.  Experimental  procedure 

The  epitaxial  growth  was  carried  out  in  a 
DCA  350  MBE  system,  specially  designed  for 
mercury  evaporation  and  equipped  with  effusion 
cells  for  ZnTe,  Zn,  Se,  and  Hg.  The  layers  were 
grown  on  undoped  GaSb(0  0  1)  substrates.  Due 
to  the  small  difference  of  about  120  K  between 
melting  point  and  oxide  desorption  temperature  of 
GaSb  without  a  Sb  overpressure,  the  thermal  de¬ 
sorption  of  the  native  oxide  was  optimized  in 
a  two-step  annealing  process  at  300"'C  and  540°C. 
The  substrate  temperature  was  varied  between 
320°C  and  350°C  for  ZnTe^-^Se^  and  between 
80°C  and  120°C  for  HgSe.  The  growth  process  was 
monitored  by  RHEED.  The  (2x1)  and  c(2  x  2)  sur¬ 
face  reconstructions  seen  during  the  growth  of 
ZnTe  changed  to  a  pure  (2  x  1)  reconstruction  after 
the  addition  of  Se,  which  indicated  the  transition 
from  nearly  stoichiometric  to  chalcogen-rich 
growth  conditions.  The  composition  of  the  ternary 


layers  was  controlled  by  the  Se/Te  flux  ratio.  The 
growth  rate  was  determined  in  situ  by  RHEED 
oscillation  and  varied  between  2.5  and  2.8  A/s. 
The  HgSe  layers  were  grown  with  a  Hg/Se  ratio 
depending  on  the  growth  temperature  ranging 
between  80  and  130.  The  layer  thickness  was 
measured  at  the  cleaved  edge  by  a  scanning 
electron  microscope,  because  a  strong  damping 
of  the  RHEED  oscillation  prevented  an  in  situ 
analysis. 

The  grown  layers  were  investigated  by  high  res¬ 
olution  X-ray  diffraction  (HRXRD)  with  respect  to 
the  relaxation  state  and  the  crystalline  perfection. 
The  electrical  properties  were  obtained  from  mag¬ 
netotransport  experiments,  performed  in  DC  field 
up  to  12  T  at  4.2  K,  by  an  analysis  of  the  Shub- 
nikov-de  Haas  (SdH)  oscillations. 

3.  Results  and  discussion 

For  the  determination  of  the  two  lattice  con¬ 
stants  perpendicular  and  parallel  to  the  growth 
direction  we  have  measured  the  rocking  curves  of 
the  symmetric  (0  0  4)  and  the  asymmetric  (13  7) 
and  (5  3  5)  reflections.  The  lattice  mismatch 
/  =  (as  —  aJ/aL  was  calculated  from  the  relaxed 
layer  constant  in  the  case  of  the  buffer/substrate 
system.  For  the  HgSe/ZnTej  .^cSe^,  system  we  put  in 
the  formula  the  fully  relaxed  buffer  layer  constant 
or  the  parallel  lattice  constant. 

Four  different  buffer/substrate  systems  can  be 
created  for  an  HgSe  top  layer: 

(i)  HgSe/ZnTe/GaAs, 

(ii)  HgSe/ZnTe/GaSb, 

(iii)  HgSe/ZnTei  _^Se;,/GaSb,  (0.016  ^  x  0.041), 

(iv)  HgSe/ZnTei_^Se^/GaSb,  (x  >  0.041). 

These  heterostructures  can  be  characterized  as 

follows: 

(i)  ZnTe/GaAs  -  Large  misfit  (/  =  —  7.4%)  re¬ 
quired  a  thick  buffer,  which  is  compressively 
strained.  The  advantage  of  the  low  misfit  to  HgSe 
(  +  0.289,  tensile  strain)  will  be  limited  by  high  de¬ 
fect  density  of  the  buffer. 

(ii)  ZnTe/GaSb  -  Low  misfit  to  substrate 
(  —  0.11%,  compressive)  and  HgSe  (tensile).  These 
values  allow  to  design  a  completely  strained  hetero¬ 
structure  HgSe/ZnTe/GaSb.  We  have  determined 
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the  critical  thickness  for  ZnTe/GaSb  to  296  nm  (see 
Ref.  [5]). 

(hi)  ZnTei-^Se;c/GaSb  with  ^oasb  ^  ^^znTeSe  ^ 
6^HgSe-  The  strain  is  always  tensile.  For  a  nearly 
matched  Buffer  to  HgSe  we  obtained  a  critical 
thickness  of  222  nm  with  respect  to  GaSb.  An  exact 
fitting  at  the  growth  temperature,  considering  the 
different  thermal  expansion  coefficients,  cannot  be 
realized  technologically,  because  of  the  strong  de¬ 
pendence  of  the  lattice  constant  on  the  Se  content 
in  the  ternary  buffer  layer.  The  accuracy  of  the 
X  value  of  about  ±  0.0005  is  very  difficult  to  obtain. 
Therefore,  we  adjust  a  value  between  0.020  and 
0.035. 

(iv)  ZnTei  -,,Se^  /GaSb  with  aznTeSe  <  ^ugse-  The 
amount  of  the  misfit  is  comparable  to  the  last 
mentioned,  but  the  strain  changed  from  tensile 
(buffer)  to  compressive  (HgSe). 

For  a  further  discussion  it  is  necessary  to  con¬ 
sider  the  sign  of  the  misfit,  which  leads  to  a  different 
formation  of  misfit  dislocations  above  the  critical 
thickness.  After  [6]  the  most  probable  type  of  misfit 
dislocation  in  zinc-blende-type  lattice  is  the  60° 
dislocation  with  a  Burgers  vector  b  =  1  0> 

and  can  be  formed  by  two  partial  dislocations.  One 
of  these  partial  dislocations  is  parallel  to  the  tensile 
strain  field  and  therefore  the  nucleation  barrier  is 
low.  This  90°  dislocation  has  the  Burgers  vector  of 
a  stacking  fault.  Thus,  due  to  a  tensile  strain  stack¬ 
ing  faults  can  be  formed  relatively  easily  as  a  result 
of  the  occurrence  of  only  90°  partial  dislocations. 
Compressive  strain,  however,  will  initially  nucleate 
the  30°  partial  dislocations,  which  requires  a  higher 
activation  energy.  Immediately  follows  the  nuclea¬ 
tion  of  the  90°  partial.  These  two  dislocations  cre¬ 
ate  the  perfect  60°  dislocation  resulting  in  the  well- 
known  dislocation  network.  Without  the  existence 
of  threading  dislocations  the  mechanism  of  disloca¬ 
tion  and  propagation  is  via  half-loops,  resulting  in 
60°  dislocations  at  the  interface  for  compressively 
grown  structures. 

Therefore,  we  can  assume  that  the  critical  thick¬ 
ness  for  layers  grown  in  compression  is  larger  than 
the  value  for  layers  grown  in  tensile  strain.  On  the 
other  hand,  the  speed  of  propagation  of  the  relax¬ 
ation  process  in  compressive  strained  layers  is  fas¬ 
ter  than  in  tensile  strained  layers  due  to  the  greater 
strain  reduction  by  the  creation  of  a  60°  dislocation 


compared  to  a  stacking  fault.  This  corresponds  to 
our  results:  we  determined  the  so-called  relaxation 
thickness  parameter  k  for  ZnTe/GaSb  (/ <  0)  to 
be  426  nm  and  for  ZnTeo. 95^60. os/GaSb  (/>0) 
1267  nm,  whereas  the  critical  thickness  is  296 
and  222  nm,  respectively  (at  J  =  fc  -F  the  relax¬ 
ation  state  is  about  63%  of  the  full  relaxation  [5]). 
Furthermore,  the  FWHM  in  the  (0  0  4)  rocking 
curve  of  140  arcsec  for  a  264  nm  thick  ZnTe  layer 
and  100  arcsec  for  a  228  nm  thick  ZnTeo.95Seo.05 
layer  reflect  a  different  strain  behavior.  The  misfit 
dislocations  have  a  greater  strain  field  resulting  in 
a  broadening  of  the  FWHM  compared  to  stacking 
faults.  In  addition,  the  ZnTeo.95Seo.05  layer  showed 
pendelldsung  interference  fringes.  Consequently,  the 
structural  perfection  of  HgSe  top  layer  will  be  in¬ 
fluenced  by  the  different  buffer  systems  with  the 
same  amount  of  misfit  but  opposite  in  sign.  The 
(0  0  4)  rocking  curves  for  the  individual  structures 
are  shown  in  Fig.  1.  Only  for  complete  tensile 


©[deg] 

Fig.  1.  Rocking  curves  of  the  (0  0  4)  reflection  for  HgSe  on 
different  buffer  systems:  (a)  400  nm  HgSe  on  1.6  )im  ZnTe/ 
GaAs,  (b)  200  nm  HgSe  on  225  nm  ZnTe/GaSb,  (c)  150  nm 
HgSe  on  950  nm  ZnTeo.977Seo.023/CaSb,  (d)  150  nm  HgSe  on 
150  nm  ZnTeo.964Seo.o36/GaSb,  (e)  simulation  fit  of  (d)./means 
the  misfit  between  buffer  and  substrate,  the  arrows  indicate  the 
HgSe  layer. 
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Buffer  layer  thickness  [nm] 

Fig.  2,  Dependence  of  the  lattice  parameter  of  both  HgSe  and 
ZnTco. 995860. 005  oil  the  buffer  layer  thickness:  (O)  ZnTeSe; 
(□)  ail  ZnTeSe;  (•)  a^  HgSe;  (■)  ay  HgSe.  The  HgSe  layer  is 
kept  constant  at  200  nm. 

Strained  heterostructures  (d  -  case  (iii)  in  the  listing 
above)  we  observed  interference  fringes  for  thin 
HgSe  layers  and  complete  pseudomorphic  growth. 
The  best  FWHM  was  84  arcsec  for  a  150  nm  thick 
layer  on  a  145  nm  thick  ZnTeo.964Seo.036  layer^ 
the  calculated  misfit  +0.152%  for  the  system  buf¬ 
fer/substrate  and  +0.130%  for  the  system  layer/ 
buffer.  A  950  nm  thick  ZnTeo.977Seo.023  buffer, 
nearly  matched  to  GaSb  (/=  +  0.05),  shows 
a  smaller  FWHM  (58  arcsec),  whereas  the  FWHM 
of  155  arcsec  of  the  HgSe  layer  is  larger  (curve  c). 
For  case  (ii),  /znXe/GaSb  <  0  /ugSe/ziiTe  >  0? 
FWHM  of  HgSe  does  not  exhibit  a  strong  depend¬ 
ence  on  buffer  layer  thickness  as  expected 
(^230  arcsec)  and  is  comparable  to  the  best  values 
published  for  very  thick  ZnTe/GaAs  buffer  [4]. 
A  reason  is  illustrated  in  Fig.  2,  where  the  depend¬ 
ence  of  both  layer  constants  perpendicular  and 
parallel  to  the  interface  on  the  buffer  layer  thickness 
is  shown  (the  HgSe  layer  thickness  has  been  kept 
constant).  An  increasing  buffer  thickness  and  nearly 
constant  a[\  results  in  an  improved  FWHM  (430  to 
142  arcsec).  The  increase  in  in  the  buffer  and  the 
decrease  in  Ai  in  the  HgSe  layer  are  opposite  to  the 
expected  behaviors.  The  ratio  a\\/aj_  of  HgSe  in¬ 
creased  and  therefore,  the  strain,  which  leads  to 


Fig.  3.  Reciprocal  space  map  of  the  (0  0  4)  reflection  of  a  1 50  nm 
thick  HgSe  layer  grown  full  pseudomorphic  on  ZnTeo.964Seo.036/ 
GaSb  (curve  d  in  Fig.  1).  q\\  is  the  component  of  the  scattering 
vector  parallel  to  the  surface,  (ji  is  parallel  to  the  growth 
direction. 


only  a  slight  improvement  of  the  FWHM.  In  case 
(iv)  -  ^ZnTeSe  <  <^HgSe  “  teusile  Strain  in  the  buffer 
and  compressive  in  HgSe,  the  stacking  faults  in  the 
buffer  cause  the  creation  of  misfit  dislocations  with¬ 
out  a  nucleation  barrier.  For  the  same  heterostruc¬ 
tures  (thickness  and  amount  of  misfit)  the  observed 
FWHM  is  about  50%  larger  compared  to  (iii). 

Fig.  3  shows  the  reciprocal  space  map  of  the 
(0  0  4)  reflection  of  a  full  pseudomorphically  grown 
layer  system  on  GaSb,  150  nm  HgSe  on  145  nm 
ZnTeo.964Seo.o36  buffer  (MS  543b,  Fig.  1,  curve  d). 
It  is  clearly  visible,  that  the  orientation  distribution 
is  even  slightly  broadened  for  the  HgSe  layer  main 
peak  (Ag II 1/2  =  1*323  pm"  ^)  compared  to  the  GaSb 
substrate  (A^||i/2  =  1.24  pm "^).  This  results  from 
a  very  low  dislocation  density  and  no  mosaicity  can 
be  concluded. 

For  the  electrical  characterization  we  performed 
transport  measurements  in  high  magnetic  fields  up 
to  12  T.  The  SdH  oscillations  were  analyzed  for  the 
calculation  of  the  carrier  concentration  as  well  as 
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Magnetic  Field  [Tesla] 

Fig.  4.  Transverse  magnetoresistance  of  two  HgSe  layers  grown 
on  ZnTeSe/GaSb  at  4.2  K.  The  sample  MS  #551  has  a  15nm 
ZnTeSe  cap  layer.  The  arrows  marked  the  shift  of  a  Landau 
level. 

the  mobility.  Fig.  4  shows  the  dependence  of  the 
transverse  magnetoresistance  on  the  magnetic  field 
for  two  layers  at  4.2  K.  The  Landau  levels  shift  in 
tilted  magnetic  field  B  according  to  a  cos  9  depend¬ 
ence  due  to  the  decreasing  perpendicular  field  com¬ 
ponent  of  B  with  respect  to  the  layer  axis  {6  -  angle 
between  sample  and  B).  The  evaluation  of  the  SdH- 
period  for  0  =  50°  results  in  a  carrier  concentration 
of  n  =  7.7  X  10^^  cm (MS  543  sample)  and  n  = 


6.5  X  10^^  cm"^  (MS  551).  Furthermore,  the  sample 
MS  543  shows  two  additional  periods  at  0°,  that 
disappear  with  increasing  tilt  angle  in  the  Fourier 
analysis  over  1/B,  This  is  a  typically  two-dimen¬ 
sional  character  of  carriers  in  magnetic  fields.  The 
SdH  period  yields  a  carrier  concentration  of 
n  =  1.4  X  10^^  cm"^andn  =  2.1  x  10^^  cm'^.The 
same  values  were  obtained  for  different  structures. 
The  MS  551  sample  with  a  15  nm  ZnTeSe  cap  does 
not  show  this  behavior.  In  conclusion  we  assume 
a  band  bending  of  the  free  HgSe  layer  surface 
resulting  in  a  splitting  into  two  subbands. 
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Abstract 

The  results  of  arsenic  incorporation  in  HgCdTe  layers  grown  by  molecular  beam  epitaxy  (MBE)  are  reported.  The 
incorporation  into  MBE-HgCdTe  was  carried  out  by  a  method  called  planar  doping.  Arsenic  was  successfully 
incorporated  during  the  MBE  growth  as  acceptors.  Result  suggests  that  most  of  the  arsenic  incorporates  as  an  active 
acceptor  at  the  MBE  growth  temperature.  These  findings  are  very  promising  for  MBE-HgCdTe  technology.  Some  layers 
show  enhanced  p-type  mobilities  with  no  carrier  freeze-out  at  low  temperatures.  These  results  are  very  promising  for  in 
situ  fabrication  of  infrared  devices  using  HgCdTe  material. 


1.  Introduction 

The  absence  of  a  p-type  in  situ  doping  technique 
is  one  of  the  major  stumbling  blocks  preventing  the 
successful  development  of  a  truly  MBE-based 
HgCdTe  IRFPA  technology.  In  HgCdTe,  p-type 
doping  can  be  controlled  by  Hg-vacancies  and/or 
electrically  active  impurities.  Hg-vacancy  p-type 
MBE-HgCdTe  single  layers  exhibit  excellent  elec¬ 
trical  properties.  In  particular,  lifetimes  at  80  K  are 
usually  between  50  and  100  ns,  which  is  considered 
to  be  very  good  for  p-type  HgCdTe  with  Cd  com¬ 
position  ~22%.  Both  mobilities  and  carrier  con¬ 
centrations  are  excellent.  Nevertheless,  there  has 
been  an  increasing  emphasis  on  replacing  native 
acceptor  doping  (Hg-vacancies)  with  extrinsic  ac¬ 
ceptor  doping  [1].  Precisely  controlled  extrinsic 
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doping  is  very  important  for  future  high-efficiency 
multi-wavelength  IRFPA  device  structures  based 
on  HgCdTe. 

There  are  many  problems  to  be  solved  in  order 
to  implement  extrinsic  doping  in  MBE  technology 
to  obtain  p-type  characteristics.  The  choice  of 
dopant  is  crucial.  Elements  from  groups  I  and  V 
are  potentially  useful  because  they  can  act  as 
acceptors  in  MBE-HgCdTe  if  they  substitute 
metallic  (column  II)  sites  and  nonmetallic 
(column  VI)  sites,  respectively.  Group  I  elements 
are  favorable  for  p-type  doping  since  they  are 
easily  incorporated  into  metallic  sites  during 
growth  under  optimum  growth  conditions. 
Among  the  group  I  elements,  the  incorporation  of 
Li,  Cu,  Ag,  and  Au  as  p-type  dopants  in  MBE- 
HgCdTe  has  been  studied  [2^].  The  high  dififus- 
ivity  of  some  of  these  elements  in  HgCdTe  prevents 
their  usefulness  in  FPA  technology  as  p-type 
dopants  [2,  3]. 
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In  recent  years,  attention  has  been  focused  on 
arsenic  as  a  p-type  dopant  due  to  its  low  diffusivity 
in  HgCdTe  [5-7].  In  MBE  growth,  the  primary 
goal  is  to  obtain  p-type  doping  at  the  growth  tem¬ 
perature  or  after  a  low-temperature  annealing  in 
order  to  preserve  the  integrity  of  the  structure.  If 
a  high-temperature  annealing  is  required,  MBE  will 
lose  the  advantages  associated  with  its  low-temper¬ 
ature  growth,  i.e.,  the  possibility  of  creating  sharp 
intefaces.  Arsenic  should  be  incorporated  during 
the  growth  at  Te  sites.  But,  MBE  growth  cannot 
occur  under  Hg-rich  conditions,  contrary  to  what 
can  be  achieved  in  LPE,  MOVPE,  or  bulk  growth. 
In  MBE  growth  under  Te-saturated  conditions,  it 
is  not  surprising  that  arsenic  atoms  (and  antimony) 
incorporated  during  the  MBE  process  have  been 
found  to  act  primarily  as  donors  in  as-grown  ma¬ 
terials  [5-8].  This  “intrinsic”  difficulty  in  MBE 
explains  why  many  approaches  have  been  tried  for 
achieving  p-type  doping  in  the  MBE  growth  of 
HgCdTe  using  arsenic  [9-16].  However,  most  of 
these  approaches  demand  a  high-temperature  an¬ 
nealing  (>400°C)  in  order  to  activate  the  arsenic. 

In  this  paper  we  present  results  on  arsenic  incor¬ 
poration  in  MBE-(2  1  1)B  HgCdTe  layers  grown  at 
the  Microphysics  Laboratory  (MPL)  at  the  Univer¬ 
sity  of  Illinois  at  Chicago  (UIC). 


2.  Experimental  procedure 

HgCdTe  layers  were  grown  in  an  ISA  Riber  2300 
MBE  machine.  The  detailed  growth  technique  has 
been  reported  previously  [17].  The  Cd  composition 
and  layer  thickness  were  determined  at  room  tem¬ 
perature  by  infrared  transmission  measurements. 
The  Hall  characteristics  (carrier  concentration  and 
mobility)  of  the  layers  were  measured  by  the  van 
der  Pauw  technique  for  temperatures  ranging  from 
300  to  23  K  and  with  a  magnetic  field  up  to  1.0  T. 
Arsenic  incorporation  into  HgCdTe  layers  was  car¬ 
ried  out  by  planar  doping  [19,  20].  In  this  method, 
periodically  As  shutter  is  open  during  the  growth. 
During  this  time  interval,  HgCdTe  growth  is  inter¬ 
rupted  by  closing  Te  and  CdTe  shutters.  The  mer¬ 
cury  shutter  is  open  all  the  time  during  the  growth. 
This  ensures  that  As  is  forced  to  react  with  mercury 
on  the  layer  surface.  The  arsenic  profiles  in  this 


study  were  performed  at  Charles  Evans  &  Associ¬ 
ates  by  secondary  ion  mass  spectroscopic  (SIMS) 
measurements  using  a  CAMECA  primary  ion 
bombardment  with  a  net  impact  energy  of 
14.5  keV. 


3.  Results  and  discussion 

The  electrical,  material,  and  structural  data  of 
the  arsenic  planar-doped  layers  under  study  are 
summarized  in  Table  1.  Fig.  1  shows  the  measured 
Hall  characteristics  versus  reciprocal  temperature 
of  two  layers  with  Cd  composition  of  about  30%. 
Fig.  la  shows  data  for  layer  #  124  and  Fig.  lb 
shows  data  for  layer  #117.  Layer  #124  shows 
p-type  characteristics  below  50  K  with  a  doping 
level  of  2.5  x  10^^  cm“  ^  and  a  low-temperature  mo¬ 
bility  of  300cmVVs.  Layer  #117  shows  p-type 
characteristics  below  130  K  with  doping  1  x 
10^^cm“^  and  a  low-temperature  mobility  of 
1000  cm^/Vs  [18].  Layer  #  124  has  a  HgCdTe  peri¬ 
od  of  about  136  A,  and  layer  #117  about  42  A.  As 
can  be  seen  in  the  figures,  typical  carrier  freeze-out 
behavior  is  not  observed  as  with  Hg-vacancy  doped 
HgCdTe.  The  carrier  concentration  and  mobility 
are  constant  in  the  extrinsic  temperature  region. 

For  one  sample  with  Cd  composition  in  the 
MWIR  region,  we  have  observed  the  high  hole 
mobility  of  lO'^cm^/Vs.  This  is  an  indication  of 
possible  2D  transport  of  holes.  A  similar  trend  is 
observed  for  higher  Cd  compositions.  On  the  other 
hand,  as  the  Cd  composition  decreases  the  layers 
show  lower  mobilities  when  compared  to  the  high¬ 
er  Cd  compositions.  The  observed  temperature  in¬ 
dependence  of  the  hole  concentration  confirms  the 
conclusion  of  2D  transport  since  carrier  freeze-out 
cannot  occur  in  2D  transport  systems  [19].  In  our 
planar-doping  technique,  the  arsenic  incorporates 
into  HgCdTe  as  planar  sheets.  Due  to  the  observed 
p-type  character,  the  arsenic  atoms  must  incorpor¬ 
ate  into  nonmetallic  sites  and  henee  bond  with 
either  Cd  or  Hg  atoms.  Hence,  holes  from  the 
arsenic  atoms  are  transferred  into  the  HgCdTe 
regions  resulting  in  the  separation  of  holes  from  the 
ionized  arsenic  scattering  centers.  This  mechanism 
may  provide  the  high  mobility  holes  in  the  planar- 
doped  HgCdTe  system.  Theoretical  calculations 
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Table  1 

Summary  of  the  measured  parameters  of  arsenic  planar-doped  MBE-Hgi -^cCd^^Te  layers 
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Sample 

x(%) 

t(pm) 

HgCdTe 
period  (A) 

Hall  characteristics  as-grown 

Doping  (cm 

^  at  low  T  (cm VV  •  s) 

106 

38.0 

19.3 

193 

l.Ox  10*'^ 

1000 

119 

41.9 

2.9 

97 

l.OxlO'5 

10000 

117 

32.9 

4.2 

42 

1.0x10'^ 

800 

124 

31.7 

4.5 

136 

2.5x10^^ 

300 

101 

24.2 

4.5 

096 

6.0  X  10^^ 

250 

1207 

33.8 

2.0 

75 

7.7  X  10'^ 

100 

0  10  20  30  40  50 

iooon'(K) 

Fig.  1.  Hall  characteristics  of  as-grown  arsenic  planar  doped  layers:  (a)  x  =  31.7%  and  HgCdTe  period  of  136  A;  (b)  x  =  32.9%  and 
HgCdTe  period  of  42  A.  The  open  symbol  (O)  represents  n-type  conductivity,  solid  symbol  (•)  represents  p-type  conductivity.  The  data 
were  taken  at  a  magnetic  field  strength  of  0.8  T. 
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1000/T(K) 

Fig.  2.  Calculated  heavy  hole  mobilities  in  a  x  =  0.33  sample 
of  HgCdTe.  One  line  describes  the  inclusion  of  impurity  scatter¬ 
ing,  the  other  model  modulation  doping  in  planar-doped  sam¬ 
ples. 


plotted  in  Fig.  2  confirm  that  the  observed  hole 
mobilities  can  arise  from  such  a  modulation  doping 
effect.  A  second  reason  for  the  high  mobilities  may 
be  a  decrease  in  the  effective  mass  of  the  holes  in  the 
vicinity  of  the  planar-doped  regions.  It  is  observed 
that  as  the  Cd  composition  decreases  the  mobility 
enhancement  diminishes.  This  may  be  due  to  the 
higher  concentration  of  Hg  vacancies  acting  as 
scattering  centers. 

Similar  high  mobility  holes  were  observed  by 
Arias  and  co-workers  [21]  in  HgTe/CdTe  superla¬ 
ttices  (period  50-180  A)  with  arsenic  incorporated 
into  CdTe  during  the  MBE  growth.  Their 
SIMS  result  indicate  that  only  a  low  percentage 
of  arsenic  atoms  are  electrically  active  at  the 
growth  temperature.  After  annealing  at  250°C  un¬ 
der  Hg-saturated  condition,  they  report  that  the 
conductivity  of  the  layers  remains  p-type  and  with 
a  higher  acceptor  concentration.  The  same  ap¬ 
proach  has  been  employed  by  Han  and  co-workers 
[14].  In  their  studies,  they  observed  no  hole  freeze- 
out  at  low-temperatures  but  no  hole  mobility  en¬ 
hancement. 


0  1  2  3  4  5 


Depth(^m) 

Fig.  3.  SIMS  profiles  of  arsenic  and  tellurium  in  as-grown  ar¬ 
senic  planar  doped  MBE-HgCdTe  (a)  for  layer  #117. 


We  have  annealed  as-grown  layers  at  450°C  fol¬ 
lowed  by  at  250°C  under  Hg-saturated  conditions. 
As  soon  as  layers  were  annealed,  the  high  mobilities 
and  constant  carrier  concentrations  at  low-temper¬ 
ature  (2D  properties)  disappear.  For  layer  #  101, 
the  doping  level  increased  from  6x  10^^  to  a  low 
10^^  cm“^  level.  This  indicates  less  than  50%  ac¬ 
tivation  of  arsenic  during  the  MBE  growth,  assum¬ 
ing  100%  electrical  activity  after  annealing.  SIMS 
analyses  of  the  as-grown  layers  were  carried  out 
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to  determine  the  percentage  of  active  arsenic  at 
the  MBE  growth  temperature  of  HgCdTe.  Fig.  3 
shows  the  arsenic  depth  profile  for  as-grown  layer 
#117.  As  evident  from  this  graph,  arsenic  profiles 
are  associated  with  peak  structures  and  we  believe 
that  these  are  due  to  the  periodic  nature  of  arsenic 
concentration.  High-resolution  SIMS  measure¬ 
ments  need  to  be  performed  for  further  confirma¬ 
tion.  As  is  evident  from  the  ^^^Te  compositional 
profile,  the  interface  between  the  substrate  and  the 
grown  HgCdTe  is  very  abrupt.  For  layer  #1207, 
we  have  obtained  doping  level  of  6.0  x  10^^cm“^ 
before  annealing.  After  annealing  at  450°C  followed 
by  at  250°C,  measured  doping  level  is  2  x 
lO^^cm”^.  We  have  obtained  arsenic  SIMS  con¬ 
centration  of  5.0  X  10^^  cm” ^  on  this  layer  indicat¬ 
ing  about  40%  electrical  activity. 

We  have  also  measured  the  minority  carrier  life¬ 
times  in  these  arsenic  planar-doped  layers  by  the 
photoconductive  decay  technique.  We  have  ob¬ 
served  a  lifetime  of  4.3  ps  at  80  K  for  sample  #117. 
This  sample  has  a  Cd  composition  about  32.9% 
and  p-type  doping  level  of  IxlO^^cm”^.  The 
measured  lifetime  value  is  in  good  agreement  with 
values  published  in  the  literature  [16].  These  re¬ 
sults  demonstrate  that  the  grown  layers  are  of  very 
high  quality. 

4.  Summary 

In  this  work,  we  report  the  results  of  arsenic 
incorporation  in  MBE-HgCdTe  layers.  The  incor¬ 
poration  was  carried  out  by  a  method  called  ar¬ 
senic  planar  doping.  In  this  method,  arsenic  atoms 
were  successfully  incorporated  during  the  MBE 
growth  as  acceptors  with  doping  up  to  10^^  cm“^. 
SIMS  measurements  confirm  the  arsenic  incorpo¬ 
ration  into  MBE-HgCdTe  layers.  The  Results  sug¬ 
gest  that  most  of  the  arsenic  incorporates  as  an 
active  acceptor  at  the  MBE  growth  temperature. 
These  findings  are  very  promising  for  MBE- 
HgCdTe  technology.  The  measured  minority  car¬ 
rier  lifetime  in  one  of  the  samples  (x  =  32.9%)  is 
4.3  ps  at  80  K,  indicating  very  good  quality.  This 
work  confirms  that  arsenic  can  be  used  as  an  effec¬ 
tive  acceptor  dopant  at  the  MBE  growth  temper¬ 
ature  of  HgCdTe. 
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Abstract 

High-performance  in  situ  doped  two-color  detectors  with  the  n-p-n  architecture  for  the  sequential  detection  of  mid- 
and  long-wave  infrared  radiation  were  grown  by  molecular  beam  epitaxy.  These  detector  structures  were  twin-free,  and 
exhibited  narrow  rocking  curves  (  45  arcsec)  as  determined  by  X-ray  measurements.  The  near  surface  etch  pit  densities 

in  these  device  structures  were  typically  (2-3)  x  10^  cm“^.  The  structures  were  processed  as  mesas  and  their  electrical 
properties  measured.  The  spectral  response  of  the  mid-wave  and  long-wave  diodes  in  the  integrated  detector  were 
characterized  by  sharp  turn-on  and  turn-off  in  both  bands.  Average  R^A  values  of  100  Q  cm^  at  10.5  pm  and 
5.5  X  10^  Q  cm^  at  5.5  pm  were  measured  at  77  K.  These  results  are  comparable  to  those  of  the  best  unispectral  detectors 
and  represents  a  significant  milestone  for  MBE-grown  HgCdTe  two-color  devices 

Keywords:  MBE;  HgCdTe;  In  situ  doped;  Sequential;  Two-color  detector;  Multispectral 


1.  Introduction 

Devices  capable  of  detection  of  two  bands  of 
infrared  radiation  are  advantageous  for  military 
applications  such  as  signature  recognition,  decoy 
identification  and  counter  measure  avoidance,  as 
they  provide  an  added  dimension  of  contrast  when 
compared  to  unispectral  detectors.  An  integrated 
two  color  detector  eliminates  the  need  for  a  second 
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focal  plane  array  and  thus  offers  advantages  such  as 
automatic  pixel  registration,  lower  cost  and  cooling 
requirements,  and  system  complexity  as  compared 
to  two  independent  detectors  used  for  the  same 
application  [1].  Hgi-^cCd^Te  is  the  material  of 
choice  for  the  detection  of  mid-wave,  long  wave 
and  very-long  wave  IR  radiation,  attributed  to  its 
band  gap  tunability  and  other  desirable  optical  and 
electrical  properties,  and  the  ability  to  optimize 
performance  at  the  desired  temperature  for  the  in¬ 
frared  band  of  interest  [2]. 

Significant  progress  has  been  achieved  in  the 
molecular  beam  epitaxial  (MBE)  growth  of  devices 
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such  as  unispectral  p-on-n  LWIR  detectors  [3, 4], 
since  performance  similar  to  the  best  devices  dem¬ 
onstrated  by  the  more  established  liquid  phase  epi¬ 
taxy  (LPE)-based  production  process  [5]  has  been 
reported  recently.  This  milestone  is  a  consequence 
of  sustained  improvements  in  the  quality  of  the 
HgCdTe  films  grown  by  MBE  and  in  situ  n-  and 
p-type  doping  capability.  Due  to  the  flexibility  in 
composition  and  doping  control  offered  by  vapor 
phase  epitaxial  growth  techniques,  MBE  and  meta- 
lorganic  chemical  vapor  deposition  (MOCVD) 
have  been  investigated  for  the  growth  of  multi- 
spectral  HgCdTe-based  IR  detectors  [6, 7]. 
At  Hughes,  we  have  employed  MBE  for  the  growth 
of  a  variety  of  two-color  detectors  for  the  detection 
of  radiation  in  the  mid-  and  long-wave  infrared 
(MWIR  and  LWIR)  bands.  This  paper  will  focus 
on  the  growth  and  properties  of  integrated  two- 
color  detectors  for  the  sequential  detection  of  radi¬ 
ation  in  MWIR  and  LWIR  bands.  Results  of  elec¬ 
trical  properties  such  as  R^A  indicate  that  for  the 
first  time,  the  performance  of  HgCdTe-based  two- 
color  detectors  is  similar  to  that  observed  for  uni¬ 
spectral  detectors  grown  with  the  more  established 
liquid  phase  epitaxial  (LPE)  growth  process  which 
is  used  for  the  commercial  production  of  HgCdTe 
device. 


2.  Experimental  procedure 

The  n-p-n  devices  were  grown  in  a  vacuum 
generator  V80H  MBE  system  equipped  with  Hg, 
Te  and  CdTe  sources;  the  details  of  the  growth 
conditions  have  been  reported  elsewhere  [8].  The 
n-p-n  device  were  grown  on  commercially  avail¬ 
able  (2  1  1)B  CdZnTe  substrates,  and  its  schematic 
is  shown  in  Fig.  1.  The  alloy  compositions  of  the 
n-type  layer  adjacent  to  the  substrate  (MWIR  n- 
type)  determines  the  spectral  cut-off  for  the  MWIR 
band  and  the  composition  of  the  final  n-type  layer 
(LWIR  n-type)  that  is  deposited  on  the  p-type  layer 
determines  the  cutoff  of  the  LWIR  band.  As  the 
alloy  compositions  determines  the  absorption 
wavelengths  of  the  detectors,  it  is  important 
to  have  precise  control  over  the  alloy  composition. 
To  determine  the  level  of  x-value  control  achieved 
by  MBE,  a  series  of  LWIR  layers  were  grown 


IR  radiation 


Fig.  1 .  Schematic  of  the  n-p-n  detector  used  for  the  sequential 
detection  of  MWIR  and  LWIR  radiation. 

independently,  and  analyzed  by  FTIR  measure¬ 
ments  to  determine  the  alloy  composition  in 
the  layers.  A  batch  of  n-p-n  structures  were  grown 
and  the  crystalline  qualities  were  evaluated 
using  X-ray  rocking  curve  and  0-2G  measure¬ 
ment,  and  wet  chemical  defect  etch  studies.  The 
devices  were  fabricated  as  mesas  and  tested  to  de¬ 
termine  the  device  properties  and  spectral  response 
characteristics. 


3.  Results  and  discussion 

3.1.  Composition  control 

To  determine  the  degree  of  run-to-run  alloy  com¬ 
position  control  that  can  be  achieved,  a  set  of 
p-on-n  LWIR  Hgi_;,Cd;cTe  heterojunction  de¬ 
tector  structures  were  grown  on  2.5  x  2.5  cm^  sub¬ 
strates  as  reported  previously  [3].  A  small  lot  of 
thirteen  p-on-n  layers  were  grown  successively  for 
this  study.  The  alloy  composition  of  the  n-type 
(thickness  =  7  pm)  absorbing  layer  was  determined 
from  FTIR  measurements  using  the  equation 
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provided  by  Hansen,  et  al.  [9].  The  target  composi¬ 
tion  for  the  Hgi  „^CdjcTe  layer  was  x  =  0.225,  to 
provide  a  detector  cutoff  of  10  pm  at  77  K.  The 
average  measured  composition  of  the  n-type 
Hgi -xCdxTQ  layers  was  x  =  0.226,  with  a  standard 
deviation  of  0.003.  Thus  the  level  of  x-value  control 
demonstrated  here  enables  us  to  grow  detectors 
with  the  desired  cut-off  wavelengths  to  a  precision 
better  than  +  0.1  pm  in  the  MWIR  band  and 
+  0.2  pm  in  the  LWIR  band. 

3.2.  Electrical  properties  of  p-  and  n-type  HgCdTe 
layers 

The  main  material  property  that  determines  the 
performance  of  the  LWIR  detector  is  the  disloca¬ 
tion  density  in  the  LWIR  n-type  layer  [10].  The 
structural  quality  (which  is  related  to  the  disloca¬ 
tion  density)  of  this  layer  is  in  turn  strongly  depen¬ 
dent  on  the  underlying  p-type  layer  as  well  as  the 
MWIR  n-type  layer  (see  Fig.  1).  Achieving  good 
structural  perfection  with  the  desired  electrical 
properties  in  the  n-type  MWIR  layer  that  is  first 
deposited  onto  the  CdZnTe  substrate  is  relatively 
straightforward.  The  growth  parameters  that  have 
to  be  optimized  are  the  substrate  temperature  and 
the  Hg/Te  flux  ratio  as  these  two  parameters  have 
a  strong  influence  on  the  structural  property.  On 
the  other  hand,  due  to  the  high  vapor  pressure  of 
Hg,  and  the  tendency  for  compensation  of  acceptor 
impurities,  in  situ  p-type  doping  has  been  a  chal¬ 
lenging  issue.  Thus  achieving  good  structural  per¬ 
fection  with  desired  levels  of  p-type  conductivity  in 
in  situ  doped  layers  are  two  pre-requisites  for  the 
growth  of  high-performance  n-p-n  two-color  devi¬ 
ces. 

At  Hughes  we  have  developed  a  unique  process 
that  enables  us  to  grow  in  situ  doped  p-type  layers 
with  good  structural  and  electrical  properties  that 
are  required  for  the  growth  of  high-performance 
two-color  detectors  [3, 11].  To  assess  the  electrical 
properties  of  in  situ  doped  p-type  layers,  4-6  pm 
thick  MWIR-HgCdTe  :  As  films  were  deposited  on 
(2  1  1)B  CdZnTe  substrates.  The  samples  were  sub¬ 
jected  to  a  post-growth  Hg-anneal  at  250°C  to 
remove  any  Hg-vacancies  in  the  films,  which  is 
a  deep  level  impurity.  Electrical  contacts  were  made 
with  Indium  and  variable  temperature  Hall  effect 


Fig.  2.  Temperature  dependence  of  the  hole  concentration  and 
mobility  for  in  situ  doped  MWIR-HgCdTe  :  As  film.  The  electri¬ 
cal  activity  of  the  acceptor  impurities  is  estimated  at  >  60%. 


and  resistivity  measurements  were  performed  and 
the  results  are  illustrated  in  Fig.  2.  The  HgCdTe 
films  doped  with  As  impurities  by  employing  the  in 
situ  doping  process  exhibit  classic  p-type  conduct¬ 
ivity.  The  net  hole  concentration  is  in  excess  of 
8  X  10^^  cm” ^  over  the  entire  300-25  K  range.  Due 
to  the  formation  of  impurity  bands  at  doping  levels 
exceeding  1  x  10^^  cm”^,  the  hole  concentration  in 
this  heavily  doped  sample  exhibits  little  depend¬ 
ence  on  temperature.  As  reported  previously,  the 
electrical  activity  in  these  in  situ  arsenic-doped 
films  is  expected  to  be  greater  than  60%,  based  on 
SIMS  and  Hall  effect  measurements  [3].  The  struc¬ 
tural  properties  of  the  films  will  be  discussed  in  the 
next  section. 

N-type  conductivity  in  HgCdTe  is  obtained  by 
doping  the  material  with  a  group  II  or  a  group  VII 
impurity.  Indium  is  generally  employed  in  MBE, 
and  exhibits  nearly  100%  electrical  activity  at  dop¬ 
ing  levels  of  10^^-  10^^  cm”^.  Hall  effect  and  resis¬ 
tivity  measurements  were  performed  on  MWIR- 
Hgi_;cCdjcTe  (x  =  0.33)  layers  and  the  variation  in 
electron  concentration  and  mobility  is  shown  in 
Fig.  3.  As  expected,  the  electron  mobility  increases 
with  decreasing  temperature  and  reaches  a  max¬ 
imum  of  63  000  cm^/(V  s)  at  30  K.  The  high  mobil¬ 
ity  values  measured  in  these  films  illustrates  the 
background  (unintentional)  doping  level  is 
<  7  X  lO^'^  cm”^,  as  inferred  from  the  net  extrinsic 
electron  concentration  at  77  K. 
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Fig.  3.  Temperature  dependence  of  the  electron  concentration 
and  mobility  for  in  situ  doped  MWIR-HgCdTe :  In  film. 


33.  Structural  and  electrical  properties  of  n-p-n 
devices 

After  confirming  the  electrical  properties  (carrier 
concentration  and  mobility)  in  the  individual  n- 
and  p-type  layer,  n-p-n  structures  illustrated  in 
Fig.  1,  were  grown  in  one  continuous  growth  pro¬ 
cess.  The  structural  properties  of  the  n-p-n  were 
studies  by  X-ray  diffraction  and  wet  chemical  defect 
etch  measurements.  X-ray  rocking  curve  measure¬ 
ments  of  the  (2  2  4)  reflection  utilizing  a  3  mm 
X  0.5  mm  beam  of  Cu  Kai  X-rays  from  a  Ge 
four-crystal  monochromator  were  made  to  assess 
the  crystalline  quality  of  the  epilayers.  X-ray  rock¬ 
ing  curve  scan  of  a  representative  two-color  de¬ 
tector  structure  exhibited  a  FWHM  of  47  arcsec 
and  the  width  of  the  rocking  curve  is  dominated  by 
the  top  LWIR  n-type  layer,  with  some  contribution 
from  the  underlying  p-  and  n-type  layers.  X-ray 
0-20  measurements  shows  peaks  that  correspond 
to  the  (4  2  2)  reflection  and  the  absence  of  any 
(3  3  l)-related  diffraction  peaks  indicates  that  the 
HgCdTe  layer  is  twin-free,  since  such  reflections 
arise  when  first-order  twinning  of  a  (2  1  l)-oriented 
layer,  consisting  of  a  180°C  rotation  about  the 
[111]  twist  axis,  produces  a  (5  5  2)-oriented  layer 
[12]. 

Besides  X-ray  characterization,  the  crystalline 
quality  of  the  layers  were  also  evaluated  by  wet 
chemical  defect  etch  studies.  The  leakage  current  in 
a  unispectral  detector  is  strongly  dependent  on  the 


dislocation  density  in  the  n-type  absorbing  layers, 
and  it  is  desirable  to  minimize  the  dislocation  den¬ 
sity  in  the  layers.  For  these  two-color  detector 
structures,  the  threading  dislocation  density  at  the 
near-surface  region  of  the  LWIR  n-type  layer  was 
estimated  through  the  use  of  a  defect  etch  consist¬ 
ing  of  80  ml  H2O  :  10  ml  HCl :  20  ml  HNO3 :  8.1  g 
Na2Cr207  •  2H2O  whose  action  is  similar  to  that  of 
other  published  HgCdTe  (1  1  2)B  defect  etches 
[13].  The  near  surface  etch-pit  densities  in  these 
films  ranged  from  5  x  10^  to  1  x  10^  cm  with 
a  typical  value  of  (2-3)  x  10^  cm'^.  Step  etch  stud¬ 
ies  followed  by  etch  pit  density  measurements  indi¬ 
cate  that  the  underlying  p-type  layers  have  etch  pit 
densities  that  are  similar  to  the  near-surface  values 
in  the  n-type  LWIR  layer.  On  the  other  hand  etch 
pit  densities  in  the  n-type  MWIR  layers  were  con¬ 
sistently  within  (5-10)  X  10^  cm" Thus  for  this 
batch  of  n-p-n  layers,  the  etch  pit  density  in  the  top 
n-type  LWIR  layer  was  dependent  on  the  etch  pit 
density  in  the  underlying  p-type  layer. 

The  n-p-n  layers  were  fabricated  as  mesas  and 
individual  electrical  contacts  were  made  to  the 
LWIR  n-type  layer  and  the  MWIR  n-type  layer  via 
the  array  common  contact  [14].  This  device  was 
operated  in  a  sequential  mode  that  does  not  require 
electrical  contacts  to  the  intermediate  p-type  layer. 
Depending  on  the  bias  applied  to  the  contacts,  the 


Fig.  4.  MWIR  and  LWIR  modes  of  operation  of  a  sequential 
n-p-n  two-color  detector  achieved  by  switching  the  bias. 
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MWIR  or  the  LWIR  diode  can  be  activated  for 
detection.  As  shown  in  Fig.  4,  when  a  negative  bias 
is  applied  to  the  LWIR  n-type  layer,  the  LWIR  p-n 
junction  is  in  forward  bias,  and  behaves  like  a  low 
resistance  contact.  In  this  mode,  the  MWIR  p-n 
junction  is  in  reverse  bias,  and  the  current  that 
flows  in  the  circuit  is  proportional  to  the  MWIR 
photon  flux.  On  the  other  hand,  when  a  negative 
bias  is  applied  to  the  MWIR  n-type  layer,  the 
MWIR  p-n  junction  is  in  forward  bias,  and  be¬ 
haves  like  a  low  resistance  contact.  For  this  mode 
of  operation,  the  LWIR  p-n  junction  is  in  reverse 
bias,  and  the  current  that  flows  in  the  circuit  is 
proportional  to  the  LWIR  photon  flux  [6,  14].  In 
practice  the  bias  for  activating  the  MWIR  and  The 
LWIR  diodes  are  chosen  such  that  the  current  in 
the  circuit  in  relatively  independent  of  the  voltage, 
but  proportional  to  the  optical  generation  rate.  The 
I-V  characteristics  of  this  n-p-n  structure  with 
diodes  measuring  50  pm  x  50  pm  are  shown  in 
Fig.  5,  and  are  similar  to  that  expected  for  diodes 
with  this  back-to-back  configuration. 

The  spectral  response  of  two-color  detectors  fab¬ 
ricated  from  sample  #1690  were  measured  in 
a  dewar  at  80  and  40  K  and  the  data  are  shown  in 
Fig.  6.  The  average  spectral  response  cut-off  for  the 
mid-wave  diodes  at  80  K  is  5.5  pm.  The  longer 
wavelength  radiation  to  which  the  MWIR  n-type 
layer  is  transparent,  produces  the  LWIR  signal, 
whose  average  spectral  response  cut-off  is  10.5  pm 
at  80  K  for  this  sample.  The  measurements  were 
made  at  zero  bias  for  the  MWIR  diode  and  150  mV 
for  the  LWIR  detector.  As  expected,  due  to  the 
narrowing  of  the  band  gaps  at  lower  temperatures 
the  spectral  response  of  the  MWIR  and  LWIR 
diodes  are  both  shifted  to  the  longer  wavelength  at 
40  K. 

One  measure  of  two-color  detector  performance 
is  the  magnitude  of  R^A  (where  R“^  is  given  by 
[d//dF]v  =  o  and  A  is  the  diode  junction  area)  and 
this  value  is  frequently  compared  with  production 
LPE  unispectral  detectors  with  the  same  cut-off.  In 
the  case  of  these  sequential  diodes,  the  R^A  values 
generally  represent  components  from  both  MWIR 
and  the  LWIR  diodes.  However  R,A  (where 
Rf  ^  =  [d//dF]v=r  v)  values  are  a  more  meaningful 
measure  of  the  figure  of  merit,  since  the  high  resist¬ 
ance  of  a  reverse  biased  diode  dominates  the 
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Fig.  5.  I-V  characteristics  of  n-p-n  diodes  measuring 
50  pm  X  50  pm. 
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Fig.  6.  Spectral  response  per  watt  of  the  MWIR  (Lo  =  5.5  pm  at 
77  K)  and  LWIR  =  10.5  pm  at  77  K)  diodes. 


forward  bias  characteristics  of  diodes  in  the  back- 
to-back  geometry.  Based  on  RoA  and  R,A  values 
measured  for  unispectral  diodes,  RoA  values  for 
sequential  two-color  detectors  can  be  estimated 
from  their  R,A  values.  For  a  set  of  six  LWIR  diodes 
measuring  50  pm  x  50  pm  with  a  cut-off  of  10.5  pm 
the  average  R,A  value  was  3000  Q  cm^  at  78  K  at 
0-fov  (field  of  view),  and  the  corresponding  RoA 
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value  is  estimated  to  be  >  100  Qcm^.  This  value 
compares  favorably  with  the  best  unispectral  de¬ 
tectors  operating  at  10.5  pm,  whose  values  range 
from  80  to  200  Q  cm^  [5].  The  MWIR  diode 
also  exhibited  LPE-trendline  RqA  values  of 
5.5  X  10^  Q  cm^  at  77  K.  Although  the  results  pre¬ 
sented  here  are  from  a  mini-array  of  diodes,  this  is 
a  significant  milestone  for  MBE  as  R^A  values  in 
two-color  detectors  is  now  equivalent  to  the  best 
unispectral  detectors.  Currently  work  is  underway 
for  the  development  of  an  entire  two-color  focal 
plane  arrays. 


4.  Conclusion 

In  situ  doped  sequential  two-color  detectors  with 
the  n-p-n  architecture  were  grown  by  MBE,  for  the 
detection  of  MWIR  and  LWIR  radiation.  Narrow 
X-ray  rocking  curves  with  typical  FWHM  of  45  ar- 
csec  were  measured.  The  layers  were  twin-free  as 
determined  from  X-ray  0-20  measurements. 
Near-surface  dislocation  densities  as  inferred  from 
etch  pit  density  measurements  were  typically 
(2-3)  X  10®  cm"^.  Electrical  contacts  were  made  to 
the  MWIR  n-type  layer  via  the  array  common 
contact,  and  to  the  LWIR  n-type  layer  at  the  top  of 
the  processed  mesas.  The  spectral  response  of  the 
MWIR  and  LWIR  diodes  in  the  integrated  de¬ 
tector  were  characterized  by  sharp  turn-on  and 
turn-off  in  both  bands.  Average  R^A  values  of 
100  Q  cm^  at  10.5  pm  and  5.5  x  10®  Q  cm^  at 
5.5  pm  at  77  K  were  measured,  and  are  comparable 
to  the  best  unispectral  detectors,  which  is  a  signifi¬ 
cant  milestone  for  MBE-grown  HgCdTe  two-color 
devices. 


References 

[1]  J.A.  Wilson,  E.A.  Patten,  G.R.  Chapman,  K.  Kosai,  B. 
Baumgratz,  P.  Goetz,  S.  Tighe,  R.  Risser,  R.  Herald,  W.A. 
Radford,  T.  Tung  and  W.A.  Terre,  SPIE  2274  (1994)  117. 

[2]  D.A.  Scribner,  M.R.  Kruer  and  J.M.  Killiany,  Proc.  IEEE 
79  (1991)  66. 

[3]  R.D.  Rajavel,  D.M.  Jamba,  O.K.  Wu,  J.A.  Roth,  P.D. 
Brewer,  J.E.  Jensen,  C.A.  Cockrum,  G.M.  Venzor  and  S.M. 
Johnson,  J.  Electron.  Mater.  28  (1996)  1410. 

[4]  C.A.  Cockrum,  S.M.  Johnson,  P.G.  Petrowoski, 
G.M.  Venzor,  R.D.  Rajavel,  J.E.  Jensen,  O.K.  Wu,  J.D. 
Benson,  J.C.  Brown,  S.D.  Phu  and  J.J.  O’eill,  Proc.  IRIS 
Specialty  Group  on  Infrared  Detectors,  NIST,  Boulder 
CO  (1996). 

[5]  T.  Tung,  L.V.  DeArmond,  R.F.  Herald,  P.E.  Herning, 
M.H.  Kalisher,  D.A.  Olson,  R.F.  Risser  and  S.J.  Tighe, 
SPIE  1735  (1992)  109. 

[6]  E.R.  Blazejewski,  J.M.  Arias,  G.M.  Williams,  W. 
McLevige,  M.  Znadian  and  J.  Pasko,  J.  Vac.  Sci.  Technol. 
B  10  (1992)  1626. 

[7]  M.B.  Reine,  P.W.  Norton,  R.  Starr,  M.H.  Weiler,  M.  Kes- 
tigian,  B.L.  Musicant,  P.  Mitra,  T.  Schimert,  F.C.  Case,  I.B. 
Bhat,  H.  Ehsani  and  V.  Rao,  J.  Electron.  Mater.  24  (1995) 
669. 

[8]  R.D.  Rajavel,  O.K.  Wu,  J.E.  Jensen,  C.A.  Cockrum,  G.M. 
Venzor,  E.A.  Patten,  P.M.  Goetz,  D.  Leonard  and  S.M. 
Johnson,  Mater.  Res.  Soc.  Symp.  Proc.  421  (1996)  335. 

[9]  G.L.  Hansen,  J.L.  Schmit  and  Y.N.  Casselman,  J.  Appl. 
Phys.  53  (1982)  7099. 

[10]  S.M.  Johnson,  D.R.  Rhiger,  J.P.  Rosbeck,  J.M.  Peterson, 
S.M.  Taylor  and  M.E.  Boyd,  J.  Vac.  Sci.  Technol.  B  10 
(1992)  1499. 

[11]  O.K.  Wu,  D.N.  Jamba  and  G.S.  Kamath,  J.  Crystal 
Growth  127  (1993)  365. 

[12]  S.M.  Johnson,  J.B.  Jones,  W.L.  Ahlgren,  W.J.  Hamilton, 
M.  Ray  and  G.S.  Tompa,  Long  Wavelength  Semiconduc¬ 
tor  Devices,  Materials  and  Processes,  in:  Mater.  Res.  Soc. 
Symp.  Proc.  Vol.  216,  Eds.  A.  Katz,  R.M.  Biefield,  R.L. 
Gunshor  and  R.J.  Malik  (Materials  Research  Soc.,  Pit¬ 
tsburgh,  PA,  1991). 

[13]  J.S.  Chen,  US  Patent  No.  4  897  152. 

[14]  E.F.  Schulte,  US  Patent  No.  5  113  076. 


ELSEVIER  Journal  of  Crystal  Growth  175/176  (1997)  659-664 


JOURNALOF 


CRYSTAI. 

GROWTH 


Ellipsometric  analysis  of  CdZnTe  preparation 
for  HgCdTe  MBE  growth 

J.D.  Benson’*',  A.B.  Cornfeld,  M.  Martinka,  J.H.  Dinan, 

B.  Jobs,  P.  He,  John  A.  Woollam 

Night  Vision  and  Electronics  Sensors  Directorate,  10221  Burbeck  Rd.,  Ft.  Belvoir,  Virginia  22060-5806,  USA 


Abstract 

An  in-situ  spectroscopic  ellipsometer  has  been  installed  on  a  molecular  beam  epitaxy  system  to  improve  control  of 
HgCdTe  molecular  beam  epitaxy.  Using  the  spectroscopic  ellipsometer,  in-situ  analysis  of  substrate  preparation,  surface 
cleanliness  and  substrate  temperature  were  monitored.  These  results  were  correlated  with  in-situ  reflection  high  energy 
electron  diffraction  and  Auger  spectroscopy.  A  real  time  spectroscopic  ellipsometric  model  was  developed  which 
determined  the  substrate  temperature  as  well  as  the  overlayer  thickness. 

Keywords:  Molecular  beam  epitaxy;  Spectroscopic  ellipsometry 


1.  Introduction 

Hgi-xCdjcTe  is  an  infrared  detector  material 
with  significant  military  applications.  Molecular 
beam  epitaxy  (MBE)  is  an  advanced  growth  tech¬ 
nique  used  to  deposit  Hgi-j^Cd^^  Te  [1-3].  MBE  is 
particularly  useful  for  multi-layer  growth  necessary 
for  novel  ‘smart’  detectors  [2,3].  Cdi_yZnj,Te  is 
currently  the  substrate  material  of  choice  for  high- 
performance  long  wavelength  HgCdTe  detectors. 
Cdo.96Zno.04Te  is  lattice  matched  to  Hgo.77Cdo.23 
Te  (long  wavelength  detection)  [4].  The  preferred 
orientation  of  CdZnTe  substrates  for  MBE  growth 
is  (2  1  1)B.  This  preference  has  been  motivated  by 
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material  quality  and  device  performance  results 
[5-7].  In  the  current  state  of  the  art  MBE  HgCdTe 
detector  there  is  no  buffer  layer  between  the 
HgCdTe  and  CdZnTe.  This  makes  the  surface 
preparation  extremely  critical  for  proper  hetero¬ 
junction  formation.  An  in-situ  real-time  vacuum 
compatible  technique  to  determine  surface  con¬ 
tamination  could  have  a  significant  impact  on  the 
critical  startup  growth  of  HgCdTe. 

Ellipsometry  is  a  widely  used  technique  to  deter¬ 
mine  semiconductor  thin  film  optical  constants  [8]. 
It  is  a  highly  sensitive,  nondestructive  technique. 
Ellipsometry  measures  the  change  in  the  polariza¬ 
tion  of  the  light  reflected  from  a  surface.  Two  para¬ 
meters,  psi  {^)  and  delta  (A)  are  measured  by  the 
ellipsometer.  Physically,  tan  T  is  the  reflection  coef¬ 
ficient  amplitude  ratio  of  the  two  orthogonal  com¬ 
ponents  of  elliptically  polarized  light,  and  A  is 
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the  change  in  phase  difference  between  the  two 
components.  Spectroscopic  ellipsometry  measures 
these  optical  parameters  as  a  function  of  several  (in 
our  case  88)  wavelengths  of  light.  Real-time  analy¬ 
sis  is  now  possible  since  the  advent  of  powerful 
personal  computers.  State  of  the  art  spectroscopic 
ellipsometry  with  the  accompanying  analysis  soft¬ 
ware  can  accurately  measure  in  real  time  the  thin 
film  composition  and  surface  chemistry  of  a  wafer 
as  it  is  being  prepared  for  growth  and  during 
growth  [9]. 


2,  Experimental  procedure 

In-situ  real-time  spectroscopic  ellipsometric  data 
was  acquired  during  MBE  substrate  preparation 
and  growth  of  HgCdTe.  The  MBE  growth  was 
performed  in  a  modified  Fisons  VG-80  chamber, 
upgraded  to  include  ellipsometry  viewports  at  a  75° 
angle  of  incidence  with  respect  to  the  sample  nor¬ 
mal.  A  reduced  wobble  substrate  rotation  stage  was 
also  added  to  permit  measurement  during  substrate 
rotation.  This  is  necessary  since  the  substrate  is 
rotated  during  growth  to  enhance  compositional 
uniformity.  An  88  waveband  ellipsometer  over 
a  1. 5-4.5  eV  spectral  range  was  used  to  acquire 
data.  A  Windows  95  based  computer  using  an  Intel 
Pentium  processor  controlled  the  ellipsometer;  per¬ 
formed  data  analysis,  and  elfected  process  feedback 
control.  Further  details  of  the  ellipsometer  hard¬ 
ware  and  software  are  given  by  Murthy  [10]. 

Substrate  preparation  is  an  integral  part  of  any 
vacuum  deposition  technique.  A  minimum  amount 
of  wafer  handling  was  done  in  order  to  reduce 
contamination.  CdZnTe  wafers  were  soaked  for 
5  min  in  methanol,  etched  for  2  min  in  bromine 
methanol  (0.3%),  soaked  for  5  min  in  methanol, 
rinsed  in  flowing  deionized  water,  and  blown  dry 
with  nitrogen.  The  wafer  was  clip-mounted  on 
a  substrate  holder  and  installed  as  rapidly  as  pos¬ 
sible  in  a  fast  entry  vacuum  port  to  minimize  atmo¬ 
spheric  contamination.  The  substrate  was 
transferred  into  the  load  lock  system  and  annealed 
overnight  at  130°C. 

MBE  growth  of  HgCdTe  took  place  by  evapor¬ 
ating  elements  from  the  Hg,  CdTe,  and  Te  cells.  The 
substrate  was  annealed  at  340°C  in-situ  for  10  min 


and  then  reduced  to  the  growth  temperature  of 
180°C.  These  temperatures  were  measured  by  an 
optical  pyrometer  and  controlled  by  a  ther¬ 
mocouple.  The  substrates  were  1.5  cm  x  1.5  cm 
(2  1  1)B  Cdo.96Zno.04Te.  Buffer  layers  were  not 
grown  on  the  substrate.  The  substrate  was  rotated 
at  6  rev/min  during  data  collection.  This  rotation 
rate  produced  good  lateral  uniformity  when  the 
HgCdTe  growth  was  initiated. 

Reflection  high-energy  electron  diffraction 
(RHEED)  was  carried  out  in-situ  during  the  MBE 
CdZnTe  surface  preparation  and  during  HgCdTe 
growth.  A  10  kV  electron  gun  at  glancing  angle  of 
incidence  was  used. 


Fig.  1.  (a)  RHEED  pattern  for  the  CdZnTe  wafer  before  ther¬ 
mal  annealing  in  the  MBE  chamber;  (b)  RHEED  pattern  after 
in-situ  annealing  at  340°C  for  10  min. 
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Auger  spectroscopy  was  also  used  to  determine 
the  CdZnTe  substrate  preparation.  Auger  measure¬ 
ments  were  made  on  a  PHI  model  10-150.  Al¬ 
though  not  in  the  MBE  chamber,  samples  could 
be  transferred  to  the  Auger  apparatus  via  an 
ultra-high  vacuum  transfer  tube.  The  background 
pressure  of  the  tube  and  analysis  chamber 
is  1  X  10”^  Torn  The  Auger  electrons  were  meas¬ 
ured  in  the  differential  mode  dN{E)/dE  with  a 


single  pass  cylindrical  mirror  analyzer  with  energy 
resolution  AE/E  =  0.6%.  A  3  kV,  16  p A  electron 
beam  energy  was  used  with  a  1.5  V  peak-to-peak 
modulation  voltage.  The  scan  rate  was  2eV/s. 
The  elemental  abundance  was  quantified  using 
standard  peak-to-peak  amplitude  measure¬ 
ments.  These  values  were  then  multiplied  by 
sensitivity  factors  measured  from  elemental  Cd 
and  Te. 


200  400  600  800 


ENERGY,  eV 

Fig.  2.  Auger  spectra  of  the  initial  etched  surface,  and  the  spectra  obtained  after  in-situ  annealing  for  10  min  at  340°C. 
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3.  Results  and  discussion 

Ellipsometric  optical  constants  have  proven  very 
sensitive  to  oxide  layers  and  etching  reactions  of 
II- VI  compounds  [8, 11-13].  This  work  investi¬ 
gates  the  ability  of  spectroscopic  ellipsometry  to 
determine  changes  in  surface  composition  and 
cleanliness  of  CdZnTe  as  it  is  being  prepared  for 
MBE  HgCdTe  growth.  To  assure  accurate  spectro¬ 
scopic  optical  constants  for  CdZnTe  a  very  clean 
starting  surface  is  necessary.  A  clip-mounted  sub¬ 
strate  was  used  to  ensure  the  cleanliness  of  the 
CdZnTe  surface.  To  determine  if  the  CdZnTe  sub¬ 
strate  was  clean,  Auger  and  RHEED  analyses  were 
performed. 

It  is  well  known  that  CdZnTe  wafers  as  prepared 
in  a  wet  chemical  environment  have  an  adlayer  of 
oxides  and  other  contaminates  including  excess  tel¬ 
lurium  [14,  15].  This  contaminate  layer  desorbs  as 
the  substrate  is  heated  in  vacuum.  The  temperature 
necessary  for  adlayer  removal  is  approximately  the 
congruent  sublimation  temperature  (340°C)  [16]. 
As  seen  in  Fig.  1,  RHEED  indicated  that  the  sur¬ 
face  adlayer  evaporated  after  10  min  MBE  vacuum 
annealing  at  340°C.  To  obtain  more  quantitative 
information  with  regard  to  surface  contamination, 
Auger  analysis  was  done  on  the  same  wafer  and  is 
shown  in  Fig.  2.  Five  and  ten  times  increased  sensi¬ 
tivity  Auger  spectra,  not  shown,  were  also  collected 
up  to  an  energy  of  1 300  eV.  The  initial  surface,  after 
the  wet  chemical  treatment,  is  depleted  in  Cd  and 
shows  excess  Te.  After  in-situ  annealing  for  10  min 
at  340°C  the  CdZnTe  surface  was  clean  except  for 
some  regions  with  a  minor  residual  of  carbon  as 
shown  in  Fig.  2.  This  surface  is  nearly  stoichiomet¬ 
ric.  Similar  results  of  vacuum  surface  preparation  of 
CdTe  have  been  found  by  other  authors  [17-19]. 

In  order  to  quantify  the  amount  of  contaminate 
left  on  the  surface  after  MBE  heating,  a  layer  model 
was  used  to  describe  the  Auger  results  [20].  The 
model  of  the  homogeneous  overlayer  uses  the  rela¬ 
tionship  between  concentration  and  normalized 
Auger  signal  from  the  surface  layer  combined  with 
the  attenuated  normalized  Auger  signals  from  the 
substrate.  Calculations  are  performed  on  a  mono- 
layer  basis  with  numerical  thickness  incorporated 
at  the  conclusion.  The  model  yields  the  composi¬ 
tion  and  the  total  material  detected  in  both  the 


overlayer  and  substrate.  This  model  determined 
that  as  the  CdZnTe  substrate  was  brought  into  the 
MBE  chamber  the  contaminate  overlayer  was 
2.2  A  thick  (0.9  monolayers).  The  composition 
within  the  monolayer  was  Te  =  84.7%,  C  =  13.3%, 
O  =  1.5%,  and  Cl  =  0.5%.  After  the  10  min  340°C 
in-situ  anneal,  0.4  A  (0.16  monolayers)  were  pres¬ 
ent.  The  composition  within  the  monolayer  was 
Te  =  88.3%,  C  =  7.3%,  O  =  4.4%,  and  chlorine 
was  undetected. 

The  lack  of  temperature-dependent  spectro¬ 
scopic  optical  constants  for  CdZnTe  complicates 
the  ellipsometric  analysis  of  the  CdZnTe  surface 
contamination.  To  determine  these  optical  con¬ 
stants,  a  CdZnTe  wafer  mounted  to  the  substrate 
holder  using  clips  was  heated  in  the  MBE  chamber. 
From  0  to  15  min  the  wafer  was  heated  from 


Fig.  3.  Pseudodielectric  constants  £i  and  £2  as  for  the  CdZnTe 
wafer  at  three  different  times.  At  time  t  =  0.73  min  the  CdZnTe 
wafer  is  surface-contaminated  and  at  approximately  130°C.  At 
t  =  14.6  min  the  overlayer  has  desorbed  and  the  temperature  is 
340°C.  At  t  =  38.21  min  the  overlayer  is  gone  and  the  substrate 
temperature  is  180°C. 
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Fig.  4.  Spectroscopic  ellipsometric  model  of  change  in  contamination  overlayer  thickness  and  CdZnTe  wafer  temperature  as  a  function 
of  time  as  the  CdZnTe  wafer  is  being  increased  to  340° C. 


approximately  130°C  to  340°C.  During  this  time 
the  overlayer  desorbed.  The  substrate  temperature 
was  reduced  to  180°C  and  allowed  to  stabilize  at 
this  temperature  (15^2  min).  Fig.  3  shows  the 
spectroscopic  data  of  all  88  wavelengths  in  three 
regions.  At  time  t  =  0.73  min  at  approximately 
130°C  the  CdZnTe  wafer  is  surface-contaminated. 
At  t  =  14.6  min  the  temperature  is  340''C  and  the 
overlayer  has  desorbed.  At  t  =  38.21  min  the  sub¬ 
strate  temperature  is  180°C  and  the  CdZnTe  wafer 
is  clean  and  stoichiometric.  From  an  analysis  of 
Fig.  3  at  times  t  =  14.6  and  38.21  min  a  temper¬ 
ature-dependent  library  of  clean  CdZnTe  ellip¬ 
sometric  parameters  was  built.  These  data  were 
then  used  to  determine  the  contaminate  adlayer 
thickness. 

As  determined  from  the  above  RHEED  and  Au¬ 
ger  analysis,  the  contaminate  overlayer  thickness 
decreases  as  the  CdZnTe  substrate  is  heated  in  the 
MBE  to  340°C.  Using  the  temperature-dependent 
spectroscopic  optical  constants  of  clean  CdZnTe 


determined  above,  the  time  period  between  0  and 
15  min  was  monitored  for  overlayer  thickness.  The 
change  in  overlayer  thickness  as  a  function  of  time 
and  temperature  was  determined  by  an  ellipsomet¬ 
ric  model  [21,  22].  The  result  is  shown  in  Fig.  4.  As 
can  be  seen  in  this  figure,  the  CdZnTe  wafer  starts 
with  an  overlayer  thickness  of  approximately  3  A. 
As  the  substrate  temperature  is  increased  to  340°C 
the  overlayer  thickness  decreases  to  approximately 
1  A.  This  model  also  is  in  qualitative  agreement 
with  the  in-situ  Auger  analysis  done  under  the  same 
conditions. 


4.  Conclusions 

Spectroscopic  ellipsometry  has  been  used  to 
monitor  the  preparation  of  CdZnTe  substrates 
prior  to  HgCdTe  MBE  growth.  Substrates  were 
shown  to  contain  surface  contamination 
when  brought  into  the  chamber.  As  the  CdZnTe 
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substrate  was  heated  in  the  MBE  chamber  to 
340°C,  the  contaminate  adlayer  desorbed.  This  sur¬ 
face  preparation  treatment  was  detected  by  the 
ellipsometer  and  confirmed  by  Auger  and  RHEED 
analysis.  Spectroscopic  ellipsometry  is  now 
routinely  used  as  part  of  our  start-up  growth  pro¬ 
cedure. 
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Abstract 

This  paper  deals  with  the  molecular  beam  epitaxial  growth  of  CdMnTe/CdTe  superlattices  on  {100)-oriented  GaAs 
substrates,  focusing  on  the  initial  growth  of  CdTe  film  on  the  lattice  mismatched  substrate  and  on  the  interface  sharpness 
of  the  superlattice.  The  growth  condition  was  optimized  using  the  in  situ  observed  signals  of  reflection  high-energy 
electron  diffraction  (RHEED)  from  the  surface.  In  addition  to  the  RHEED  analysis,  the  film  quality  was  examined  by 
using  scanning  electron  microscope,  photoluminescence,  and  X-ray  diffraction.  Use  of  a  sulfur-treated  GaAs  surface  and 
a  growth  interruption  at  each  interface  under  an  irradiation  of  Te  beam  are  proposed  to  improve  the  superlattice  quality 
on  the  lattice-mismatched  substrate. 


1.  Introduction 

Diluted  magnetic  semiconductors  (DMS)  includ¬ 
ing  transition  metals  (Mn,  Fe,  etc.)  have  attracted 
much  attention  among  solid  state  physicists.  Re¬ 
cently,  samples  with  quantum  structures  consisting 
of  alternating  layers  of  DMS  and  non-magnetic 
semiconductors,  like  CdMnTe/CdTe,  have  been 
grown  on  GaAs  substrates  by  molecular  beam  epi¬ 
taxy  (MBE)  from  the  interests  in  fundamental  phys¬ 
ics  [1]  and  device  applications  [2].  However,  the 
film  quality  was  not  as  good  as  that  on  lattice- 
matched  substrates  such  as  InSb  [3]  and  CdZnTe 
[4],  because  of  a  large  lattice  mismatch  (about 
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15%)  between  the  CdMnTe  films  and  the  GaAs 
substrates. 

In  this  paper,  we  first  describe  the  optimized 
growth  conditions  for  the  CdTe  films  on  (100)- 
oriented  GaAs  substrates.  Subsequently,  we  report 
its  application  to  high-quality  CdMnTe/CdTe  su¬ 
perlattices.  We  discuss  their  crystallographic  and 
optical  properties  for  various  growth  conditions. 


2.  CdTe  films  on  GaAs  substrates 

In  this  experiment,  CdMnTe/CdTe  films  on 
(1  0  0)  GaAs  substrates  were  grown  from  CdTe,  Cd, 
Te  and  Mn  source  materials  in  K-cells  in  an  MBE 
apparatus  equipped  with  a  20  KeV  reflection  high- 
energy  electron  diffraction  (RHEED)  system.  Typi¬ 
cal  beam  equivalent  pressures  we  used  were 
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2  X  Torr  for  CdTe,  7  x  10"®  Torr  for  Cd  and 
Te,  and  4  x  10"  ®  Torr  for  Mn.  The  growth  rate  was 
about  0.5  i^m/h  for  CdTe  films  at  320°C. 

Using  the  CdTe  beam,  both  (1  0  0)  and  (1  1  1) 
CdTe  films  can  be  grown  on  (1  0  0)  GaAs  substra¬ 
tes.  We  found  that  the  CdTe  films  always  became 
(1  1  1)  when  the  (1  0  0)  GaAs  substrate  was  covered 
with  an  As-stabilized  surface,  in  agreement  with  the 
report  by  Kolodziejski  et  al.  [5].  The  (1  1  1)  growth 
was  highly  controllable  since  the  As-stabilized  sur¬ 
face  was  easy  to  prepare  by  observing  its  character¬ 
istic  RHEED  patterns  of  (2x4)  or  (3x1) 
reconstructions.  For  the  selective  growth  of  (1  0  0) 
CdTe,  on  the  other  hand,  we  examined  two  differ¬ 
ent  types  of  (1  0  0)  GaAs  substrates,  covered  with 
either  a  thin  telluride  or  a  thin  native  oxide  layer,  as 
suggested  by  previous  works  [6,  7].  The  thin  tellu¬ 
ride  layer,  which  had  {2yj3  x  2^/3)R30°  reconstruc¬ 
tion,  was  in  situ  prepared  by  heating  the  GaAs 
substrates  in  the  Te  beam  at  580°C.  To  obtain  the 
thin  native  oxide  layer,  on  the  other  hand,  the 
heating  at  580°C  was  done  without  beam  irradia¬ 
tion  and  was  stopped  when  a  faint  (1x1)  RHEED 
pattern  appeared.  We  found  that  both  types  of 
substrates  were  effective  to  obtain  (10  0)  CdTe 
films.  Control  of  the  latter  surface,  however,  was 
much  more  difficult  compared  to  the  former  one 
since  the  (10  0)  CdTe  film  easily  became  a  mixture 
with  (1  1  1)  or  polycrystalline  unless  the  thickness 
of  the  oxide  layer  was  appropriate. 

In  addition  to  these  three  types  of  substrates,  we 
found  for  the  first  time  that  the  selective  growth  of 
(1  0  0)  CdTe  was  also  possible  on  a  S-treated  (1  0  0) 
GaAs  surface.  This  S-treated  surface  was  prepared 
by  using  a  GaAs  substrate  dipped  in  (NH4)2S,c 
solution  for  3  min.  The  excess  S  adatoms  on  the 
surface  was  removed  in  vacuum  by  heating  up  to 
500°C  just  before  the  CdTe  growth  [8].  This  selec¬ 
tive  growth  method  was  found  to  be  highly  repro¬ 
ducible  since  we  did  not  need  other  controlling 
factors  to  start  the  (1  0  0)  growth.  From  the  view¬ 
point  of  process  reliability,  we  chose  the  following 
three  different  CdTe  films  to  study  the  character¬ 
istics  of  initial  growth,  the  (1  0  0)  ones  grown  on  the 
Te-irradiated  and  the  S-treated  substrates,  and  the 
(1  1  1)  one  grown  on  the  As-stabilized  substrate. 

Due  to  the  large  lattice  mismatch  to  GaAs,  the 
CdTe  films  are  highly  strained  during  the  initial 


growth.  However,  fast  relaxation  of  the  strained 
structure  is  desirable  when  we  use  the  CdTe  film  as 
the  buffer  layer  between  the  CdMnTe/CdTe  super¬ 
lattice  and  the  GaAs  substrate.  In  Fig.  1,  we  show 
the  change  of  the  lattice  constant  with  the  CdTe 
thickness.  These  data  were  measured  by  in  situ 
monitored  distances  between  the  streaked  elemen¬ 
tal  RHEED  lines.  Note  that  the  lattice  constant  of 
CdTe  in  the  [0  —  11]  direction  is  about  15%  larger 
than  that  of  (1  0  0)  GaAs.  The  data  in  Fig.  1  indi¬ 
cate  that  the  coherent  growth  from  the  substrate  is 
limited  within  the  initial  several  monolayers  due  to 
the  large  lattice  mismatch.  When  the  film  thickness 
exceeds  the  limit  of  coherent  growth,  a  rapid  relax¬ 
ation  is  observed  for  the  strained  structure.  It  is 
seen  from  the  figure  that  the  fastest  relaxation  is 
realized  on  the  S-treated  substrate.  The  CdTe  lat¬ 
tice  constant  on  it  becomes  bulk  value  within  the 
initial  5  nm  growth.  On  the  Te-irradiated  and  the 
As-stabilized  surfaces,  however,  more  than  50  nm 
growth  is  required  to  complete  the  relaxation. 
From  these  experimental  data,  we  concluded  that 
the  (1  0  0)  CdTe  film  on  the  S-treated  GaAs  is  the 
most  suitable  one  as  the  buffer  layer. 

In  order  to  optimize  the  growth  conditions,  we 
checked  the  CdTe  surface  by  RHEED.  The 
RHEED  pattern  during  growth  was  diffused  (2x1) 
independent  of  the  substrate  temperature  T^.  By 


0.1  1  10  100  1000 
CdTe  Thickness  (nm) 

Fig.  1.  Change  of  lattice  constants  with  the  thickness  of  CdTe 
film.  Data  are  shown  for  the  (10  0)  CdTe  growth  on  the  S- 
treated  and  the  Te-irradiated  surfaces  of  (1  0  0)  GaAs  as  well  as 
the  (1  1  1)  CdTe  growth  on  the  As-stabilized  surface  of  (10  0) 
GaAs. 
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interrupting  the  CdTe  beam  irradiation,  however, 
the  diffused  pattern  developed  to  c(2  x  2)  at 
T,  <  320"C  and  (2  x  1)  at  T,  >  320°C.  To  under¬ 
stand  these  reconstructions,  we  measured  the  dy¬ 
namics  of  the  reconstruction  change  under  an 
alternating  irradiation  of  Cd  and  Te  beams.  The 
inset  of  Fig.  2  shows  the  intensity  change  observed 
for  i-order  RHEED  line  in  the  [0  1  0]  direction  of 
the  c(2  X  2)  reconstruction  on  the  CdTe  surface 
after  shutting  the  Te  beam.  The  Te  adatoms,  which 
were  accumulated  during  the  Te  beam  irradiation, 
would  stay  on  the  surface  for  a  while  and  then 
desorb  to  change  the  reconstruction  from  (2  x  1)  to 
c(2  X  2),  indicating  the  shift  to  a  Cd-stabilized  sur¬ 
face.  The  residence  time  of  the  adatoms  decreased 
with  the  increase  of  the  substrate  temperature  as 
shown  by  Fig.  2  in  which  the  results  for  Cd 
adatoms  are  also  summarized.  Their  activation  en¬ 
ergies  were  estimated  to  be  0.87  eV  for  Te  and 
3.0  eV  for  Cd  on  the  (1  0  0)  CdTe  surface.  These 
values  are  considerably  different  from  the  data 
Eje  =  1.95  eV  and  £cd  =  7.7  eV  Benson  et  al.  re¬ 
ported  [9]  although  the  ratio  EqJE-j^  is  close  to 
their  value.  The  physical  meaning  of  the  difference 
is  not  clear  yet.  Fig.  2  indicates  that  the  residence 
time  of  the  Te  adatoms  becomes  equal  to  that  of  the 
Cd  adatoms  at  around  =  320°C,  i.e.,  the  stoichio¬ 
metric  composition  is  achieved  on  the  CdTe  surface. 


Fig.  2.  The  residence  time  of  Te  and  Cd  adatoms  on  a  (1  0  0) 
CdTe  surface  as  a  function  of  the  reverse  substrate  temperature. 


Thus  the  optimum  substrate  temperature  can  be 
expected  at  =  320°C. 

In  order  to  confirm  this  optimum  substrate  tem¬ 
perature,  we  observed  surface  morphologies  of  the 
(10  0)  CdTe  films  using  a  scanning  electron  micro¬ 
scope  (SEM)  for  Ts  between  260°C  and  360°C.  The 
smoothest  surface  was  obtained  at  around 
Ts  =  320°C.  This  optimum  substrate  temperature 
was  also  confirmed  by  a  photoluminescence  (PL) 
measurement  on  these  CdTe  films.  The  emission 
due  to  the  bound  exciton  became  the  strongest 
around  at  —  320°C,  indicating  a  superior  quality 
of  the  film.  At  higher  or  lower  substrate  temper¬ 
atures,  the  bound  exciton  peak  intensity  decreased 
and  defect-related  emissions  increased.  Thus,  we 
grew  the  CdTe  buffer  layer  at  =  320°C  in  the 
following  experiments. 

3.  CdMnTe  films  and  CdMnTe/CdTe  superlattices 

Prior  to  the  CdMnTe/CdTe  superlattice  growth, 
we  grew  CdMnTe  films  on  a  400  nm  thick  CdTe 
layer  by  simply  adding  Mn  and  Te  beams  to  the 
CdTe  one.  Single  crystalline  (1  0  0)  CdMnTe  films 
were  obtained  in  the  wide  range  of  substrate  tem¬ 
perature,  from  260°C  to  360°C.  However,  the 
growth  rate,  which  was  determined  by  a  RHEED 
oscillation  measurement,  gradually  became  small 
at  Ts  >  280'^C.  This  temperature  dependence  can 
be  considered  as  the  result  of  a  selective  reevapora¬ 
tion  of  CdTe  in  the  films  since  their  Mn  composi¬ 
tion  became  high  in  proportional  to  the  decrease  of 
the  growth  rate.  Such  a  selective  reevaporation  may 
cause  a  surface  segregation  of  Mn  atoms  when  the 
CdMnTe  growth  is  interrupted.  Hence,  a  low  sub¬ 
strate  temperature  is  desirable  for  the  superlattice 
growth.  On  the  other  hand,  the  CdMnTe  surface 
became  rough  with  decreasing  the  substrate  tem¬ 
perature  below  300°C.  Thus  our  CdMnTe/CdTe 
superlattices  were  grown  at  =  300‘^C  to  recon¬ 
cile  these  opposite  aspects.  The  relatively  low  sub¬ 
strate  temperature  is  also  desirable  to  suppress  the 
thermal  diffusion  of  Mn  atoms  in  superlattices  [10]. 

Fig.  3  shows  the  RHEED  oscillations  observed 
for  three  different  sequences  of  superlattice  growth: 
(a)  continuous  growth,  (b)  growth  only  with  inter¬ 
ruptions  at  each  heterointerface,  and  (c)  growth 
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Fig.  3.  RHEED  intensity  oscillations  observed  for  different  se¬ 
quences  of  the  CdMnTe/CdTe  growth:  (a)  continuous  growth; 
(b)  only  with  growth  interruptions  at  each  interface,  and  (c)  with 
interruptions  under  Te  beam  irradiation. 


with  interruptions  under  a  Te  beam  irradiation. 
The  interruption  period  is  15  s  in  (b)  and  (c). 
A  rapid  decrease  is  seen  for  (a)  after  the  beginning 
of  CdMnTe  growth,  suggesting  surface  roughness 
increases  with  the  thickness.  For  (b),  on  the  other 
hand,  the  oscillations  during  CdMnTe  growth  be¬ 
come  clear  although  the  intensity  still  damps  rap¬ 
idly.  This  improvement  is  probably  due  to  the 
enhanced  migration  length  of  the  surface  adatoms. 
The  weak  oscillations  during  the  interruption  after 
CdTe  growth  may  reflect  a  layer-by-layer 
reevaporation  from  the  surface.  As  shown  in 
Fig.  3c,  however,  this  reevaporation  was  com¬ 
pletely  suppressed  by  the  Te  beam  irradiation. 
Under  this  condition,  the  RHEED  oscillations  no 
longer  damp  but  continue  even  after  50-period 


superlattice  growth.  From  these  results,  we  con¬ 
cluded  that  the  growth  interruption  under  the  Te 
beam  irradiation  was  effective  to  improve  the  inter¬ 
face  sharpness.  The  effect  of  Te  beam  irradiation  is 
to  prevent  the  reevaporation  of  CdTe  from  the 
surface. 

In  Fig.  4,  we  show  two  PL  spectra  from  different¬ 
ly  grown  30-period  (Cdo.8Mno.2Te)2o(CdTe)jLo  su¬ 
perlattices  excited  by  an  Ar  ion  laser  (514.5  nm, 
15  mW)  at  12  K.  The  superlattice  in  sample  (a)  was 
grown  continuously  using  a  sequence  similar  to 
that  in  Fig.  3a.  For  sample  (b),  we  introduced  30  s 
growth  interruptions  under  the  Te  beam  irradia¬ 
tion  at  each  heterointerface.  In  both  PL  spectra,  the 
major  peaks  at  1.75  eV  were  ascribed  to  the 
transition  between  electron  and  hole  subbands  in 
these  superlattices  in  agreement  with  the  calcu¬ 
lation  based  on  an  envelope  function  model,  and 
the  second  peaks  at  1.86  eV  were  to  the  bound 
excitons  in  the  thick  underlying  Cdo.8M;no.2Te 
layers.  By  comparing  these  major  peaks,  we  can 
understand  that  the  interface  quality  of  the  sample 
(b)  is  superior  to  the  sample  (a),  which  is  consistent 
with  the  above-mentioned  results  by  RHEED.  The 
full  width  at  half  maximum  (FWHM)  is  18  meV  for 
sample  (b),  indicating  a  high  quality  of  the  superla¬ 
ttice.  Hence,  our  growth  technique  is  effective  to 
improve  the  superlattice  quality  on  the  lattice- 
mismatched  substrate. 


Photon  Energy  (eV) 


Fig.  4.  12  K  PL  spectra  of  two  differently  grown  30-period 
(Cdo.8Mno.2Te)2o(CdTe)io  superlattices:  (a)  grown  continuous¬ 
ly;  and  (b)  with  interruptions  under  Te  beam  irradiation. 
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Fig.  5.  A  recorder  trace  of  the  9-26  scan  of  X-ray  diffraction  for 
a  30-period  (Cdo.6Mno.4Te)2o(CdTe)io  superlattice  on  1  pm 
Cdo.6Mno.4.Te/400  nm  CdTe/(100)  GaAs  substrate.  The  peaks 
labeled  0,  ±  1,  2  are  satellites  in  the  superlattice  reflection. 

In  Fig.  5,  we  show  a  preliminary  X-ray  dififrac- 
tion  result  from  a  30-period  superlattice  of 
(Cdo.6Mno.4Te)2o(CdTe)io  on  1  pm  Cdo.6Mno.4Te/ 
400  nm  CdTe/(100)  GaAs  substrate.  The  super¬ 
lattice  was  grown  by  the  interruption  technique 
with  Te  beam  irradiation.  The  (400)  reflection 
shown  in  Fig.  5  was  measured  by  a  conventional 
X-ray  diffractmeter  in  the  d-2Q  configuration  using 
the  Kai  line  from  a  Cu  target.  The  peaks  at  57.3 
and  56.8  are  attributed  to  the  diffraction  lines  from 
the  Cdo.6Mno.4Te  and  CdTe  underlying  layers,  re¬ 
spectively.  The  peak  at  around  57°  is  ascribed  to 
the  zeroth-order  line  and  the  other  three  small 
peaks  to  the  +  1  and  2  satellites  in  the  superlattice 
reflection.  These  satellite  peaks  closely  agree  with 
the  calculated  angular  positions  of  the  structure; 
the  measured  superlattice  periodicity  is  9.4  nm  and 
the  corresponding  value  for  the  designed  structure 
is  9.6  nm.  The  zeroth-order  line  locates  between  the 
peak  from  Cdo.6Mno.4Te  and  that  from  CdTe, 
which  is  reasonably  understood  by  accounting  the 
mean  lattice  constant  of  the  superlattice.  However, 
this  result  also  indicates  that  the  superlattice  may 
be  in  the  free  standing  state  since  its  mean  lattice 
constant  is  larger  than  the  underlying  thick 
Cdo.6Mno.4Te  layer.  This  implies  that  further  im¬ 
provement  is  possible  for  the  superlattice  by  reduc¬ 
ing  the  Mn  composition  in  the  Cdo.6Mno.4Te 


underlying  layer  to  have  a  lattice  constant  matched 
to  the  superlattice.  A  detailed  X-ray  analysis  will  be 
discussed  elsewhere. 


4.  Summary 

We  studied  the  optimum  MBE  growth  condi¬ 
tions  of  CdMnTe/CdTe  films  on  (1  0  0)  GaAs  and 
succeeded  to  realize  high-quality  superlattices  on 
the  lattice-mismatched  substrates.  We  propose  that 
the  S-treatment  of  GaAs  substrate  and  the  growth 
under  stoichiometric  condition  at  =  320°C  are 
useful  to  improve  the  CdTe  quality  and  the  growth 
interruption  technique  with  Te  beam  irradiation  is 
effective  to  grow  CdMnTe/CdTe  superlattice  with 
sharp  interface.  The  detailed  superlattice  analysis 
by  X-ray  diffraction  is  the  subject  of  ongoing  work 
on  the  diffusion  of  Mn  atoms  during  growth. 
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Abstract 

We  have  measured,  by  X-ray  diffraction,  the  deformation  of  uniform  cadmium  mercury  telluride  layers  epitaxially 
grown  on  cadmium  zinc  telluride  substrates  with  varying  zinc  concentration.  It  is  then  possible,  within  the  same  sample, 
to  clearly  identify  elastic  deformation  in  the  regions  of  small  lattice  mismatch  and  plastic  deformation  in  the  regions  with 
larger  mismatch.  The  deformation  has  been  analysed  in  a  framework  based  on  a  stress  relaxation  model  published  by 
Fontaine  et  al.  This  analysis  permits  determination  of  the  energies  of  formation  of  misfit  dislocations.  They  have  been 
compared  with  values  obtained  from  ab  initio  models.  From  this  comparison  possible  relaxation  mechanisms  are 
proposed.  A  clear  dissymmetry  is  also  observed  between  relaxation  of  tensile  and  compressive  strain.  Pre-relaxation 
dislocation  movements  are  also  detected  by  diffraction  peak  broadening.  Possible  reasons  for  these  behaviours  are 
discussed. 


1.  Introduction 

In  epitaxial  structures  used  for  infrared  detectors,  the  required  device  thickness  (around  10  pm  for 
detection  of  the  long  wavelength  infrared  radiation)  is  well  above  the  critical  thickness  if  the  lattice  mismatch 
with  the  substrate  is  larger  than  0.02%.  Cd^Hgj-^Te  (CMT)  structures  are  therefore  preferably  grown  on 
Cdi  _yZn3,Te  (CZT)  where  the  zinc  concentration  can  be,  in  principle,  adjusted  to  get  perfect  lattice  matching 
with  any  composition  in  CMT.  However,  a  perfect  lattice  match  can  be  difficult  to  achieve  in  practice  due  to 
zinc  segregation  effects  during  bulk  CZT  growth  [1,2]  leading  to  varying  Zn  concentration  across  wafers. 
This  can  be  particularly  drastic  on  the  large-area  CZT  substrates,  now  commercially  available.  The 
mechanism  and  extent  of  strain  relaxation  needs  therefore  to  be  addressed.  This  is  the  goal  of  this  article. 

The  method  we  have  used  here  to  determine  the  energy  of  formation  of  dislocation  is  by  no  means  specific 
to  the  CMT/CZT  heteroepitaxial  system  but  relies  only  on  the  existence  of  substrates  with  varying  lattice 
parameter.  It  could  be  applied  to  other  epitaxial  materials. 
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2.  Critical  thickness  and  epilayer  relaxation 


Many  models  for  critical  thickness  and  strain  relaxation  have  been  published  and  are  still  under  debate. 
This  arises  mainly  from  the  difficulties  of  the  ab  initio  models  in  describing  correctly  experimental  results. 
Many  authors  have  modified  or  developed  other  models  in  order  to  account  for  experimental  observations. 
The  supporting  arguments  are,  either  that  the  theoretical  models  predicts  an  equilibrium  state  while  the 
deformation  is  only  metastable  [3],  or  that  there  is  an  additional  nucleation  barrier  in  the  generation  of 
dislocations  which  controls  the  relaxation  [4]. 

For  our  low-mismatched  heteroepitaxial  system,  we  have  generalized  the  energy  equilibrium  model  of 
Fontaine  et  al.  [5].  It  was  originally  designed  to  account  for  measured  critical  thickness  and  relaxation  in  the 
low-mismatched  CdTe/Cdo.96Zno.o4Te  system  (lattice  mismatch  =  0.23%).  The  only  fitting  parameter  in  the 
model  of  Fontaine  et  al.  is  the  linear  energy  of  formation  of  dislocations  (^d)-  This  has  a  clear  physical 
meaning  and  can  easily  be  compared  to  values  measured  or  determined  by  other  means,  contrarily  to  some  of 
the  parameters  used  in  other  phenomenological  models.  The  determined  value  of  ^d  can  aid  in  identifying  the 
relaxation  mechanism.  From  observations  made  on  CdTe/Cdo.96Zno.o4Te  it  was  concluded  that  the 
relaxation  is  governed  by  dislocation  nucleation  rather  than  by  bending  of  threading  dislocations  and  that 
the  strain  relief  is  not  limited  by  the  dislocation  movement  [5]. 

The  model  of  relaxation  and  critical  thickness  is  based  on  the  minimalization  of  areal  energy  within  the 
interface  plane  as  the  relaxation  proceeds.  It  assumes  that  the  deformation  within  the  epilayer  is  tetragonal. 
Since  our  epilayers  are  grown  on  (2  1  1)  we  have  generalized  the  model  to  low  symmetry  planes.  We  assume 
that  the  elastic  deformation  is  isotropic  in  the  growth  plane  and  that  the  stress  experienced  by  the  layer  is 
only  related  to  misfit,  and  is  exclusively  in-plane.  The  calculation  details  are  too  extensive  for  this  article  and 
will  be  presented  elsewhere  [6]. 

The  total  areal  energy  is  the  sum  of  two  terms:  the  areal  elastic  energy  (A^)  due  to  the  residual  stress 
accumulated  in  the  overgrown  material,  and  the  areal  energy  associated  with  the  misfit  dislocation  network 
{Af)  once  it  has  been  created  to  release  partially  the  stress. 

=  Klueel  (1) 

where  Kl^i  is  the  elastic  modulus  relating  the  in-plane  stress  (<T||)  to  the  in-plane  strain  (sn)  in  the  growth  plane 
(hkl)  and  is  dependent  on  the  stress  geometry,  e  is  the  layer  thickness. 

For  (2  1  1)  we  calculated 


1^11  _  ^11  _  _ +  2C12)  ^44  ^^11  ~  11^12  H-  2C44) _ 

4Cli+4CnCi2-  SCfj  +  13CnC44  -  7C,2C44  +  2CI4’ 

where  Cij  are  the  elastic  stiffness  constants  of  CMT  [10],  and 

Nd.-ia- 

1=1 


(2) 

(3) 


It  is  assumed  that  only  one  type  of  dislocation  is  active  or  at  least  predominant  in  strain  release  (in  numerical 
calculations  we  assumed  the  predominance  of  60°  dislocations),  is  the  apparent  linear  energy  of  formation 
of  these  dislocations.  It  is  an  effective  linear  energy  that  takes  into  account  all  mechanisms  required  to  create, 
and  eventually  move  the  dislocation  towards  the  interface,  is  the  number  of  dislocation  arrays  able  to 
release  strain  at  the  interface  (for  example,  in  the  case  of  60°  dislocations  aligned  along  [1  1  0],  =  2  for 

(10  0)  while  Md  =  3  for  (1  1  1)  and  (2  11)  growth  planes). 

Ndj  is  the  linear  density  of  dislocations  available  for  strain  release  in  each  array: 


Nd,= 


2  \_{^a|a)  -  £||] 
"d  Ki 


(4) 
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where  (Ao/a)  is  the  intrinsic  lattice  mismatch  between  the  two  materials,  is  the  projection  of  the  Burgers 
vector  of  the  dislocations  belonging  to  the  ith  array  onto  the  interface  plane  perpendicularly  to  the 
dislocation  line.  In  the  case  of  growth  on  (211),  there  are,  within  each  dislocation  array,  several  possible 
Burgers  vectors  leading  to  different  b,  projections  and  therefore  different  strain  release  efficiencies  [6]. 

The  condition  for  minimalization  of  the  total  areal  energy  all  over  relaxation  leads  to  the  invariant 


id  1 

=  -  L 


1=1  ^r,i 


(5) 


Eq.  (5)  predicts  a  classical  hyperbolic  variation  of  the  residual  stress  as  the  thickness  of  the  epilayer  is 
increased  (the  right-hand  term  of  this  equation  is  constant).  This  residual  in-plane  stress  is  dependent  on  the 
growth  orientation  through  the  term  included  in  the  summation  sign  and  through  n^. 

The  critical  thickness  can  also  be  easily  calculated  because  at  that  point  the  layer  is  at  the  onset  of 
relaxation  while  the  in-plane  strain  is  still  equal  to  the  intrinsic  lattice  mismatch.  One  obtains 


_  Sd  V 

~  niKiii{Aa/a) 


(6) 


3.  Deformation  along  the  growth  axis 


In  our  experiments  we  determine  by  X-ray  diffraction  the  apparent  lattice  parameter  of  the  epilayer  along 
the  growth  axis  which  is,  whatever  the  deformation  regime,  given  by 

^apparent 

£x  being  the  strain  perpendicular  to  the  surface.  It  can  be  related  to  the  in-plane  stress  a n  by  the  elastic 
modulus 

For  (2  1  1),  we  calculated 

^  _  ^11  _ _ —  3(Cii  -f  2C12)  O44  (llOii  ~  11^12  +  2C44) 

8C?i  +  8C11C12  -  8C?2  -  7CnC44  +  I9C12C44  -  2Cl^' 

Within  the  elastic  deformation  regime,  the  epilayer  is  fully  strained  on  the  underlying  substrate  (e,,  =  Aa/a). 
From  Eqs.  (2),  (7)  and  (8)  one  obtains 


—  ^l(  1  + 


:n(Aa/a))  =  a,(l+g^(: 


f^S  —  61l 


In  the  plastic  deformation  regime,  the  epilayer  lattice  no  longer  follows  the  substrate  lattice  and  dislocations 
are  generated  (or  bent)  to  accomodate  the  difference  of  actual  lattice  parameter  on  each  side  of  the  interface. 
Combining  Eqs.  (5),  (7)  and  (8)  one  obtains 


aA  1  + 


A  , 


4.  Experimenal  procedure 

Epitaxial  layers  of  Cd;,Hgi_,,Te  (0.2  <  x  <  0.5)  have  been  grown  by  Molecular  Beam  Epitaxy  [8]  on 
Cdi  _,,Znj.Te  (0.02  <  y<  0.04)  substrates.  The  relaxation  state  of  epilayers  is  commonly  measured  by  the 
separation  of  the  X-ray  diffraction  peaks  of  the  epilayer  and  its  underlying  substrate.  However,  in  low 
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mismatch  heteroepitaxial  systems,  for  small  elastic  deformations,  the  overlapping  of  the  diffraction  peaks 
impedes  a  precise  observation  of  their  separation  and,  for  unnegligible  plastic  deformation,  the  epilayer 
thickness  is  comparable  to  the  probing  depth  of  X-rays  impeding  a  clear  observation  of  the  substrate 
diffraction  peak.  In  order  to  overcome  these  problems  we  measured  the  substrate  lattice  parameter  prior  to 
growth.  The  deformation  of  the  epilayer  is  then  determined  by  correlating  its  apparent  lattice  parameter  to 
the  pre-recorded  lattice  parameter  of  the  substrate  measured  at  the  same  location. 

The  lattice  parameters  perpendicular  to  the  wafer  surface  have  been  determined  by  the  Bond  method  over 
the  whole  wafer  area  with  a  X-ray  spot  size  of  about  1  mm^.  Experimental  details  and  related  uncertainties 
(<50  ppm)  are  discussed  in  Ref.  [2]. 

Our  study  has  been  specifically  performed  on  CMT  layers  grown  on  CZT  substrates  with  varying  zinc 
concentration.  It  allows,  within  one  sample,  to  clearly  identify  the  different  deformation  regimes  (elastic 
deformation  in  the  regions  of  small  lattice  mismatch,  plastic  deformation  in  the  regions  with  larger 
mismatch).  The  variations  observed  within  the  recorded  data  are  then  related  to  the  varying  lattice  mismatch 
and  not  to  changes  of  other  parameters  since  the  complete  measurement  is  performed  on  a  single  wafer  with 
uniform  CMT  composition  and  thickness  (Cd  mole  fraction  variations  across  15  mm  wafers  <0.0003, 
thickness  relative  variation  <1%  as  determined  from  room-temperature  infrared  transmission  measure¬ 
ments,  in-depth  relative  variations  of  Cd  mole  fraction  <1%  as  determined  by  SIMS  on  10  pm  thick 
epilayers). 


5.  Results  and  discussion 

Fig.  1  shows  a  deformation  plot  where  the  apparent  epilayer  lattice  parameter  along  the  growth  axis  is 
plotted  against  the  underlying  substrate  lattice  parameter.  Two  types  of  deformation  regimes  are  easily 
discernible.  In  the  elastic  deformation  regime  the  epilayer  parameter  varies  in  an  opposite  way  to  the 
substrate  lattice  parameter.  In  the  plastic  deformation  regions  the  apparent  epilayer  lattice  parameter  is 
constant.  They  are  well  described  mathematically  by  the  present  model. 


Substrate  lattice  parameter  (A) 


Fig.  1.  Evolution  of  the  lattice  parameter  along  the  [2  1  1]  growth  axis  for  a  CMT  epilayer  (xcd  =  0.35,  e  =  7.9  pm)  as  a  function  of  the 
underlying  CZT  substrate  lattice  parameter.  The  measured  data  (dots)  can  be  easily  modeled  (line)  and  show  very  clearly  the  transition 
between  elastic  and  plastic  deformation  both  in  compressively  and  tensively  strained  material.  Apparent  energies  of  formation  of  misfit 
dislocations  can  be  determined  from  the  fit  of  the  deformation  curve  in  the  two  plastic  deformation  regions.  In  compression 
=  35.5  X  10”^  J m~k  In  tension  ^d  =  H  I  x  10"^  J  m  “k 
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In  the  elastic  deformation  regime,  as  the  substrate  lattice  parameter  varies,  the  in-plane  epilayer  lattice 
follows  its  variations  and  consequently  the  apparent  lattice  parameter  in  the  perpendicular  direction  (i.e 
along  the  growth  axis)  varies  in  the  opposite  way  to  roughly  maintain  the  unit  cell  volume.  This  is  well 
described  by  Eq.  (9).  No  change  in  the  published  elastic  stiffness  constants  of  CMT  [10]  entering  in  Xii  i  and 
K\,  1  is  required  to  obtain  a  correct  fit  of  the  slope  observed  experimentally.  This  is  particularly  important  to 
note  because  it  confirms  that  this  deformation  regime  is  purely  elastic  (a  progressive  relaxation  would  reduce 
the  apparent  slope,  a  limited  relaxation  would  produce  a  kink  in  the  slope). 

In  the  plastic  deformation  regime,  the  epilayer  lattice  can  no  longer  follow  the  substrate  lattice  and 
dislocations  are  generated  (or  bent).  The  epilayer  lattice  parameter  remains  constant  whatever  the  substrate 
lattice  parameter,  as  stated  in  Eq.  (10).  This  is  a  direct  consequence  of  the  invariant  stated  in  Eq.  (5). 

The  line  drawn  in  Fig.  1  is  a  fit  of  the  adapted  model  (Eqs.  (9)  and  (10))  to  the  recorded  data.  For  this  fit  the 
unstrained  CMT  layer  lattice  parameter  is  required  and  has  been  simply  determined  at  the  intersecting 
point  between  the  deformation  plot  and  the  zero  mismatch  line.  From  the  complete  fit  the  energy  of 
formation  of  the  misfit  dislocations  in  tensile  and  compressive  deformation  can  be  determined.  Hu  [7]  has 
given  an  expression  for  the  linear  energy  of  a  mixed  dislocation  starting  from  an  ab  initio  calculation  of 
critical  thickness.  From  that  we  calculated  for  60°  dislocations  in  CMT  a  maximum  value  for  equal  to 
1.6  X  10"^  J  m"^  which  is  almost  a  factor  7  below  the  lowest  experimental  value  observed  here  (see  Fig.  1 
caption).  It  is  therefore  tempting  to  reject  a  simple  extension  of  preexisting  dislocations  as  the  mechanism  of 
relaxation  and  rather  consider  a  mechanism  where  the  nucleation  of  new  dislocations  is  required,  adding  an 
energetic  barrier  to  the  linear  energy  calculated  above.  It  is  important  to  note  however  that  the  threading 
dislocation  density  would  be  large  enough  in  CZT  substrates  to  account  by  itself  for  the  amount  of  relaxation 
experimentally  observed  (the  required  dislocation  density  for  the  maxiinum  relaxation  in  Fig.  1  is 
2.3  X  10"^  cm“^  to  be  compared  with  the  specified  substrate  etch  pit  densities  of  5  x  10"’’  to  1  x  10^  cm"^). 

Even  if  the  tensile  plastic  deformation  plateau  is  not  perfectly  defined  due  to  the  small  number  of 
experimental  points,  a  clear  dissymmetry  can  be  seen  between  the  relaxation  of  tensile  strain  and  the 
relaxation  of  compressive  strain.  This  has  been  observed  on  many  other  MBE  samples.  Dissymmetry  effects 
in  the  CMT/CZT  heteroepitaxy  have  already  been  reported  by  several  authors  using  different  growth 
techniques  like  LPE  [1]  and  MOCVD  [9].  Our  observations  are  consistent  with  both  works  though  based 
on  slightly  different  measurements  (determination  of  the  onset  of  plastic  deformation  instead  of  measurement 
of  X-ray  diffraction  peak  broadening  in  the  plastic  deformation  regions).  The  dissymmetry  effect  is  then 
obviously  not  related  to  the  growth  technique  and  is  most  probably  intrinsic  to  the  heteroepitaxial  system. 
However,  precise  studies  of  thermal  expansion  of  CMT  and  CZT  at  elevated  temperatures  are  required  to 
ascertain  that  this  dissymmetry  effect  is  not  purely  due  to  the  differential  thermal  expansion  between 
substrate  and  epilayer. 

Fig.  2  shows  the  evolution  of  the  full  width  at  half  maximum  (FWHM)  of  the  epilayer  (4  2  2)  diffraction 
peak  as  a  function  of  the  substrate  lattice  parameter.  A  substantial  broadening  is  observed  in  the  compressive 
plastic  deformation  and  is  directly  related  to  the  presence  of  misfit  dislocations,  the  density  of  which  has  been 
calculated  from  the  deformation  plot.  One  can  note  that  the  onset  of  broadening  is  located  in  the 
deformation  regime  near,  but  not  exactly  at  the  onset  of  relaxation.  We  assume  that  this  is  because  the  lowest 
values  of  FWHM  in  the  elastic  deformation  regime  are  not  limited  by  the  intrinsic  width  of  the  diffraction 
peaks  but  rather  related  to  mosaicity  and  residual  lattice  parameter  variations  in  the  measurement  spot  both 
convoluted  with  the  beam  divergence  set  by  our  monochromator  [2].  This  effect  has  been  modeled  in  Fig.  2. 
A  weaker  broadening  is  observed  in  tension  surprisingly  before  the  onset  of  plastic  deformation.  This  effect 
can  be  explained  assuming  that  a  limited  number  of  dislocations  located  in  the  substrate  or  in  the  subgrain 
boundaries  are  released  under  tensile  stress.  The  reason  for  not  observing  any  substantial  relaxation  in  the 
deformation  plot  would  be  related  to  the  limited  density  of  such  dislocation  (about  2  x  10^  cm  ^  in  each 
possible  dislocation  array  on  (2  1  1)  would  be  enough  to  account  for  the  observations)  and  to  their  relative 
inefficiency  in  strain  release  (small  ^j.,).  This  is  consistent  with  the  assumption  of  these  dislocations  coming 
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Fig.  2.  Evolution  of  the  full  width  at  half  maximum  (FWHM)  of  the  (4  2  2)  diffraction  peak  of  the  CMT  epilayer  (dots)  as  a  function  of 
the  underlying  CZT  substrate  lattice  parameter.  The  diffraction  peak  is  recorded  with  a  wide  aperture  detector  by  varying  the  angle  of 
incidence  of  X-rays  onto  the  sample.  The  density  of  misfit  dislocations  calculated  from  the  deformation  plot  in  Fig.  1  and  the  epilayer 
FWHM  modeled  from  it  are  also  shown. 


from  the  substrate  where  Burgers  vectors  are  randomly  distributed  over  all  allowed  orientations  contrarily  to 
misfit  dislocations  which  have  Burgers  vectors  predominantly  lying  in  the  interface  plane  or  close  to  it.  The 
absence  of  such  an  effect  under  compressive  stress  is  currently  under  investigation. 


6.  Conclusion 

The  use  of  X-ray  diffraction  on  thick  epilayers  of  cadmium  mercury  telluride  deposited  on  nearly 
lattice-matched  cadmium  zinc  telluride  substrates  with  varying  zinc  content  has  permitted  a  detailed  study  of 
relaxation  in  this  low-mismatch  heteroepitaxial  system.  It  has  been  clearly  shown  that  there  is  only  one 
relaxation  mechanism  within  each  relaxation  domain.  The  use  of  a  simple  elastic  and  plastic  deformation 
model  adapted  for  low  symmetry  planes  permits  the  determination  of  the  apparent  energy  of  formation  of 
misfit  dislocations  in  CMT.  The  values  obtained  are  rather  high  and  would  suggest  either  that  new 
dislocations  are  required  to  release  the  elastic  strain  or  that  the  excess  of  energy  is  used  to  release  the 
threading  dislocations,  already  present  in  the  material,  from  pinning  sites  like  subgrain  boundaries.  As  other 
workers,  we  observe  an  apparent  dissymmetry  in  relaxation  of  tensile  strain  and  relaxation  of  compressive 
strain.  It  is  suggested  that  this  behaviour  is  independent  of  the  growth  technique  and  instead  specific  to  the 
material  system.  Nevertheless,  a  simple  thermal  differential  effect  cannot  be  completely  ruled  out  as  the  main 
origin  of  this  behaviour.  There  are  some  indications  of  the  existence  of  dislocations  with  apparently  lower 
energies  of  formation  (possibly  over  a  quite  wide  spectrum)  but  with  limited  density  and  only  activated  in 
tensile  stress.  Their  low  efficiency  in  strain  release  suggests  that  they  could  come  from  grain  boundaries 
duplicated  by  the  growth  from  the  substrate  into  the  epilayer  or  could  come  more  directly  from  the  substrate. 
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Abstract 

The  results  of  MBE  growth  and  annealing  of  p-type  HgCdTe  are  described  in  the  paper.  It  is  found  that  the  surface 
morphology  is  sensitive  to  the  growth  temperature.  HgCdTe  epilayers  showed  excellent  lateral  uniformity  in  x-values  as 
well  as  in  thickness,  relative  deviations  for  x  and  thickness  over  a  2  in.  wafer  were  found  to  be  0.18%  and  2.19%, 
respectively.  The  hole  concentrations  in  a  range  of  (1-2)  x  10^^  cm~^  with  hole  mobilities  higher  than  600  cm^  V^s~^ 
were  obtained  by  p-annealing.  MBE  grown  p-HgCdTe  epilayers  were  successfully  incorporated  into  32  x  32  focal  plane 
arrays  detectors. 

PACS:  81.15.Ef;  81.40.Ef;  78.66.Hf 
Keywords:  MBE;  HgCdTe;  Thermal  annealing 


1.  Introduction 

Molecular  beam  epitaxy  (MBE)  for  HgCdTe  has 
been  demonstrated  [1]  to  be  a  flexible  technology 
for  manufacturing  infrared  (IR)  detectors.  As  com¬ 
pared  to  liquid  phase  epitaxy  (LPE)  which  has  been 
a  relative  mature  technology  dominating  over 
today’s  HgCdTe  industry,  MBE  technology  is 
developing  rapidly,  specially  in  the  recent  years. 
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The  performance  of  IR  focal  plane  arrays  (FPAs) 
detectors  made  from  MBE  grown  materials  has 
reached  a  stage  that  it  becomes  comparable  to 
those  made  from  LPE  materials  [1].  In  view  of  the 
future  developments,  because  MBE  technique  has 
potential  advantages  of  low  temperature  and  UHV 
growth  environment,  flexibility  in  controlling  com¬ 
positions  [1],  availability  of  in  situ  growth  of  pn 
junctions  [2],  multilayered  heterostructures  [1,  2] 
and  CdTe  passivation  layers  [3],  it  is  more  promis¬ 
ing  for  developing  future  detectors  with  sophisti¬ 
cated  structures. 
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Availability  of  highly  uniform  p-type  HgCdTe 
materials  in  both  structural  and  electrical  proper¬ 
ties  is  essentially  important  for  fabricating  IR 
photovoltaic  detectors  based  on  n'^p  architecture. 
The  requirements  for  x-values  uniformity  and  car¬ 
rier  concentration  are  very  stringent.  In  concerns  of 
reducing  tunneling  currents,  avoiding  the  forma¬ 
tion  of  surface  depletion  or  inversion  layers  and 
raising  minority  carrier  lifetime,  a  hole  concentra¬ 
tion  of  ^  10^^  cm“^  is  required  [4].  In  this  paper, 
we  describe  our  recent  results  on  growth  and  char¬ 
acterization  of  p-type  long  wavelength  (LW) 
HgCdTe  materials. 

2.  Experimental  procedure 

HgCdTe  epilayers  were  grown  in  a  Riber  32P 
MBE  system  without  intentionally  doping  on  un¬ 
doped  semi-insulating  GaAs  (2  1  1)B  substrates, 
which  were  mounted  on  Mo-blocks  with  Indium 
bonding.  A  CdTe  buffer  layer  of  around  3  pm  in 
thickness  was  grown  prior  to  the  HgCdTe  nuclea- 
tion.  The  growth  rate  for  HgCdTe  was  2.5-3  pm/h 
with  the  growth  temperature  kept  to  be  constant  at 
183  ±  2°C,  monitored  by  an  InSb  IR  pyrometer 
which  was  carefully  calibrated  before  growth  and 
interpreted  by  taking  the  effects  of  Febry-Perot 
oscillation  and  emissivity  change  into  account.  For 
some  growth  runs,  an  ellipsometer,  attached  to 
MBE  chamber  with  an  angle  of  approximately  70°, 
was  used  for  in  situ  real-time  monitoring  of  com¬ 
positional  variations.  During  growth  the  ellip¬ 
someter  continuously  generates  the  ellipsometric 
parameters  W  and  A  at  44  wavelength  channels 
varying  with  growth  time,  which  are  then  fitted  by 
an  appropriate  model  to  obtain  angle  of  incidence, 
complex  index  of  refraction,  n  —  \k  with  wavelength, 
x-values  at  each  growth  time  is  evaluated  by  fitting 
the  obtained  n  —  \k  to  the  standard  data  of 
Hgi_;cCd:cTe  at  180°C  with  the  x-value  as  variable. 

IR  transmission  measurements  were  carried  out 
by  using  a  Fourier  transformer  spectrometer.  P- 
type  conductivity  of  samples  was  achieved  by 
a  post-growth  p-annealing  process.  The  Hall  effect 
measurements  were  performed  with  the  Van  der 
Pauw  geometry  at  different  temperatures  from  300 
to  30  K,  and  at  different  magnetic  field  intensities 


from  0.1  to  4  kG.  To  minimize  the  influences  of 
electrode  size  and  symmetry  on  the  measurement 
accuracy  which  are  more  pronounced  in  p-type 
materials  [5, 6],  a  relatively  larger  size  of 
15  X 15  mm^  was  employed  for  all  the  Hall 
measurements. 


3.  Results  and  discussion 

3.1.  Growth  of  HgCdTe 

The  surface  morphology  was  found  to  be  sensi¬ 
tive  to  the  growth  temperature.  Fig.  1  compares  the 
surface  morphology  of  two  samples,  grown  at  dif¬ 
ferent  temperatures  of  190°C  (Fig.  la)  and  183°C 
(Fig.  lb)  with  the  same  flux  (beam  equivalent  pres¬ 
sure)  ratio  of  Hg  to  Te  of  88.  As  it  can  be  seen  in 
Fig.  la,  the  higher  growth  temperature  results  in 
voids  with  shapes  like  snowflakes  in  the  surface. 
A  SEM  aided  EDX  compositional  analysis  in¬ 
dicated  that  the  voids  are  due  to  lack  of  Hg  in  the 
growth  front.  As  a  contrast,  the  surface  morpho¬ 
logy  was  greatly  improved  by  reducing  the  growth 
temperature  to  183°C  as  shown  in  Fig.  lb. 

Compositional  reproducibility  is  a  major  issue  of 
concern  in  developing  HgCdTe  MBE  technology. 
In  this  work  12  samples  with  thicknesses  of 
10-12  pm  were  grown  in  a  run  to  run  base  with 
a  target  x-value  0.23  of  Hgi-^Cd^Te.  An  average 
x-value  of  0.231  was  obtained  with  a  standard 
deviation  (STDDEV)  of  0.01  and  a  relative  devi¬ 
ation  (STDDEV/mean)  of  4.33%.  The  result  is  not 
as  good  as  those  reported  by  Bajaj  et  al.  [1],  it  is 


Fig.  1.  Nomarski  pictures  of  surface  morphology  of  HgCdTe 
epilayers,  grown  at  (a)  190®C  and  (b)  183°C. 
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Fig.  2.  A  comparison  between  measured  IR  transmission  curve 
and  computer  simulated  curves.  The  experimental  curve  can  be 
reproduced  by  assuming  an  x- value  of  0.233  with  thickness 
values  for  HgCdTe  and  CdTe  buffer  layer  of  3.48,  and  2.72  pm, 
respectively.  The  resolution  in  x-values  of  the  computer  simula¬ 
tion  is  also  shown  by  the  curve  calculated  assuming  an  x-value 
of  0.230.  The  same  thickness  parameters  were  used  for  the 
calculations. 


believed  that  the  deviation  in  x  is  caused  by  uncer¬ 
tainties  in  flux  measurements,  and  can  be  further 
reduced  by  carefully  refining  the  flux  measurement 
procedures  and  improving  the  long-term  stability 
of  source  ovens. 

Due  to  the  large  lattice  mismatch  between  GaAs 
substrate  and  HgCdTe  epilayer,  a  high  density  of 
dislocations  exists  in  HgCdTe  epilayers.  Our  EPD 
study  [7]  showed  a  dislocation  density  of 
(6-10)  X  10^  cm" ^  for  HgCdTe  epilayers,  and 
4  X  10^  cm" ^  for  CdTe  buffer  layers,  which  is  in 
consistent  with  FWHM  values  of  X-ray  rocking 
curves  of  70-90  arc  sec.  Similar  results  were  also 
reported  by  the  other  workers  [8].  It  should  be 
mentioned  that  because  a  high  density  of  mismatch 
dislocations  dominates  over  EPD  values  for  all  the 
samples,  in  this  study  no  noticeable  variation  in 
EPD  values  was  observed  between  samples  grown 
at  different  temperature  from  ISS'^C  to  190°C  with 
the  same  Hg/Te  flux  ratio  of  88. 


3.2.  Determination  of  x-values  and  thickness 

To  avoid  the  uncertainties  in  determining  x  and 
thickness  parameters  resulted  from  the  multilayer 
interference  in  transmission  curves,  a  computer 
simulation  based  on  a  simple  model  of  multilayer 
interference  was  performed  in  an  attempt  to  un¬ 
ambiguously  determine  these  parameters.  In  the 
simulation,  the  relationships  of  reflectivity  and 
absorption  coefficient  with  x-value  and  wavelength 
[9, 10]  are  used  with  the  x-value  and  the  thickness 
as  fitting  parameters.  The  thickness  deduced  from 
the  curve  fitting  was  confirmed  by  cross-sectional 
observations  of  samples.  The  x-values  obtained 
were  found  to  be  close  to  ( <  +  0.004)  those  de¬ 
duced  from  the  energy  position  at  which  the  ab¬ 
sorption  coefficient  reaches  to  500  cm"  \  As  shown 
in  Fig.  2,  the  experimental  curve  can  be  fitted 
well  with  the  simulated  one.  The  reasons  for 
the  discrepancy  in  the  transmission  tail  is  not 
clear  at  the  moment.  However,  it  does  not  seem 
like  to  be  due  to  the  compositional  grading  in 
the  growth  direction.  In  fact,  our  results  of  real¬ 
time  in  situ  ellipsometric  monitoring  of  x-value 
variation  showed  that  the  x-values  fluctuated 
within  a  STDDEV  value  of  0.004  to  the  average 
as  the  growth  proceeded  in  a  similar  growth 
condition. 


3.3.  Lateral  uniformity 

Grown  under  the  optimized  condition,  the  epi¬ 
layers  showed  excellent  lateral  uniformity  in  both 
composition  and  thickness.  Fig.  3  shows  an 
example  of  compositional  and  thickness  distribu¬ 
tions  across  a  2  in.  HgCdTe  sample.  The  transmis¬ 
sion  measurements  were  performed  in  25  different 
locations  (3  mm  in  diameter),  which  were  distrib¬ 
uted  in  concentric  circles  in  the  wafer  numbered 
ascendingly  from  the  wafer  center  (as  #1)  to  the 
edge.  The  averaged  x-value  and  thickness  are 
0.222  and  10.88  pm,  respectively.  The  STDDEV 
for  x-values  is  0.0004,  with  a  STDDEV  for  thick¬ 
nesses  of  0.238  pm  were  obtained.  The  relative  devi¬ 
ations  for  X  and  thickness  are  0.18%  and  2.19%, 
respectively. 
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Fig.  3.  Variations  of  x-values  and  thickness  over  a  2  in. 
HgCdTe  epilayer. 


n 

o 


Fig.  4.  Temperature  dependencies  of  hole  concentration  and 
mobility,  where  solid  circles  represents  measured  concentration, 
and  squares  represents  measured  mobility.  The  theoretical 
values  for  hole  concentration  and  mobility  are  shown  as  the 
solid  and  dashed  lines,  respectively. 


3.4.  Electrical  properties 

The  as-grown  LW  samples  were  n-type.  The  typ¬ 
ical  electron  concentrations  and  mobilities  at  77  K 
were  in  ranges  of  low  lO^'^cm”^,  and  high  10"^  to 
10^  cm^  V"^s“\  respectively.  The  conductivity  of 
as-grown  samples  was  in  situ  annealed  to  p-type  at 
250°C  for  12  h  in  the  MBE  growth  chamber  with 
a  base  pressure  in  the  order  of  Torr. 

To  prevent  surface  decomposition,  a  CdTe  cap 
layer  was  grown  on  the  annealing  samples.  This 
method  takes  the  advantage  of  MBE  technique, 
eventually  eliminates  any  impurity  contamination 
introduced  by  the  ex  situ  annealing  processes,  such 
as  isothermal  annealing  under  Hg  vapor  in  quartz 
ampoules,  and  easily  handles  annealing  of  large 
area  samples.  Destefanis  [11]  found  that  vacuum 
annealing  produced  a  homogeneous  acceptor  con¬ 
centration  inside  their  LPE  grown  HgCdTe.  In  this 
study,  no  surface  morphological  degradation  and 
x-value  change  after  the  in  situ  annealing  process 
were  found.  No  magnetic  field  dependence  of  the 
Hall  coefficients  was  observed  at  77  K  for  the  an¬ 
nealed  samples,  showing  that  a  magnetic  freeze-out 
condition  is  reached,  which  suggested  that  no  elec¬ 
tron  components  contribute  to  the  Hall  data  at 
77  K,  The  experimental  temperature  dependence  of 


hole  concentration  and  mobility  obtained  from  the 
Hall  measurement  is  shown  in  Fig.  4  together  with 
the  computer  simulated  curves.  A  model  assuming 
single  acceptor  level  and  a  uniform  p-type  layer  was 
employed  in  the  simulation  [12].  As  it  can  be  seen 
in  Fig.  4,  no  anomalous  features  [13, 14]  originated 
from  mixed  conduction  of  n-type  networks  or 
layers  can  be  found.  Table  1  summaries  Hall 
measurement  results  at  77  K  for  some  of  the  an¬ 
nealed  samples.  The  hole  concentrations  in  a  range 
of  (1-2)  X  10^^  cm together  with  hole  mobilities 
higher  than  600  cm^  V"^s~  ^  were  obtained. 

3.5.  Device  application 

To  confirm  the  device  quality  of  the  MBE  grown 
materials,  small  scale  32  x  32  FPAs  were  fabricated 
with  n'^p  junctions  formed  by  using  Boron  im¬ 
plantation  (with  a  dose  of  (0.5-1)  x  10^'^cm”^  at 
130  keV)  into  a  p-type  HgCdTe  epilayer,  which 
were  interconnected  to  Si  read-out  chips  by  indium 
bumps.  Examples  of  the  thermal  images  at  room 
temperature  are  shown  in  Fig.  5.  The  x-value  of 
HgCdTe  for  this  device  is  0.24.  The  preliminary 
results  showed  that  the  average  detectivity  D*  was 
approximately  (1-2)  x  10^°  cm  ^Hz  W”  ^  with  an 
average  NEAT  value  of  less  than  0.1  K.  The  aver- 
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Table  1 

Electrical  properties  of  p-type  annealed  samples  measured  at 
77  K,  2  kG 


Sample  no. 

Concentration 
(cm -3) 

Mobility 
(cm^/V  ■  s) 

x-value 

g09 

1.67x10'^ 

653.0 

0.234 

gio 

1.86x10'® 

852.9 

0.214 

gl5 

1.25x10'® 

1160.0 

0.223 

gl6 

1.14x10'® 

866.0 

0.222 

gl8 

1.01x10'® 

795.0 

0.221 

gl9 

1.48x10'® 

696.8 

0.231 

g21 

1.13x10'® 

687.2 

0.240 

g22 

1.57x10'® 

690.1 

0.238 

Fig.  5.  Thermal  images  obtained  from  a  32  x  32  FPAs  detector, 
where  (a)  is  the  picture  of  a  human  hand  and  (b)  a  pliers  at  room 
temperature. 


age  nonuniformity  for  responsivity  is  less  than 
12.5%.  Obviously,  the  device  performance  still  needs 
to  be  improved.  One  approach  of  doing  this  is  to 
reduce  the  density  of  dislocations  in  HgCdTe  layers 
arising  from  the  lattice  mismatch,  which  is  known  to 
shorten  the  lifetime  of  minority  carriers  [8]. 


4.  Conclusions 

We  have  studied  MBE  growth  and  annealing  of 
HgCdTe  epilayers.  Small  scale  32  x  32  FPAs  were 
fabricated  with  n^p  junctions  using  MBE  grown 
p-type  HgCdTe. 

It  is  found  that  the  surface  morphology  is  very 
sensitive  to  the  growth  temperature.  The  composi¬ 
tional  reproducibility  was  studied  in  a  limited  num¬ 
ber  of  samples  with  a  target  x-value  of  0.23, 
a  STDDEV  for  x- values  of  0.01  deviated  from  an 
average  value  of  0.231  was  obtained.  The  HgCdTe 


epilayers  showed  an  excellent  lateral  uniformity  in 
x-values  as  well  as  in  thickness.  Relative  deviations 
for  x-value  and  thickness  over  a  2  in.  wafer  were 
found  to  be  0.18%  and  2.19%,  respectively.  Good 
electrical  parameters  were  obtained  by  a  p-type  in 
situ  vacuum  annealing  process.  The  hole  concen¬ 
trations  in  a  range  of  (1-2)  x  10^^  cm“^  with  high 
hole  mobilities  were  obtained. 

MBE  grown  p-HgCdTe  epilayers  were  success¬ 
fully  incorporated  into  32  x  32  FPAs  detectors. 
The  average  detectivity  D*  was  approximately 
(1-2)  X  10‘°  cm  yUz  W“‘.  A  NEST  value  of  less 
than  0.1  K  and  an  average  nonuniformity  for  re¬ 
sponsivity  of  less  than  12.5%  were  obtained. 
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Abstract 

We  report  on  the  doping  properties  of  the  II-VI  Te-related  compounds,  ZnTe,  CdTe  and  CdZnTe,  CdMgTe  and 
ZnMgTe,  using  two  different  nitrogen  plasma  sources.  High  doping  levels  are  measured  for  ZnTe,  slightly  lower  for  CdTe 
(8  X  10^  cm“  ^).  Following  the  comparative  study  of  nitrogen  doping  in  these  materials,  we  invoke  the  possible  formation 
of  nitride  compounds  as  responsible  for  the  large  nitrogen  amount  incorporated  in  Mg-containing  alloys.  The  formation 
of  such  compounds  might  be  reduced  by  using  appropriate  growth  conditions  and  doping  levels  in  the  4  x  10^"^  cm“^ 
range  are  obtained  in  ternary  and  quaternary  alloys  containing  Mg.  Such  doping  levels  allow  the  growth  and  the  study  of 
high-quality  modulation-doped  heterostructures. 

PACS:  81.15.Hi;  68.55.Ln;  73.61.Ga 

Keywords:  Multilayers;  Molecular  beam  epitaxy;  II-VI  semiconductors;  Doping 


1.  Introduction 

In  the  last  few  years,  the  development  of  blue 
light  emitting  laser  diodes  based  on  ZnSe  has  gen¬ 
erated  a  large  amount  of  studies  on  the  nitrogen 
p-type  doping  of  II-VI  semiconductors.  Among 
these  materials,  the  tellurium-based  compounds 
CdMgTe  and  ZnMgTe  present  an  increasing  inter¬ 
est  [1].  In  this  paper,  we  present  an  extensive  in- 
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vestigation  on  the  nitrogen  p-type  doping  of  CdTe, 
ZnTe,  CdZnTe,  ZnMgTe,  CdMgTe  and  the  quater¬ 
nary  alloy  CdZnMgTe  as  well  as  on  the  doping  of 
related  heterostructures. 


2.  Experimental  procedure 

The  (0  0  1)  MBE  layers  are  grown  on  (0  01) 
Cdo.96-Zno.04Te  or  Cdo.96-Zno.12Te  substrates  by 
using  CdTe,  ZnTe,  Cd,  Zn,  Te  and  Mg  sources. 
A  home-made  electron  cyclotron  resonance  (ECR) 
plasma  source  [2]  and  a  Riber  DC  glow  plasma 
source  have  been  used  in  this  study.  As  will  be 
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demonstrated,  the  DC  glow  source  is  particularly 
well  adapted  to  obtain  very  high  doping  levels  in 
ZnTe  cm'^  range),  but  the  residual  ni¬ 

trogen  pressure  in  the  chamber  stays  in  the  10 
Torr  range  during  the  MBE  growth  and  the  mas¬ 
tering  of  low  doping  levels  is  difficult.  By  contrast, 
with  the  ECR  source  we  can  maintain  a  lower 
residual  pressure  (in  the  10"^  Torr  range)  in  the 
MBE  growth  chamber  and,  by  changing  either  the 
ECR  power  or  the  aperture  between  the  cell  and 
the  growth  chamber,  the  flux  of  doping  species  can 
be  modulated  allowing  typical  doping  levels  over 
the  cm“^  range  for  ZnTe.  Hence,  by 

using  the  ECR  cell  it  is  not  necessary  to  use  the 
pulse  doping  method  (repeated  sequences  of  doped 
and  undoped  layers)  which  is  necessary  to  obtain 
low  doping  levels  with  the  DC  source  [3]. 

3.  Results  and  discussion 

3.1.  ZnTe  and  CdTe  doping 

Concerning  the  doping  of  (0  0  1)  ZnTe  it  is  rel¬ 
evant  to  point  out  that  doping  levels  as  high  as 
lO^^cm”^  have  been  achieved  on  continuously 
doped  layers  by  using  both  types  of  cells.  By  using 
the  ECR  source  much  lower  doping  concentrations 
are  obtained,  thus  it  is  possible  to  determine  op¬ 
tically  and  electrically  the  acceptor  ionization  en¬ 
ergy.  Fig.  1  shows  the  temperature  dependence  of 
the  hole  concentration  for  two  ZnTe  layers,  doped 
at  3  X  10^®  and  10^^  cm"^,  respectively.  The  accep¬ 
tor  ionization  energy  at  infinite  dilution  deduced 
from  such  Hall  measurements  (plot  of  the  Hall 
activation  energy  versus  (N^)^^^,  see  Fig.  2  of  Ref. 
[4])  and  from  photoluminescence  spectra  (fit  of  the 
photoluminescence  line,  see  Fig.  4  of  Ref.  [4])  is 
53.4  +  1  meV. 

Concerning  (0  0  1)  CdTe,  continuously  doped 
layers  with  doping  levels  of  8x10^^  cm have 
been  obtained  by  using  the  ECR  plasma  source  and 
a  low  growth  temperature  (220°C)  under  an  excess 
of  Cd.  A  hole  concentration  of  2.6  x  10^^  cm"^  was 
previously  reported  by  using  an  ECR  plasma 
source  [5].  With  the  DC  glow  plasma  source  the 
maximum  doping  level  we  achieved  was 
8  X  10^^  cm by  use  of  pulse  doping  method  [3]. 


Fig.  1.  Hole  concentration  versus  temperature  for  two  ZnTe 
and  one  CdTe  layer  doped  with  nitrogen. 


Fig.  1  shows  the  temperature  dependence  of  the 
hole  concentration  for  a  CdTe  sample  with  a  dop¬ 
ing  concentration  of  3.4  x  10^^  cm at  300  K. 
From  electrical  and  optical  measurements  per¬ 
formed  on  that  sample  an  acceptor  ionization  en¬ 
ergy  of  57  +  3  meV  is  found  for  the  nitrogen  in 
CdTe  at  infinite  dilution  [6]. 

The  high  nitrogen  doping  levels  achieved  in 
ZnTe  allow  to  study  the  strains  introduced  in  the 
doped  layer  and  consequently  to  evaluate  the 
length  of  the  metal-nitrogen  bond.  From  the  light 
hole/heavy  hole  splitting  in  reflectivity  measure¬ 
ments  [7]  of  a  heavily  nitrogen  doped  ZnTe  layer 
(p  =  3  X  10^^  cm“^)  grown  on  a  (0  0  1)  ZnTe  sub¬ 
strate,  a  biaxial  strain  of  about  — 4xl0"'''is  esti¬ 
mated.  Such  a  value  indicates  the  possibility  to 
determine,  by  X-ray  diffraction  measurements,  the 
length  of  the  Zn-N  bond  by  growing  a  superlattice 
constituted  of  alternately  doped  and  undoped 
ZnTe  layers  (75/75  A)  [6].  The  concentration  of  the 
holes  in  the  doped  parts  is  3  x  10^^  cm  while  the 
total  nitrogen  concentration  is  about  9x10^^ 
cm“^.  Fig.  2a  shows  the  X-ray  diffraction  profile 
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Fig.  2.  X-ray  diffraction  rocking  curves  in  the  vicinity  of  the  (00  4)  reflection  for,  (a)  a  ZnTe :  N/ZnTe  (75  A/75  A)  superlattice 
(p  =  3  X  10^^  cm"^,  [N]  =  9  X  10^^  cm“^)  grown  on  a  (0  0  1)  ZnTe  substrate,  (b)  a  CdTe:N/CdTe  (100  A/100  A)  superlattice 
{p  =  10^®  cm"^,  [N]  =  10^^  cm“^)  grown  on  a  (0  0  1)  CdTe  substrate. 


obtained  for  that  structure.  Clearly,  two  satellites 
peaks  are  observed  due  to  the  short  period  of  the 
superlattice  and  due  to  the  small  lattice  mismatch 
between  the  undoped  ZnTe  layers  and  the  doped 
ones.  From  this  profile,  and  using  for  the  coherent¬ 
ly  strained  ZnTe :  N  layer  the  same  elastic  coeffi¬ 
cients  as  for  undoped  ZnTe,  and  a  Vegard  law,  the 
length  of  the  Zn-N  bond  is  estimated  to  be 
(2.16  ±0.05)  A  in  agreement  with  the  theoretical 
estimation  of  Van  de  Walle  and  Laks  (2.11  A)  from 
first  principle  calculations  [8].  It  is  worth  noting 
that  in  our  estimation  we  use  the  carrier  concentra¬ 
tion  and  not  the  concentration  of  nitrogen  atoms.  If 
we  use  the  total  nitrogen  concentration  an  improb¬ 
able  bond  length  of  2.5  A  is  found.  It  can  be  con¬ 
cluded  that  only  nitrogen  atoms  incorporated  in 
active  sites  contribute  to  the  decrease  of  the  lattice 
parameter  with  respect  to  that  of  undoped  ZnTe. 

For  a  thin  (3000  A)  CdTe  layer  with  a  high  nitro¬ 
gen  content  grown  on  a  (0  0  l)CdTe  substrate, 
a  strain  (s^  — 5xl0“'’‘)  was  observed  by  reflectiv¬ 
ity  [7].  However,  as  shown  in  Fig.  2b,  unlike  in  the 
nitrogen-doped  ZnTe  layers,  no  satellite  peaks  are 
observed  in  a  heavily  modulation-doped  superla¬ 
ttice  ([N]  =  10^^  cm“^),  precluding  any  deter¬ 
mination  of  the  Cd-N  bond  length  by  this  method. 
Following  the  assumption  that  only  nitrogen 


atoms  adsorbed  in  Te  sites  contribute  to  the  reduc¬ 
tion  of  the  parameter,  we  have  to  take  into  consid¬ 
eration  the  low  concentration  of  electrically  active 
nitrogen  atoms  (p  =  10^^  cm"^)  in  these  layers  to 
explain  the  absence  of  a  detectable  superlattice 
structure.  However,  because  the  superlattice  was 
grown  at  300°C  a  strong  diffusion  of  the  nitrogen 
atoms  in  the  matrix  of  CdTe  and  a  possible  degra¬ 
dation  of  the  structural  quality  cannot  be  ruled  out. 


In  the  case  of  the  CdZnTe  and  ZnMgTe  alloys, 
using  the  DC  glow  plasma  source  at  a  substrate 
temperature  of  300°C,  a  systematic  decrease  of  the 
doping  efficiency  is  observed  as  the  Zn  content 
decreases.  This  is  illustrated  in  Fig.  3  in  which  the 
hole  concentration  is  plotted  as  a  function  of  the 
lattice  parameter  for  different  alloys  all  grown  at 
300°C.  For  the  same  cell  operating  conditions, 
SIMS  measurements  or  nuclear  reaction  analysis 
show  that  the  introduction  of  Cd  in  the  matrix  of 
ZnTe  slowly  decreases  the  incorporated  nitrogen 
concentration,  while  the  introduction  of  Mg  in¬ 
creases  it  significantly  [7]  demonstrating  the  great 
affinity  between  Mg  and  N.  Surprisingly,  up  to 
6  X  10^°  cm"^  nitrogen  atoms  can  be  incorporated 


3.2.  Doping  of  alloys 


S.  Tatarenko  et  al.  j  Journal  of  Crystal  Growth  1751176  (1997)  682-687 


685 


1x10 


1x10 


1x10 


1x10 


1x10"' 


<D  1x10^'’ 


1x10’^ 


1x10 


300  Q 


6.0  6.1  6.2  6.3  6.4 

Lattice  parameter  (A) 


Fig.  3.  Maximum  hole  concentrations  versus  lattice  parameter 
for  nitrogen-doped  ZnMgTe,  CdZnTe,  and  CdMgTe  layers 
grown  at  300°C  and  doped  with  a  DC  plasma  source.  The 
dashed  line  links  the  differences  of  formation  enthalpies  between 
A3N2  and  ATe  binary  compounds  (A  =  Cd,  Zn,  Mg). 


in  a  layer  of  Zno.5Mgo.5Te,  but  the  doping  level  is 
only  5  X  10^^  cm“^.  In  the  same  way  an  increase  of 
the  nitrogen  content  with  Mg  concentration  is  ob¬ 
served  in  CdMgTe  alloys  together  with  a  dramatic 
decrease  of  the  doping  efficiency  (3  x  10^^  cm~^  for 
30%  of  Mg)  as  seen  in  Fig.  3. 

In  order  to  realize  modulation-doped  hetero¬ 
structures,  it  is  important  to  extend  the  previous 
doping  limits  in  Mg-containing  alloys.  To  this  pur¬ 
pose,  it  is  important  to  understand  the  compensa¬ 
tion  mechanisms  in  Te  compounds.  This  subject  is 
of  current  interest  also  in  ZnSe  for  which  different 
models  have  been  proposed  to  understand  the  lim¬ 
iting  factors  in  the  doping  [9].  In  order  to  explain 
the  fundamental  trends  of  the  doping  of  Te  com¬ 
pounds,  and  particularly  the  differences  observed  in 
the  nitrogen  affinity  of  CdZnTe  and  ZnMgTe 
alloys  (i.e.,  the  increase  of  the  nitrogen  amount 
incorporated  in  Mg-related  compounds  [7,  10])  we 
invoke  the  possible  formation  of  an  A3N2  phase 
(A  =  Zn,  Cd,  Mg)  resulting  in  a  dramatic  decrease 
of  the  solubility  limit.  Considering  the  formation 
enthalpy  of  ZnTe  (  —  A/fp  =119  kJ/mol)  and  of 
Zn3N2  (  —  AHp  =  20  kJ/mol),  the  formation  of  the 
nitride  is  likely  to  occur  only  for  a  large  N  concen¬ 


tration.  Differently,  when  comparing  the  formation 
enthalpy  of  CdTe  and  MgTe  (  —  Ai/p  =  100  and 
210  kJ/mol,  respectively)  with  those  of  the  Cd3N2 
and  Mg3N2  compounds  ( —  AHp  =  160  and 
460  kJ/mol,  respectively),  the  formation  of  nitrogen 
compounds  cannot  be  ruled  out.  The  formation  of 
such  compounds  might  be  a  factor  of  decrease  of 
the  solubility  limit  of  N  in  Cd  and  Mg  containing 
materials.  In  Fig.  3  the  evolution  of  the  maximum 
doping  levels  measured  at  room  temperature  for 
CdZnTe,  CdMgTe  and  ZnMgTe  layers,  grown  at 
300°C,  is  compared  to  the  differences  of  formation 
enthalpies  between  ATe  and  A3N2  compounds. 
A  correlation  appears  clearly  between  the  max¬ 
imum  doping  levels  and  the  differences  of  forma¬ 
tion  enthalpies,  which  suggest  that  the  A3N2 
compounds  might  play  a  role  in  the  nitrogen  solu¬ 
bility  limit.  In  addition,  the  fact  that  Mg3N2  is 
easier  to  form  than  Cd3N2  and  Zn3N2  would  fa¬ 
vorably  explain  the  differences  in  the  amount  of 
nitrogen  incorporated  in  CdMgTe  and  ZnMgTe 
layers  doped  with  the  same  cell  conditions. 

A  possible  way  to  block  the  formation  of  the 
A3N2  compounds  is  by  limiting  the  desorption  of 
the  Te  atoms  from  the  growing  surface.  Desorption 
of  Te  dimers  is  observed  for  CdTe  and  MgTe  at  low 
temperature  (250°C)  while  such  a  desorption  is  only 
observed  above  390°C  for  ZnTe  [11].  Hence,  the 
formation  of  A3N2  compounds  might  be  reduced 
by  reducing  the  N2  residual  pressure  and  by  de¬ 
creasing  the  growth  temperature.  These  conditions 
are  realized  by  using  the  ECR  plasma  source  and 
a  low  growth  temperature  (220°C).  Then,  doping 
levels  as  high  as4xl0^^cm“^  have  been  achieved 
for  CdMgTe  alloys  containing  up  to  30%  of  Mg.  In 
addition,  the  same  doping  level  was  obtained  in 
quaternary  CdZnMgTe  alloys  (22%  Mg  and  7% 
Zn)  grown  at  240°C  giving  rise  to  layers  showing 
excellent  optical  properties.  It  is  worth  pointing  out 
that  the  previous  values  were  obtained  with  a  low 
nitrogen  flux  (small  exit  diaphragm  on  the  ECR 
cell)  and  are  probably  not  the  highest  achievable 
doping  levels  in  these  materials. 

3.3,  Doping  of  CdTe /CdZnMgTe  heterostructures 

Following  the  studies  on  the  doping  of  the  thick 
layers,  the  nitrogen  doping  of  heterostructures  has 
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Fig.  4.  X-ray  diffraction  profiles  of  CdTe/Cdo,69Zno.o8 
Mgo.zaTe  multiquantumwells  (80  A/780  A)  respectively  grown 
at  240''C  and  310°C.  The  samples  are  undoped,  or  doped 
(p  =  4  X  10^^  cm“^)  on  10%  or  30%  of  the  central  part  of  the 
barriers. 


been  realized  [12].  The  electrical  and  structural 
properties  of  CdTe/Cdo.69Zno.o8lVIgo.23Te  (80  A/ 
780  A)  multiquantum  wells  doped  in  the  barriers 
have  been  studied.  Fig.  4  shows  the  X-ray  diffrac¬ 
tion  profiles  obtained  on  three  samples  grown  at 
240°C  and  three  samples  grown  at  310°C.  Sample 


(a)  is  nominally  undoped,  while  in  sample  (b)  80  A 
(i.e.,  10%)  at  the  center  of  each  barrier  is  doped,  and 
in  sample  (c)  240  A  (i.e.,  30%)  of  each  barrier  is 
doped.  X-ray  diffraction  analyses  suggest  the  ab¬ 
sence  of  a  significant  interdiffusion  between  the 
wells  and  the  barriers  when  the  structure  is  grown 
at  low  temperature  (240°C)  while  an  interdiffusion 
correlated  to  the  presence  of  nitrogen  is  clearly 
observed  for  the  doped  samples  grown  at  higher 
temperature  (310°C).  Furthermore,  for  layers 
grown  at  240°C,  capacitance-voltage  (C-V)  profiles 
confirm  the  localization  of  the  nitrogen  atoms  in 
the  barriers  and  the  transfer  of  holes  across  the 
spacing  layer  into  the  quantum  wells  due  to  the 
significant  valence  band  offset  in  the  CdTe/MgTe 
system.  Fig.  5  shows  the  C-V  profile  measured  for 
a  CdTe/Cdo.69Zno.o8Mgo.23Te  multiquantum  well 
structure  doped  on  30%  of  the  barrier.  The  nom¬ 
inal  structure  is  given  for  comparison  with  the 
experimental  result.  In  order  to  get  a  uniform  hole 
concentration  in  the  quantum  wells  and  to  avoid 
band  bending  effect,  the  topmost  barrier  is  thicker 
(2700  A)  and  a  part  of  it  (370  A)  is  doped.  The  C-V 
profile  illustrates  an  equilibrium  situation  with,  as 
expected,  the  transfer  of  a  part  of  the  holes  coming 
from  the  first  doped  barrier  towards  the  surface  and 
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Fig.  5.  Capacitance-voltage  profile  of  a  multiquantum  well  CdTe/Cdo.69Zno.o8Mgo.23Te  doped  in  the  barriers.  The  nominal  structure 
is  given  as  a  reference. 
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into  the  quantum  well.  The  presence  of  unionized 
acceptors  in  the  second  barrier  is  also  clearly  evid¬ 
enced.  The  estimated  density  of  2D  hole  gas  in  the 
quantum  well  is  in  good  agreement  with  the  predic¬ 
tions  using  a  simple  model  of  the  charge  transfer  in 
modulation-doped  heterostructures.  The  realiz¬ 
ation  of  such  structures  has  recently  allowed  the 
optical  study  of  the  2D  holes  gas  and  the  identifica¬ 
tion  of  the  positively  charged  exciton  (X  -f  )  for  the 
first  time  in  II-IV  compounds  [13]. 


4.  Conclusion 

High  p-type  doping  levels  have  been  obtained  for 
ZnTe,  CdTe  as  well  as  Mg  containing  alloys.  The 
binding  energies  of  nitrogen  acceptor  in  ZnTe  and 
CdTe  are  measured  and  the  Zn-N  bond  length  is 
determined.  The  formation  of  nitrides  is  proposed 
as  a  limiting  mechanism,  and  growth  at  lower  tem¬ 
perature  is  demonstrated  as  a  way  to  achieve 
a  higher  doping  in  Te  compounds.  By  using  appro¬ 
priate  growth  conditions,  modulation-doped  hetero- 
structures  have  been  successfully  realized,  opening 
the  way  to  the  study  of  their  physical  properties. 
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